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Preface 


li  has  been  two  years  since  MRS  had  a  symposium  devoted  to  wide  band  gap 
semiconductors  (mostly  diamond  and  SiC).  The  1991  MRS  Fall  Meeting  was  the  first  time  that 
the  entire  spectrum  of  wide  band  gap  semiconductors  was  covered  at  an  MRS  meeting.  Wide 
band  gap  semiconductors  are  under  intense  study  because  of  their  potential  applications  in 
photonic  devices  in  the  visible  and  ultraviolet  part  of  the  electromagnetic  spectrum,  and  devices 
for  high  temperature,  high  frequency  and  high  power  electronics.  Additionally,  due  to  their 
unique  mechanical,  thermal,  optical,  chemical,  and  electronic  properties  many  wide  band  g^ 
semiconductors  are  anticipated  to  find  applications  in  thermoelectric,  electrooptic,  piezoelectric 
and  acoustooptic  devices  as  well  as  protective  coatings,  hard  coatings  and  heat  sinks. 

Material  systems  covered  in  this  symposium  include  diamond.  II-VI  compounds,  lll-V 
nitrides,  silicon  carbide,  boron  compounds,  amorphous  and  microcrystalline  semiconductors, 
chalcopyrites,  oxides  and  halides.  The  various  papers  addressed  recent  experimental  and 
theoretical  developments.  They  covered  issues  related  to  crystal  growth  (bulk  and  thin  films), 
structure  and  microstructure,  defects,  doping,  optoelectronic  properties  and  device  applications. 
A  theoretical  session  was  dedicated  to  identifying  common  themes  in  the  heteroepitaxy  and  the 
role  of  defects  in  doping,  compensation  and  phase  stability  of  this  unique  class  of  materials. 
Important  experimental  milestones  included  the  demonstrations  of  bright  blue  injection 
luminescence  at  room  temperatures  from  junctions  based  on  lll-V  nitrides  and  a  similar  result 
from  multiple  quantum  wells  in  a  ZnSe  double  heterojunction  at  liquid  nitrogen  temperatures. 


Theodore  D.  Moustakas 
Jacques  I.  Pankove 
Yoshihiro  Hamakawa 

April  1992 
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ABSTRACT 

Advances  in  diamond  film  growth  have  prompted  us  to  study 
the  Interfaces  involved  in  this  process:  the  interface  with  the 
substrate,  and  the  growth  Interface  with  the  ambient  hydrocarbon 
vapor.  Carbon  chemistry  lies  at  the  heart  of  the  properties  of 
both  Interfaces,  and  much  of  the  relevant  chemistry  is  not  well 
understood.  He  report  here  the  energies  involved  in  some  ideal¬ 
ized  chemical  processes  that  may  be  important  in  the  growth  pro¬ 
cess.  Results  (Schottky  barriers,  interface  energies)  for  dia¬ 
mond/metal  Interfaces  are  also  reported,  and  the  especially  unus¬ 
ual  dlamond/nlckel  results  we  have  recently  obtained  are  discus¬ 
sed  in  some  detail. 


INTRODUCTION 

In  the  process  of  diamond  growth  [1]  as  well  as  in  applica¬ 
tions,  there  are  two  interfaces  of  Importance.  The  interface 
with  the  substrate,  which  strongly  influences  the  nucleation 
density  and  hence  the  film  morphology,  ultimately  determines  the 
electrical  and  thermal  properties  of  an  electronic  or  thermal 
management  application.  The  interface  with  the  hydrocarbon  vapor 
is  where  the  growth  takes  place,  and  has  been  the  subject  of 
considerable  attention,  both  experimental  and  theoretical.  In 
this  article  we  address  some  recent  theoretical  advances  in 
understanding  a  few  of  the  aspects  of  both  of  these  Interfaces. 
Of  course,  actual  applications  will  also  be  strongly  influenced 
by  the  bulk  properties  of  the  diamond  material;  this  is  a  topic 
that  we  do  not  address  in  this  paper. 

The  recent  advancements  in  calculations  of  materials  proper¬ 
ties  have  been  highlighted  in  HRS  proceedings  [1],  which  demon¬ 
strate  that  many  properties  can  be  predicted  (often  from  first 
principles  methods)  and  great  improvements  in  the  understanding 
of  the  microscopic  processes  have  resulted.  It  is  natural,  and 
important,  that  these  methods  be  applied  to  emerging  fields  of 
science  and  technology,  such  as  diamond  and  other  wide  bandgap 
insulators  (the  subject  of  this  symposium)  or,  for  example,  the 
novel  fullerene  materials  discussed  elsewhere  at  this  conference. 
In  this  paper  we  address  diamond  properties,  which  involves  an 
understanding  of  the  chemistry  of  carbon  at  the  most  basic  level. 
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Baste  prlneiplea  and  concepts 


Since  the  recent  surge  in  growth  of  dianond  filas,  auch  pro¬ 
gress  has  been  aade,  but  the  growth  of  near-perfect  dlaaond  aono- 
liths  that  will  be  necessary  for  aany  optoelectronic  applications 
is  still  somewhere  in  the  future.  In  light  of  the  coaaonplace 
fabrication  and  application  of  silicon  chips  for  two  decades,  the 
question  arises:  in  what  way(s)  is  diaaond  so  different  froa 
silicon  (or  geraanlua,  for  that  matter}?  There  must  be  important 
differences;  after  all,  life  is  based  on  hydrocarbons  and  not  on 
hydroslllcons,  in  spite  of  the  abundance  of  available  silicon! 

In  aany  ways  C  is  siailar  to  Si.  Carbon  is  isovalent  with 
silicon,  it  forms  the  same  semiconducting  tetrahedrally  bonded 
crystal  structure,  and  their  bulk  electronic  band  structures  are 
isomorphic,  with  both  materials  possessing  indirect  bandgaps  with 
the  conduction  band  minimum  about  75%  of  the  way  along  the  <100> 
direction  to  the  Brillouln  zone  (BZ)  boundary.  In  fact,  the  band 
structure  of  dianond  is  virtually  that  of  silicon  stretched  by  a 
factor  of  two:  the  valence  bandwidth  is  -24  eV  compared  to  sili¬ 
con's  12  eV,  and  the  direct  bandgap  throughout  the  BZ  is  approxi¬ 
mately  twice  the  3.5-5  eV  Si  value  [2].  Because  the  electronic 
gap  is  indirect  rather  than  direct,  the  factor-of-two  difference 
in  direct  gaps  translates  into  a  factor  of  five  difference,  5.5 
eV  vs.  1.17  eV,  in  electronic  gap  and  therefore  a  considerable 
difference  in  their  electronic  properties. 

Many  of  the  ways  in  which  diamond  differs  from  silicon  are 
directly  related  to  the  reasons  it  is  pursued  for  technological 
purposes:  it  is  much  harder  and  more  resilient  at  high 
temperatures,  it  is  transparent  to  higher  frequencies,  its 
thermal  conductivity  is  much  higher,  its  atomic  density  is  the 
highest  of  any  common  solid.  These  differences  derive  at  the 
most  basic  level  from  two  differences  between  the  C  and  Si  atoms: 
their  sizes,  and  the  characteristics  of  their  s  and  p  valence 
states.  The  valence  wavefunctions  peak  in  C  around  two-thirds  of 
the  radius  of  the  corresponding  peaks  in  Si;  this  accounts  for 
the  lattice  constant  of  diamond  being  only  2/3  that  of  Si  (and  an 
atomic  density  nearly  3.5  times  greater). 

In  addition  to  the  size  difference,  the  s  and  p  valence 
states  bear  a  different  relationship  in  the  two  atoms:  in  C  there 
are  no  core  p  states  for  the  valence  p  state  to  be  orthogonal  to, 
and  as  a  result  the  p  wavefunction  shares  more  strongly  the  same 
region  of  space  with  the  s  wavefunction  compared  to  the  case  in 
Si,  where  the  p  wavefunction  peaks  noticeably  beyond  the  s  wave- 
function.  In  addition,  Papaconstantopoulos '  tight-binding  fits 
(3]  to  dlaaond  and  Si  indicate  that  the  s  and  p  on-site  energies 
are  relatively  closer  in  energy  (after  being  scaled  down  by  the 
factor  of  two)  in  diaaond  than  in  Si.  These  two  differences 
would  seem  to  aake  for  a  more  ideal  sp^  hybrid  bond  in  diamond; 
whether  or  not  this  is  the  fundamental  reason,  the  diamond  bond 
strength  is  considerably  greater  than  in  Si. 

The  dlaaond  covalent  bond  strength,  and  its  large  atomic 
density,  and  small  atomic  mass  all  contribute  to  its  properties, 
and  particularly  to  its  nucleation  and  growth.  Their  interrela¬ 
tionships  are  undoubtedly  complicated  and  certainly  are  not  well 
understood  at  present.  Perhaps  keeping  soae  of  these  basic  pro¬ 
perties  in  mind  can  help  us  in  understanding  the  Interface  behav¬ 
ior  of  dianond  as  it  is  steadily  revealed  by  experiment  and  by 
calculation. 
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Mumerlcal  Electronic  Structure  Studies 

Below  we  provide  soee  results  and  analysis  of  density  func¬ 
tional  calculations  carried  out  in  the  local  (spin)  density  ap- 
proxisatlon  (LDA) .  This  highly  successful  calculatlonal  aethod 
has  been  reviewed  in  detail  elsewhere  [4],  and  our  specific 
methods  of  calculation  [5-7]  have  also  been  described  previously. 
He  only  note  that  all  calculations  have  been  carried  out  with 
full  potential  (no  shape  approxiaations)  self-consistent  methods, 
since  this  factor  is  very  important  in  dealing  with  the  low  sym¬ 
metry  situations  encountered  at  surfaces  and  interfaces.  The 
results  for  chemical  processes  at  the  diamond  "surface"  have  in 
fact  been  obtained  using  carbon  clusters  [8]  in  which  dangling 
bonds  at  the  cluster  edges  are  capped  off  by  hydrogen  atoms. 
This  procedure  removes  the  dangling  bond  states  from  the  gap  re¬ 
gions  and  restores  the  carbon  atoms  to  a  more-or-less  bulk  dia¬ 
mond  environment.  An  example  of  such  a  cluster  is  shown  in 
Flg.l.  The  results  for  the  diamond-metal  interfaces  are  obtained 
with  the  superlattice  geometry  [4],  as  is  almost  always  the  case 
in  such  theoretical  studies. 


HYDROCARBON  PROCESSES  AT  THE  DIAMOND  SURFACE 

Rather  little  is  known  at  present  about  the  microscopic  pro¬ 
cesses  governing  diamond  nucleation  and  growth,  but  models  have 
been  suggested  that  provide  at  least  straw  men  to  be  confronted. 
Tsuda  et  al.  [9]  laid  out  a  mechanism  that  relies  primarily  on 
the  addition  of  methyl  radicals  to  the  (111)  surface,  and  assumes 
that  the  methyl-terminated  surface  is  energetically  stable. 
Frenklach  and  Spear  [10]  have  suggested  a  model  that  depends  on 
the  addition  of  acetylene  molecules  to  the  diamond  surface. 
Harris  [11]  has  Introduced  a  model  based  on  methyl  radical  ad¬ 
sorption  on  the  (110)  surface.  Varbrough  [12]  has  provided  en¬ 
lightening  discussions  of  these  models  and  of  the  additional  fac¬ 
tors  that  arise  in  the  growth  process.  In  light  of  the  difficul¬ 
ty  in  observing  chemical  processes  at  the  diamond  surface  (espec¬ 
ially  in  the  presence  of  a  plasma)  these  models  require  theoret¬ 
ical  studies  of  elementary  chemical  reactions  at  the  diamond  sur¬ 
face  to  ascertain  whether  they  are  viable  possibilities.  He  have 
obtained  results  for  a  number  of  these  situations,  some  of  which 
we  review  here. 


Adsorption  of  methvl  species 

Adsorption  of  a  methyl  radical  CHj  onto  a  dangling  bond  on 
the  diamond  (111)  surface  results  in  a  calculated  bond  length  of 
2.92  a.u.,  within  It  of  the  (calculated  and  experimental)  C-C 
spacing  in  diamond,  and  a  binding  energy  of  4.5  eV.  Evidently 
this  is  a  perfectly  placed,  tetrahedrally  bonded  C  atom  ideally 
suited  to  continuing  the  diamond  surface.  However,  the  umbrella- 
like  structure  of  three  H  atoms  comes  into  play  as  more  methyl 
radicals  are  considered. 

When  we  allow  a  second  methyl  radical  to  bond  to  a  dangling 
bond  next  to  the  first  adsorption  site,  sterlc  repulsion  between 
the  neighboring  H  umbrellas  occurs.  He  calculate  the  difference 
in  energy  between  two  isolated  adsorbed  methyls  and  two  neighbor¬ 
ing  methyls  (substantially  relaxed  but  not  completely  so)  to  k>e 
0.7  eV;  this  is  (an  upper  limit  to)  the  energy  of  steric  repul¬ 
sion.  Compared  to  the  (calculated)  C-C  bond  energy  of  4.5  eV, 
this  is  a  rather  small  price  to  pay,  if  it  is  one  of  few  process- 
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Figura  l.  An  exaapla  of  a  cluster  used  to  study  the  adsorption  of 
a  sethyl  radical  (above)  on  a  dianond  (111)  surface.  Large  balls 
denote  carl>on  atone;  snail  balls  indicate  hydrogen.  For  clarity, 
many  bond-capping  hydrogens  at  the  edges  and  bottom  of  the  clus¬ 
ter  have  not  been  shown. 


es  available.  Therefore  we  expect  neighboring  adsorbed  netnyis 
on  the  (111)  surface  to  be  an  energetically  allowed  configura¬ 
tion. 

We  next  considered  the  situation  of  three  adjacent  methyl 
groups.  Allowing  the  nine  H  atoms  of  the  three  unbrella  to  relax 
(within  the  constraint  of  Cy,  symmetry)  leads  to  a  steric  repul¬ 
sion  of  3.65  eV  (again  an  upper  bound),  primarily  due  to  a  tri¬ 
angle  of  three  H  atoms  spaced  at  a  distance  of  2.6  a.u.  For  such 
a  configuration,  it  would  require  only  about  1  eV  to  break  a  C-C 
bond  and  liberate  a  methyl  radical  from  the  surface,  or  converse¬ 
ly,  only  1  eV  would  be  gained  by  adsorbing  the  third  methyl  group 
in  the  presence  of  the  other  two  and  a  neighboring  dangling  bond. 
Since  H  abstraction  reactions  (CH^  +  H  — >  CHj  +  H,)  are  believed 
to  involve  0.5-0. 7  eV  (13J  and  occur  often.  Islands  of  three 
methyl  groups  should  disappear  quickly  if  they  form.  Even  worse 
(for  this  model  of  diamond  growth),  reactions  in  which  H  would 
replace  one  of  the  three  methyl  groups  would  be  exothermic. 
These  considerations  lead  us  to  expect  that  triplets  of  methyl 
groups  on  the  dianond  surface  will  not  be  a  likely  enough  occur¬ 
rence  to  lead  to,  or  even  allow,  dianond  growth. 


Agatvlinlc  species  at  the  diamond  surface 

It  requires  considerably  more  energy  (1.3  eV  by  our  calcul¬ 
ations,  0.9  eV  is  the  experimental  value)  to  brea)c  a  C-H  bond  in 
acetylene  than  in  methane,  assuming  H;  to  be  the  result  in  both 
cases.  This  result  suggests,  in  agreement  with  experimental 
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population  analyses,  that  the  concentration  of  acetyllnlc  radi¬ 
cals  In  the  vapor  Is  considerably  less  than  that  of  methyl  radi¬ 
cals.  However,  since  diamond  growth  Is  a  difficult  process  to 
nucleate  and  Is  often  slow,  allowing  the  possibility  that  low 
concentration  species  may  be  Important,  we  have  Investigated  some 
acetyllnlc  chemical  processes. 

For  an  acetylene  radical  bonded  to  a  dangling  bond  on  the 
(111)  surface,  the  bond  length  Is  calculated  to  be  2.76  a.u.,  St 
smaller  than  the  bond  length  In  diamond.  Apart  from  the  "double 
bond"  character  suggested  by  the  bond  length,  this  process  leads 
to  an  extra  C  atom  that,  although  not  precisely  In  place  to  rep¬ 
licate  a  diamond  lattice.  Is  bonded  to  one  C  atom  and  Is  avail¬ 
able  for  further  chemical  processes. 

Frenklach  and  Spear  [10]  have  argued  the  Importance  of  the 
acetylene  molecule,  which  Is  expected  to  react  strongly  with  a 
dangling  bond.  In  fact,  their  mechanism  invokes  the  binding  in 
such  a  situation,  which  Is  not  an  foregone  conclusion.  It  is  not 
easy  to  simulate  this  interaction  in  full  generality,  but  we  have 
studied  two  related  reactions.  First  we  allowed  the  Interaction 
of  an  acetylene  molecule  with  a  dangling  bond  (simulated  In  this 
case  by  a  methyl  radical) .  If  the  acetylene  is  constrained  to  be 
rigid,  the  reaction  is  repulsive,  but  if  the  intra-acetylene  C-C 
length  is  allowed  to  adjust  binding  will  occur,  but  it  is  very 
weak. 

Secondly,  we  were  able,  using  newly  developed  numerical  al¬ 
gorithms  that  calculate  the  forces  on  atoms,  to  allow  the  three 
C  atoms  and  the  two  acetylene  H  atoms  to  relax  as  the  chemical 
interaction  proceeded.  Substantial  relaxation  occurred;  one 
acetylene  C  bonded  to  the  dangling  bond  carbon  atom  (at  a  dis¬ 
tance  2.87  a.u.  very  close  to  bulk  diamond),  and  the  acetylene 
assumed  a  vlnyl-llke  bent  configuration  with  a  chemically  active 
site  on  the  other  acetyllnlc  C.  The  binding  energy  was  calcula¬ 
ted  to  be  1.9  eV.  Geometrically,  the  resulting  configuration  ap¬ 
pears  to  be  favorable  for  further  processes  that  could  extend  a 
diamond  lattice. 


Although  we  have  not  emphasized  It  above,  LDA-based  calcu¬ 
lations  tend  to  overestimate  molecular  binding  energies  by  rough¬ 
ly  10%  to  perhaps  20%.  For  many  purposes,  such  as  the  idealized 
studies  described  above,  this  overbinding  is  not  disastrous.  As 
studies  get  more  realistic  however,  this  inaccuracy  could  be  a 
problem  and  even  a  limitation  of  the  method. 

Fortunately,  a  microscopically  based  extension  using  not 
only  the  value  of  the  density  n(£)  to  obtain  the  exchange-correl¬ 
ation  potential  but  the  gradient  dn(£)/d£  as  well,  has  been 
Introduced  by  Langreth  and  Hehl  [ 14 ] ,  extended  by  Perdew  and  Wang 
[IS],  and  recently  perfected  by  Perdew  [16].  The  result  has  been 
shown,  by  the  extensive  collaboration  of  Perdew  et  al.  [17],  to 
give  a  very  considerable  improvement  In  the  predicted  energies  of 
atoms,  molecules,  surfaces,  and  solids.  These  references  should 
be  consulted  for  further  information  about  the  methods  and  gener¬ 
al  results. 

For  the  present  purposes,  the  important  implications  arise 
from  the  calculations  by  Pederson  and  Jackson  on  small  hydrocar¬ 
bon  molecules  that  are  reported  in  [17].  The  results,  shown  in 
Table  I,  demonstrate  that  energies  of  hydrocarbon  molecules  are 
vastly  improved,  by  a  factor  of  six,  by  the  gradient  corrections. 
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TABLE  I 


Comparison  of  the  calculated  atomization  energies  (in  eV)  of  five 
hydrocarbon  molecules,  in  Hiurtree-Fock  (HF) ,  local  spin  density 
(LSD) ,  and  generalized  gradient  (GG)  local  spin  density 
calculations,  compared  with  the  experimental  (EXP)  values  (with 
zero-point  vibrational  energy  removed) .  Also  shown  is  the  RHS 
error  per  bond  for  the  seven  molecules,  which  is  improved  with  GG 
by  a  factor  of  six  over  the  LSD  result.  The  density  functional 
calculations  were  performed  using  a  basis  of  ISs,  9p,  and  4d 
even-tempered  Gausslans  on  each  atom  (65  basis  functions  per 
atom) .  The  experimental  numbers  are  from  dementi  and 
Cha)cravarty  (reference  given  below). 


Molecule  /  of  bonds 

HF 

LSD 

GG 

EXP 

”2 

1 

3.63 

4.89 

4.55 

4.75 

Cj  (AFM) 

1 

0.73 

7.51 

6.55 

6.36 

CjHj 

3 

13.00 

20.02 

18,09 

17.69 

CH* 

4 

14.39 

20.09 

18.33 

18.40 

CjH* 

5 

18.71 

27.51 

24.92 

24.65 

7 

24.16 

34.48 

31.24 

31.22 

12 

45.19 

68.42 

61.34 

59.67 

RMS  error  / 

bond 

2.40 

0.67 

0.10 

— 

Experimental 
E.  dementi 

reference: 
and  S.  J. 

Chakravarty,  J. 

Chem.  Phys. 

21,  2591 

(1990)  . 


TABLE  II 

Table  II.  Theoretical  interface  energies,  defined  as  the  energy 
for  the  interfacial  system  minus  the  bulk  energies  for  the  cor¬ 
responding  numl>er  of  C  and  Hi  atoms,  for  both  (111)  and  (100) 
Interfaces  and  both  "atop"  and  "in-hollow"  geometries.  The  pre¬ 
dicted  schottky  barrier  heights  (SBH)  are  also  given. 


Interface  and  geometry 

Interface  energy  (eV) 

SBH  (eV) 

(111) 

in -hollow 

1.06 

0.84 

(111) 

atop 

0.97 

0.0 

(100) 

in-hollow 

1.92 

0.92 

(100) 

atop 

1.03 

0.0 
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and  that  the  energies  are  approaching  chemical  accuracy,  with  RMS 
errors  of  O.l  eV  per  bond.  Although  the  gradient  corrected  func¬ 
tional  has  not  yet  been  applied  to  chemical  processes  at  the  dia¬ 
mond  surface  because  of  it  novelty,  its  application  can  be  done 
readily  in  any  future  calculations.  It  appears  that  very  accur¬ 
ate  energies  for  such  interactions  can  now  be  obtained. 


THE  DIAMOND-NICKEL  INTERFACE 

An  important  application  of  diamond  films  could  be  as  Schot- 
tky  barriers  in  electronic  components  that  are  more  stable  in 
high  power,  high  temperature  applications  than  are  currently 
available  Schottky  systems.  Even  for  applications  of  diamond 
films  as  wear-resistant  coatings  or  thermal  diffusers,  a  know¬ 
ledge  of  the  diamond-metal  Interface  properties  is  important.  As 
a  first  step  in  understanding  diamond-metal  interfaces,  we  have 
carried  out  detailed  studies  [5,7,18,19]  of  the  diamond-nickel 
interface. 

Nickel  was  chosen  [5]  for  a  combination  of  reasons:  (1)  its 
lattice  constant  is  within  1.5%  of  that  of  diamond,  making  the 
lattice-matched  case  that  we  can  treat  a  realistic  model;  (2)  it 
is  not  a  carbide  former,  so  the  abrupt  interface  idealization 
that  we  study  is  a  reasonable  candidate  for  fabrication;  (3)  the 
Fermi  level  within  the  d-bands,  and  the  magnetism,  make  Ni  a 
potentially  much  richer  material  for  unusual  applications  than, 
for  example,  the  non-magnetlc,  sp-band  metal  Cu,  which  also  sat¬ 
isfies  the  previous  two  qualities.  In  addition,  we  have  been 
encouraged  by  experimental  attempts  to  grow  diamond  epitaxially 
on  Nl  [20-22].  Because  the  exchange  splitting  in  Mi  is  an  order 
of  magnitude  smaller  than  the  band  gap  of  diamond  we  have  ne¬ 
glected  it  in  our  calculations  up  to  this  time. 

He  have  completed  thorough  self-consistent  calculations  for 
abrupt  (100)  and  (111)  interfaces.  Growth  of  diamond  films  on 
nickel  up  to  the  present  time  probably  have  not  resulted  in 
abrupt  Interface  [21]  (perhaps  there  is  not  yet  any  abrupt  inter¬ 
face  Involving  diamond) ,  but  high  quality  polycrystalline  diamond 
films  have  been  grown  [20].  However,  there  seams  to  be  no  reason 
why  Nl  or  other  metals  could  not  be  deposited  on  clean  diamond 
surfaces  to  produce  abrupt  interfaces.  For  both  (100)  and  (111) 
interfaces,  we  have  treated  two  possibilities  for  C-Ni  bonding 
configurations  at  the  interface;  one  in  which  the  C  atom  at  the 
interface  is  kept  four-fold  coordinated,  emphasizing  covalent 
tetrahedral  bonding,  and  one  in  which  the  C  atom  is  more  highly 
coordinated,  more  consistent  with  a  metallic  type  of  bonding.  We 
refer  to  these  as  "atop"  and  "in-hollow"  geometrical  configura¬ 
tions,  respectively.  In  all  cases  the  energy  has  been  minimized 
with  respect  to  the  most  Important  structural  parameter,  the  dis¬ 
tance  between  the  C  and  Ni  layers  at  the  interface. 


Interface  energies  and  stability 

Our  results  can  be  stated  succinctly:  for  both  (100)  and 
(111)  interfaces  the  "atop"  geometry,  in  which  covalent  tetra¬ 
hedral  configurations  are  emphasized,  is  energetically  more  sta¬ 
ble  than  the  metallic  "in-hollow"  geometry.  This  strongly  sug¬ 
gests  that  satisfying  the  C  atom’s  dangling-bond  states  at  the 
Interface  is  an  important  consideration.  At  the  onset  this  re¬ 
sult  was  not  at  all  obvious.  Certainly  it  should  be  Important  to 
attend  to  the  dangling  bond  states  if  possible,  but  it  is  not 
clear  that  Nl  can  do  so  in  any  case:  these  dangling  bonds  are  the 
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result  of  a  strong  covalent  alxture  of  the  C  s  and  p  states  which 
in  bulk  dlaaond  are  spread  over  an  occupied  valence  band  region 
24  eV  wide,  while  Hi  has  priatarily  d  states  (with  soae  s  admix¬ 
ture)  spread  only  over  4  eV  below  the  Fermi  level  E,.  Therefore 
it  could  be  the  case  that  the  dangling  bonds  cannot  be  accommo¬ 
dated  regardless  of  how  the  adjacent  Nl  layer  is  positioned. 
Vlhatever  the  reasons,  and  they  are  difficult  to  determine  unique¬ 
ly,  the  tetrahedrally  coordinated  c  atom  at  the  interface  is 
found  to  be  preferred.  The  interfaces  energies  for  both  inter¬ 
faces  and  for  both  geometries  are  given  in  Table  II. 


Schottkv  barrier  heights 

Our  predicted  Schottky  barrier  heights  for  all  four  cases 
are  also  presented  in  Table  ll.  The  Schottky  barrier  discussed 
here  is  the  separation  of  the  Hi  Fermi  level  and  the  diamond  va¬ 
lence  band  maximum,  which  is  the  intrinsic  barrier  to  conduction 
in  p-type  diamond.  The  interfaces  are  ohmic  (barrier  height  of 
less  than  0.1  eV)  for  both  cases  in  which  tetrahedral  coordina¬ 
tion  of  the  C  atom  at  the  interface  is  enforced.  The  Schottky 
barrier  heights  are  -0.9  ev  for  the  more  metallically  coordinated 
Interfaces. 

These  results  are  quite  unusual  in  two  ways.  First,  the 
prediction  of  an  intrinsic  ohmic  barrier  is  unexpected,  since  in 
the  considerable  variety  of  local  density  calculations  of  Schot¬ 
tky  barrier  heights  for  si,  Ge,  GaAs,  and  a  few  other  semicon¬ 
ductors  the  barrier  height  is  always  (to  our  knowledge)  a  signif¬ 
icant  fraction  of  the  band  gap  of  the  semiconductor.  The  com¬ 
plete  vanishing  of  the  barrier  height  indicates  that  diamond  is 
displaying  novel  barrier  formation  behavior  not  found  previously 
in  studies  on  abrupt  interfaces. 

Secondly,  the  difference  in  barrier  heights  of  nearly  1  eV 
between  the  high  and  low  coordination  geometries  is  also  unanti¬ 
cipated.  Although  the  number  of  Schottky  systems  in  which  the 
geometry  has  been  varied  is  relatively  few,  again  we  are  unaware 
of  such  a  considerable  dependence  on  the  character  of  the  bonding 
across  the  interface.  Together  with  the  vanishing  of  the  Schott¬ 
ky  barrier  for  the  tetrahedral  coordination,  this  result  suggests 
novel  bonding  behavior  is  occurring  at  the  diamond-nickel  inter¬ 
face.  He  have  also  obtained  similar  results  for  Cu  and  for  A1 
instead  of  Nl  (in  less  extensive  calculations),  so  the  peculiar¬ 
ity  seems  to  be  associated  with  the  diamond  itself. 

To  address  the  basis  of  this  behavior  we  have  studied  the 
interface  band  structure  in  some  detail,  as  well  as  that  of  an 
ideal  (l.e.  unrelaxed  and  unreconstructed)  (111)  diamond  surface. 
For  the  surface  the  dangling  bonds  give  rise  to  a  partially  occu¬ 
pied  surface  band  that  fixed  the  Fermi  level  l  eV  above  the  va¬ 
lence  band  maximum.  The  corresponding  interface  bands,  presented 
and  discussed  at  more  length  in  Ref.  [19],  strongly  mix  with  Nl 
3d  states  near  the  Fermi  level,  producing  a  pair  of  Interface 
bands  that  are  near  or  in  the  gap. 

The  upper  band  is  unoccupied  and  does  not  Influence  the 
results.  The  lower  band  is  partially  occupied,  however,  and  is 
energetically  lower  for  the  tetrahedral  geometry  than  for  the  in¬ 
hollow  geometry,  much  as  a  bonding  combination  would  be.  This 
lowering  of  the  active  interface  band  results  in  the  lowering  of 
the  Schottky  barrier  height  and  likely  is  a  strong  Influence  in 
the  energetic  stabilization  of  the  tetrahedrally  coordinated 
interface. 


11 


The  electronic  structure  of  these  novel  dlamond-oetal  inter¬ 
faces  has  been  [18],  or  will  be  [19],  discussed  elsewhere.  How¬ 
ever,  this  short  discussion  should  maKe  clear  that  the  diamond 
Schottky  barrier  is  presenting  us  with  an  exciting  scientific 
questions  as  well  as  posing  an  important  technological  problem. 
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ABSTRACT 

A  new  technique  has  been  developed  to  grow  semiconductor  grade  diamond 
substrates  with  dimensions  comparable  to  those  of  currently  available  Si  wafers. 
Previously,  the  synthetic  single  crystal  diamond  that  could  be  grown  measured  only  a 
few  millimeters  across,  compared  with  single  crystal  Si  substrates  which  typically  are 
10  to  15  cm  in  diameter.  In  the  technique  described,  an  array  of  features  is  first 
etched  in  a  Si  substrate.  The  shape  of  the  features  matches  that  of  inexpensive, 
synthetic  faceted  diamond  seeds.  A  diamond  mosaic  is  then  formed  by  allowing  the 
diamond  seeds  to  settle  out  of  a  slurry  onto  the  substrate,  where  they  become  fixed 
and  oriented  in  the  etched  features.  For  the  experiments  reported,  the  mosaic 
consists  of  seeds  ~  100  pm  across  on  100  pm  centers.  A  mosaic  film  is  obtained  by 
chemical  vapor  deposition  of  homoepitaxial  diamond  until  the  individual  seeds  grow 
together.  Although  these  films  contain  low  angle  (<1°)  grain  boundaries,  smooth, 
continuous  diamond  films  have  been  obtained  with  electronic  properties  substantially 
better  than  those  of  polycrystalline  diamond  films  and  equivalent  to  those  of 
homoepitaxial  single  crystal  diamond  films.  The  influence  of  growth  conditions  and 
seeding  procedures  on  the  crystallographic  and  electronic  properties  of  these  mosaic 
diamond  films  is  discussed. 


INTRODUCTION 

The  ability  to  fabricate  diamond  has  been  the  elusive  goal  of  scientific 
researchers  and  their  alchemist  predecessors  for  over  2000  years  [1).  Numerous 
different  techniques  have  been  tried,  with  little  success  [2].  Only  within  the  last 
50  years,  with  the  discovery  of  various  high  pressure  techniques  [3,4],  has  it  at  last 
been  possible  to  reproducibly  fabricate  single  crystal  diamond  materials.  The 
materials  that  result  from  these  processes  can  be  of  excellent  quality,  in  some  cases 
better  than  natural  diamonds  [5].  The  synthetic  diamonds  are  quite  small,  however, 
usually  much  less  than  1  cm  in  their  largest  dimension  and  typically  in  the  range  of  a 
few  micrometers  to  less  than  a  millimeter.  Such  diamonds  are  generally  fabricated 
for  use  as  abrasives  in  industrial  materials  processing  applications. 


f  This  work  was  sponsored  by  the  Michigan  Research  Excellence  Fund  through  the 
Institute  for  Manufacturing  Research  at  Wayne  State  University  and  by  SDIO/OST 
through  the  Office  of  Naval  Research. 
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During  the  last  half  century,  researchers  have  also  sought  to  fabricate  diamond 
materials  using  low  pressure  processes  [6,7),  and  some  limited  success  has  been 
realized.  Research  during  the  last  10  to  15  years  has  resulted  in  the  ability  to 
fabricate  small  area  polycrystalline  diamcnd  films  and  subsequently  the  capability  of 
making  large  area  polycrystalline  thin  films  by  several  different  methods  [8].  Even 
though  these  polycrystalline  thin  film  diamond  materials  have  been  achieved  only 
recently,  they  are  no  longer  just  laboratory  curiosities.  Such  films  nave  become 
interesting  and  valuable  materials  in  the  early  stages  of  a  broad  applications 
development  phase. 

To  be  able  to  use  the  properties  of  diamond  to  the  maximum  extent,  methods 
need  to  be  developed  to  facilitate  the  growth  of  large  area,  single  crystal  diamond 
sheets.  Such  sheets  would  allow  utilization  of  the  high  thermal  conductivity,  great 
mechanical  strength,  and  unique  electronic  properties  of  diamond.  The  work 
reported  here,  which  addresses  only  a  small  asp^  of  diamond  properties,  is  one 
such  attempt.  It  is  the  result  of  a  focused  research  effort  in  diamond  materials 
development  directed  toward  microelectronics  applications.  The  work  emphasizes 
the  development  of  semiconductor  grade  diamond  for  application  in  the  new  area  of 
high  speed,  high  power  diamond  microelectronics.  The  materials  being  developed 
will  also  have  spin-off  applications  in  the  area  of  thermal  management  of 
conventional  semiconductor  device  materials,  such  as  Si  and  GaAs,  and  in 
mechanical  applications  areas.  Indeed,  the  new  large  area  mosaic  diamond 
materials  discussed  here  are  near  single  crystal  quality  and  will  be  potentially  usable 
in  many  new  applications  areas. 


SUBSTRATE  PREPARATION 

Mosaic  diamond  films  are  made  from  small,  inexpensive  (about  $1  per  carat) 
diamond  abrasive  crystals  fixed  on  a  patterned  Si  substrate.  The  first  major  step  in 
the  preparation  of  the  substrate  is  to  photolithographically  pattern  an  etch  mask  onto 
the  (100)  surface  of  a  Si  wafer.  To  do  this,  the  outer  surface  of  the  Si  wafer  is 
thermally  oxidized  to  a  depth  of  1 00  nm.  A  layer  of  photoresist  is  then  applied  to  the 
oxidized,  polished  side  and  exposed  to  form  an  array  of  squares  (Fig.  1).  In  this  case, 
the  squares  are  initially  sized  so  that  the  final  etched  pits  are  90  pm  square  on 
1 00  pm  centers.  It  is  important  to  size  the  apertures  in  the  photoresist  to  allow  for  the 
undercut  of  the  Si02  mask  during  etching.  The  Si02  mask  layer  is  then  patterned 
through  the  resist  (Fig.  2)  using  an  appropriate  etchant,  such  as  HF  or  BHF. 

The  Si  wafer  is  selectively  etched  through  the  oxide  mask  on  the  Si  (100) 
surface  by  immersing  the  wafer  in  a  solution  of  either  10%  (CH3)4NOH  or  25%  KOH 
(by  weight)  in  water  at  90  °C  [9]  (Fig.  3).  Over  a  period  of  several  hours,  tetrahedral 
pits  are  formed  in  the  volume  of  the  Si  wafer.  The  wafer  is  then  removed  from  the 
selective  etching  solution,  and  the  Si02  mask  layer  is  stripped  off  with  an  HF  solution. 

At  this  point,  a  decision  needs  to  be  made  whether  or  not  to  add  a  diamond 
nucleation  inhibition  layer  to  the  Si  wafer  surface.  Such  a  layer  must  be  considered 
because  of  the  differential  nucleation  and  growth  of  diamond  during  the  growth 
phase.  If  the  conditions  in  the  reactor  and  at  the  surface  of  the  mosaic  wafer  are 
appropriate,  diamond  growth  will  occur  on  both  the  mosaic  of  seeds  and  on  the 
patterned  wafer  between  the  seeds.  On  the  seeds,  the  growth  is  homoepitaxial  as  is 
desired.  On  the  wafer,  however,  the  growth  is  polycrystalline  and  can  obstruct  the 
formation  of  clean,  low  angle  grain  boundaries  as  the  seeds  expand  to  closure. 

The  rate  at  which  the  polycrystalline  diamortd  phase  nucleates  on  the  patterned 
Si  wafer  surface  Is  highly  dependent  on  the  nature  of  the  surface,  the  specific 
preparatory  steps  used  prior  to  the  diamond  growth,  and  the  initial  and  sustained 
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conditions  experienced  by  the  mosaic  substrate  in  the  growth  reactor.  Here,  we 
describe  two  fundamentally  different,  but  complementary,  technologies  [10,1 1]  for  the 
growth  of  mosaic  diamond  materials.  The  technology  developed  at  MIT  Lincoln 
Laboratory  uses  a  hot  filament  chemical  vapor  deposition  (HFCVD)  system  [12J.  The 
technology  developed  in  the  Institute  for  Manufacturing  Research  at  Wayne  Stale 
University,  based  on  a  microwave  approach,  uses  a  microwave  plasma  enhanced 
chemical  vapor  deposition  (MPECVD)  system.  The  details  of  the  MPECVD  system 
are  discussed  elsewhere  [13j. 

In  the  HFCVD  system,  at  least  one  set  of  conditions  exists  where  the 
homoepitaxial  diamond  growth  on  the  seeds  is  taster  than  the  growth  of  the 
polycrystalline  diamond  on  the  patterned  Si  wafer.  This  results  in  the  homoepitaxial 
diamond  material  on  the  seeds  overgrowing  the  polycrystalline  diamond  on  the  wafer 
and  eventually  forming  a  continuous,  near  single  crystal  diamond  film. 

In  the  MPECVD  system,  a  different  approach  has  been  adopted.  With  the 
prevailing  growth  conditions  in  the  MPECVD  reactor,  the  homoepitaxial  diamond 
forms  on  the  seeds  at  a  rate  comparable  to  that  of  the  polycrystalline  diamond  on  the 
wafer  between  the  seeds.  If  the  polycrystalline  diamond  is  allowed  to  nucleate  and 
grow  freely,  the  homoepitaxial  diamond  formation  on  the  seeds  is  limited  in  extent  by 
the  polycrystalline  diamond  formation  on  the  wafer.  The  solution  to  this  problem  was 
found  in  some  earlier  selective  nucleation  studies  [14].  In  these  studies,  oxidation 
and  plasma  cleaning  of  the  Si  wafer  surface  before  the  diamond  deposition  were 
found  to  significantly  reduce  the  number  of  spurious  polycrystalline  diamond  nuclei 
that  form  on  the  Si  surface.  The  nucleation  suppression  is  accomplished  by  the 
application  of  a  100  nm  layer  of  thermal  oxide  to  the  unseeded  substrate  after  the 
formation  of  the  etched  tetrahedral  pits  (Fig.  4)  and  prior  to  seeding. 

The  diamond  seeds  used  in  this  process  are  small  abrasive  grains  that  are 
readily  available  [15]  for  industrial  materials  processing  applications.  At  this  time  the 
role  of  diamond  seed  quality  is  still  being  determined,  and  will  piobably  need  to  be  a 
major  consideration  in  the  future  for  the  formation  of  thick  diamond  materials  for 
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thermal  or  optical  applications.  For  current  microelectronics  applications  research, 
where  the  initial  growth  to  planarity  forms  a  diamond  substrate  and  the  active  layers 
(a  few  micrometers  thick)  are  deposited  on  top  of  that  growth,  it  is  not  a  major  factor. 

For  the  present  research,  the  diamond  seeds  are  sorted  by  size  and  shape, 
selecting  those  that  are  ~  1 00  pm  on  an  edge  and  as  close  to  octahedral  (truncated 
octahedra)  as  possible.  The  seeds  are  cleaned  in  hot  (350  to  400  °C)  NaNOs  for 
10  min,  immersed  in  a  concentrated  solution  of  HF  and  HNO3  for  another  10  min, 
and  then  rinsed  in  deionized  water  and  acetone  and  dried.  The  seeds  are  then 
suspended  in  a  slurry  using  hot  H2S04.  concentrated  HF,  or  an  organic  solvent  and 
0.01%  novolac  polymer.  The  polymer  acts  as  a  glue  to  fix  the  well-faceted  seeds  in 
the  pits.  (For  additional  details  on  this  process,  see  reference  9.) 

A  batch  of  slurry  can  be  reused.  After  a  few  seeding  runs,  however,  the  grains 
should  be  recleaned  and  a  new  slurry  made.  Residual  seeds  from  a  slurry  should  be 
reexamined  for  shape,  since  the  best  formed  octahedra  tend  to  be  selected  out  in  the 
seeding  process  and  only  the  less  well  shaped  seeds  remain.  After  the  seeding  and 
before  the  new  diamond  growth,  the  wafer  is  baked  at  350  °C  and  then  cleaned  either 
in  an  oxygen  plasma  at  1 5  mTorr  or  by  reactive  ion  etching  for  a  few  minutes.  Figure 
5  shows  a  schematic  drawing  of  an  oxidized  seeded  substrate.  Figure  6  shows  a 
scanning  electron  micrograph  (SEM)  of  an  oxidized  seeded  substrate,  in  which  both 
empty  and  seeded  tetrahedral  pits  can  be  seen. 


SEED  ALIGNMENT 

The  successful  fabrication  of  near  single  crystal  quality  diamond  materials 
using  the  large  area  mosaic  diamond  technique  depends  initially  on  three  factors; 
the  shape  of  the  seeds  and  the  accuracy  of  the  rotational  and  the  axial  (vertical)  seed 
orientation  after  placement.  For  well-faceted  seeds,  the  rotational  alignment  error 
between  the  (31 1 )  plane  of  the  etched  Si  substrate  and  the  (31 1 )  planes  of  the 
diamond  seeds,  as  determined  by  x-ray  diffraction  measurements,  is  typically  on  the 
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Fig.  5  Schematic  of  Oxidized,  Seeded 
Mosaic  Diamond  Substrate 


Fig.  8  SEH  ol  Oxidized,  Seeded 
Mosaic  Diamond  Substrate 


order  of  1°  or  less  (Fig.  7).  The  axial  orientation  alignment  error  for  the  diamond 
seeds  has  also  been  determined  by  x-ray  diffraction  studies  and  found  to  be  typically 
on  the  order  of  0.5°  or  less  (Fig.  8). 


MPECVO  GROWTH 

The  large  area  diamond  seeded  mosaic  substrates  used  in  this  work  were 
prepared  by  the  above  described  technique  at  Lincoln  Laboratory  with  the 
collaboration  of  Wayne  State  University.  The  homoepitaxial  diamond  growth  on  the 
substrates  was  performed  at  Wayne  State  University  using  MPECVD.  For  successful 
large  area,  near  single  crystal  diamond  sheet  growth,  modifications  needed  to  be 
made  to  the  as  received  MPECVO  equipment  [11],  and  new  process  parameters  and 
techniques  needed  to  be  developed.  The  initial  MPECVD  diamond  reactor  [16]  is 
shown  schematically  in  Fig.  9.  This  system  was  modified  by  the  Wayne  State 
University  diamond  laboratory  to  enhance  the  initial  polycrystalline  diamond 
deposition  capability.  A  modification  was  made  to  allow  the  system  to  utilize  multiple 
gases  (e.g.,  Hj,  CH4 ,  Oz,  and  CO)  simultaneously.  In  addition,  the  susceptor 
assembly  was  remodeled  to  improve  deposition  uniformity  and  reproducibility  by 
incorporating  a  biasable  refractory  metal  susceptor  shield  (Rg.  10).  The  shield 
shrouds  the  susceptor  and  prevents  erosion  of  the  susceptor  material  by  reactive 
gases  in  the  chamber.  It  also  ensures  that  the  composition  of  the  desired  reactive 
gases  is  not  altered  by  gaseous  erosion  products  generated  by  the  susceptor.  A 
major  potential  source  of  reactive  gas  contamination,  undesirable  trace  materials  in 
the  susceptor,  is  thus  eliminated. 

The  se^ed  substrates  are  inserted  into  the  reactor  substantially  as  received 
from  Lincoln  Laboratory.  The  reactor  is  pumped  down,  and  the  substrate  temperature 
is  raised  to  900  °C,  where  it  is  held  for  the  duration  of  the  process.  After  pump-down 
of  the  reactor  chamber,  a  substrate  is  prepared  for  diamond  growth.  This  preparation 
starts  with  a  30  min.  900  seem  plasma  etch,  at  a  pressure  of  25  Torr  and  a  power 
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Fig.  7  Rotational  Alignmant  of  Saada  Fig.  8  Axial  Allgnmant  (Tip  Angle)  of 
and  Subatrata  Saada  and  Substrata 


Fig.  9  MPECVD  Diamond  Deposition  Fig.  10  Modified  MPECVD  Diamond 
System  Dspositlon  System  Showing 

Susceptor  Detail 


level  of  1  KW.  The  Hg  etch  is  used  to  clean  off  any  residual  contamination  on  the 
substrate,  and  it  has  been  observed  to  significantly  reduce  the  number  of  nucleation 
sites  available  for  the  formation  of  polycrystalline  diamond.  Next,  the  seeded 
substrate  receives  a  25  min,  400  W  plasma  substrate  passivation  treatment  in  a  gas 
mix  comprising  25  seem  Og,  50  seem  Hg,  and  2000  seem  Ar,  at  a  pressure  of  25  Torr. 
This  passivation  treatment  reoxidizes  the  Si  surface  and  cleans  any  residual 
contamination  off  the  diamond  seeds. 
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Once  the  sample  has  been  prepared  in  the  reactor,  the  next  step  in  the  growth 
of  a  large  area  mosaic  diamond  sheet  is  to  alter  the  reactor  gas  mix  to  yield  new 
homoepitaxial  diamond  growth  (lit)  on  the  octahedral  diamond  seeds.  In  early 
experimentation,  both  at  Lincoln  Laboratory  and  Wayne  State  University,  it  was  found 
that  the  best  mix  for  growth  of  polycrystalline  diamond  also  grew  polyctystalline 
diamond  all  over  the  seeded  substrates.  The  best  polycrystalline  diamond  grown  at 
Wayne  State  University  in  the  MPECVD  system  was  on  a  diamond-bombarded  Si 
substrate  at  900  °C  wKh  a  gas  mix  of  990  seem  Hs  and  tO  seem  CH4,  at  a  pressure  of 
45  Torr  and  a  power  of  1.5  kW.  In  order  to  grow  homoepitaxial  diamond  without  the 
polycrystalline  diamond,  however,  the  gas  mix  had  to  be  changed  significantly.  The 
best  large  area  mosaic  diamond  grown  thus  far  was  with  900  seem  H2,12  seem  CH4 , 
and  4.5  seem  02,  at  a  pressure  of  50  Torr  and  a  power  of  1 .5  kW.  In  addition,  it  has 
been  found  necessary  to  periodically  refre^  the  diamond  nudeation  inhibition  layer 
by  using  a  15  min,  400  W  plasma  substrate  passivation  treatment  in  a  gas  mix 
comprising  25  seem  O2.  SO  seem  H2.  and  2000  seem  Ar,  at  a  pressure  of  25  Torr. 
Currently,  this  is  done  about  once  every  6  h,  which  is  adequate  but  not  necessarily 
optimal.  Deviation  from  these  nominal  values  significantly  alters  the  character  and 
morphology  of  the  diamond  material  grown,  both  on  the  diamond  seeds  and  on  the  Si 
substrate.  A  detailed  presentation  of  the  nature  of  the  changes  and  their  analysis  will 
be  the  subject  of  a  future  paper. 


DIAMOND  MATERIALS  ANALYSIS 

The  large  area  mosaic  diamond  materials  grown  at  both  Lincoln  Laboratory  and 
Wayne  State  University  have  been  analyzed  by  various  techniques.  The  results 
presented  here  should  be  considered  preliminary,  since  the  deposition  processes  at 
both  facilities  are  currently  the  subject  of  active  research.  At  present,  because  of  the 
competing  mechanisms  within  the  reactor  that  tend  to  favor  the  growth  of 
poiycrystalline  and/or  nondiamond  materials,  the  reproducibility  of  the  growth  process 
for  large  specimens  is  difficult,  which  has  resulted  in  a  limited  number  of  high-quality 
samples.  The  largest  specimen  to  date  was  grown  at  Lincoln  Laboratory  by  HFCVD. 
It  is  approximately  1  x  2  x  0.025  cm  and  was  obtained  by  the  following  technique. 
First,  -  100  pm  of  diamond  were  grown  on  a  seeded  substrate.  The  Si  portion  of  the 
seeded  substrate  was  then  etched  away  in  a  solution  containing  HF  and  HNO3.  After 
etching  and  cleaning,  an  additional  150  pm  of  homoepitaxial  diamond  was  grown  on 
the  side  previously  covered  by  the  Si  substrate.  This  process  completely  buried  the 
original  seeds  and  resulted  in  a  smooth  specimen  with  a  local  surface  roughness  of  a 
few  micrometers. 

Transmission  x-ray  diffraction  topographic  analysis  tor  the  above  sample  was 
done  at  Lincoln  Laboratory  using  the  (040)  diamond  crystal  planes  (Fig.  11).  A 
portion  of  the  sample  was  analyzed  in  a  system  with  a  0.06°  angle  of  acceptance  and 
compared  with  a  contiguous  poiycrystalline  region  in  the  same  specimen  (Fig.  12). 
Regions  of  the  sample  where  the  di  mond  (100)  plane  is  within  the  acceptance  angle 
show  on  the  topograph  as  very  dark.  Regions  in  which  angle  of  the  (100)  plane 
exceeds  the  acceptance  angle,  but  deviates  by  less  than  a  few  tenths  of  a  degree, 
show  as  darkened.  Within  the  limits  of  resokrtion  of  this  analysis,  no  major  difference 
could  be  found  between  the  measurements  for  the  HFCVD  large  area  mosaic 
diamond  sample  and  those  that  would  be  expected  for  comparable  single  crystal 
diamond. 

The  morphology  of  the  large  area  mosaic  diamond  mcrterial  analyzed  above, 
which  was  grown  in  the  HFCVD  system,  is  similar  to  that  of  material  grown  by 
MPECVD.  Both  materials  appear  smooth  and  uniform,  with  a  local  surface  roughness 


Fig. 11  Configuration  Schamallc  of  Fig.  12  Tianamlaalon  X>ray  Diffraction 

Tranamlaalon  X-ray  Diffraction  Topograph  of  HFCVD  Moaalc 

Topograph  Diamond 


Fig.  13  SEM  of  MPECVD  Moaalc  Fig.  14  Raman  Spacirum  of  MPECVD 

Diamond  Mosaic  Diamond  (Camar) 


of  a  few  micrometers.  In  SEM  images,  it  is  difficult  to  find  the  grain  boundaries  in  the 
mosaic  diamond,  unless  one  looks  in  the  region  of  a  missing  seed.  In  the  SEM  of  a 
T-shaped  void  in  MPECVD-grown  diamond,  shown  in  Fig.  13,  it  can  be  seen  that  the 
material  grows  into  the  region  of  the  missir^  seeds.  The  thickness  of  this  sample  is 
~  150  pm.  If  the  growth  process  were  continued,  the  voids  at  the  location  of  missing 
seeds  would  eventually  become  filled. 
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Fig.  15  Raman  Spactrum  of  MPECVO  Fig.  16  Device  Curves  for  HFCVD 
Mosaic  Diamond  (Edge)  Mosaic  Diamond 


The  microfocus  Raman  technique  (17]  has  been  used  to  analyze  the  mosaic 
diamond  material  grown  in  the  MPECVO  system.  Measurements  were  made  In 
regions  corresponding  to  the  nominal  axis  of  a  diamond  seed  (center)  (Fig.  14)  and  to 
the  space  between  the  seeds  (edge)  (Fig.  15).  Both  Raman  spectra  show  a  well- 
defined  peak  at  1332  cm'^  and  no  additional  peaks,  such  as  those  corresponding  to 
amorphous  or  graphitic  materials.  The  Raman  spectrum  for  the  diamond  material 
grown  at  the  boundary  between  seeds  (Fig.  15)  does  show,  however,  an  Increased 
background  photoluminescence,  as  might  be  expected  In  a  region  of  higher  disorder. 
Raman  analysis  of  recently  grown  mosaic  diamond  shows  a  spectrum  similar  In 
quality  and  amplitude  to  that  of  natural  diamond. 

An  additional  method  for  testing  the  quality  of  large  area  mosaic  diamond 
materials  is  by  fabrication  of  microelectronic  devices.  At  Lincoln  Laboratory,  diodes 
have  been  fabricated  using  polycrystalline,  mosaic,  and  single  crystal  diamond 
(Fig.  1 6).  Based  on  the  Initial  results,  the  mosaic  diamond  and  the  single  crystal 
diamond  devices  show  comparable  performance.  The  polycrystalline  diamond 
diodes,  however,  consistently  shorted. 


SUMMARY  AND  CONCLUSIONS 

A  new  method  has  been  developed  for  the  fabrication  of  large  area  diamond 
materials.  In  which  small  diamond  seed  crystals  are  oriented  on  an  etched  substrate 
and  then  grown  together  into  a  large,  near  single  crystal  quality  diamond  sheet.  X-ray 
and  Raman  analyses  of  materials  grown  by  this  technique  show  that  large  area 
mosaic  diamond  can  be  comparable  in  quality  to  natural  diamond.  Initial 
microelectronic  devices  fabricated  with  the  materials  support  this  conclusion. 
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ABSTRACT 

A  low  pressure  chemical  vapor  deposition  technique  using  water-alcohol  vapors  has  been 
developed  for  the  deposition  of  polycrystalline  diamond  films  and  homoepitaxial  diamond  films. 
The  technique  uses  a  low  pressure  (0.50  -  1.00  Torr)  rf-induction  plasma  to  effectively  dissoci¬ 
ate  the  water  vapor  into  atomic  hydrogen  and  OH.  Alcohol  vapors  admitted  into  the  chamber 
with  the  water  vapor  provide  the  carbon  balance  to  produce  diamond  growth.  At  1.00  Torr. 
high  quality  diamond  growth  occurs  with  a  gas  phase  concentration  of  water  approximately 
equal  to  47%  for  methanol,  66%  for  ethanol,  and  83%  for  isopropanol.  A  reduction  in  the  criti¬ 
cal  power  necessary  to  magnetically  couple  to  the  plasma  gas  is  achieved  through  the  addition 
of  acetic  acid  to  the  water;alcohol  solution.  The  lower  input  power  allows  lower  temperature 
diamond  growth  Currently,  diamond  depositions  using  water:methanoI:acetic-acid  are  occur¬ 
ring  as  low  as  300  *  C  with  only  about  500  W  power  input  to  the  50  mm  diameter  plasma  tube 

INTRODUCTION 

To  date,  diamond  films  produced  by  chemical  vapor  deposition  techniques  have  been 
grown  principally  using  heavy  dilution  of  organic  gtt^es  with  molecular  hydrogen.*”*'  The  role 
of  molecular  hydrogen  to  the  process  is  manifold,  but  the  dissociation  of  molecular  hydrogen 
into  a  high  fraction  of  atomic  hydrogen  is  critical  to  diamond  stabilization  and  growth.  A 
plethora  of  techniques  have  been  applied  to  create  concentrations  of  atomic  hydrogen  sufficient 
for  high  quality  diamond  growth.  Typically,  these  techniques  involve  a  high-temperature 
region  (hot-filament,  oxy-acetylene  torch,  microwave  plasma,  dc  arc  discharges,  etc.)  wherein 
high  dissociations  of  molecular  hydrogen  is  feasible.  Some  workers  have  avoided  the  use  of 
molecular  hydrogen  by  using  source  gasses  rich  in  oxygen.*”*^  Other  workers  have  augmented 
the  molecular  hydrogen  with  small  percentages  of  water.**”**  We  report  here  on  a  low  pressure 
rf-inductive  plasma-assisted  chemical  vapor  depc»ition  technique  for  the  growth  of  diamond 
which  uses  water  not  molecular  hydrogen  as  a  process  gas  stabilizing  diamond  growth.  Atomic 
hydrogen  necessary  for  diamond  growth  (in  this  process)  is  supplied  from  plasma-dissociation 
of  water  and  alcohol  vapors.  Unlike  previous  work,  addition  of  water  to  the  alcohol  is  neces¬ 
sary  to  produce  well-facetted  diamond  growth  in  this  low  pressure  rf-plasma  technique.®  Furth¬ 
ermore,  it  has  been  observed  that  addition  of  acetic  acid  to  this  CVD  process  enables  diamond 
growth  to  occur  at  reduced  rf  power  levels  and  consequently  at  lower  substrate  temperatures. 

EXPERIMENTAL  APPARATUS  AND  APPROACH 

A  description  of  the  chemical  vapor  deposition  system  used  in  this  work  has  been  previ¬ 
ously  reported.*®”*^  The  system  produces  diamond  from  boti.  traditional  H2  -  CH4  mixtures  as 
well  as  the  water;alcobol:organic-acid  solutions.  The  system  consists  of  a  50  mm  id  plasma 
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lube  appended  to  a  standard  six-iway  cross.  A  radio  frequency  (13.56  MHz)  induction  coil  cou¬ 
ples  power  from  the  rf  power  supply  into  the  plasma  discharge.  Samples  are  located  on  a  gra¬ 
phite  carrier  located  immediately  underneath  the  induction  plasma.  The  rf  excitation  induces 
currents  in  the  graphite  susceptor  which  serve  to  heat  the  sample.  Samples  are  introduced 
into  the  vacuum  system  via  a  vacuum  load-lock  which  isolates  the  main  chamber.  The  gasses 
(water,  alcohol,  acetic-acid)  are  introduced  into  the  chamber  through  a  leak  valve  on  a  storage 
tank  which  contains  solutions  of  the  watcr/alcohol  or  water/acetic-acid /alcohol.  V'apors  above 
the  liquid  arc  pumped  from  the  storage  tank  into  the  growth  chamber.  The  vapor  pressure  of 
the  constituents  above  the  liquid  should  be  a  produce  of  their  molar  concentration  and  their 
respective  vapor  pressures.  Water  and  alcohol  solutions  at  room  temperature  have  sufficient 
vapor  pressures  to  supply  a  low  pre.ssufe  discharge  (<  10  Torr)  High  pressure  operations 
might  require  the  liquid  solutions  to  maintained  at  an  elevated  temperature.  For  the  growths 
reported  here,  vapors  from  variou.s  voinmetric  mixtures  have  been  evaluated  for  diamond 
growth.  The  leak  rate  into  the  growth  chamber  from  the  solutions  results  in  a  loss  of  —  0.2 
cc/min  from  the  liquid  solutions.  While  there  will  be  some  depletion  of  the  higher  vapor  pres¬ 
sure  component,  the  practice  of  mixing  allows  a  convenient  method  for  evaluating  different 
ratios  of  water-to-alcohol  without  the  necessity  of  a  gas  manifold. 

Samples  are  introduced  to  the  growth  system  through  a  vacuum  load  lock.  Prior  to  inser¬ 
tion,  samples  have  been  subjected  to  a  diamond  abrasive  treatment  with  1  pm  diamond  paste 
to  enhance  nucleation.  Diamond  growth  proceeds  by  initiating  a  rf  induction  plasma  with  suf¬ 
ficient  power  to  magnetically  couple  to  the  gas.  J.  Amorrim  el  al.*^  have  shown  that  rf  coils 
couple  to  the  plasma  gas  at  low  power  levels  through  £^field  coupling.  At  higher  power  levels, 
the  rf  coil  couples  power  to  the  plasma  gas  through  B-fleld  coupling.  The  B'field  coupling  is 
characterized  by  an  intense  plasma  luminescence  from  a  region  of  high  density  electrons, 

10^“  cm'^.  The  fc^field  coupling  at  lower  powers  results  only  in  a  low  density  plasma.  -- 
10*°  cm“'’  with  weak  plasma  luminescence-  Introduction  of  water  vapor  alone  to  a  low  pressure 
(10  Torr)  rf  inductive  discharge  results  in  intense  atomic  H  emission  The  water  plasma  has  a 
characteristic  red  color  associated  with  atomic  H  emission  at  656  nm.  OH  emission  lines  are 
clearly  visible  but  not  as  dominant  as  the  atomic  H  err!  jion  lines.  One  ih’  observes  that 
water  discharges  are  capable  of  generating  ample  atomK  H  along  with  OH  from  the  water  dis¬ 
sociation.  Atomic  O  lines,  if  pesent  in  the  emission  spectrum,  are  minor  and  have  not  been 
Identified  at  this  time.  Addition  of  alcohol  to  the  water  plasma  changes  the  color  of  the 
plasma  emission  to  a  bluer  spectrum  as  OH  and  CO  emissions  are  observed  along  with  the 
atomic  hydrogen  Balmer  lines. 

EXPERIMENT  At  RESULTS 

A.  Waler;alcohol  results 

We  have  previously  reported  the  growth  of  polycrystalline  diamond  films  using 
water/methanol,  water/ethanol,  or  water/isopropanol  mixtures. In  that  work,  the  vapor  mix¬ 
ture  entered  the  deptwition  system  and  diffused  from  the  main  chamber  into  the  plasma  tube. 
The  vapors  were  not  admitted  into  the  system  through  the  plasma  gas  feed.  For  this  work,  the 
.storage  bottle  containing  the  liquid  solutions  was  located  on  the  plasma  gas  feed.  Various 
water-alcohol  mixtures  were  used  to  determine  the  effect  of  the  C/0  ratio  on  diamond  growth. 
Figure  I  shows  SEM  micrographs  from  samples  deposited  at  1.0  Torr  from  volumetric  water- 
methanol  mixtures  ranging  from  80%  methanol  to  33%  methanol.  The  results  for  80% 
methanol  produce  poorly  faceted  diamond  These  results  contrast  remarkably  from  the  work 


by  Buck  el  al.  and  Bachmann  et  al.  in  a  microwave  discharge  ai  higher  pressures  using  100% 
methanol.  In  that  work,  high  quality  diamond  was  obtained  from  only  methanol.  In  this  work, 
water  addition  to  the  methanol  is  critical  to  the  formation  of  well-faceted  crystalline  diamond. 
.As  observed  in  Figure  1,  the  quality  of  diamond  growth  increases  as  the  methanol  volumetric 
concentration  is  reduced.  At  33%  methanol  in  the  water  solution,  well-faceted  diamond 
growth  is  observed.  From  the  respective  vapor  prepares  of  water  and  methanol  at  ‘20"  C,  we 
estimate  the  vapor  pressures  of  water  and  methanol  to  be  117  and  31.5  Torr.  respectively, 
above  the  33%  methanol  mixture.  Using  these  vapor  pressures,  one  calculates  the  C/C-rO,  the 
0/0  ‘  H.  and  the  H/C  +  H  ratios  to  be  0.4*2,  0.22,  and  0.83,  respectively.  According  to  the  depo¬ 
sition  phase  diagram  of  Bachmann.  the  low  C/C+O  ratio  of  0.42  should  result  in  no  diamond 
growth.  Nonetheless,  this  oxygen  rich  ratio  is  necessary  for  diamond  growth  in  this  system. 
As  noted  in  the  Bachmann  work,  actual  gas  phase  concentrations  may  vary  due  to  interactions 
of  the  plasma  with  the  carbonaceous  walls  of  the  reactor.  In  thi.s  case,  the  reactions  of  the 
water-vapor  plasma  with  the  graphite  susceptor  undoubtedly  increase  the  carbon  concentra¬ 
tions  in  the  gas  phase.  The  graphite  susceptor  has  been  observed  to  be  etched  by  the  water- 
alcohol  discharges  at  a  rate  of  25/h. 


33% 


40% 


50%  80% 

Fi^re  1.  SEM  micrograph!  from  diamond  films  deposited  from  various 
volumetric  concentrations. 
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n  Acet i('-;«ci(i  \vat.er;nK'tluinol  results  ! 

It  Wiifi  observed  that  diamond  growth  from  the  wate"-alcohol  solutions  recjuired  less  rf 
power  than  diamond  growth  from  more  traditional  H0/CH4.  The  lower  rf  power  most  likely 

was  a  consequence  the  waier-methanoi  have  low'er  ionization  potentials  than  the  H2  -  CH^.  j 

'\'aier.  for  instance  hits  an  ionization  potential  of  1*2. 61  eV  jts  compared  to  an  ionization  poien- 

ti.  i  of  l-S.  ld  eV  for  Ho,  Methanol,  for  instance,  has  an  ionization  potential  of  10. 8d  eV  as  com- 

paf-e  1  to  an  ionization  potential  of  12.6-1  eV  for  CH4.  The  lower  ionization  potentials  permit 

lower  ,  f  power  levels  to  be  applied  for  sufficient  plasma  ionization.  Correspondingly,  we  have 

observed  that  the  addition  of  organic  acids  to  the  water  solutions  substantially  reduces  the 

ciiiical  pu.  er  necessary  to  magnetically  couple  to  the  plasma  gas.  It  is  suspected  that  these 

organic  rnoler'iles  have  even  lower  ionization  potentials  than  water. 

.\s  a  consequence,  diamond  growth  in  the  low-pressure  rf-induction  plasma  can  be 
evaluated  at  lower  substrate  temperatures  (through  reduction  in  the  induced  current  in  the 

graphite  sample  carrier),  f  igure  2  shows  SEM  micrographs  of  diamond  films  deposited  at  O.oO  • 

'I’orr  using  a  volumetric  mixture  of  2:2:1  acetic-acid:water:methanol  The  .sample  temperature 


550  °C 
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Fi^rc  2.  SEM  micrographs  from  diamond  films  deposited  at  different 
temperatures  using  acetic-acidrwatenmethanol  (2:2:1). 
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is  reduced  I'rotn  one  sample  to  the  next  by  the  reduction  in  rf  applied  power.  The  growths  at 
all  teniperaturcs  show  well-faceted  diamond  polyhedra.  There  appears  to  be  no  severe  degra¬ 
dation  of  the  film  properties  despite  the  --  300"C  reduction  in  growth  temperature.  An 
assessment  of  the  crystalline  cpiality  of  the  films  as  measured  from  the  full  width  half  max¬ 
imum  of  the  1332  enr*  phonon  line  would  tend  to  indicate  that  higher  quality  growth  was 
achieved  between  300--I00  C  than  at  higher  temperatures.  Raman  spectra  for  the  films  grown 
at  300  and  dOO  C  are  shown  in  Figure  3.  All  these  films  showed  an  amorphous  carbon  com¬ 
ponent  at  loOO  i  rn  *  The  reduction  in  applied  power  did  reduce  the  deposition  rate.  The  film 
dcj  «^sited  at  .'ST.'i '  C’  grew  at  a  linear  rat«*  ^^f  ttOOO  A.'hr  while  the  film  deposited  at  300  C  grew 
at  a  linear  rate  of  2000  A''hr. 
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Fi^re  3.  Raman  spectra  from  the  films  deposited  with 
acctic-acid:watermcthanol  at  300  and  400  ^C. 
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DISCUSSION 

The  growth  of  diamond  is  undoubtedly  facilitated  in  the  low-pressure  rf-induction  plasma 
by  the  high  electron  density  achieved  when  at  a  critical  power  the  coupling  changes  from  E- 
field  to  B-field  coupling.  In  this  work,  we  have  replaced  molecular  hydrogen  and  methane  with 
various  mixtures  of  water,  alcohols,  and  organic  acids.  The  vapor  discharges  from  the  water- 
based  solutions  aie  easily  ionized  in  the  rf  plasma  owing  to  lower  ionization  potentials  for  the 
water,  alcohol,  and  acetic  acid  molecules.  As  a  consequence,  lower  power  levels  are  necessary 
for  a  6-field  coupling. 

Once  the  6-l'ield  coupling  occurs,  the  high  electron  density  and  high  electron  temperature 
allows  atomization  of  the  parent  molecules.  Atoms  and  free  radicals  of  both  graphite  etchant 
species  such  as  II  and  OH  and  carbon-containing  radicals  are  present  at  the  diamond  growth 
surface.  Dissociation  of  those  species  will  depend  directly  on  the  bond  strengths.  If  one  com¬ 
pares  bond-strengths  for  the  various  molecules  and  radical  species  used  in  this  work,  a  number 
of  interesting  ob.scrvations  are  apparent.  First,  the  H-OH  bond  (5.2  eV)  is  not  significantly 
weaker  than  the  fl-K  bond  (-1.5  eV).  Thus,  the  high  generation  of  atomic  hydrogen  from  water 
discharges  is  probably  a  consequence  of  the  lower  ionization  potential  and  a  larger  cross-section 
for  electron-impact  dissociation.  Second,  the  bond  strengths  for  H-liberation  for  a  radical  such 
as  CHoO— H  (1.3  vX)  from  the  methanol  has  a  significantly  lower  dissociation  energy  than  the 
parent  011^0—11  (-19  eV)  molecule.  The  dissociation  energy  is  also  significantly  lower 

than  any  of  the  energies  for  methane,  methyl,  or  methylene  dissociation.  One  would  expect 
that  electron  energies  in  the  plasma  sufficient  to  dissociate  hydrogen  from  the  methyl  group  on 
methanol  would  be  more  than  sufficient  to  dissociate  the  CHoO— H  bond.  And  third,  the 
lowest  dissociation  energies  for  H-  liberation  are  found  for  the  carboxyl  radical  COO-H  (0.5  eV), 
The.se  radicals  are  contained  on  the  organic  acid  and  halogenated  organic  acid  groups.  It  is  the 
dissociation  of  this  bond  that  gives  the  acidity  to  water  solutions  containing  these  organic 
molecules.  One  would  expect  then  that,  besides  the  lower  ionization  potential  offered  by  the 
addition  of  the  organic  acid  molecules  to  the  plasma  discharge,  the  organic  acids  would  readily 
release  H  atoms  to  the  pbusma  gas.  The  organic  acid  group  behaves  as  graphite  solvent  in  this 
process  To  date,  we  have  not  been  successful  in  depositing  diamond  from  solution.s  of 
exclusively  water  and  acetic  acid.  Concentrations  of  acetic  acid  in  excess  of  80^  in  water  solu¬ 
tion  have  not  been  evaluated.  For  the  concentrations  of  acetic  acid  that  we  are  using  for  the 
low  temperature  diamond  growth  2:2:1  (acetic-acid:water:metbanol),  the  primary  roles  of  the 
organic  acid  group  are  (1)  to  promote  ionization  in  the  rf  induction  coil  and  (2)  to  contribute  H 
atoms  to  the  grow  th  (iroeess. 

VVe  have  previously  been  discussing  mechanisms  by  which  the  water-based  processes  pro¬ 
mote  diamond  growth  in  low-pressure  rf-induction  plasmas.  These  mechanisms  have  all  been 
concerned  with  H-  atom  generation.  At  low  pressures,  diffusion  of  H  atoms  to  walls  and  recom¬ 
bination  of  H  atoms  on  the  walls  limit  the  steady-state  population  of  H  atoms.  The  steady 
state  population  being  the  difference  of  the  generation  and  loss  rates.  The  water-based  pro¬ 
cessed  (besides  producing  higher  generation  rates  per  unit  power  than  the  molecular-hydrogen 
based  processes)  may  also  significantly  reduce  the  loss  rates  at  low  pressure.  Water  passiva¬ 
tion  of  tube  walls  in  flowing  afterglow  hydrogen  discharges  has  been  used  to  reduce  wall  recom¬ 
bination.  Water  vapor  (integral  to  the  diamond  growth  in  this  work)  would  continuously  pas- 
.sivate  the  reactor  walls  Indeed,  it  might  be  possible  to  maintain  the  reactor  walls  at  a  tem¬ 
perature  low  enough  to  condense  multiple  layers  of  water  on  the  plasma  tube  walls.  The  water 
condensate  would  serve  to  buffer  the  wall  materials  from  the  extremely  aggressive  plasma 
environment-  In  addition  to  wall  pas-sivation.  the  water-based  process  may  also  reduce  loss 
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rates  by  permitting  complexing  with  neutral  H.>0  water  molecules.  The  hydronium  ion 
1I30'*'  as  in  acidic-water  solutions  should  remain  highly  reactive,  yet  coinpiexed  so  as  to  retard 
rapid  diffusion  to  the  plasma  walls.  It,  thus,  seems  plausible  that  the  water-based  processes  for 
diamond  growth  can  enhance  diamond  growth  both  by  permitting  higher  generation  rates  of 
active  species  and  by  reducing  loss  mechanisms. 

(’ONCIAISION 

A  low  pressure  chemical  vapor  deposition  technique  using  water-alcohol  vapors  has  been 
developed  for  the  deposition  of  polycrystalliiie  cliainoml  films  and  homoepitaxial  diamond  films. 
The  technique  uses  a  low  pressure  (0.50  -  1.00  Torr)  rf-incluction  plasma  to  effectively  dissoci¬ 
ate  the  water  vapor  into  atomic  hydrogen  and  OH.  .\lcohol  vapors  admitted  into  the  chamber 
with  the  water  vapor  provide  the  carbon  balance  to  produce  diamond  growth.  Unlike  previous 
results  obtained  from  microwave  sources  using  only  methanol  or  Ar/melhanol  mixtures,  the 
rf-induction  source  grows  poor  quality  diamond  unless  water  vapor  is  admitted.  At  1.00  Torr. 
high  quality  diamond  growth  occurs  with  a  gas  pli;use  concentration  of  water  approximately 
equal  to  47%  for  methanol,  66^.  for  ethanol,  and  for  isopropanol.  In  the  operation  of  the 
rf  induction  plasma,  there  exists  a  critical  power  level  at  which  the  coupling  to  the  plasma 
changes  from  £-field  coupling  to  Z^field  coupling.  The  H-(w\d  coupling  has  been  shown  in  Ar 
phismas  to  produce  about  two  orders  of  magnitude  increase  in  the  electron  density.  VVe  h.ave 
observed  that  the  critical  power  to  achieve  Afield  coupling  is  substantially  lower  for  the 
water-based  processes  as  compared  to  the  traditional  molecular  hydrogen-based  processes. 
Furthermore,  reduction  in  the  critical  power  necessary  :0  6-field  couple  is  achieved  through 
the  addition  of  acetic  acid  to  the  watertalcohol  solution.  The  water-alcohol  vapors  permit  dia¬ 
mond  growth  to  occur  at  lower  power  levels  as  compared  to  the  H.2/CH4  discharges.  The  lower 
input  power  level  required  in  turn  reduces  substrate-carrier  inductive  heating  and  allows  lower 
temperature  diamond  growth.  Currently,  diamond  depositions  using  water:meihanol:acetic- 
acid  are  occurring  as  low  as  300'  C  with  only  about  5(K)  W  power  input  to  the  50  mm  diameter 
plasma  tube. 
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ABSTRACT 

We  have  applied  an  electron  cyclotron  resonance  technique  to  deposit  diamond  thin  films 
on  various  substrates  under  remote  plasma,  low  tempetature  (600°C)  and  low  pressure  (60  mTorr) 
conditions.  Diamond  films  were  grown  on  different  substrates  (silicon,  molybdenum)  with 
varying  concentrations  of  precursor  gases  (methanol  and  water).  A  positive  substrate  bias  (SO  to 
60  V)  was  found  to  be  essential  for  die  growth  of  diamond  films  onto  substrates  positioned  16  cm 
below  the  ECR  plasma.  The  films  were  characterized  by  Raman,  X-ray  diffraction  and  scanning 
electron  microscopy  for  microstmetute,  phase  purity  and  chemical  bonding  charaaeristics.  The 
effect  of  various  processing  parameters  including  gas  pressure,  gas  composition,  substrate 
temperature  and  bias  have  also  been  analyzed. 


INTRODUenON 

Most  diamond  CVD  methods  (microwave,  dc  and  if  plasma,  hot  filament)  can  be  termed 
"thermal"  since  the  gas  mixtures  are  heated  to  temperatures  over  2000K.  [  1 ,2]  At  these 
temperatures,  the  input  gases  (such  as  CH4. 02  Ho)  decompose  thermally,  thereby  forming 
active  species  for  diamond  growth.  The  various  techniques  differ  on  the  t^  and  intensity  of  other 
excitation  phenomena,  (e.g.,  electron  impact  ionization  and  dissociation  [3],  photon  absoiption  and 
emission)  which  operate  concurrently  with  thermal  excitation  of  the  gas  mixture.  In  contrast,  low 
pressure  and  highly  ionized  plasmas  which  rely  on  electron  impact  for  dissociation  and  ionization 
can  be  general^  1^  electron  cyclotron  resonance  (ECR)  conditions.  This  occurs  when  the 
microwave  energy  is  coupled  with  the  resonant  frequency  of  the  electrons  in  the  presence  of  a 
magnetic  field.  True  electron  cyclotron  resonance  cannot  occur  above  10  mTorr  (1.3Pa)  due  to  the 
limited  mean  free  path  of  electrons  in  the  plasma,  but  significant  magnetic  field  confinement  and 
enhancement  of  a  plasma  has  been  observed  at  pressures  as  high  as  100  mTorr  [4].  An  ECR 
plasma  typically  has  a  very  high  electron  tempoature  (e.g.,  >i2.(XX)K)  a  relatively  cool  ion 
temperature  (typically  10%  of  the  electron  teirqierature)  and  neutrals  that  ate  typic^y  <  500K.  In 
an  ECn  plasma,  the  generation  of  the  species  necessary  for  diamond  growth  must  proceed 
predominantly  by  non-thermal  mechanisms  such  as  electron-induced  dissociation  and  ionization. 
ECR  plasmas  offer  several  potential  advantages  as  a  means  to  deposit  diarrmnd  thin  Glms.  Since 
the  neutral  gas  temperature  is  nearly  the  same  as  the  temperature  of  the  chamber  walls,  and  the 
pressures  are  in  the  molecular  flow  regime,  it  is  relatively  easy  to  generate  a  uniform  distribution  of 
activated  gas  species  over  a  large  area.  Secondly,  the  low  pressure  of  the  plasma  may  enable  the 
generation  of  activated  species  remote  from  the  substrate  surface,  i.e,  enabling  downstream 
processing  in  order  to  coat  large  areas. 

Magnetically  enhanced  microwave  PECVD  of  diamond  was  first  reported  by  A.  Hiraki  et. 
al.  (4, 5]  who  employed  a  magnetic  mirror  ECR  design  in  which  two  electromagnets  were  used  to 
couple  a  static  B  field  to  a  microwave  field.  They  also  reported  a  significant  increase  in  deposition 
rate  of  diamond  films  using  a  source  gas  mixture  of  methanol  and  helium.  Recently,  Eddy  et.  al. 
|6|  also  reported  the  growth  of  diamond  films  at  low  pressures  using  CO  and  hydrogen  gas 
mixtures. 

In  this  paper,  we  repqn  remote  plasma  growth  of  diamond  thin  films  using  water  plus 
methanol  mixtures.  The  avoidance  of  H2  as  a  source  gas  was  based  on  the  high  H-H  bond 
strengA  (104  kcalfmol)  and  the  small  size  of  the  H2  molecule,  which  make  pluma-induced 
dissociation  into  atomic  H  highly  endothermic.  Recently,  workers  at  Research  Triangle  Institute 
have  also  reported  the  deposition  of  diamond  films  from  ^cohol  and  water  mixtures  using  a  if 
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plasma  system.  [7]  The  use  of  H2O  instead  of  H2  enabled  a  reduction  in  the  substrate  temperature 
necessary  for  rapid  diamond  ^wth.  The  OH  group  is  speculated  to  perform  a  similar  function  to 
atomic  hydrogen,  i.e  stabilization  of  the  diamond  phase  and  /or  prefei^  etching  of  graphite  and 
graphite  precursors.  The  use  of  H2O  instead  of  as  a  source  gas  also  has  many  practical 
advantages,  e.g.  H2O  is  cheaper  and  safer  to  handle  than  H2. 


EXPERIMENTAL 

Experiments  were  performed  in  a  Plasma-Therm  BECR-6  system  at  the  University  of 
Florida  (UF)  and  in  a  prototype  BECR-6  system  at  the  University  of  South  Florida  (USF).  A 
photo  of  the  BECR-6  system  is  shown  in  Hgure  1.  Two  rings  of  rare-earth  permanent  magnets 
(10  magnets/ring)  are  mounted  on 
the  exterior  of  a  6"  l.D.  by  6"  long 
ECR  module.  The  magnetic  field  at 
the  pole  face  of  each  magnet  is 
approximately  3  kGauss.  Cusp¬ 
shaped  zones  of  87S  G  field  are 
generated  inside  the  vacuum 
chamber.  A  tumsdie  coupler  is 
used  to  direct  2.4S  GHz  microwave 
field  through  a  silica 
vacuum/microwave  window  at  the 
top  of  the  ECR  module.  At 
pressures  below  ISOmTorr,  the 
coupling  of  the  magnetic  field  to  the 
electrons  in  the  microwave  plasma 
is  strong  enough  to  position  the 
center  of  the  plasma  within  the  two 
rings  of  magnets.  At  pressures 
below  10  mTotr,  electron  cyclotrati 
resonance  occurs  along  the  cusp¬ 
shaped  surfaces  where  the  magnetic 
field  strength  equals  87S  G.  The 
source  gas  mixture  was  methanol 
and  water.  Methanol  was  injected 
in  a  ring  positioned  beneath  the  base 
of  the  E(!r  chamber,  while  water 
•"as  injected  from  the  top. 

Sub-  rates  were  placed  on  a  heated 
pl.sf  It  which  was  electrically 
.oolated  to  enable  dc  biasing,  and 
were  positioned  8  to  20  cm 
downstream  from  the  ECR  zone.  A 
positive  bias  of  30  to  60  V  was 
found  to  be  essential  for  diamond 
thin  films.  The  substrates  used  for 
growth  experiments  were  Si  and 
Mo  plates  scratched  with  submicron 
diarnond  powder  and  then 
ultrasonically  washed  in  methanol.  Figure  1  Photograph  of  Plasma-Therm  BE(Tt-6  system. 
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RESULTS  AND  DISCUSSION 

Figure  2  shows  the  surface  topography  of  the  diamond  film  deposited  using  a  methanol  to 
water  ratio  of  20: 1.  During  the  deposition  process,  the  substrate  tempOTture  was  kept  between 
500'C  and  600°C,  while  tiK  total  pressure  in  the  chamber  was  M  mTorr.  It  was  found  that  a 
positive  substrate  bias  ( SO  to  60  V)  was  necessary  for  remote  dianxind  film  growth.  Under  these 
conditions,  a  secondary  discharge  glow  was  observed  at  the  substrate,  presumably  due  to  electron 
impact  of  the  gas  species  arriving  from  the  ECR  playna.  The  avera^  dc  current  density  measured 
during  the  experiment  was  between  20  -  40  mA/cm^.  The  stabilization  of  the  diamond  phase 
under  remote  plasma  condihons  depends  strongly  on  the  positive  substrate  bias,  which  is  believed 
to  repel  the  positively  charged  ionic  species  in  the  plasma  as  well  as  generate  diamond  precurso' 
gas  species  at  the  substrate  surface. 


Figure  2  SEM  micrograph  of  diamond  film  deposited  using  a  methanol  to  water  ratio  of  20: 1 . 


The  film  consists  of  crystallites  of  approximately  0.4  to  0.6  )xm  in  size;  the  average  growth 
rate  was  40  to  50  nm  an  hour.  Higher  magnificaaon  of  this  dianxind  51m  shows  a  "cauliflower" 
type  structure  observed  due  to  multiple  nucleation  of  the  dianxxxj  phase.  The  corresponding 
Raman  spectra  of  this  film,  (Figure  3),  exhibits  a  diairxnxl  peak  at  1334  cm'^  arxl  a  broad 
spectrum  from  1450- 1550  cm'*  suggesting  the  presence  of  sp^  bonded  carbon  in  the  form  of 
graphite,  amorphous  carbon  or  a  combination  of  both.  The  full  width  at  half  maximum  (FWHM) 
of  the  diamond  peak  is  approximately  1 2  cm'  *  which  is  considerably  greater  than  that  of  natural 
diamond  (FWFM  -1.8-2  cm'  * .)  This  widening  of  the  peak  can  be  attributed  to  small  grain  size  of 
the  material  or  formation  of  a  highly  defective  material. 
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Figure  3  Raman  spectra  of  diamond  film  deposited  using  methanol  to  water  ratio  of  20: 1 . 


Figure  4  shows  a  SEM  micrograph  of  a  film  nucleated  for  1  hr  at  60  mTorr  with  methanol 
to  water  ratio  of  20: 1  and  then  deposited  for  15  hr  with  methanol  to  water  ratio  of  5:1.  Other 
conditions  for  deposition  were  the  same  as  the  earlier  film.  A  nearly  continuous  film  is  formed 
composed  of  many  fine  crystallites  thus  resulting  in  smooth  coverage  of  the  substrate.  The 
corresponding  Raman  spectrum  erf  the  film  is  shown  in  Figure  5  which  also  shows  a  relatively 
broad  diamond  peak  at  1334  cm'*,  and  a  weak  sp^  bonded  peak  .  It  was  observed  decreasing  the 
methanol  to  water  ratio  of  3: 1  resulted  in  etching  of  the  substrate  instead  of  deposition. 


Figured  SEM  inicrogiaph  of  diamond  film  deposited  using  water  to  methanol  ratio  of  S:I. 
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Figure  6  shows  a  X-ray  diffraction  pattern  of  a  fUm  on  silicon  substrate  deposited  with 
methanol  to  water  ratio  of  approximately  10 : 1.  This  film  was  deposited  at  25  mTorr  and  about  7 
cm  below  the  ECR  zone,  liiis  X-ray  spectra  shows  the  presence  of  diamond  peaks  corresponding 
to  the  (1 1 1 ),  (220)  and  (311)  planes,  llie  intensities  of  the  peaks  are  in  agreement  with  their 
structure  factor,  thus  confirming  that  the  film  is  randomly  oriented.  The  Effraction  peaks  are  also 
broadened  due  to  the  defective  nature  of  the  film. 


SUMMARY 

In  conclusion,  we  have  fabricated  diamond  films  under  remote  plasma,  low  temperamre 
and  low  pressure  conditions  using  methanol  and  water  as  input  species.  Randomly  oriented 
diamond  films  have  been  fabricated  with  varying  ratios  of  metharol  to  water  (20: 1  u>  5;  1 ).  At 
lower  concentrations  of  methanol,  etching  of  the  substrate  is  observed.  It  is  expected  that  with 
further  optimization  of  the  processing  variables  large  area  continuous  diamond  films  can  be 
fabricated  by  this  method  at  temperatures  below  600‘C. 
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ABSTRACT 

Polycrystalline  diamond  films  were  synthesized  both  by  using  an  open 
atmosphere  combustion  flame,  and  also  using  a  combustion  flame  in  an  enclosed 
chamber.  By  operating  the  pre-mixed  oxy-acetylene  torch  in  a  chamber,  we  were 
able  to  vary  the  atmosphere  around  the  flame  in  a  controlled  manner  and  study  the 
effects  on  the  diamond  films.  Varying  the  atmosphere  around  the  flame  is  of 
interest  to  control  the  incorporation  of  unwanted  gases,  such  as  room  air,  and  to 
obtain  finer  control  over  the  flame  properties.  We  report  on  the  properties  of  films 
grown  in  the  open  atmosphere  and  in  the  chamber  with  oxygen  and  argon. 

Introduction 

The  combustion  flame  technique  has  been  demonstrated  at  several  laboratories 
to  be  a  viable  technique  to  obtain  high  quality  diamond  films  with  a  high  growth 
rate  (>100pm/hr)( I-IO].  In  this  paper,  we  report  on  the  growth  of  free  standing 
polycrystalline  diamond  films  grown  by  the  combustion  process  using  an  oxy- 
acetylene  torch  in  the  open  atmosphere,  and  in  an  enclosed  chamber  where  the 
environment  can  be  controlled.  Diamond  growth  using  an  oxy-acetylene  torch 
occurs  in  the  fuel  rich  acetylene  feather  just  outside  the  primary  flame  front.  The 
torch  is  a  premixed  design,  where  oxygen  and  acetylene  are  combined  in  the 
mixing  chamber  and  then  burn  near  the  primary  flame  front  (inner  cone)  where 
temperatures  can  reach  up  to  about  3300K(n).  The  overall  combustion  reaction  at 
the  inner  cone  is  [12]: 

CjHj  +O2  —  2CO  +H2  (j) 

with  many  reactive  intermediates  (eg.  H.  OH,  Ca.and  C2H)  involved  in  the  overall 
reaction.  If  the  torch  is  run  in  a  fuel  rich  mode,  the  unburnt  hydrocarbons, 
reactive  intermediates,  CO.  and  H2  form  a  region  (feather)  bounded  by  another 
flame  front  caused  by  oxygen  diffusion  from  the  surrounding  atmosphere. 
Although  the  oxygen  and  acetylene  gases  are  premixed  in  the  torch,  the  outer 

regions  of  the  feather  can  be  described  as  a  diffusion  flame  because  of  the  oxygen 
diffusion  from  the  atmosphere.  When  the  torch  is  operated  in  the  open 

atmosphere,  there  is  an  ample  supply  of  room  air  available  for  diffusion  into  the 
flame  fully  oxidizing  the  combustion  products  to  CO2  and  H2O  In  the  outer  region. 
Fourier  transform  infrared  spectroscopy  has  shown  that  the  feather  region 
contains  a  large  concentration  of  CO  and  the  outer  part  of  the  feather  and  the  outer 
region  of  the  flame  contain  an  appreciable  amount  of  OH,  H2O  and  C02[13].  Laser- 
induced  fluorescence  and  mass  spectrometry  have  shown  the  feather  region  also 
contains  an  appreciable  amount  of  niirogen[12}.  This  indicates  that  the 

atmospheric  air  not  only  oxidizes  the  combustion  products  in  the  outer  region,  but 
does  indeed  diffuse  into  the  feather  region. 

Since  environmental  gases  around  the  flame  diffuse  Into  the  area  of  the  flame 
where  diamond  growth  occurs,  these  environmental  gases  are  an  important 

variable  that  warrants  further  attention.  Varying  the  atmosphere  around  the 
flame  is  also  a  method  of  controlling  the  incorporation  of  unwanted  dopants,  such 
as  nitrogen,  and  of  obtaining  a  finer  control  over  the  flame  properties.  In  the 
present  paper,  we  will  discuss  films  (hat  were  made  (A)  in  (he  open  atmosphere.  (B) 
in  the  enclosed  chamber  using  argon  as  the  auxiliary  gas.  and  (C)  in  the  enclosed 
chamber  using  oxygen  as  the  auxiliary  ga.s. 


Mat.  Rat.  Soc.  Symp.  Proe.  Voi.  242.  <  1992  Matartalt  Rataarch  Soctaty 


•WN 


38 


Experimental 

All  of  the  diamond  films  were  synthesized  using  a  premixed  oxy-acetylene 
welding  torch  with  a  nozzle  diameter  of  117  mm.  The  flow  rates  of  the  oxygen  and 
acetylene(99.6%)  were  controlled  hy  mass  flow  controllers  with  the  total  flow  rate 
being  held  constant  at  7  SLM.  The  films  were  grown  on  molybdenum  screws  that 
were  placed  in  a  threaded  hole  in  a  water-cooled  copper  block.  The  temperature  of 
the  screw  was  controlled  by  the  depth  of  penetration  into  the  copper  block  and  was 
monitored  by  using  a  two-color  pyrometer.  The  temperature  of  the  films  that  will 
be  discussed  was  900^C  (±.20^).  In  order  to  enhance  the  nucleation»  the  surface  of 
the  molybdenum  screw  was  polished  with  600  mesh  silicon  carbide  followed  by  1 
pm  diamond  paste,  and  then  ultrasonically  cleaned  in  acetone  and  methanol. 
Because  of  the  large  difference  in  the  thermal  expansion  of  diamond  and 
molybdenum,  the  film  delaminates  as  the  substrate  cools.  All  the  samples  discussed 
in  this  paper  were  thus  free  standing  diamond  flims. 

A  similar  apparatus  to  that  described  above  was  placed  in  an  enclosed  chamber 
in  order  to  control  the  atmosphere  around  the  flame.  Prior  to  lighting  the  torch, 
the  chamber  was  evacuated  to  approximately  1  torr  and  then  backfilled  with  the 
auxiliary  gas.  either  argon  or  oxygen.  An  exhaust  valve  was  opened  during  the 
growth  process,  so  the  experimems  were  done  at  slightly  above  atmospheric 
pressure. 

Micro-Raman  analysis  was  performed  using  the  514.5  nm  line  of  an  argon  ion 
laser  and  a  spatial  resolution  of  less  than  1  pm(l41.  The  Raman  tine  width 
measurements  were  performed  in  the  phoioluminescence  apparatus  using  a  488.0 
nm  line  with  a  laser  spot  size  of  about  100  pm(151.  The  phoioluminescence 
experiments  were  carried  out  at  6K  in  a  Janis  supervariicmp  cryostat.  Scanning 

electron  microscopy  (SEM)  was  performed  on  these  samples  using  a  Cambridge  S200 
instrument. 

RESULTS 

Results  are  reported  on  three  types  of  samples  grown  in  (A)  the  open 

atmosphere.  (6)  the  enclosed  chamber  using  argon  as  the  auxiliary  gas,  and  (C)  the 
enclosed  chamber  using  oxygen  as  the  auxiliary  gas.  Sample  A  was  grown  using  an 
oxy-acctyicnc  torch  operating  in  the  open  atmosphere  with  an  02/C2H2raiio  of 

1.04.  Sample  B  was  grown  using  an  oxy-acetylene  torch  operating  in  an  enclosed 
chamber  with  an  02/C2H2Taiio  of  I.IO  and  an  argon  flow  of  5  SLM.  Sample  C  was 
grown  with  an  O2/C2H2  ratio  of  1.03  and  an  oxygen  flow  of  7  SLM.  Just  prior  to 
ending  the  growth  of  sample  C.  the  auxiliary  flow  was  changed  to  argon  while  the 
sample  cooled  down  to  room  temperature.  A  fourth  sample  was  grown  using  the 

same  sample  conditions  as  sample  C.  but  when  (his  experiment  was  terminated,  the 
auxiliary  oxygen  continued  to  flow.  Therefore,  the  substrate  cooled  from  900^C  to 
room  temperature  (about  2  minutes)  in  an  atmosphere  containing  a  large 

concentration  of  oxygen.  The  total  flow  rate  through  the  torch  for  all  of  these 
samples  was  held  constant  at  7  SLM.  The  growth  time  for  each  of  the  samples  was  60 
minutes,  while  the  temperature  of  the  substrate,  measured  with  a  two-color 
pyrometer,  was  approximately  900®C(+20®). 

The  crystallite  morphology  of  the  films  can  be  seen  in  the  SEM  micrographs  of 
Figure  la-d.  Micro-Raman  spectra  of  samples  A,  B.  and  C  are  shown  in  Figure  2a-c. 
while  Figure  3a.b  show  the  photoluminescence  spectra  of  sample  A  and  sample  C. 

The  shape  of  the  feather  in  an  argon  environment  was  very  long  and  slender, 
drastically  different  from  the  rounded  appearance  in  the  open  atmosphere.  For  a 

given  position  in  the  flame,  the  temperature  of  the  substrate  also  appears  to  be 

affected  by  (he  environmental  gases.  We  have  also  observed  (hat  no  water  vapor 
condenses  in  the  chamber  in  an  argon  atmosphere,  but  in  an  oxygen  atmosphere, 

water  is  seen  condensing  on  the  walls  of  the  chamber. 
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Figure  1.  Morphology  of  films  grown  in  various  atmospheres  (a, upper  left) 
open  atmosphere.  (b.Iower  left)  argon  atmosphere,  (c, upper  right) 

oxygen  atmosphere  (cooled  in  argon),  and  (d.lower  right)  oxygen 
atmosphere  (cooled  in  oxygen). 

DISCUSSION 

The  temperature  in  various  parts  of  the  acetylene  feather  has  been  shown  to  be 
between  2200  and  3000K  with  a  substrate  in  place!  13].  We  have  found  that  the 
temperature  of  the  substrate  in  the  feather  is  lower  in  an  argon  atmosphere,  and 
can  easily  be  varied  over  a  lOOK  range  by  changing  the  environmental  gases, 
without  varying  the  depth  of  penetration  of  the  substrate  into  the  water-cooled 
copper  block.  The  lower  temperature  in  an  argon  atmosphere  is  not  unexpected, 
since  there  is  no  additional  oxygen  to  promote  the  further  combustion  of  the 

t  unbumt  fuel,  and  thus,  less  heat  is  provided  by  the  flame.  In  an  argon  atmosphere 

where  the  only  source  of  oxygen  is  through  the  torch,  a  slightly  higher 

oxygen/acetylenc  ratio  was  used  to  attain  similar  growth  as  compared  to  an  oxygen 
atmosphere.  The  feather  is  essentially  starved  of  oxygen  in  an  argon  atmosphere 
that  would  normally  diffuse  into  the  flame  and  bum  with  the  excess  fuel  creating  a 
secondary  flame  front.  Therefore,  the  feather  is  not  bound  by  this  secondary 
flame  front  in  an  argon  atmosphere  and  only  a  small  increase  in  the  acetylene  flow 
rate  is  needed  to  extend  the  slender  feather  several  inches.  In  the  open 
atmosphere,  small  increases  in  the  acetylene  increased  the  length  of  the  feather 
very  gradually.  Since  diamond  growth  occurs  in  this  feather  region,  the 
composition  of  the  environmental  gases  is  important. 

Assuming  complete  efficient  combustion,  from  the  equation 

C2H2  +  5/202-^  2CO2  +  H2O  (2) 

and  an  O2/C2H2  ratio  of  approximately  1,  then  the  flow  rate  of  additional  oxygen  in 
t  the  chamber  should  be  about  3/2  the  flow  rate  of  C2H  2  through  the  torch  in  order  to 
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obtain  (he  fully  oxidized  combustion  products.  We  see  evidence  of  this  visually,  by 
water  condensing  on  t*'e  walls  of  the  chamber  when  sufficient  oxygen  is  present. 

The  well  crystallized  faces,  typical  of  growth  in  the  open  atmosphere,  is 
shown  in  Figure  la.  An  interesting  feature  of  the  film  grown  in  argon  is  the 
smooth  (100)  faces  shown  in  Figure  lb.  This  Is  not  unexpected,  since  growth  can 
occur  on  the  (100)  face  one  atom  at  a  time  resulting  in  a  smooth  face,  whereas 
growth  on  faces  such  as  the  (111)  face  often  proceeds  by  a  step  mechanism[16]. 
Although  the  smooth  (100)  faces  is  not  surprising  in  general,  it  is  interesting  that 
this  is  so  clearly  seen  in  the  flame  grown  polycrystalline  samples  when  there  is  a 
decreased  oxygen  content  in  the  environment. 

The  morphology  of  the  sample  grown  in  100%  oxygen  and  cooled  primarily  in 

argon  is  shown  in  Figure  Ic.  The  grains  are  much  smaller  (1  p.m)  in  the  outside 
region  and  show  a  micro-Raman  spectra  similar  to  2c.  This  may  be  related  to  an 
increased  concentration  of  atomic  O  and  OH  expected  in  the  outer  region  of  the 

flame.  OH.  and  to  a  lesser  extent  atomic  O  have  been  thought  to  be  very  effective 
etchants  of  various  forms  of  carbon{17).  This  is  in  contrast  to  the  outer  edge  in  the 

atmospheric  grown  films  where  the  quality  of  the  diamond  is  lower  possibly  due  to 

the  increased  incorporation  of  nitrogen!  14).  In  the  past,  this  has  been  attributed  to 
a  high  entrainment  of  room  air  (mostly  nitrogen)  in  the  outer  pan  of  the  Dame 

causing  the  decreased  quality  of  diamond  in  the  outer  region  of  the  film!  18]. 

Figure  Id  shows  the  morphology  of  a  film  grown  in  100%  oxygen  and  allowed  to 
cool  in  an  oxygen  environment.  Many  pits  arc  evident  on  the  grains,  and  wc 

believe  they  arc  most  likely  a  result  of  etching  by  oxygen  species  after  the  flame 
was  extinguished.  This  indicates  (hat  not  only  is  graphite  and  amorphous  carbon 
being  etched,  but  the  diamond  faces  show  signs  of  considerable  etching.  It  is 

interesting  that  some  grains  indicate  preferential  etching  with  fewer  pits  being 
seen  on  the  (100)  face  which  is  known  to  be  (he  slowest  etched  face  in  both  natural 
and  synthetic  diamond(19|. 

As  can  be  seen  in  the  micro-Raman  spectra  in  Figure  2a  the  films  grown  in  the 
open  atmosphere  show  no  signs  of  graphitic  or  amorphous  carbon.  The  films 

grown  in  the  chamber  with  100%  oxygen  (Figure  2c)  also  indicate  high  quality 

diamond,  although  there  may  be  a  small  amount  of  amorphous  carbon  present  in 

these  films.  Although  we  have  been  successful  in  growing  diamond  in  an  argon 

atmosphere,  the  quality  of  the  diamond  film  decreases  (Figure  2b).  The  broad  band 
centered  around  1 500cm' ^  is  indicative  of  amorphous  carbon,  and  the  background 
fluorescence  is  also  much  larger,  which  indicates  a  larger  number  of  defects  in  the 
sample.  It  appears  that  tnc  oxygen  entrainment  into  the  feather  region  plays  an 

important  role  in  suppressing  the  formation  of  amorphous  carbon  in  the  films. 

The  Raman  line  width  was  measured  with  a  laser  spot  si/.c  of  100  pm  in  order  to  gel 
an  indication  of  the  overall  quality  of  (he  film  including  intergranular  regions. 

The  Raman  full  width  half  maximum  (FWHM).  a  measure  of  the  crystalline  quality, 

was  found  to  be  4.7  cm'*  for  the  film  grown  in  oxygen  and  slightly  wider.  7.0  cm'*, 

for  the  film  grov in  argon. 

Photolumincsccncc  spectroscopy  can  also  be  used  to  monitor  the  quality  of  the 
film  by  examining  the  diamond  order  phonon  line  shape,  and  the  zero  phonon 

line  and  phonon  replicas  of  defect  bands|15|.  Shown  in  Figure  .^a.b  arc  the 

photolumincsccncc  spectra  of  a  film  grown  in  the  open  atmosphere  and  with  100% 

oxygen  in  the  chamber.  In  Figure  3a  the  line  at  2.16  cV  (d>  is  believed  to  be  due  to  a 

double  vacancy-nitrogcn  compicxI20).  while  (he  line  at  1.95  cV  (e)  is  from  a 
vacancy  nitrogen  pair(211  and  the  line  labclcd(a)  is  a  nitrogen  complex  band|20]. 

The  band  labeled  b  is  the  diamond  order  phonon  line,  while  b*  is  indicative  of  a 
small  amount  of  graphite  present  in  this  sample.  The  broad  band  labeled  f  is  due  to 

(he  spectrometer  response  when  this  sample  was  measured.  For  the  film  grown  in 

the  chamber  (Figure3b)  wc  see  no  evidence  of  ibe  nitrogen  defect  bands,  which 
indicates  that  wc  have  reduced  (he  defects  associated  with  nitrogen  when  wc 
operate  in  (he  enclosed  chamber  and  control  the  environmental  gases.  There  was 
some  evidence  of  nitrogen  defect  bands  (although  .still  smaller  in  intensity  than 
the  open  atmosphere  films)  in  other  samples  (hat  were  grown  in  the  chamber,  and 
may  be  related  to  impuritic.s  in  the  ga.scs  used  (oxygen,  acetylene  or  argon). 
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CONCLUSION 


In  this  paper,  we  have  demonstrated  the  growth  of  polycrystalline  free  standing 
diamond  films  using  a  pre-mixed  oxy-acetylene  torch  in  an  enclosed  chamber.  We 
have  demonstrated  some  of  the  effects  that  the  atmosphere  has  not  only  on  the 
flame,  but  also  on  the  quality  and  the  morphology  of  the  diamond  films.  When  the 
torch  IS  the  only  source  of  oxygen,  the  films  show  an  increased  amount  of 
amorphous  carbon  present.  When  the  atmosphere  is  primarily  oxygen,  the  quality 
of  the  film  is  much  better  even  to  the  outer  edge  of  the  film.  We  have  also  shown 

the  drastic  etching  effect  that  is  observed  when  the  films  are  allowed  to  cool  to 

room  temperature  in  an  oxygenated  atmosphere.  The  photoluminescence  results 
also  indicate  that  there  may  also  be  a  reduction  in  the  incorporation  of  nitrogen  in 

the  films  by  controlling  the  atmosphere  around  the  flame. 
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ABSTRACT 

We  have  constructed  a  novel,  sequential  DC  glow  and  hot  filament  CVD  reactor,  to 
study  the  influence  of  single  parameters  on  the  deposition  of  diamond  thin  films.  This  reactor  is 
capable  of  growing  diamond  films,  with  indepenttent  excitation  of  hydrogen  and  methane.  This 
is  achieved  by  the  sequential  exposure  of  the  substrate  to  spatially  separated,  chemically 
independent,  plasma  regions  of  hydrogen,  and  methane  in  helium.  The  substrate  is  mounted  on 
a  rotating  plate  above  the  gas  sources  at  a  variable  distance,  typically  0.5  -  2  mm.  The  plate  is 
radiantly  heated  from  behind  to  a  desired  temperature  up  to  1300  K.  Using  the  sequential 
deposition  chamber  we  have  been  able  to  deposit  good  quality  diamond  up  to  8%  methane  in 
helium,  without  the  presence  of  oxygen,  by  separating  a  source  of  atomic  hydrogen  and  a 
source  of  methane.  These  experiments  show  that  methane  and  atomic  hydrogen  do  not  need  to 
be  present  simultaneously  to  grow  diamond.  Our  results  further  indicate  that  the  primary  critical 
parameter  for  both  quality  and  growth  rate,  in  hot  filament  deposition  of  diamond,  is  the 
concentration  of  atomic  hydrogen  in  the  system. 

INTRODUCTION 

Dramatic  advances  in  the  field  of  the  synthesis  of  diamond  films  and  related  materials 
have  occurred  in  the  last  few  years.  The  major  driving  forces  behind  these  effons  are  the 
unique  and  extraordinary  material  properties  of  diamond  for  technical  applications  in  a  large 
number  of  fields.  However,  there  are  many  stumbling  blocks  before  the  wide  spread 
application  of  diamond  material  can  be  accomplished.  A  major  hindrance  is  the  poor 
understanding  of  the  mechanisms  of  nucleation  and  growth  of  diamond,  the  interaction  between 
the  diamond  film  and  the  substrate,  and  the  ability  to  grow  large  single  crystals  which  can  be 
suitably  doped. 

The  objective  of  our  research  is  to  develop  an  understanding  of  the  governing  kinetic 
parameters  behind  the  nucleation  and  growth  of  diamond.  Because  of  the  many  species  present 
In  applied  diamond  synthesis  techniques,  the  actual  deposition  process  is  complex  and  poorly 
understood' '5.  Attempts  to  elucidate  the  mechanisms  of  nucleation  and  growth  have  primarily 
focused  on  gas  phase  precursors,  which  might  form  sp^  bonds  on  the  growing  surface'*-^.  The 
complex  gas  phase  chemistry  has  also  precluded  in  situ  measurements  and  detailed  comparison 
with  suggested  growth  models*-’.  By  separating  the  deposition  process  into  several  sequential 
steps,  our  aim  is  to  identify  the  most  critical  deposition  parameters  to  reach  an  understanding  of 
the  basic  phenomena  behind  the  deposition  process. 

We  have  therefore  constructed  a  novel  type  of  sequential  CVD  reactor  in  which  the 
substrate  can  be  serially  exposed  to  four  independently  controlled  gas  sources.  Thus,  the  role 
of  each  species  can  be  i.solated  and  individually  modified,  to  vary  deposition  parameters  such  as 
growth  rate  and  film  quality.  We  are  able  to  expose  the  substrate  to  a  sequence  of  hydrogen, 
carbon,  oxygen,  and  inert  gas  sources,  with  independent  control  of  parameters  such  as 
excitation  and  concentration.  This  control  allows,  for  instance,  an  increase  in  the  concenuation 
of  atomic  hydrogen  without  changing  or  influencing  other  deposition  parameters.  In 
conventional  CVD  reactors,  and  in  the  newer  alternating  chemistry  reactors*,  a  change  of  a 
process  parameter  such  as  a  change  in  the  excitation  of  one  species  would  lead  to  a  change  in  the 
excitation  of  other  species  present.  Our  results  indicate  that  a  critical  parameter  in  hot  filament 
deposition  of  diamond  is  the  bombardment  of  the  growing  surface  by  atomic  hydrogen. 

REACTOR  DESIGN  AND  PERFORMANCE. 

The  basic  principles  behind  the  design  of  the  sequential  deposition  system  is  shown  in 
Figure  1 .  The  apparatus  is  mounted  in  a  diffusion  pumped  bell  jar  vacuum  system  having  a 
base  pressure  lower  than  2x10  ’  Torr.  The  reactor  consists  of  four  gas  eminer  assemblies,  each 
about  one  inch  in  diameter,  electricallv  insulated  from  the  substrate.  Gases  are  supplied  to  each 
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emitter  station  at  a  rate  high  enough  to  insure  that  intermixing  between  the  emitters  is  minimal 
and  does  not  influence  the  growth  process.  The  substrate  is  mounted  on  a  routing  plate  facing 
the  gas  excitation  sources  at  a  variable  distance,  typically  O.S  -  2  mm.  The  plate  is  heated  from 
behind  up  to  a  temixrature  of  1300  K  by  a  tungsten  fllament 

Gases  flowing  through  the  emitter  heads  can  be  excited  by  a  variety  of  means,  such  as 
hot  filament,  DC  glow,  and  RF  radiation,  however,  this  paper  will  only  be  concerned  with 
excitation  of  gases  by  hot  filaments. 


Figure  I :  Side  View  and  Top  View  of  Sequential  CVD  reactor. 


One  of  the  major  concerns  with  the  separation  of  the  gases  into  different  plasmas  is  the 
level  of  cross-contamination  i.e.  the  flow  of  gas  from  one  emitter  into  the  active  region  of 
another  emitter.  Cross-contamination  was  measured  under  deposition  conditions  by  mass 
spectrometer  sampling  of  each  plasma  region.  Figure  2  shows  the  level  of  cross-conumination 
of  helium  in  the  hydrogen  emitter  as  a  function  of  the  gas  flow  rate  of  helium  and  hydrogen 
through  each  emitter.  The  dau  shows  that  the  cross-contamination  can  be  made  arbitrarily  low 
by  increasing  the  flow  rales  through  the  emitters.  Allowing  the  level  of  cross-contamination  to 


reach  20%  has  noi  been  observed  to  effect  growth  rate  or  morphology  but  may  have  a 
secondary  influence  on  film  nucleadon  density  and  incubation  time. 


■»■»«»  I 


H2,  He  Flow  Rate  (seem) 

Figure  2.  The  measured  level  of  cross-contamination  in  the  hydrogen  emitter  under  the 
following  deposition  conditions:  hydrogen  filament  temperature  2500  K,  substrate  temperature 
1 1(X)  K,  substrate  disk  rotation  at  200  RPM,  chamber  pressuie  of  30  Torr,  and  200  seem  of 
argon  flowing  through  the  bliik  emitters. 

To  further  illustrate  that  minimal  cross-contamination  is  occurring  a  film  was  grown 
wiih  the  substrate  stationary  over  the  hydrogen  emitter  but  otherwise  under  conditions  identical 
to  the  growth  of  a  very  thick  film  with  rotation.  The  result  was  a  film  two  orders  of  magnitude 
thinner  than  in  the  rotating  case.  This  film  consisted  of  very  small,  <  O.Ipm,  individual 
panicles  of  material  only  near  the  edges  of  the  substrate.  This  is  contrasted  to  the  sequential, 
rotating,  case  which,  under  identical  conditions,  deposited  a  1  pm  thick  fully  agglomerated  film 
made  up  of  particles  greater  then  1  pm  is  size  well  faceted  with  facet  features  -1  pm  in  size. 

ROLE  OF  ATOMIC  HYDROGEN 

To  investigate  the  role  of  atomic  hydrogen  in  the  deposition  of  diamond  a  series  of  film.s 
were  deposited  by  sequential  deposition  at  different  concentrations  of  atomic  hydrogen  by 
changing  the  temperature  of  the  filament  in  the  hydrogen  emitter.  All  other  deposition 
conditions  were  held  constant.  Films  were  deposited  on  scratched  <100>  silicon  wafers  at  a 
substrate  temperature  of  1060  to  1080  K.  The  total  deposition  time  was  10  hours,  resulting  in  a 
total  exposure  to  each  excitation  source  of  69  minutes. 

The  amount  of  atomic  hydrogen  can  be  estimated  by  assuming  that  the  filament  loses 
power  by  radiation,  conduction,  and  dissociation  of  hydrogen  molecules.  Observing  the 
characteristics  of  the  filament  in  helium  instead  of  hydrogen,  the  radiative  and  conductive 
components  can  be  measured,  and  by  allowing  for  the  diRerence  in  thermal  conductivities  of  the 
two  gases,  the  power  losses  excluding  hydrogen  dissociation  can  be  calculated.  From  this,  an 
estimate  of  the  power  consumed  to  dissociate  hydrogen  molecules,  and  hence  a  relative  measure 
of  the  atomic  hydrogen  concentration  can  be  made. 

Table  I  contains  the  deposition  conditions  data  for  all  of  the  films  presented  he'e. 
Included  in  this  data  is  the  estimated  atomic  hydrogen  bombardment  per  atomic  site  on  the 
surface,  per  exposure  of  the  substrate  to  the  hydrogen  emitter. 
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TABLE  I 

Deposition  conditions  of  eleven  samples.  Including  estimated  atomic  hydrogen  bombardment. 
Film  #  %  CIJU _ CHa  fil.  TfKl _ fii.  TfKi  IH1  feslimated). 


1 

4 

2050 

1780 

300 

2 

4 

2050 

2030 

450 

3 

4 

2050 

2070 

480 

4 

4 

2050 

2240 

660 

5 

4 

2050 

2250 

660 

6 

4 

2050 

2310 

840 

7 

4 

1500 

1910 

360 

8 

4 

1500 

2000 

450 

9 

4 

1500 

2160 

540 

10 

8 

2050 

2000 

450 

11 

8 

2050 

2220 

600 

Figure  i  shows  SEM  micrographs  and  Raman  spectra  of  diamond  films  deposited  under 
identical  conditions,  except  that  the  flux  of  atomic  hydrogen  was  changed,  film  numbers  1.  4. 
and  6  in  Table  I..  The  conditions  for  the  depositions  were  4%  methane  in  helium  with  u 
filament  temperature  of  2050  K.  Pure  hydrogen  was  supplied  to  the  opposite  emitter  stand  with 
filament  temperatures  set  at  1800  K  to  2300  K.  The  substrate  was  kept  at  1 100  K.  as 
determined  by  optical  pyrometry  and  rotated  at  200  RPM.  As  can  be  seen,  the  increase  in  the 
quality  of  the  deposited  film  at  increased  atomic  hydrogen  flux  is  quite  evident  in  the  improved 
morphology  of  the  films.  The  Raman  spectra  for  the  three  films,  clearly  shows  the  improved 
quality  with  increasing  hydrogen  flux.  The  Raman  spectrum  of  the  first  film  shows  a  large  sp^ 
carbon  peak  at  1550  cm  ‘  and  no  sp^  diamond  peak  at  1332  cm  *.  The  second  film,  deposited 
at  a  higher  hydrogen  flux,  shows  a  decreased  1550  cm  *  peak  and  a  clear  peak  at  1332  cm  '. 
Finally,  the  third  film  shows  a  very  sharp  1332  cm  '  peak  with  very  little  sp^  content  and  a  low 
level  of  photoluminescence  background.  With  the  cutrcnl  levels  of  concentration  of  atomic- 
hydrogen  we  are  able  to  generate,  we  have  been  able  to  deposit  good  quality  dianaond  films  with 
up  to  8%  methane  in  helium.  Figure  4  shows  the  SEM  micrograph  and  Raman  spectra  of  two 
films  (sample  numbers  10  and  11)  deposited  with  8%  methane  in  helium.  The  first  film  is 
clearly  not  diamond  while  the  second  is  diamond  of  medium  quality.  The  cause  of  the  unique 
surface  morphology  of  sample  number  1 1  is  not  readily  apparent.  All  the  samples  in  Table  1 
exhibit  an  increasing  film  quality  as  measured  by  Raman  spe^scopy  as  a  function  of  increased 
atomic  hydrogen  concentration.  This  improvement  is  expected  since  hydrogen  has  long  been 
known  to  be  an  etchant  of  sp^  defects  in  diamond  films’  ^ 

We  note  that  the  growth  rate  is  increasing  linearly  with  atomic  hydrogen  concentration. 
Figure  5  shows  the  thickness  of  the  deposited  films  as  a  function  of  the  temperature  of  the 
hydrogen  filament,  for  the  samples  listed  in  Table  I.  Film  thicknesses  were  determined  by 
Rutherford  backscattering  (RBS),  for  films  <  I  pm,  and  cross-sectional  SEM  for  thicker  films. 
Clearly,  increasing  the  temperature  of  the  hydrogen  filament  at  constant  methane  concenffation 
and  filament  temperature,  increased  the  thickness  of  the  deposited  film.  Additionally,  increasing 
the  supply  of  carbon,  by  increasing  the  temperature  of  the  methane  filariKnt,  also  increased  the 
thickness  of  the  deposited  film.  Increasing  the  carbon  content  by  increasing  the  amount  of 
methane  in  the  source  gas  seems  to  have  a  mixed  effect.  Increasing  the  metham  concentration 
resulted  in  a  decreased  growth  rate  at  low  hydrogen  concentration  uxi  an  increased  growth  rate 
at  high  hydrogen  concentrations.  If  one  assumes  that  the  increased  growth  rate  at  constant 
carbon  conditions  is  due  to  an  increase  in  atomic  hydrogen  this  effect  could  be  explained  by  two 
growth  mechanisms. 


Figure  3:  SEM  miciographs  ind  Raman  spectra  of  diamond  films  deposited  under  identical 
conditions,  except  that  the  flux  of  atomic  hydrogen  was  chanjmd,  film  numbeis  1, 4,  and  6  in 
Table  1.  Hydrogen  fllameni  temperatures  were  1780, 2240,  and  2310  (K)  respectively. 


Figure  4:  SEM  micrographs  and  Raman  plectra  (rfdUnmd  films  dqxisited  under  idenncal 
conditions,  except  that  the  flux  of  atomic  hydrogen  was  changed,  film  numbers  10,  and  1 1  in 
Table  I.  Hydrogen  filament  tenqwratures  were  2000,  a^  2220  (K)  respectively. 


Figure  S.  Film  thickness  as  a  function  of  the  temperature  of  the  hydrogen  filament. 


Carbon  may  be  deposited  on  the  surface  in  three  ways;  (i)  as  a  non-diamond  film  on  top 
of  the  growing  diamond,  (ii)  as  individual  carbon  atoms  bonded  or  chemi-sorbed  to  the 
diamond  surface,  or  (iii)  carbon  may  deposit  directly  as  diamond,  (this  seems  sterically  possible 
for  the  <1(X)>  face,  but  less  so  for  the  <1 1 1>  face).  If  carbon  is  deposited  as  a  non-diamond 
phase  in  the  methane  emitter,  it  could  be  etched  off  by  the  atomic  hydrogen,  enter  the  gas  phase, 
collide  with  the  surface  of  the  substrate,  and  be  redeposited  as  diamond.  Increasing  the 
concentration  of  atomic  hydrogen  might  increase  the  piobability  of  the  ledeposition  reaction  thus 
increasing  the  film  growth  rate.  If  the  carbon  is  deposited  as  diamond  or  as  individual  carbon 
atoms  on  the  diamo^  surface  in  the  methane  area,  the  increased  growth  rate  might  be  explained 
by  an  increase  in  the  reactivity  of  the  diamond  surface  with  increased  atomic  hydrogen  flux. 
This  increased  reactivity  could  be  due  to  several  mechanisms;  (i)  fewer  sp^  defects  on  the 
surface,  allowing  faster  surface  diffusion  and  higher  ledge  velocities,  (ii)  a  higher  surface 
diffusion  rate  due  to  increased  collisions  of  atomic  hydrogen  with  adsorbed  carbon,  or  (iii)  a 
higher  concentration  of  surface  ledges  necessary  for  growth,  due  to  the  roughening  of  the 
diamond  surface  by  atomic  hydrogen.  These  mechanisms  need  further  study  to  explain  the 
results. 

CONCLUSIONS 

By  using  the  novel  design  of  the  sequential  CVD  reactor  we  have  been  able  to 
demonstrate  the  growth  of  high  quality  diamond  films  by  separating  a  hydrocarbon  gas, 
methane,  and  an  atomic  hydrogen  source.  By  applying  differential  pumping  concepts  we  have 
shown  that  the  cross-contamination  between  the  gases  in  the  four  emitters  can  be  minimized  to 
have  a  negligible  influence  on  the  experiments. 

Our  results  with  separated  hydrocarbon  and  atomic  hydrogen,  produced  by  hot  filament 
technique,  indicate  that  high  quality  diamond  films  can  be  grown  at  hydrocarbon  concentrations 
as  high  as  8%  methane  in  a  helium  carrier  gas. 

The  growth  rate  is  a  linear  function  of  the  flux  of  atomic  hydrogen  for  the  levels  we  have 
been  able  to  achieve.  However,  as  the  competing  etching  rate  starts  to  increase  with  higher 
atomic  hydrogen  fluxes  a  tapering  off  of  the  growth  rate  is  anticipated. 

The  most  important  conclusion  we  draw  from  our  experiments  is  the  demonstration  of 
the  importance  of  surface  reacdons  for  the  foimadon  of  diarmnd  films  as  compared  to  gas  phase 
reactions.  Although  we  do  not  want  to  preclude  the  significance  of  gas  phase  reactions,  we 
believe  that  the  crucial  reactions  occur  between  atomic  hydrogen  and  carbon  containing  species 
on  the  growing  surface.  This  is  also  confirmed  by  a  parallel  experiment  in  our  sequential 
reactor  where  the  substrate  is  sequendally  exposed  to  atomic  carbon,  supplied  by  sputtering  a 
graphite  target,  and  atomic  hydrogen,  resulting  in  an  excellent  quality  diamond  film^. 
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ABSTRACT 

Diamond  thin  films  were  grown  on  a  scratched  silicon  crystal  surface  by  a  novel  CVD 
technique.  The  heated  substrate,  mounted  on  a  rotating  platform,  was  exposed  to  a 
bombardment  of  sputtered  carbon  atoms,  from  a  graphite  target  in  a  helium  plasma,  and 
subsequently  bombarded  by  atomic  hydrogen  generated  by  a  hot  tungsten  filament.  The 
resulting  diamond  films  were  characterized  by  Raman  spectroscopy  and  SEM.  The  SEM 
images  indicate  highly  faceted  diamond  crystals  and  the  Raman  spectra  show  a  single  narrow 
peak  characteristic  of  pure  diamond  with  no  graphitic  component.  The  effective  growth  rate  is 
about  0.5  microns  per  hour  of  exposure  time.  The  novel  sequential  CVD  reactor  is  described 
and  possible  growth  mechanisms  are  discussed. 


INTRODUCTION 

The  wide  interest  in  low  pressure  CVD  diamond  films  has  been  prompted  by  the  unique 
material  properties  of  diamond.  Mixtures  of  hydrogen  and  hydrocarbon  gases  have  been  used 
extensively  for  synthesis  (1-31.  Attention  has  focused  on  the  gas  phase  precursors  involved  in 
the  growth  of  the  diamond  film  (4,5).  The  understanding  of  nucleation  and  growth  processes 
nas  been  impeded  by  the  complex  and  poorly  understood  gas  phase  chemistry.  The  operating 
pressure  complicates  in  situ  diagnostics  thus  impeding  direct  verification  of  proposed  growth 
models  (6,7). 

In  an  attempt  to  understand  the  diamond  deposition  process  we  have  constructed  a  novel 
sequential  reactor  which  has  four  isolated  gas  sources.  The  chemistry  and  excitation  of  each 
source  can  be  independently  varied.  This  permits,  for  example,  an  increase  in  the  amount  of 
atomic  hydrogen  independent  of  the  amount  of  carbon  incident  on  the  substrate.  The  substrate 
is  rotated  over  the  sources,  being  exposed  to  each  source  sequentially.  The  exposure  time  to 
each  source  is  in  the  millisecond  range  shorter  than  other  approaches  to  alternating  chemistry 
(8].  Thus,  deposition  parameters  such  as  growth  rate  and  film  quality  can  be  correlated  to 
single  chemical  species  and  some  indication  of  the  importance  of  certain  growth  processes 
involved  is  also  possible. 

We  present  here  the  deposition  of  dianxind  by  a  simple  chemistry.  A  scratched  silicon 
substrate  is  exposed  first  to  a  sputtered  flux  of  atomic  carbon  from  a  graphite  target  in  a  helium 
plasma,  and  subsequently  to  a  flux  of  atomic  hydrogen,  generated  by  exposing  hydrogen  to  a 
hot  tungsten  filament.  Our  results  indicate  that  a  critical  parameter  influencing  film  thickness 
(growth  rate)  and  film  quality  (sp^  content)  is  the  flux  of  atomic  hydrogen  bombarding  the 
growing  surface. 


REACTOR  DESCRIPTION  AND  PERFORMANCE. 

The  basic  design  of  the  sequential  CVD  system  is  shown  in  Figure  1.  The  sources  are 
mounted  in  a  bell  jar  which  can  be  evacuated  to  2  x  10-^  Torr  using  a  diffusion  pump.  Four  gas 
emitter  assemblies  are  available,  each  one  inch  in  diariKter.  Cross-contamination  between  any 
two  sources  can  be  made  arbitrarily  small  by  flowing  gases  at  a  high  rate,  typically  several 
hundred  seem.  The  substrate  was  mounted  on  a  rotating  plate  facing  the  gas  excitation  sources 
with  a  nominal  separation  distance  of  0.5  mm  from  each  gas  source.  A  tungsten  heater 
filament  located  behind  the  rotating  plate  is  responsible  for  heating  the  substrate  up  to  a 
temperature  of  BOOK. 

Gases  flowing  through  the  sources  can  be  excited  by  different  means,  including  hot 
filament,  DC  glow,  and  RF  radiation.  However,  this  paper  only  addresses  experiments 
involving  the  excitation  of  hydrogen  gas  by  hot  filar^t  in  one  emitter,  and  the  sputtering  of 
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H2,  He  Flow  Rate  (seem) 


Figure  2.  The  measured  level  of  cross-contaminaiion  in  the  hydrogen  emitter  under  the 
following  deposition  conditions;  hydrogen  filament  temperature  2500  K,  substrate  temperature 
1 100  K,  substrate  disk  rotation  at  200  RPM,  chamber  pressure  of  30  Torr,  and  200  seem  of 
argon  flowing  through  the  blank  emitters. 


affect  our  experiments. 

Using  this  reactor,  high  quality  diamond  films  were  deposited  with  200  seem  of  He 
flowing  through  the  carbon  emitter  and  200  seem  of  hydrogen  in  the  hot  filament  emitter.  To 
illustrate  that  hydrogen  contamination  of  the  carbon  source  is  not  responsible  for  diamond 
growth,  growth  of  a  film  was  attempted  with  the  filament  in  the  hydrogen  emitter  off.  The 
resulting  film  was  graphitic  with  no  diamond  content.  Carbon  diffusion  into  the  hydrogen 
emitter  could  also  account  for  diamond  growth.  To  evaluate  this  possibility  a  separate 
experiment  was  carried  out  wherein  8  seem  of  methane  and  192  seem  He  flowed  through  the 
helium  emitter,  with  the  DC  glow  discharge  turned  off,  and  200  seem  Hj  flowed  over  a  hot 
tungsten  filament  through  the  opposite  emitter.  In  a  standard  10  hour  tun  no  film  was  deposited 
despite  the  total  amount  of  gas  phase  carbon  present  being  over  an  order  of  magnitude  higher 
than  the  the  total  amount  of  carbon  sputtered  in  other  experiments  where  high  quality  diamond 
films  were  formed.  We  therefore  conclude  that  gas  phase  transport  of  carton  to  the  hydrogen 
emitter,  or  hydrogen  to  the  carton  emitter,  cannot  account  for  the  growth  of  diamond  films. 


RESULTS  AND  DISCUSSION 

Carton  films  were  grown  under  three  separate  conditions.  The  power  supplied  to  the 
hydrogen  filament  was  varied  resulting  in  different  filament  temperature  and  atomic  hydrogen 
flux  to  the  substrate.  The  glow  discharge  for  the  carton  emitter  was  maintained  at  550  V  and 
1 50  mA  for  each  of  these  experiments.  All  the  other  experimental  conditions  were  held  constant 
for  each  experiment.  Scratched  (100)  silicon  wafers  were  used  as  substrates.  Substrate 
temperature  was  held  at  I070K  (+/-  5%)  as  measured  by  a  single  wavelength  optical  pyrometer. 
The  total  deposition  pressure  was  10  Torr  and  the  substrate  was  rotated  at  200  RPM,  resulting 
in  an  effective  exposure  of  69  minutes  to  each  source  for  a  1 0  hour  run. 

In  the  first  experiment,  no  power  was  supplied  to  the  filament  in  the  hydrogen  emitter. 
A  graphitic  film  was  formed  on  the  substrate,  as  expected.  The  mass  of  the  film  was  compared 
with  the  weight  loss  of  the  cathode,  showing  that  22%  of  the  carbon  sputtered  from  the  cathode 
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Figure  3:  SEM  micrographs  and  Raman  spectra  of  diamond  films  deposited  under  identical 
conditions,  except  that  the  flux  of  atomic  hydrogen  was  changed,.  Hydrogen  filament 
temperatures  were  2320  K  and  2560  K  respectively. 


was  deposited  on  the  substrate.  From  the  measured  weight  of  the  film,  the  total  amount  of 
carbon  deposited,  in  monolayers  per  exposure,  was  calculated  (see  Table  I).  In  the  next  two 
experiments  the  power  supplied  to  the  filament  in  the  hydrogen  emitter  was  increased  to  445W 
and  730W,  respectively.  The  increased  power  supply  results  in  an  increased  flux  of  atomic 
hydrogen  incident  on  the  substrate. 

Figure  3  shows  SEM  micrographs  and  Raman  spectra  of  these  two  films  .  As  can  be 
seen,  the  increase  in  the  quality  of  the  deposited  film  at  increased  atomic  hydrogen  flux  is  quite 
evident  in  the  improved  morphology  of  the  films.  The  Raman  spectrum  of  the  first  film  shows 
a  large  sp^  carbon  peak  at  1550  cm  '  and  a  small  broad  sp^  diamond  peak  at  1332  cm  '.  The 
second  film,  deposited  at  a  higher  hydrogen  flux,  shows  a  decreased  1550  cm  '  peak,  a  clear 
peak  at  1332  cm  ',  and  a  low  level  of  photoluminescence  background.  The  improvement  in 
film  quality  with  atomic  hydrogen  is  expected  since  hydrogen  has  long  been  known  to  be  an 
etcher  of  s^  defects  in  diamond  films  [1-3]. 

Table  I  contains  the  deposition  conditions  data  for  all  of  the  films  presented  here.  The 
amount  of  atomic  hydrogen  is  estimated  by  assuming  that  the  filament  dissipates  power  by 
radiation,  conduction,  and  dissociation  of  hydrogen  molecules.  Observing  the  characteristics  of 
the  filament  in  helium  instead  of  hydrogen,  the  radiative  and  conductive  components  can  be 
measured,  and  by  allowing  for  the  difference  in  thermal  conductivities  of  the  two  gases,  the 


TABLE  1 


Deposition  conditions  of  two  samples.  The  estimated  atomic  hydrogen  flux  per  atomic  site  on 
the  surface,  per  exposure  of  the  substrate  to  the  hydrogen  emitter,  [H],  is  also  included  . 

Film#  Total  Carbon  Monolayers  carbon  H2  fil-  IH|  .  Film  Power  to  Ht 
_ .Sniineredtmgl  ner  exposure _ TfKl  fest.l  Thicknesstul  emitter 

1  l.M  0.15  2320  800  .  3  445 

2  189  0.44  2560  1700  .45  730 


power  losses  excluding  hydrogen  dissociation  can  be  calculated.  To  attain  the  same  filament 
temperatutes  reported  for  the  two  samples  described  in  Table  1  with  helium  present  instead  of 
hydrogen,  260W  and  375W  were  required,  respectively.  A  model  which  considered  radiation 
and  conduction  from  the  filament  geometry  in  the  emitter  predicted  these  powers  to  within  +/■ 
5%.  Using  the  same  model,  but  with  a  thermal  conductivity  appropriate  to  hydrogen,  the  power 
required  to  heat  the  filament  to  the  appropriate  temperatures  was  calculated  to  be  3I5W  and 
44()W,  respectively.  The  difference,  130W  and  290W  respectively,  was  assumed  to  be 
required  to  dissociate  the  hydrogen.  It  was  further  assumed  that  approximately  25%  of  the 
atomic  hydrogen  is  incident  on  the  substrate. 

Film  thicknesses  were  determined  by  cross-sectional  SEM.  We  note  that  the  growth 
rate  is  increasing  with  atomic  hydrogen  concentration.  This  trend  matches  the  results  of  a 
p.-irallel  experiment  where  the  carbon  was  supplied  by  methane  passed  over  a  hot  filament  19|. 

The  observed  growth  of  diamond  films  cannot  be  accounted  for  by  the  cross¬ 
contamination  of  the  sources  as  explained  earlier.  Thus  we  believe  the  carbon  atoms  deposited 
by  the  carbon  source  are  converted  to  the  diamond  phase  in  one  of  the  two  emitters  by  one  or 
more  surface  reactions.  The  large  hydrogen  flux  required  may  be  necessary  to  induce  surface 
reactions  needed  to  promote  sp’  bonding.  The  increased  thickness  with  hydrogen  flux  could  be 
explained  due  to  an  increased  roughening  of  the  surface  and/or  due  to  an  increase  in  the 
diffusion  rate  of  surface  species  enabling  a  faster  incorporation  of  these  into  the  growing 
diamond  film.  An  alternate  mechanism  is  also  possible  wherein  volatile  carbon  species  are 
desorbed  from  the  surface  modified  in  the  gas  phase  and  readsorbed  onto  the  growing  film. 
This  possibility  can  be  ruled  out  if  subsequent  experiments  show  that  it  is  possible  to  grow  at 
lower  pressures  since  the  probability  of  readsorption  would  be  decreased. 


CONCLUSIONS 

By  using  the  novel  design  of  the  sequential  CVD  reactor  we  have  demonstrated  the 
growth  of  high  quality  diamond  films  by  sequential  exposure  to  a  carbon  source  of  sputtered 
graphite,  and  an  atomic  hydrogen  source,  without  supplying  a  hydrocarbon  gas. 
Experimentally  we  have  verified  that  the  cross-contamination  between  the  gases  in  the  sources 
was  minimised  to  have  a  negligible  influence  on  the  experiments. 

The  growth  rate  of  the  deposited  films  was  observed  to  increase  with  the  flux  of  atomic 
hydrogen.  This  is  in  confirmation  with  a  parallel  experiment  in  our  sequential  reactor  where  the 
substrate  is  sequentially  exposed  to  ctubon,  supplied  by  heating  methane,  and  atomic  hydrogen 

191- 

Based  on  this  work  we  propose  that  the  growth  of  diamond  films  in  the  .sequential  CVD 
reactor  is  primarily  governed  by  surface  reactions.  The  necessity  of  gas  phase  precursors  can 
be  precluded  unless  a  complex  process  is  operating  wherein  surface  species  are  desorbed, 
modified  in  the  gas  phase  and  then  redeposited. 

The  role  of  atomic  hydrogen  was  studied  directly  by  using  the  process  of  sequential 
CVD.  The  atomic  hydrogen  flux  was  independently  varied  for  a  given  flux  of  carbon. 
Diamond  content  in  the  deposited  films  and  film  quality  scaled  directly  with  the  amount  of 
atomic  hydrogen  in  the  hydrogen  emitter.  The  increase  in  growth  rate  with  atomic  hydrogen 
could  be  due  to  an  increase  in  surface  roughening  and/or  due  to  an  increased  mobility  of  surface 
spi.  les. 
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ABSTRACT 

Rudder  et  al.  (1)  observed  heavy  (>10*  cm’)  diamond 
nucleatlon  on  unscratched  Si  wafers  overlaid  with  carbon  fibers 
during  CVD  growth.  We  demonstrate  that  the  nucleation  occurs  on 
the  edges  of  etch  pits  and  carbon-rich  particles  resulting  from 
reaction  between  the  fibers  and  the  substrate.  Both  the  etch  pits 
and  the  particles  satisfy  what  we  consider  to  be  two  necessary 
conditions  for  'spontaneous*  nucleation;  a  carbon-saturated  surface 
and  high  energy  sites  (unsatisfied  valencies)  at  edges  and  steps. 

Introduction 

Scratching  with  diamond  or  SiC  grit  Increases  diamond 
nucleation  density  on  many  substrates  from  roughly  10*  cm’  up  to  lo" 
cm’  [2],  [3],  [4]  but  is  not  useful  for  heteroepitaxy  or 
single-crystal  growth  because  the  nucleation  events  and  subsequent 
crystal  growth  usually  occur  randomly  with  respect  to  each  other. 
In  this  wor)c,  we  use  carbon  fibers  to  increase  diamond  nucleation 
on  unscratched  Si  substrates  during  growth  in  a  hot-filament 
reactor,  as  has  been  done  previously  in  an  RF  reactor  [1].  we  use 
the  results  to  identify  and  elucidate  some  of  the  factors  involved 
in  diamond  nucleation. 

Experimental: 

Samples  were  prepared  by  placing  carbon  fibers  directly  on  Si 
substrates  for  various  periods  of  time  in  a  hot-filament  reactor. 
Ni,  cu,  and  Ta  substrates  were  also  used  for  comparison.  The 
fibers  (Aesar,  99.5%  pure,  8  fim  diameter),  were  polyacrylonitrile 
(PAN)  fibers  carbonized  at  high  temperature  to  yield  principally 
graphitic  carbon.  The  Si  was  Si(lOO),  n-type,  doped  with  2x10”  cm’ 
Sb.  The  fibers  were  laid  across  the  substrates,  sometimes  secured 
by  tabs  of  metal  or  other  pieces  of  Si,  and  appeared  to  contact  the 
substrate  for  much  of  their  length. 

The  samples  were  exposed  to  a  hot-filament  environment  of  1% 
CH4  in  Hj,  at  a  substrate  temperature  of  850-925°C,  as  measured  with 
a  thermocouple  attached  to  the  sample  mount.  The  Re  filament 
temperature  was  2150’C,  as  measured  with  an  optical  two-color 
pyrometer.  The  gas  flow  rate  was  100  seem  and  the  chamber  pressure 
was  40  Torr.  The  growth  times  ranged  from  15  minutes  to  4  hours. 
Si  substrates  overlaid  with  carbon  fibers  were  also  heated  under 
vacuum  or  Ar,  or  in  atomic  hydrogen  alone  at  SOO'C  for  30-240 
minutes  before  growth  under  standard  conditions. 

Following  growth,  the  samples  were  analyzed  using  optical  and 


Mat.  Rei.  Soc.  Symp.  Proc.  Vol.  242.  '  1992  Mpterillt  RvSMrch  Society 


58 


scanning  electron  microscopy  (SEM) ,  microRaman  scattering,  and  the 
scanning  Auger  microprobe  (SAM) .  Some  samples  were  analyzed  and 
then  reinserted  into  the  reactor  for  further  growth. 

Results; 

Diamond  crystals  grew  on  the  substrate  in  straight  lines, 
apparently  originating  at  the  fiber /substrates  junction  and  were 
connected  by  50-500  nm  debris  trails,  as  seen  in  Figure  la-b.  The 
facetted  particles  were  confirmed  to  be  diamond  on  the  basis  of  the 
1332  cm'  diamond  Raman  phonon.  Debris  trails  and  diamond  crystals 
were  observed  after  15  minutes  of  growth.  Very  heavy  nucleation 
densities  (>10’  cm'^,  normalized  to  the  trail  area)  occurred  on  some 
of  these  trails  exposed  for  >1  hour,  so  that  the  crystals  formed  a 
continuous  1-dimensional  line.  We  observed  some  variability  in  the 
crystal  density,  which  we  attribute  to  poor  fiber/substrate  contact 
or  inadequate  substrate  temperature  control.  The  crystals  were 
larger  (al  ;im)  than  we  have  previously  observed  for  such  short 
growths,  indicating  early  nucleation  and/or  a  high  growth  rate. 
They  were  also  uniformly  sized,  suggesting  simultaneous  nucleation 
at  many  points,  or  self-limiting  growth  [5]. 


Figure  la;  Scanning  electron  micrographs  (2)(X)  of  diamond  crystals 
and  trails  left  after  exposing  an  unscratched  Si (100)  wafer 
overlaid  with  carbon  fibers  to  hot  filament  diamond  growth  for  4 
hours;  a)  magnif ication=2000x;  and  b)  magnification  =6000x. 

The  debris  composing  the  trails  generally  consisted  of  very 
fine  (<50  nm)  particles  on  top  of  the  Si  substrate,  however  as  seen 
in  Figure  2a,  some  of  the  trails  were  actually  'trenches'  composed 
of  coalesced  etch  pits  in  the  Si  substrate.  The  diamond  crystals 
originated  on  the  debris  particles  or  on  the  trench  edges. 


Figure  2:  Scanning  electron  micrograph  of  features  on  unscratched 
Si  substrates  overlaid  with  carbon  fibers  and  exposed  to  the  hot 
filament  diamond  growth  environment  (1%  CH4/H2) :  a)  etch  pits  formed 
under  the  fibers  after  15  minutes  (4.5kX);  and  b)  etch  pits  formed 

at  away  from  the  fibers  (600x) .  |  j 

Some  of  the  samples  which  had  been  exposed  for  15  minutes  were  I  t 

examined  and  then  grown  on  again  for  an  additional  three  hours  \ 

after  the  carbon  fibers  were  removed.  The  debris  trails  from  the  !  . 

initial  15-minute  exposure  continued  to  nucleate  diamond.  ■ 

Samples  heated  under  vacuum  or  Ar  had  'fluffy'  black  carbon  i 

over  much  of  their  surfaces,  although  the  fibers  occupied  only  a  1 

narrow  area  in  the  sample  center.  Neither  the  area  directly  under 

the  fibers,  nor  the  rest  of  the  surface  had  well-defined  etch  pits  • 

or  diamond  crystals.  The  debris  trails  on  samples  heated  under 
atomic  hydrogen  appeared  identical  to  those  on  regular  samples. 

The  scanning  Auger  microprobe  (SAM)  revealed  that  the  debris 
trails  and  etch  pits  had  elevated  C/Si  ratios  compared  to  the 
surrounding  substrate.  The  C-KLL  lineshape  was  graphitic  [6], 
with  a  possible  silicon  carbide  component.  The  Si-LMH  lineshape 
contained  elemental,  oxidized  and  possibly  carbidic  contributions. 

The  high-intensity  electron  beam  altered  the  carbon  lineshape  and  t 

reduced  the  surface  oxygen.  Only  C,  Si,  and  O  were  found  in  the  f 

trails,  with  one  exception.  Auger  examination  of  the  carbon  fibers 

before  and  after  growth  revealed  no  contaminants,  indicating  that  ' 

contaminants  were  not  involved  in  the  nucleation  process. 

Some  samples,  inadvertantly  heated  to  >900'’C  under  growth 
conditions,  developed  large  numbers  of  oriented,  square  etch  pits,  ^ 

seen  in  Figure  2b.  The  pits  were  very  rough,  with  labyrinthine 
ledges  and  pits.  The  C/Si  ratios  were  elevated  in  the  outer 
regions  of  the  pits,  similar  to  the  fiber  trails,  but  dropped 
towards  the  center.  The  Auger  lineshapes  were  stable  and  carbidic. 
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Discussion: 

It  appears  that  diamond  nucleation  occurs  on  both  the  etch  pit 
edges  and  the  small  particles  of  carbon-rich  debris  regions 
directly  underlying  the  fibers.  Both  satisfy  the  criteria  of 
carbon  saturation  and  large  numbers  of  edge  sites.  Most  diamond 
crystals  originated  on  debris  since  etch  pits  occurred  less 
frequently  on  most  of  the  samples. 

The  nucleation  enhancement  could  be  due  to  either  gas  phase 
nucleation  or  to  reaction  of  carbon  with  the  substrate  to  form  a 
surface  nucleation  site.  We  support  the  latter  interpretation 
since  nucleation  continues  on  the  trails  even  when  the  fibers  are 
removed  15  minutes  into  the  growth,  and  therefore  cannot  act  as  a 
carbon  reservoir  or  otherwise  alter  the  gas-phase  chemistry.  It  is 
unclear  whether  the  carbon  reaches  the  surface  via  a  solid-state 
reaction  at  the  fiber/substrate  point  of  contact  or  is  gasified  and 
transported  to  the  surface.  However,  the  narrowness  of  the  debris 
trails  is  consistent  with  a  direct,  solid-state  reaction  between 
the  fiber  and  substrate.  Stable  carbon  species  move  throughout  the 
system  via  diffusion,  bouyancy  and  convection  effects,  exceeding 
the  observed  50-500  nm  thickness  of  the  debris  trails  [7]. 
Under  Ar  or  vacuum  the  carbon  from  the  fibers  vaporized  and 
redeposlted  on  the  substrate,  but  was  apparently  not  re-evaporated, 
possibly  due  to  a  temperature  difference.  A  fiber  in  proximity  to 
the  substrate  could  partally  shield  it  from  the  atomic  hydrogen 
flux  and  increase  the  carbon  flux  from  the  fiber  to  the  substrate. 
Carbon  species  could  be  stabilized  there  and  ultimately  develop 
into  carbidlc  and/or  graphitic  debris  particles  and  nuclei,  while 
carbon  deposited  elsewhere  was  etched  by  the  atomic  hydrogen,  as 
demonstrated  in  the  SAM  results  showing  a  sharp  carbon  gradient  in 
the  substrate  when  the  fibers  are  heated  under  atomic  hydrogen 
alone.  The  balance  between  the  carbon  flux  (whether  from  a  solid 
carbon  reservoir  or  the  gas  phase)  and  etching  by  atomic  hydrogen 
or  oxygen  probably  controls  the  development  of  nucleating  features. 

Nucleation  enhancement  could  also  occur  if  Si  gasifies  from 
the  substrate,  then  re-deposits  on  the  fibers  and  converts  to  Sic 
particles  which  nucleate  diamond.  However,  the  narrowness  of  the 
crystal  lines  on  the  substrate  seems  to  exclude  this  mechanism. 
Furthermore,  examination  of  the  fibers  after  growth  revealed 
evidence  of  only  low  density  diamond  nucleation. 

Vang  [8]  observed  that  single  crystal  Si(OOl)  developed 
large  numbers  of  square  etch  pits  when  coated  with  low  levels  of 
carbon  and  then  heated  to  950"C  or  above  in  vacuum.  The  square 
pits  resemble  those  formed  on  our  Si  samples  described  above, 
suggesting  a  common  mechanism  responsible  for  their  formation. 

CVD  diamond  nucleation  probably  occurs  in  two  ways;  1)  homo- 
or  heteronucleation  on  fragments  of  the  scratching  material  left 
embedded  in  the  substrate  (the  principal  nucleation  mechanism  on 
diamond-scratched  Si  substrates),  or  2)  spontaneous  formation  on 
appropriate  substrate  surface  features  and  defects.  Recent  HRTEM 
micrographs  [2]  confirm  diamond  fragment  transfer  to  Si  substrates 
during  ultrasonication  in  a  diamond  suspension,  and  subsequent 
growth  of  the  fragments  into  regularly-facetted  diamond  crystals 
during  CVD.  However,  heavy  nucleation  can  also  be  initiated  by 
non-diamond  materials  under  proper  conditions,  such  as  controlled 
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rubbing  of  a  sapphire  stylus  across  a  Si  substrate  before  growth 
[9].  Specific  stylus-induced  damage,  especially  fine  cracks  and 
sharp,  small-diameter  Si  debris,  clearly  enhances  diamond 
nucleation.  Such  debris  possesses  two  characteristics  which  we 
believe  are  necessary  for  spontaneous  (l.e.  non-epitaxial) 
nucleation;  1)  a  high  surface  to  volume  ratio  leading  to  rapid 
carbon  saturation;  and  2)  sharp  edges  with  high-energy  sites  for 
bonding  and  stabilization  of  nucleating  species.  The  carbon- 
saturated  zone  retards  further  carbon  diffusion  into  the  substrate 
bulk,  so  the  substrate  surface  carbon  concentration  rises  [10]. 
Diamond  nucleation  may  originate  in  random,  fluctuating 
aggregations  of  carbon  on  the  substrate  surface,  which  survive  long 
enough  to  grow  by  carbon  addition  into  stable  nuclei.  Such  sub- 
critical  radius  nuclei  are  by  definition  thermodynamically  unstable 

[11] ,  especially  in  the  etching  diamond  growth  environment,  and 
the  stability  and  density  of  such  species  might  be  increased  by 
higher  surface  carbon  concentrations.  In  addition,  sharp  edges  and 
defects  contain  unsatisfied  valencies  (dangling  bonds)  which  could 
stabilize  nucleating  species.  Suggested  nucleating  species  include 
molecular  analogs  of  the  various  diamond  crystal  morphologies 

[12] , [13],  and  cyclohexane  [14]. 

Both  a  carbon-saturated  substrate  and  appropriate  surface 
features,  must  simultaneously  be  present  for  non-homo-epitaxial 
nucleation.  Even  carbon-saturated  surfaces  such  as  single  crystal 
Sic  [15]  or  basal  plane  graphite  [16]  nucleate  poorly  compared  to 
diamond-scratched  Si  or  graphite  edge  planes. 

'rhe  nucleating  high  energy  sites  may  not  be  on  the  initial 
substrate.  For  example,  SiC  develops  a  graphitic  carbon  layer  at 
high  temperatures  due  to  preferential  Si  evaporation,  and  sharp 
features  on  the  Sic  surface  might  develop  such  a  layer  more  rapidly 
than  bulk  Sic.  The  resulting  graphite  edge  sites  could  nucleate 
directly  by  providing  an  appropriate  site  to  stabilize  diamond  or 
could  in  turn  stabilize  hydrocarbons  or  other  species  which  then 
nucleate  diamond.  Other  substrates  such  as  Ni  [17]  and  Pt 
[18]  develop  graphitic  carbon  and  hydrocarbon  layers  prior  to 
diamond  growth.  Diamond  nucleation  may  increased  when  etching  by 
appropriate  levels  of  atomic  hydrogen  or  oxygen  increases  the 
number  of  graphite  edge  sites.  However,  high  levels  of  oxygen  in 
the  feedgas  suppress  formation  of  the  graphite  and  hydrocarbon 
layers,  and  ultimately  inhibit  diamond  nucleation  on  Pt  [19]. 

Conclusions  We  have  demonstrated  dense  CVD  diamond  nucleation  on 
unscratched  substrates  overlaid  with  carbon  fibers  and  exposed  to 
a  he.  filament  growth  environment.  The  nucleation  occurs  on  etch 
pits  and  SiC  debris  particles  created  by  reactions  between  the  Si 
substrate  and  the  carbon  fibers.  The  results  are  consistent  with 
other  observations  of  nucleation  on  unscratched  substrates 
exhibiting  carbon-saturation  and  sharp-edged  surface  features. 
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ABSTRACT 

The  growth  of  CVO  diamond  onto  iron  based  substrates  is  complicated  by  preferential  soot 
formation  and  carbon  diffusion  into  the  substrate,  leading  to  poor  quality  films  and  poor 
adhesion.  One  strategy  to  overcome  these  problems  is  the  use  of  thin  film  barrier  layers  between 
the  Fe  substrate  and  the  growing  diamond  film.  The  present  investigation  reports  the  growth  of 
diamond  films  on  Fe  substrates  coated  with  thin  films  of  T'N.  The  effectiveness  of  the  TiN 
layers  in  inhibiting  C  diffusion  into  the  Fe  substrate  was  investigated  by  Auger  measurements 
of  the  C  distribution  within  the  TiN  layer,  through  the  interface  and  into  the  substrate  both 
before  and  after  diamond  deposition. 

The  results  show  that  a  layer  of  TiN  only  250A  thick  is  sufficient  to  inhibit  soot  formation 
and  C  diffusion  into  the  Fe  bulk,  as  well  as  providing  nucleation  sites  for  CVD  diamond 
growth. 


INTRODUCTION 

The  growth  of  Chemically  Vapour  Deposited  Diamond  on  many  substrates,  including  tool 
materials  (cemented  carbide,  SiAION,  SiC  and  Tungsten  cutting  tips)  has  been  extensively 
studied  in  recent  times  |I-5|.  Despite  this  the  deposition  of  diamond  on  Fe  based  tools  remains 
aimparatively  unreported  and  is  poorly  understoixl.  Some  authors  |6,7|  have  commented  that  it 
is  difficult  to  grow  diamond  on  Fe.  The  factors  which  have  been  suggested  to  mitigate  against 
gixxl  quality  diamond  growth  on  Fe  (as  compared  to  other  metals  such  as  Tungsten),  ate  (i)  sool 
hirmation  on  the  surface  presumably  due  to  the  catalytic  effect  of  the  Fe  substrate,  and  (ii)  the 
diffusion  of  C  into  the  Fe  bulk.  The  latter  may  also  let^  to  embrittlement  of  the  Fe  substrate. 

The  presence  of  a  suitable  barrier  layer  on  the  Fe  substrate  may  well  overcome  some  or  all  of 
the  above  problems.  In  this  study  we  report  the  effect  of  thin  TiN  layers  on  the  nucleation  and 
growth  of  diamond  on  Fe  substrates.  TiN  was  chosen  because  (i)  it  is  extensively  used  as  a 
hardHToating  on  steel  and  cemented  carbide  tools  and  (ii)  it  is  known  to  be  very  effective  as  a 
diffusion  barrier  |R.*f|.  Herein,  we  show  that  the  presetree  of  even  a  very  thin  film  of  TiN  on  the 
Fe  surface  docs  inde^  inhibit  soot  formation  on  the  surface  and  the  diffusion  of  C  into  the  Fe 
hulk. 


EXPERIMENT 

^c  substrates  were  cut  from  a  piece  of  magrret  iron  as  plates  of  dimension  10  x  10  x  0.7 
mm  '.  Auger  spectroscopy  revealed  C  (S5  at.  %)  and  Si  (-12  at.  %)  as  the  only  impurities  to 
within  the  sensitivity  of  the  Auger  technique  (2  at.  %  in  these  samples).  The  samples  were 
mechanically  polishtxl  to  a  O.Sfon  diamotid  paste  finish  and  then  ullrasonically  clearted  in 
aceutne  and  ethanol.  Using  a  TENCOR  ALPHASTEP  250  pnoftler  it  was  found  that  the  typical 
surface  roughness  was  -0..3fim. 

Reactive  Magnetron  Sputtering  was  used  to  dejxtsit  thin  TiN  Trims  250,  500  and  KKKIA 
thick.  A  mask  was  used  kr  shield  half  the  specimen  from  the  TiN  deposition  leaving  half  of  the 
sample  uncoated.  These  samples  were  used  to  investigate  the  effect  of  the  TiN  as  a  diffusion 
barrier. 

For  studies  of  the  CVD  diamond  growth  as  a  function  of  lime,  thick  (1.4^)  TiN  Trims  were 
deposited  using  a  commercial  electron  beam  coaling  unit.  The  mask  used  for  these  specimens 
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was  slightly  displaced  from  the  substrate  leading  to  seepage  of  the  TiN  film  creating  a  graded 
interface  of  varying  thickness  of  TiN.  No  CVD  diamond  growth  occurred  in  the  region  of  the 
thick  TiN.  However,  growth  did  occur  in  the  region  of  the  substrate  in  which  (be  film  thickness 
was  about  700A;  it  is  growth  on  this  section  of  the  TiN  film  which  is  repotted  herein  as  the  time 
series  reported  in  figure  3. 

The  CVD  diamond  deposition  system  consists  of  an  Evanson  Cavity  encasing  a  1”  vertical 
quartz  tube  containing  the  reactant  gases  (methane^ydrogen  mix),  which  are  excited  using  a 
frequency  of  2.4S  GHz  [  10],  Prior  to  insertion  in  the  CVD  system,  TiN  coated  specimens  were 
again  thoroughly  cleaned  in  acetone  and  ethanol.  The  deposition  parameters  used  were  Pressure 
-  30  Torr;  Flow  Rate  -  100  seem;  CH4/H2  -  1:99  and  Temperature  -  900PC.  For  studies  of 
diamond  growth  as  a  function  of  time,  deposition  times  of  7V6,  IS,  30,  60,  120,  240,  and  360 
minutes  were  used.  Temperature  was  measured  using  an  optical  pyrometer. 

Auger  Electron  Spectroscopy  (AES)  was  used  to  investigate  the  near  surface  region  (~20A) 
and  the  composition  as  a  function  of  depth  of  the  substrates  before  and  after  CV^  diamond 
deposition.  The  measurements  were  performed  with  a  Varian  Cylindrical  Mirror  Analyser 
(CMA)  with  a  coaxial  electron  gun.  The  sputtering  was  via  Argon  ion  bombardment  with  an  ion 
energy  of  2keV  and  a  current  of  90nA  into  a  spot  approximately  lOOpm  in  diameter.  The  Auger 
line  shape  provides  clear  signatures  for  different  atlotropes  of  carbon  [11]  and  for  carbides. 
These  signatures  have  been  used  to  gain  qualitative  information  about  the  nature  of  the  bonding 
in  the  films.  The  concentration  of  an  clement  X  was  estimated  by 

_ l^x _ 

Sail  elements^  x^  x 

where  C  is  the  peak  to  peak  intensity  of  the  Auger  line  and  Sv  is  the  sensitivity  factor  [12].  The 
sensitivity  factors  used  were  0.14,  0.2,  0.34  and  0.29  for  C,  Fe,  Ti  and  Si  respectively.  Micro- 
Raman  spectra  were  taken  using  the  4S8nm  excitation  line  of  an  Argon  ion  laser  with  a  spot  size 
of  l-2fim  and  resolution  of  6cm'*. 


RESULTS 

Figure  1  is  an  SEM  micrograph  of  the  TiN/Fe  interface  region  after  VA  minutes  of  CVD 
diamond  deposition  and  Figure  2  shows  a  similar  region  after  2  hours  of  growth.  In  each  case 
region  (a)  is  the  portion  of  the  sample  which  has  been  TiN  coaled  (250  A)  and  region  (b)  is  the 
uncoai^  Fe  surface.  After  only  I'A  minutes  a  continuous  film  has  formed  on  the  Fe,  whilst 
there  is  no  growth  on  the  TiN.  The  thickness  of  the  film  was  measured  by  surface  profilomeity 
to  be  0.4  fim.  The  material  is  soft  and  can  be  easily  scratched  by  the  profilomeler  stylus  at  loads 
a9mg.  After  2  hours  (Fig.  2)  particles  have  formed  on  both  the  coated  (250A  Ti^  and 
uncoated  surfaces,  but  the  particles  on  the  Fe  have  grown  on  lop  of  the  thick  film  which  bas 
formed  in  the  fiist  few  minutes  of  growth.  Interestingly,  the  maximum  nuclealion  density  on  the 
TiN  coated  portion  of  the  sample  occurred  at  the  TiN/Fe  interface  where  the  TiN  is  very  thin. 
This  probably  suggests  that  the  deposited  TiN  is  causing  smoothing  of  the  diamond  abraded 
surface  and  the  optimum  thickness  suitable  for  diamond  growth  on  TiN  costed  Fe  may  be  less 
than  the  2SoA  u^  in  the  present  study.  After  6  hours  of  growth  (not  shown)  the  diamond 
particles  coalesce  to  form  a  continuous  film  on  both  the  TiN  and  Fe  substrates. 

Further  insight  into  the  evolution  of  the  CVD  diamond  particles  was  provided  by  Auger 
spectroscopy.  The  inset  to  Figure  3  shows  the  C(KLL)  Auger  line  shap»  for  graphite  (a), 
amorphous  carbon  (b)  and  diamond  (c).  One  way  of  parameterizing  these  signatures  is  to  extract 
the  ratio  G=1000*(A^)  (see  inset,  figure  3).  The  values  of  G  for  diamond,  amorphous  carbon, 
glassy  carbon  and  highly  oriented  pyrolytic  graphite  are  -20±10,  40±10,  110±10and  210±10 
lesptxiively.  Hence,  the  larger  G.  the  larger  the  ^phitic  component  of  the  material.  Figure  3 
plots  this  G  parameter  as  a  function  of  growth  time  for  both  the  uncoated  and  TiN  coated 
portions  of  the  sample.  For  the  uncoated  area  there  is  a  clear  change  in  the  G  parameter  after  2 
hours  of  growth  which  corresponds  to  the  appearance  of  the  small  particles  shown  in  Figure  2. 
By  contrast  on  TiN  there  is  a  dramatic  change  in  the  G  parameter  after  only  one  hour  of  growth. 
The  line  shape  is  characteristic  of  diamond. 

Raman  spectra  (Figure  4)  taken  after  one  and  two  bouts  of  growth  are  consistent  with  the 
above  trends.  After  one  hour  tlrere  is  clear  evidence  of  diamond  growth  on  TiN,  whilst  the 
growth  on  Fe  appears  to  be  graphitic.  After  two  hours  diamond  particles  can  be  found  on  both 
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TIN  and  Fe.  However,  it  must  be  noted  that  the  diamond  particles  on  Fe  grow  on  top  of  a  thick 
layer  of  soot.  Whilst  micro-Raman  measurements  are  spatially  selective  the  Auger 
measurements  sample  both  the  soot  and  the  particles.  Hence  the  G  parameter  is  somewhat 
greater  for  the  depcsit  on  Fe  than  on  TiN. 

Figure  S  displays  an  Auger  Depth  Sputter  Profile  of  the  uncoated  Fe  substrate  afier  IVi  min. 

CVD  deposition  time.  It  shows  that  a  sputter  time  of  17S  minutes  is  required  to  obtain  the  pte- 
eVD  carbon  concentration  within  the  iron  (C  S5  at  %).  The  depth  of  the  sputter  crater  was 
estimated  by  prordometry  to  be  approximately  1^.  From  these  measurements  it  is  clear  that 
there  has  been  considerable  diffusion  of  the  carbon  into  the  Fe.  Surprisingly,  there  is  up  to  30  at 
%  Fe  at  the  surface,  indicating  that  the  soot  formation  may  also  involve  diftoion  of  Fe  into  the 

carbon  layer.  ’ 

The  inset  (a)  to  figure  S  shows  the  Auger  lineshape  of  the  carbon  close  to  the  surface  which 
is  typical  of  graphitic  carbon  with  the  satellite  peak  at  -30eV  to  the  left  of  the  main  peak  at  272 

eV.  As  the  Fe  concentration  increases  deeper  into  the  sample  the  C(^L)  lineshape  (b)  shows  > 

evidence  of  the  presence  of  carbidic  carbon  (presumably  FejQ  with  the  emergence  of  two 

more  satellite  peaks  displaced  11  and  l9eV  to  the  left  of  the  272  eV  peak.  The  observed  ^ 

lineshape  however  does  not  appear  to  be  one  of  pure  carbide  since  it  is  asymmetric.  This  , 

suggests  that  the  layer  is  a  mixture  of  graphitic  and  carbidic  carbons  at  this  depth.  The  line  | 

shape  becomes  increasingly  carbidic  as  one  sputters  even  deeper  into  the  film.  However,  once  | 

the  C  level  reaches  that  ob^rved  in  the  virgin  Fe  samples,  the  line  shape  once  again  appears  to 
be  graphitic. 

Figure  6  shows  an  AES  depth  profile  of  the  portion  of  the  sample  coaled  with  250A  of  TiN 
on  Fe  after  7'/2  min.  of  CVD  diamond  deposition.  Estimation  of  the  N  content  of  TiN  films  is 
complicated  by  the  overlap  of  the  N(Kli.)  and  Ti^MM)  transitions.  Based  on  the  method 

described  in  ref.  ( I3|,  we  estimated  that  the  Ti/N  ratio  was  about  1:1.  However,  this  procedure  | 

is  fraught  with  errors  and  for  the  depth  profile  we  have  plotted  only  the  relative  Ti,  Fe  and  C  I 

concentrations.  The  sputter  profile  shown  in  Figure  6  is  very  similar  to  that  obtained  from  depth  i 

profiling  of  the  TiN  layer  prior  to  CVD  deposition.  In  particular  there  is  no  inrroase  in  the  C  ; 

concentration  underneath  the  TiN  layer  following  exposure  to  the  CVD  plasma.  The  inset  to  ! 

Figure  6  shows  the  line  shape  of  the  carbon  in  the  TiN  layer,  which  is  cbatactetistic  of  a  carbide  ^ 

(presumably  TiC),  which  is  present  both  before  and  after  CVD  deposition  and  is  presumably  | 

attributable  to  contamination  in  the  TiN  magnetron  sputter  system.  Comparison  of  Figures  5  ^ 

and  6  convincingly  shows  that  the  TiN  has  bwn  very  effective  as  a  barrier  against  diffusion  of 

C  into  the  Fe  sutelrale.  Similar  results  were  obtained  after  2  hours  of  CVD  deposition.  • 


DISCUSSION 

I.  Growth  on  uncoated  Fe:  In  the  very  early  stages  of  exposure  to  CVD  diamond  conditions  a 
thick  film  forms  on  the  Fe  substrate.  This  film  is  graphitic  in  nature  as  has  been  confirmed  by 
both  Raman  and  Auger  measurements.  However,  despite  the  fact  that  the  film  is  of  the  order  of 
0.4rim  thick  after  only  V/i  minutes  of  diamond  deposition,  a  considerable  amount  of  Fe  is 
present  on  the  surface.  It  is  not  clear  whether  this  is  due  to  Fe  diffusing  up  through  the  deposited 
layer  or  due  to  the  formation  of  a  complicated  mixture  of  Fe3C  and  graphite.  The  equilibrium 
phase  diagram  for  Fc/C  (I4|  (which  is,  of-coursc,  not  strictly  applicable  for  the  non-equilibrium 
conditions  present  in  the  microwave  plasma)  shows  the  possibility  of  a  mixture  of  FesC  and 
graphite  at  90GPC  at  high  carbon  concentrations,  above  25  at.  %.  On  the  other  hand,  ^ause 
our  AES  analysis  is  performed  at  room  temperature,  we  cannot  distinguish  between  carbide 
formed  at  900”C  or  upon  decomposition  of  austenite  into  ferrite  and  Fe3C  during  normal 
cixiling.  Formation  of  such  a  mixture,  possibly  concomitant  with  swelling,  is  consistent  with 
our  observations  of  both  carbidic  and  graphitic  carbons  in  this  layer,  although  the  possibility  of 
diffusion  of  Fe  to  the  surface  cannot  be  discounted. 

After  2  hours  of  exposure  to  CVD  conditions,  diamond  particles  nucleate  and  grow  upon  this 
layer,  culminating  In  the  formation  of  continuous  films  for  deposition  times  in  excess  of  6 
hours.  The  appearance  of  the  diamond  particles  after  2  hours  of  ^wlh  suggests  that  there  may 
be  a  critical  thickness  of  graphite  necessary  to  shield  the  incoming  precursor  gases  from  the 
catalytic  surface  effects  of  the  iron.  However,  another  possibility  is  that  the  Fe  concentration  at 
the  surface  is  detrimental  for  diamond  growth,  and  that  diamond  will  only  nucleate  once  the 
concentration  of  Fe  has  fallen  below  a  certain  critical  value. 


\ 


Figure  5  -  Auger  Depth  Profile  of  the  uncoalcd  Fe  substrate  after  7'/imin.  CVD  deposition  time. 
The  inset  shows  the  two  C(KLL)  line  shapes  observed  within  the  sputter  profile  ((a)  graphitie 
and  (b)  gtaphilit/caibidic  carbon). 
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Figure  6  -  Auger  Depth  Profile  of  an  Fc  sample  coated  with  250A  of  TiN  after  7Vimin.  of  CVD 
diamond  deposition.  The  inset  (a)  shows  the  carhidic  nature  of  the  C(KLL)  line  shape  within  the 
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2.  Diffusion  of  C  into  Fe:  Under  the  plasma  conditions  in  out  CVD  apparatus,  significant 
diffusion  of  C  into  Fe  was  observed  (I/mt  penetration  in  7V4  min.).  However,  we  note  that  the 
plasma  contains  a  very  small  overall  amount  of  carbon  (CH4:H2  =  1:99).  This  large  diffusion 
rate,  despite  the  low  concentration  of  C  is  attributable  to  plasma  enhancement  of  diffusion  as 
has  also  been  observed  in  the  case  of  DC  plasma  immersion  of  steels  in  methane  |  IS]. 

3.  TiN  as  a  diffusion  banier:  In  the  absence  of  any  TiN  coating  C  diffuses  deep  into  the  Fe 
substrate.  The  presence  of  even  a  thin  layer  of  25oA  of  TiN  is  remarkably  effective  at  inhibiting 
this  diffusion,  and  no  increase  in  the  C  concentration  in  the  Fe  is  observed  following  exposure 
to  the  CVD  plasma.  At  present,  the  combined  effect  of  the  nucleation  density  and  deposition 
time  yield  only  individual  particles.  Hence,  no  qualitative  assessment  of  the  diamond  adhesion 
to  the  TiN  can  be  made  at  this  time.  The  increase  in  nucleation  density  close  to  the  TiN/Fe 
interface  indicates  that  the  optimum  thickness  of  TiN  for  diamond  deposition  may  be  even 
thinner  than  250A. 


CONCLUSION 

The  growth  of  CVD  diamond  on  Fe  in  a  microwave  plasma  is  complicated  by  the  formation 
of  a  thick  graphitic  film  on  the  surface  during  the  first  few  minutes  of  exposure  to  the  plasma. 
Duriim  this  time  considerable  diffusion  of  C  into  the  Fe  substrate  occurs.  A  thin  coaling  of  TiN 
(2S0A)  on  the  Fe  was  found  to  inhibit  the  formation  of  the  graphitic  layer  and  prevent  C 
diffusion  into  the  Fe.  For  longer  deposition  times  (^2  houis)  diamond  nucleates  and  grows  on 
both  the  TiN  and  on  this  thick  graphitic  layer.  The  results  show  that  TiN  is  very  effective  as  a 
diffusion  barrier  for  diamond  deposition  on  Fe.  as  well  as  a  surface  upon  which  good  quality 
diamond  will  nucleate  and  grow. 
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ABSTRACT: 

Oianond  crystals  have  bean  selectively  grown  on  the  apex  of  anisotropically  cheaitcatly  etched 
silicon  pyranids.  A  novel  process  sequence  is  developed  which  exposes  patterned  sharp  apex  of  silicon 
pyramids  surrounded  by  thereially  grown  silicon  dioxide  to  a  high  pressure  Microwave  plassM'assisted 
cheaical  vapor  deposition  (HPNACVD)  process  tdiere  the  reactant  feed  gases  are  Methane  and  hydrogen. 
Nucleation  rate  of  diamond  is  very  high  on  the  sharp  edge  of  a  silicon  Mesa  structure  or  an  apex  of  a 
silicon  pyramid  as  anticipated.  Selective  growth  of  diamond  particles  on  the  apex  of  silicon  pyraaids 
fabricated  using  various  approaches  were  analyzed  by  scanning  electron  microscopy. 

INTRODUCTIONS 

Mirror'seiooth  finished  silicon  surfaces  have  a  very  low  nucleation  density  for  diamond  growth. 
Scratching  or  damaging  the  silicon  surfaces  using  a  diamond  paste  has  substantially  enhanced  the  nucleation 
density  of  diamond  growth  by  several  orders  of  aisgnitude  (1*3}.  Hirabeyashi  et.  al.,  have  treated  the 
damaged  silicon  surface  with  Ar*  ion  beams  prior  to  the  diaaund  growth  studies  to  achieve  the  selective 
diamond  growth  (4).  Ar*  ion  beam  scanning  over  the  damaged  ailicon  aurfaee  has  minimized  the  scratch 
density  by  rounding  off  the  sharp  edges  of  dasmgc  performed  by  ultrasonic  agitation  in  ethyl  alcohol 
solvent  containing  diamond  particles.  Our  work  resulted  selective  dismond  growth  ever  silicon  surface  by 
using  thermal  oxidation  of  damaged  silicon  surface  using  a  silicon  nitride  mask  to  minimize  the  sharp  edges 
by  rounding  off  in  the  undesircd  (oxide  grown)  diamond  growth  areas  (5*7).  Do  the  above  observations 
indicate  that  the  sharp  edges  are  active  sites  or  very  tow  free  energy  sites  for  nucleation  of  diamond 
growth  7  We  have  considered  the  above  results  as  a  guideline  and  aasuMd  the  apex  of  anisotropically 
etched  silicon  pyramids  as  a  nucleation  site  for  diamond  growth.  If  an  apex  of  a  pyramid  is  a  nucleation 
site  for  diamond  growth  it  should  in  principle  have  a  high  growth  rata,  figure  1a  la  a  seaming  electron 
micrograph  of  diamond  particles  grown  on  chemically  etched  silicon  mesa  structure  (diamond  deposition  time: 
-5.75  hrs).  U  is  vivid  from  the  micrograph  that  the  dimaond  tend  to  nucleate  on  the  sharp  edge  of  a 
silicon  mesa.  The  apparent  area  of  the  sharp  edge  is  considerably  maaller  than  the  apparent  flat  surface 
area  of  the  silicon  in  the  micrograph,  tut.  approximately  SOX  of  the  diamond  nucleation  has  occurred  on 
the  sharp  edge  irrespective  of  the  lower  erea  ratio.  Figure  1b  shows  an  SEM  of  diamond  particles  grown 
on  an  inverted  silicon  mess  structure.  It  is  clear  from  the  micrograph  that  the  diamond  nucleation  is 
minimjD  on  the  sharp  edges  in  an  inverted  mesa  and  this  could  be  due  to  minimum  flux  density  of  reactants. 
This  paper  delineates  the  process  flow  steps  to  grow  diasnnd  particles  selectively  on  the  apices  of 
anisotropically  etched  silicon  pyramids  fabricated  with  and  without  diamond  paste  treatment  prior  to  the 
fabrication  of  pyramids  to  substantiate  the  idee  of  e  tendency  of  diamond  nucleation  on  the  sharp  edges. 


EXPERIMENTAL  DETAILS: 

A  comaercial  ly  avai  I  able  high  pressure  microweve  ptasma*assisted  (HPNA)  chemical  vapor  dapoaition 
(CVD)  system  (ASTcX.  inc.,  Canbridge,  MA)  was  used  in  our  expcrlsmnta  to  grow  dimaond  crystals.  The 
typical  deposition  parameters  were  as  follows:  siizstrate  tea^rature  •  900*950^0,  methane  flow  rate  «  3.6 
scot/  hydrogen  flow  rate  «  500  SCCM,  deposition  pressure  ■  45  Torr«  forward  power  «  1200  watts,  and 
reflected  power  ■  <40  wetts.  The  achemetic  diagram  and  the  process  details  on  dimwnd  deposition  art 
described  elsewhere  (5*7). 

Silicon  wsfers  were  processed  using  the  following  procedures  to  obtain  selective  growth  of  diamond 
crystals  on  the  spex  of  silicon  pyramids. 
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(a) .  Starting  sUbetrates  wera  p-  or  n-type  airror-aaooth  finiahad  tUicon  wafera  yith  a  reaiativity 
of  <  20  O'ca.  Silicon  yafars  yara  chamicatly  claaned  and  tharaally  oxidixad  uaing  pyrogartic  ataaa  at 
lOOO^C  for  10  hra  to  a  silicon  dioxida  thickness  of  1.1  t  0.1  jta.  Tha  silicon  dioxida  yas  than  pattamed 
yith  a  positiva  aask  of  60  |ca  side  squares  using  conventional  photolithography.  Tha  sa^la  yas  hard  baked 
yith  photoresist  and  the  silicon  dioxide  yas  cheatcally  etched  in  buffered  oxide  etch  (1  part  NF  ♦  6  parts 
HH^F)  solution.  Tha  silicon  yas  anisotropically  etched  in  a  solution  of  KOM  ♦  H2O  (2:1)  at  60*70^C  iSYtil 
(30*50  ainutes)  the  silicon  oioxida  aask  squares  fall  off  to  eventually  fora  silicon  pyraaids  by 
ixidarcutting  (81.  Figure  2a  shoys  a  scanning  electron  aicrograph  of  tha  typical  aorphology  of  the 
fabricated  silicon  pyraaids.  Figure  2b  is  a  aagniffad  viay  of  soae  pyraaids  in  figure  2a  (apex  diiaeter: 
-2  tfm).  Saae  of  the  pyraaids  yara  fabricated  by  etching  the  silicon  dioxide  aask  Just  before  the  aasks 
tip'Off  froa  the  substrata  (Fig.  2c)  using  a  buffered  oxide  etch  to  achieve  flat  apex  and  scratch  free 
pyraaids.  Figure  2d  shous  scanning  electron  aicrograph  of  the  typical  aorphology  of  a  silicon  pyraaids 
fabricated  after  etching  the  oxide  aask  (apex  diaaeter:  -10-12  pa). 

(b) .  Starting  substrates  yere  p*  or  n*type  airror*saooth  finished  silicon  yafers  yith  a 
resistivity  of  <  20  O-ca.  Silicon  yafers  yere  aanually  scratched  on  one  side  using  a  diaaond  paste 
consisting  of  0.2S  pa  aean  particle  size.  The  yafer  yas  then  cheatcally  cleaned  and  the  silicon  nitride 
yas  deposited  by  loy  pressure  chcaical  vapor  deposition  (LPCVD)  using  dichlorosilane  and  saaonia  at  800^C 
to  a  thickness  of  0.16  pa.  The  silicon  nitride  yas  then  photolithographically  patterned  using  a  positive 
mask  of  60  pa  side  squares  and  plasma  etched  in  a  SF^  ♦  Q2  (7:1)  aixture  of  gases  and  the  photoresist  yas 
then  reaoved  yith  acetone.  Silicon  yas  anisotropically  etched  in  a  KOM  ♦  H2O  (2:1)  solution  at  60*70^C 
for  30  -  50  ainute«  (81.  Undercutting  of  the  silicon  nitride  yas  aonitored  closely  and  the  etching  of 
silicon  yas  stopped  Just  before  the  silicon  nitride  squares  tip  off  froa  the  apex  of  silicon  pyraaids. 
The  typical  aorphology  of  the  silicon  pyraaid  yith  e  silicon  nitride  assk  by  scanning  electron  aicrograph 
is  as  shoyn  in  fig.  2c.  The  etched  silicon  yafer  yas  carefully  chcaically  cleaned  and  theraslly  oxidized 
in  a  pyrogenic  steaa  at  lOOO^C  for  10  hra  to  fora  a  silicon  dioxide  thickness  of  1.1  t  0.1  pa.  The  yafer 
Mas  then  iamersed  in  buffered  oxide  etch  for  60  see  to  reaove  a  thin  layer  of  oxide  foraed  on  the  silicon 
nitride  aask.  Tha  silicon  nitride  uas  then  chcaically  coopletely  etched  in  hot  (-180^0  phosphoric  acid. 
Finally,  the  yefer  mss  cooled  to  rooa  tcapereture,  yashed  yith  nming  Dt  yater,  rinsed  yith  acetone,  and 
nitrogen  dried.  The  typical  aorphology  of  the  silicon  pyraaids  fabricated  is  shoyn  in  the  fig.  2e  by  5£M. 
This  approach  clearly  yields  the  nucleetion  site  or  scratched  site  and/or  an  activation  site  for  diaaond 
growth  which  is,  apparently,  the  apex  of  enisotropieelly  etched  silicon  pyraaid  and  the  reaeining  ares  is 
oxidized  to  hinder  the  growth  of  diaeond.  Surface  daaege  or  scratching  can  in  fact  aay  be  seen  on  an  apex 
of  1,2,  and  3  labeled  pyraaids  in  scanning  electron  aicrograph  of  fig.  2e  and  also  a  pyraaid  (#4)  with  a 
sharp  apex.  Process  description  for  selective  growth  of  diaannd  on  the  apex  of  silicon  pyraaid  is  shown 
in  fig.  3  to  sipjpleaent  the  above  details. 

RESULTS  and  DISCUSSION: 

Figure  4e.  b,  end  c  show  the  seaming  electron  aicrographe  of  diaaond  grown  on  the  apex  of  the 
silicon  pyraaids  shown  in  fig.  2a  fabricated  using  the  procedure  delineated  in  the  process  (a).  Figure 
4b  is  the  aagnification  of  a  few  pyraaids  in  figure  4a.  Figure  4c  U  the  aagnif Icetion  of  a  single  pyraaid 
in  figure  4a  end  also  the  zooaing  of  the  apex  of  the  seae  pyraaid  la  shown  in  figure  4c.  Diaaond 
deposition  tiae  was  -5.75  hours.  These  aicrographs  show  that  the  diavnd  is  not  only  grown  on  the  apex 
of  the  pyraaids  but  slso  in  the  other  area.  Nucleetion  density  is  apparently  high  on  the  apex  when 
coapered  with  the  other  area  of  the  pyraaid  or  the  other  surface  of  the  silicon  substrate.  Zooaing  of  the 
apex  in  figure  4c  clearly  denotes  the  high  nucleetion  rate  of  diaaond  particles  on  the  apex  of  the 
pyraaids.  One  aey  even  closely  observe  Che  high  nucteacion  rato  of  diaaond  particles  on  all  the  apexes 
in  figurt  4s  and  b.  substrstc  rwe  damaged  with  diaaond  paste  prior  to  the  fabrication  of  pyraaids 
to  eliainete  the  douuc  of  residual  diaaond  particles.  Therefore,  this  suggests  that  the  sharp  edgaa  art 
•till  activation  sites  for  diaaond  nucleetion  and  this  observation  ft  in  accordance  with  results  recently 
reported  in  (9,101. 

Figure  4d  is  a  seaming  electron  aicrograph  of  tha  diawnd  particles  grown  on  the  flat  apex  of 
silicon  pyraaids  fabricstad  using  the  process  (•).  High  nucleetion  rata  of  diavnd  particles  is  still 
present  on  the  spex  end  slso  several  particles  on  the  leidesired  srea  (diaaond  deposition  tias:  -3.5  hrs). 
Edge  of  the  flat  apex  of  silicon  pyraaid  still  retaira  high  diaaond  nuclaation  rate  with  aaveral  particlet 
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Figur*  2.  Scanning  electron  micrographs  of  (•)  silicon  pyramids, 
(b)  magnified  apexes,  (c)  silicon  nitride  or  silicon  dioxide 
mask,  (d)  apex  after  etching  the  mask,  (e)  patterned  Si  apex 
surrounded  by  oxide. 


73 


Polished  silicon  substrate 


Scratched  or  unscratched  Si  surface 


Grow  silicon  nitride  (Si3N4) 


Pattern  and  plasma  etch  Si3N4 


Anisotropic  silicon  etching 


Oxidize  Si  thermally  to  form  silicon 
dioxide  (SiOz) 


Etch  Si3N4  in  phosphoric  acid 


Selective  deposition  of  polycrystalUne 
diamond  particles  on  apex  of  silicon 
pyramid 


Figure  3.  Schematic  diagram  of  process  flow  steps  for  the 
selective  growth  of  diamond  crystals  on  the  apex  of 
anlsotroplcally  etched  silicon  pyramids. 


rlgura  4.  Scanning  electron  mlcrograpiis  of  dianond  growth  on  (a) 
sharp  silicon  pyramids,  (b)  magnified  view  of  (a),  (o)  magnified 
view  of  single  pyramid  In  (a)  and  also  zooming  of  an  apex  of 
pyramid  In  (c) ,  (d)  growth  of  diamond  on  flat  apex  of  silicon 
pyramids,  and  (s)  a  magnified  view  of  single  pyramid  In  (d) . 
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•nd  th«t  My  elMrly  be  teen  In  the  Mgnified  view  of  •  singU  pyrMld  show  In  fig.  4e  by  SEN.  Proccse 
(e>  did  yield  the  high  di—ond  nueleetion  on  the  epei  of  eftfcon  pyrMidi  Md  alto  toae  depotite  in  the 
mietired  ereea.  To  avoid  the  probloH  of  growth  on  uidaeired  areaa  we  Mployad  the  proceta  (b).  Figwre 
5  it  a  acanning  electron  Micrograph  of  aelectively  diMond  cryatala  only  on  the  apex  of 
aniaotropieally  otdied  silicon  pyrMidi  (depoaltion  tlM:  “2  hra).  Figure  Sb  ia  Magnified  view  of  the 
diMBond  particles  on  an  apex  of  a  atngle  pyrMid  til].  This  result  suggests  that  the  oxidation  has 
s<4vrested  the  growth  of  disMond  in  the  laideeired  area  as  we  observed  earlier  IS*7].  Furthernore,  optical 
observation  showed  that  the  chMtcelly  etched  silicon  has  hi^er  nucleation  dmity  than  the  nirror*aMDOth 
finished  silicon  surface  but  lower  than  the  apex  of  a  silicon  pyrMid  or  sharp  edges  of  silicon  mss 
structures.  Scratching  is  elininsted  in  the  process  <b>  to  test  whether  dienond  can  selectively  be  grown 
on  the  apex  of  a  silicon  pyrMid.  Deposition  tiM  was  increased  in  order  to  grow  diMond  only  on  the  ^ex 
of  silicon  pyrMid. 

DiMond  is  harder  end  wore  wear  resistant  than  silicon.  A  sharper  tip  nay  be  produced  usir^  the 
above  delineated  selective  growth  of  diMond  crystal  on  an  apex  of  a  silicon  pyrMid.  The  tip  of  the  bare 
silicon  pyrMid  is  softer  than  the  diMond  crystal  groM  on  the  apex  of  a  silicon  pyrMid.  AAesive 
strength  of  dienond  particles  to  the  apex  of  the  silicon  pyrMid  My  be  erbanced  by  fabricating  flat 
apexes.  Oinaond  grown  on  silicon  pyrMids  May  have  use  m  scanning  ttsmeling  Microscopy  tips,  electrical 
probe  tips  (dopsd*disnond  crystals)  for  Micro  Indentation,  etc. 

In  SMMry.  a  process  flow  is  developed  to  grow  disMnd  crystals  selectively  only  on  the  apex  of 
antsotropically  chMically  etched  silicon  pyrMids  using  either  silicon  nitride  or  silicon  dioxide  layers. 
We  have  aade  an  experinsntal  observation  that  the  sharp  edges  of  a  nesa  structure  fabricated  on  a  silicon 
surface  or  an  apex  of  a  silicon  pyrMids  fabricated  using  a  scratdted  silicon  sidsstrste  with  dianond  paste 
or  unscratched  sibatrate  yielded  a  high  diaund  nucleation.  Unscratchad  silicon  sidatistes  do  not  have 
any  residual  diMond  particles  to  act  as  nucleation  sites  for  diaaond  growth,  but  could  still  result 
dissnnd  nuclestion  based  on  e  sherp  apex  of  e  silicon  pyrMid*  Our  cbeervstions  stpport  the  MechsniM  such 
as  high  disaand  nuelsetion  on  the  surface  texture  with  sherp  points  or  edges  ate.  FurtherMore.  evaluation 
of  nucleation  denaity  of  disswxid  growth  on  vsrioM  fsbricstsd  surface  textures  of  silicon  is  uxier 
progress. 
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ABSTRACT 

We  have  analyzed  the  non-equilibrium  thermal  effects  of  pulsed  nanosecond  lasers  on 
carbon-implanted  copper  substrates.  The  thermal  effects  of  pulsed  nanosecond  lasers  were 
simulated  by  numerically  solving  the  heat  flow  equation  and  taking  into  account  the  phase 
changes  which  occur  at  the  surface  of  the  inadiat^  solid.  Intense  pulsed  laser  irradiation  induces 
rapid  heating  at  the  near  surface  resulting  in  melting,  followed  by  rapid  quenching  of  the  melt 
phase.  The  effect  of  laser  variables  (energy  density,  etc.)  on  the  maximum  melt  depth,  melt-in 
and  solidification  velocities  and  transient  temperature  profiles  have  been  computed.  Maximum 
melt  depths  and  the  surface  temperatures  were  found  to  increase  approximately  in  a  linear  manner 
with  pulse  energy  density.  Extremely  high  average  solidification  velocities  (20-45  m/sec)  were 
calculated  which  may  give  rise  to  solute  trapping  and  other  non-equilibrium  segregation  effects. 
The  change  in  laser-irradiated  charaaeristics  of  copper  substrates  as  a  result  of  cartxm-ion 
implantation  is  also  discussed. 

INTRODUCTION 

Pulsed  laser  irradiation  provides  a  unique  method  for  near  surface  rtKxlification,  in  which 
surface  layers  can  be  rapidly  heated  and  melted,  kept  in  the  molten  state  for  short  times  and 
rapidly  solidified  to  preserve  desired  microstructures[l-51.  A  recent  repon  by  Narayan  et.  al.  1 1) 
shows  that  pulsed  laser  irradiation  on  catbon-implantkl  copper  substrates  can  lead  to  formadon 
of  the  metastable  diamond  phase  in  the  near  surface  regions.  It  has  been  shown  that  during  the 
molten  state,  dopant  can  redistribute  itself  much  more  rapidly  because  the  diffusivity  of  the 
dopant  is  many  orders  of  magnitude  higher  in  the  liquid  phase  compared  to  the  solid  phase  15). 
The  segregation  coefficient  under  non-equilibrium  conditions  depends  on  the  type  of  impurity 
(substitudonal  or  interstidal),  solidification  velocity  and  the  orientation  of  the  substrate.  Thus,  it 
is  extremely  important  to  understand  and  determine  the  non-equilibrium  parameters  and  transient 
interface  velocities  and  temperatures  existing  during  the  laser  interaction  process.  The 
nanosecond  time  scales  encountered  in  the  laser-solid  interaction  process  makes  it  very  difficult 
to  experimentally  determine  the  transient  thermal  effects.  Theoretical  techniques,  based  on 
numerical  calculations,  have  been  adopted  to  predict  the  effects  of  lasers  on  solids.  In  this  paper, 
we  analyze  and  compute  the  effects  of  laser  variables  (energy  density,  etc)  on  the  maximum  melt 
depths,  melt-in  and  solidification  velocities  of  carbon^loped  copper  substrates.(6] 

THEORY 

The  heating  and  melting  effects  of  pulsed  laser  irradiation  on  materials  constimte  a  three 
dimensional  heat  flow  problem  |2-4|.  However  in  nanosecond  laser  processing  regimes,  the 
short  thermal  diffusion  distances  and  the  large  dimensions  of  the  laser  beam  limit  the  thermal 
gradients  parallel  to  the  surface  to  many  orders  of  magnitude  less  than  the  thermal  gradients 
perpendicular  to  the  surface,  thus  essentially  making  it  a  one-dimensional  heat  flow  problem. 
Although  the  heat  flow  is  one  dimensional  in  nature,  the  presence  of  a  moving  solid-liquid 
interface,  temperature  dependent  thermal  and  optical  properties  of  the  irradiated  solid,  and  time 
dependent  laser  pulse  energy  make  the  exact  solutions  extremely  difficult.  Thus,  numerical 
techniques  like  finite  difference  methods  have  to  be  applied  to  obtain  satisfactory  results.  In  this 
problem  we  have  employed  a  very  rapid  and  accurate  implicit  finite  difference  scheme.  SLIM 
(Simulation  of  Laser  Interaction  with  Materials),  developed  by  Singh  et.  al  [7]  to  determine  the 
thermal  histOty  of  the  targets  after  intense  laser  irradiation.  This  method  is  ba^  upon  a  higher 
order  finite  difference  calculation  and  is  not  restricted  by  any  stability  criterion,  thereby  allowing 
faster  convergence  to  the  exaa  solution  (8|.  The  temperature  dependent  optical  and  thermal 
properties  as  well  as  the  temporal  variation  in  the  laser  intensity  can  be  taken  into  account  in  this 
formulation.  Finite  difference  equations  have  been  set-up  for  accurate  determination  of 
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Fig-  Ka)  Thermal  Conductivity  K  and  (b)  specific  heat  capacity  Cp  per  unit  mass  of  pure  copper 
used  in  calculations.  {Adapted  from  reference  91 


temperature  gradients  at  the  interface  which  control  melt-in  and  solidification  velocities. 

The  temperature  at  any  point  inside  the  substrate  T(x.t)  during  laser  irradiation  is  controlled 
by  the  heat  flow  equation  given  by 


p(T)Cp(T)5^  =  +  (l-R(D)I„(t)o(T)e“^’‘ 

where  x  refers  to  the  direction  perpendicular  to  the  plane  of  the  substrate,  and  t  refers  to  the  time. 
The  terms  p(T)  and  Cp(T)  refer  to  the  temperature  dependent  density  and  heat  capacity  per  unit 


mass  of  the  material.  R(T)  and  a  (T)  are  the  reflectivity  and  absorption  coefficient  of  the  target. 
The  dme  dependent  laser  intensity  striking  the  surface  Igft).  is  dictated  by  the  energy  density, 
duration  and  the  shape  of  the  laser  pulse.  The  velocity  of  the  planar  liquid-solid  interface  is 
determined  by  energy  balance  consideration  which  is  expres^  as 


^dT 


ar 

5x  i  =  s 


K  ^ 


where  Kj  and  K|  are  the  thermal  conductivities  of  solid  and  liquid  copper  at  the  interface, 
respectively,  L  is  the  latent  heat  of  fusion,  and  dS/dt  is  the  velocity  of  the  melt  interface. 

Figure  1  (a)  and  (b)  show  the  therrrul  conductivity  and  specific  heal  capacity  values  of  pure 
copper  as  a  function  of  temperature.  Copper  possesses  a  very  high  thermal  conductivity  which 
decreases  steadily  with  increasing  temperature,  followed  by  a  sharp  decrease  upon  melting  of  the 
material.  The  specific  heat  capacity  per  unit  volume  increases  with  increasing  temperanire  and  has 
been  assumed  to  be  a  constant  in  the  liquid  phase.  It  is  expected  that  the  thermal  properties  of 
copper  will  change  due  to  carbon  ion  implantation,  especially  near  the  projected  range,  Rp,  (600- 
8(X)  A  from  the  surface)  of  carbon  ions.  However,  as  a  first  approximation  we  have  assumed  that 
the  propemes  of  carbon-doped  copper  substrates  are  independent  of  the  implantation  process. 
Even  if  this  approximation  is  not  fully  valid,  the  calculated  thermal  effects  are  expeaed  to  be 
similar  except  shift  in  the  absolute  energy  density  sedes.  It  must  however  be  noted  that  the  high- 
dose  ion  implantation  of  carbon  may  induce  formation  of  high  melting  point  graphitic  phase  in 
the  vicinity  of  Rp.  This  may  lead  the  formation  and  propagation  of  two  melting  interfaces:  one 
initiating  from  the  surface  and  terminating  near  Rp,  and  other  initiating  at  the  vicinity  of  Rp  and 
propagating  into  the  bulk  of  the  substrate.  Another  possibility  is  the  decrease  in  thermal 
conductivity  of  the  implanted  layer  which  can  substantially  increase  the  surface  temperatures 
during  melting  of  the  material.  The  input  data  used  in  the  calculations  has  been  listed  elsewhere. 
|6|.The  high  frequency  of  the  excimer  laser  (XeCI,  KrF,  and  ArF)  photons  allow  excellent 
coupling  of  the  laser  energy  with  solid  copper .  However  upon  melting,  liquid  metals  display  a 
sudden  increase  in  the  reflectivities.  We  have  assumed  a  value  of  0.73  for  liquid  reflectivity  of 
copper  for  our  calculations 

RESULTS  AND  DISCUSSION 

Fig.  2  shows  the  melt  depth  of  copper  as  a  function  of  time  after  laser  irradiation  with  30 
nanosecond  pulses  having  energy  densities  between  2.5  aid  4.5  J/cm^.The  maximum  melt  depth 
occurs  approximately  at  the  end  of  the  laser  pulse.  After  the  termination  of  the  laser  pulse,  the 
melt  front  recedes  b^k  to  the  surface  as  some  heat  energy  is  dissipated  into  the  bulk  of  the 
material.  The  slope  of  the  curves  gives  the  value  of  the  melt-in  and  the  solidification  velocities. 
The  maximum  melt  depth  increases  with  energy  density  and  changes  from  22(X)A  at  at  2.5  J/cm^ 
to  8800A  at  4.5  J/cm^.  Maximum  melt  depths  are  both  a  function  of  pulse  duration  and  energy 
density  and  increase  approximately  linearly  with  energy  density . 

Another  important  aspect  of  understan^g  the  nature  of  laser-solid  interactions  is  the 
transient  temperature  profiles  during  intense  laser  irradiation  of  the  substrate.  Fig.  3  shows  the 
transient  surface  tempmture  as  a  function  of  time  for  copper  substrates  irradiated  with  30 
nanosecond  excimer  laser  pulses  with  energy  densities  corresponding  to  2.5, 3.5  and  4.5  J/cm^, 
respMtively.  The  figure  shows  that  the  surface  temperature  rises  lapitUy  until  it  reaches  the 
melting  point  of  the  material,  where  it  pauses  momentarily  due  to  r^uced  coupling  of  the  laser 
energy.  The  rise  in  liquid  phase  temperature  is  slovrer  than  the  solid  phase  temperature  rise, 
because  a  part  of  the  laser  energy  is  absorbed  as  latent  heat  On  cooling,  the  surface  temperature 
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TIME  (nanoseconds) 

Fig.  2  Position  of  solid-liquid  interface  as  a  function  of  time  for  copper  substrates  irradiated  with 
30  nanosecond  laser  pulses  with  varying  energy  den$ities:(i)  2.5  J/cm^,  (ii)  3.0  J/cm^,  (iii)  3.5 
J/cm^,  (iv)  4.0  J/cm^  and  (v)  4,5 


TIME  (nanoseconds) 

Fig.  3  Surface  temperature  as  a  function  of  time  fOT  30  nanosecond  trapezoidal  laser  puKses 
irradiated  on  copper  substrates  with  different  energy  densities  (i)  2.5  J/cm^,  (ii)  3.5  J/crn^  and 
(iii)  4.5  J/cm^. 
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Fig.  4  Transient  solidificati  in  velocities  as  a  function  of  time  for  laser  irradiated  copper 
substrates.  The  substrate  is  irradiated  with  30  nanosecond  excimer  laser  pulses. 


hg.  5.  Maximum  surface  temperature  attained  on  carbon-implanted  copper  substrates  when 
thermal  conductivity  of  the  near  surface  regions  i«  (i)  equal  to  pure  value  and  (ii)  hall  v^f  the  pure 
value 
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drops  to  the  meldng  point  and  remains  there  until  the  melt  interface  recedes  to  the  surface.  The 
maximum  surface  temperature  increases  from  1550  K  at  2.5  J/cm^  to  2500  K  at  4.5  J/cm^. 

Much  higher  surface  temperanires  can  be  induced  in  the  near  surface  regions  if  the  thermal 
conductivity  of  the  near-surface  is  reduced  by  ion  implantation. 

The  solidification  velocity  is  another  important  parameter  that  can  be  controlled  by  varying 
the  laser  parameters.  Fig.  4  shows  the  transient  solidification  velocity  for  copper  substrates 
irradiated  with  30  nanosecond  lasers  pulses  with  energy  densities  corresponding  to  2.5, 3.0, 

3.5, 4.0  and  4.5  J/cm^,  respectively.  Solidification  during  laser  irradiation  takes  place  via  rapid 
quenching  and  dissipation  of  the  heat  by  the  bulk.  As  the  liquid  gradients  become  negligible 
after  the  termination  of  the  laser  pulse,  solidificadon  velocities  attain  a  maximum  value  which 
decreases  very  slowly  with  dme.  The  very  high  thermal  conducdvities  of  solid  copper  phases  is 
responsible  for  the  extremely  high  maximum  transient  interface  velocides  which  are  in  the  range 
of  40  to  50  metres  per  second.  It  has  been  shown  that.the  average  solidificadon  velocity  does 
not  vary  strongly  with  energy  density  but  is  strongly  affected  by  the  duradon  of  the  laser  pulse. 

If  the  pulse  duradon  of  the  laser  is  increased  from  15  to  50  nanoseconds,  the  average 
solidificadon  values  decreases  from  40  to  25  meters  per  second.  The  extremely  high 
solidificadon  velocides  may  lead  to  stabilizadon  of  metastable  phases. 

All  the  calculadons  shown  above  are  based  on  properties  of  pure  copper.  As  mendoned 
earlier,  the  properties  of  copper,  especially  near  the  surface  regions  may  change  drastically  with 
carbon  implantation.  Graphite  may  be  present  in  a  crystalline  or  an  amorphous  state.  It  is  well 
known  that  melting  points  of  amorphous  materials  are  depressed  in  the  amorphous  state  [  1 1 1. 

Another  possible  change  induced  by  the  implantation  process  is  the  lowering  of  thermal 
conductivity  of  the  material.  The  decrease  in  thermal  conductivity  of  copper  will  depend  on  the 
defect  density  in  the  surface  layer.  To  understand  the  effect  of  reduced  thermal  conductivity,  we 
have  simulate  laser  irradiation  of  copper  whose  thermal  conductivity  at  the  near  surface  regions 
has  been  reduced  by  a  factor  of  two.  Fig  5  shows  the  maximum  surface  temperature  induct  on 
copper  possessing  half  the  thermal  conductivity  of  the  pure  material.  These  films  were  irradiated 
with  30  nanosecond  laser  pulses.  For  comparison,  values  obtained  from  irradiation  of  pure 
copper  substrates  have  also  been  shown.  It  is  clearly  seen  that  for  a  constant  energy  density, 
much  higher  surface  temperature  value  are  attained  when  surface  regions  have  lower  thermal 
conductivity.  Maximum  surface  temperatures  can  be  as  high  as  3500  -4000  K  on  the  copper 
surface.  At  these  temperatures,  transformation  of  graphite  may  be  possible.  However,  more 
experimental  information  is  required  to  fully  understand  this  phenomena. 

In  conclusion,  the  laser  induced  thermal  effects  on  carbon-doped  copper  substrates  have 
been  modelled.  The  melt  depths  and  the  surface  temperatures  scale  approximately  linearly  with 
energy  density.  Very  high  solidification  velocities  are  induced  after  intense  nanosecond  laser 
irradiation  of  carbon-doped  copper  substrates  Non-equilibrium  laser  melting  and  solidification, 
thus  provides  very  high  temperature  and  extremely  rapid  solidification  velocities  which  may 
produce  important  transformation  effects.  .However,  more  experimental  information  is  presently 
required  to  fully  model  the  effect  of  pulsed  laser  irradiation  on  carbon-implanted  copper 
substrates. 
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1.  Abstract 

Present  state  of  the  work  devoted  to  the  control  of 
properties  of  diamond  is  analyzed,  with  emphasis  on  the 
results  obtained  in  USSR,  including  the  data  on  ion 
implantation  and  several  types  of  devices.  Future 
possibilities  of  the  work  with  single  crystals,  films  and 
diamond  ceramics  are  discussed  and  typical  difficulties 
indicated . 

2.  Introduction,  I  shall  mainly  speak  about  the  work  done  in 
USSR;  as  the  research  of  diamond  is  international,  it  is  most 
proper  to  mention  the  fundamental  book  edited  by  Field  (1);  I 
shall  abstain  from  repeating  our  results  discussed  earlier 
[2).  Several  authors  have  compared  the  properties  of  diamond 
to  those  of  other  wide  band  gap  semiconductors  (3,4,5). 
Optimistic  picture  shown  in  Fig.  1  represents,  of  course, 
ideal  material,  far  above  real  objects  at  the  disposal  of  an 
experimenter  or  technologist.  Only  best  natural  crystals  (very 
rare)  and  best  synthetic  ones,  grown,  for  instance  by  G.E.  (1) 
are  in  some  respects,  near  to  it.  So,  diamond  remained  exotic 
for  many  years.  Recently,  due  to  the  development  of  diamond 
films  deposition  processes  in  USSR,  Japan,  USA,  UK  and  other 
countries,  the  attitude  towards  diamond  is  changing  rapidly. 
Future  work  on  diamond  films  can  go  on  only  on  the  basis  of 
present  knowledge.  Including  highly  developed  theory  (1)  and 
experimental  data  obtained  on  natural  and  synthetic  bulk 
crystals.  In  mid-fifties,  in  USSR  Vereschagin  developed  the 
technigue  of  producing  large  quantities  of  small  industrial 
crystals.  At  present  much  larger  single  crystals  are  grown  in 
Moscow  and  Kiev  (3).  Epitaxial  films  on  single  crystal 
substrate,  including  boron-doped  semiconductivity  ones,  were 
also  grown  (6]  ,  [2]  .  At  present,  most  papers  describe 
polycrystalline  diamond  films  (71.  The  atomic  C-H-0  phase 
diagram  presented  by  Bachmann  in  [7]  systematizes  the  results 
given  in  70  publications  describing  low  pressure  CVD 
techniques  of  diamond  deposition.  In  Fig.  2,  main  features  of 
various  types  of  diamond  as  a  material  are  presented. 

3.  The  doping  of  diamond.  Doping  of  man-made  single  crystals 
by  boron  has  been  repeatedly  reported  (1.8.9).  The  authors 
working  in  Kiev  have  grown  boron-doped  crystals  of  various 
sizes  (10).  Small  cubic  crystals  of  uniform  dimensions  were 
successfully  used  as  thermistors.  The  authors  of  (11),  who 
also  obtained  p-type  crystals,  have  reported  on  N-type 
crystals  doped  by  phosphorus.  The  depth  of  the  donor  levels, 
as  well  as  data  on  electrons'  mobility  have  not  been 
Indicated.  According  to  the  calculations  of  Bernholz  &  oth 
(12) ,  P  atoms  should  be  shallow  donors,  but  their  equilibrium 
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solubility  must  be  very  small.  It  is  well  known  that  atomic 
nitrogen  is  a  deep  down  in  diamond  and  does  not  supply  free 
electrons  (13).  No  positive  results  of  impurities' 

introduction  by  thermal  diffusion  into  diamond  are  known  to 
me.  There  exists,  in  principle,  a  possibility  of ^ ^.ransmutation 
doping  of  diamond,  as  (7"'')  reaction  produces  B*  nuclei  from 
:  no  published  data  are  at  my  disposal. 

4.  Ion  implantation  into  diamond.  Long  ago  we  obtained 
indirect  evidence  that  natural  insulating  diamond  exjiibits 
electron  conductivity  after  bombardment  by  40  keV  C*  ions 
(14).  In  1982,  Prins  produced  N-type  regions  in 
transistor-type  structures  on  natural  P-type  diamond  [151  . 
According  to  our  data,  conductivity  disappeared  after 
annealing  at  lOO-SOO^C. 

At  present,  we  use  systematically  a  350  keV  HVEE  accelerator 
for  our  work;  the  ranges  of  ions  and  their  straggling  were 
calculated  for  random  orientation  with  an  error  of  ♦10%.  We 
were  involved  in  experiments  of  typically  semiconductor 
physics  aims;  besides  [1|,  we  often  used  the  data  analyzed  in 
a  book  edited  in  1986  in  USSR  [16).  As  one  knows,  diamond 
constitutes  a  metastable  form  of  carbon  and  can  amorphize  or 
graphitize  (graphite  is  stable) .  Fortunately,  we  found  that 
for  ion  fluxes  below  certain  limit,  the  diamond  lattice 
recovers  after  annealing  in  vacuum.  The  maximum  flux  depends 
on  the  mass  of  that  ion  and  the  temperature  of  crystal.  In  a 
special  case  of  sit  ions  implantation  at  large  fluxes,  cubic 
Sic  is  produced  [181  . 

Implantation  of  B*  ions.  Boron  is  a  most  appropriate 
"shallow"  (Ev  ♦0.37  eV)  acceptor  dopant  in  diamond.  Most  of 
the  implanted  atoms  occupy  substitutional  sits.  The  depth  of 
penetration  of  the  unchanneled  ions  for  energies  in  the  range 
up  to  350  keV  is  large  enough;  recently,  on  the  initiative  of 
A. M. Zaitsev,  a  series  of  experiments  was  conducted  with  much 
higher  energies,  over  1  MeV  [191.  In  this  case,  buries  layers 
of  semiconducting  diamond  can  be  formed.  By  using  a  programmed 
implantation  exposure,  one  can  increase  the  concentration  of 
boron  acceptors  near  the  surface,  thus  forming  a  pp*  junction; 
p*regions  are  metallized  without  difficuxty  and  ohmic  contacts 
to  p-type  regions  present  no  problem  now. 

5.  The  technique  of  analysis  of  the  geometry  of  impurity 
distribution.  The  most  direct  method  is,  of  course,  secondary 
ions  mass  spectrometry  (SIMS) ,  which  is  systematically  used  by 
us  for  the  boron- Implanted  and  other  samples,  in  the  cases 
where  impurity  concentration  was  high  enough.  Some  of  the 
results  were  presented  in  [13),  and  I  shall  mention  recent 
data  later,  when  Li  donors  shall  be  discussed. 

Other  methods.  Including,  of  course.  Hall  effect  and 
conductivity  measurements,  are  often  based  on  the  analysis  of 
cathodolumlnescence  (CL)  spectra,  which  is  typical  for  a  wide 
field  of  experiments  with  lon-lmplanted  crystals  [20],  [21). 

Due  to  the  large  band  gap  of  diamond  (5,48  eV)  CL  was  used 
by  us;  I  have  not  seen  yet  publications.  Including 
photoluminescence  data  obtained  for  band-to  band  excitation  of 
diamond.  Besides  the  possibility  of  local  excitation  by 
focused  electron  beam,  the  depth  of  electrons'  penetration  can 
be  easily  changed,  as  it  is  a  function  of  their  energy.  As  it 
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was  mentioned  above,  the  volume  and  area  of  electron  spot  near 
the  surface  of  the  sample  can  be  made  very  small  [19,20]. 

6.  The  possibilities  and  limitations  of  luminescence  spectra 
studies.  Luminescence  data  contribute  to  the  studies  of  ion 
implantation  problems;  on  the  other  hand,  implantation, 
regarded  as  a  method  of  doping,  permits  to  introduce  into  a 
solid  (in  our  case,  diamond)  a  wide  variety  of  impurities 
[21],  [22].  As  one  can  see,  for  instance,  in  Fig.  3,  the  CL 
spectra,  observed  in  a  convenient  region  of  photon  energies, 
show  narrow  "zero-phonon"  lin> s  and  related  "Phonon  ladders". 
Many  narrow  lines  observed  in  unimplanted  natural  diamond  were 
analyzed  and  interpreted,  for  instance,  by  Clark  and  Mitchell 
in  UK  [1]:  their  work  has  an  exceptional  value  for  those  who 
work  now  on  ion- implanted  crystals.  However,  narrow  lines 
correspond  to  so  called  "in  the  center"  transitions,  when  the 
photon  is  estimated  as  a  result  of  the  relaxation  of  the 
system  of  strongly  localized  states  [23].  Thus,  these 
transitions  do  not  include  allowed  bands  of  diamond  and  one 
has  to  use  additional  evidence,  such  as  the  changes  of  spectra 
after  annealing  to  obtain  results  important  for  semiconductor 
physics.  Of  course,  the  studies  of  CL  are  very  far  from 
completion;  one  of  the  examples  which  seems  to  be  worth 
mentioning  is  a  non-trivial  fact  that  free  vacancies,  which 
produce  the  well  known  GRI  narrow  line  at  741  nm,  are 
generated  as  a  result  of  irradiation  by  rather  low  energy 
electrons  (6  -  10  keV)  (24).  This  range  of  energies  is  very 
much  below  the  threshold  of  impact  point  defects'  generation, 
which  was  estimated  by  palmer  [25]  to  be  near  to  200  keV.  At 
present,  one  cannot  decide  whether  the  vacancy  xs  detached 
from  some  complex,  or  some  mechanism  in  the  electronic 
sub-system  is  leading  to  Frenkel  pair  generation  (26). 
According  to  the  interpretation  of  my  colleagues  in  Minsk, 
based  on  the  analysis  of^ narrow  lines  in  CL  spectra  of  diamond 
Implanted  by  He  and  Ne  ions,  the  atoms  of  these  elements 
exhibit  chemical  activity  due^  to  extremely  high  hydrostatic 
pressure  of  the  order  of  10  bar  in  dense  surrounding  of 
carbon  atoms  in  diamond  lattice  (27)  . 

Besides  narrow  spectral  lines,  both  CL  spectra  and 
luminescence  spectra  of  structures  on  diamond  including  P-N 
junctions  or  Schottky  barriers,  broader  bands  of  intensive 
electroluminescence  were  observed  by  E.A.Konorova, 
V. F.Sergienko  &  oth,  with  the  extrinsic  quantum  yield  about  4% 
(13).  Maximum  intensity  corresponded  to  the  blue-green  region, 
thus,  band  to  impurity  transition. 

7.  Lithium  as  a  donor  in  ion-implanted  diamond.  Those  who 
are  involved  in  the  development  of  semiconductor  devices  know 
that  both  in  Ge  and  Si,  Li  behaves  as  a  highly  mobile 
interstitial  impurity  and  is  a  very  shallow  donor.  Long  time 
before  modern  technique  of  calculations  of  atoms'  migration 
and  their  energy  spectrum  was  developed,  we  began 
experimenting  with  lithium-implanted  natural  diamond  crystals. 
At  present,  the  main  facts  are  as  follows: 

1.  The  mobility  of  implanted  Li  atoms  due  to  their  diffusion 
is  many  orders  of  magnitude  lower  than  in  Si  and  Ge,  but 
diffusion  has  t>een  observed  after  annealing  at  temperature 
over  1000  C. 


nt  (no) 
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2.  The  naxinum  concentration  of  electrons  in  the  conduction 
band  is  observed  in  a  layer  lying  deeper  in  the  sample  than 
the  maxinum  of  Li  atoms'  distribution.  This  was  observed 
directly  by  (n,  7)  reaction  method  128). 

3.  Lithium  implantation  results  in  generation  of  shallow 

(Ec-0.1)  ev  donors.  Electroiw  _in  the  conduction  band  have  high 
mobility  (about  1000  cm  v  ‘sec  ’)  (13,29).  These  facts 

correspond  to  recent  calculations  by  Bernholz  and  oth  (12) . 

4.  The  "average  efficiency  "of  Li  as  a  donor  is  much  smaller 
than  that  of  B  atoms  as  acceptors.  Thus  it  was  suggested  (13) 
that  the  majority  of  Li  atoms  can  occupy  substitutional  sites 
where  they  are  inactive  electrically. 

Phosphorus  as  a  donor.  We  have  reported  on  rectifying 
junctions  produced  by  implantation  of  P  ions  (2) .  Experiments 
in  this  direction  were  not  continued;  there  is  some  evidence 
that  diamond  film  grown  from  plasma  in  presence  of  ^  s  have 
shown  electron  conductivjty^-  thj^  Hall  mobility  reported  by  the 
author  was  near  to  50  cm  v'sec"  (30)  . 

8.  Some  applications  of  Diamond  in  Electronics. 

a)  Diamond  heat  sinks;  Their  advantages  and  importance  were 
recognized  early  enough  (1).  At  present  they  are  produced  both 
from  natural  and  synthetic  crystals  in  many  places  including 
Moscow  and  Kiev  (3,4).  The  stage  of  diamond  films'  technology 
when  these  films  shall  simultaneously  have  high  heat 
conductivity,  stability  and  good  adhesion  on  suitable 
substrates  will  be,  most  probably,  a  crucial  step,  but  it  may 
require  several  years  of  hard  work.  A  simple  and  dependable 
method  of  direct  determination  of  heat  conductivity  was 
developed  by  Zezin  Both  in  Moscow  (31) . 

b)  Diamond  particle  counters  and  dosimeters  were  developed 
in  P.N. Lebedev  Institute  by  E.A.Konorova  and  S.F. Kozlov  (32). 
The  authors  of  (32)  used  injecting  contacts  produced  by  ion 
implantation,  and  at  present  there  is  a  series  production  of 
diamond  counters  and  dosimeters  in  Riga  (33). 

c)  There  were  several  cases  when  transistor  action  was 
achieved  in  diamond  structures  of  various  geometry.  Besides 
(15)  and  a  useful  discussion  in  a  review  by  Kvaskov  and 
Tkachenko  (34),  according  to  my  opinion,  the  results, 
published  recently  by  Melnikov,  Zaitzev  and  oth,  deserve 
attention  (35) .  Using  standard  photolitography  technique,  they 
have  produced  matrixes  of  Inpolar  field  effects  transistors  on 
natural  diamond  samples. 

d)  Other  types  of  electronics  devices:  Already  in  1979, 
A.Tager  published  well  founded  estimates  showing  that  diamond 
is,  in  principle,  an  excellent  material  for  JMPATT's 
(avalanche  diodes)  (36).  Later,  a  group  in  P.N. Lebedev 
Institute  by  using  ion  milling  technique  and  ion  implantation 
has  prepared  a  series  of  Read-type  diodes,  some  of  which  had 
typical  avalanche-type  V-J  characteristics. 

e)  Diamond  containing  ceramics.  According  to  a  recent 
publication  by  Rotner  brothers  (37),  diamond  ceramics, 
produced  by  baking  pellets  made  of  small  inexpensive  crystals 
at  a  pressure  of  7-8  GPa  and  a  temperature  of  2000*C,  a  dense 
material  having  high  electric  resistivity  is  produced.  After 
Illumination  of  the  surface  of  ceramics  by  sharply  focused 
intense  laser  beam,  very  stable  conductive  strips  were 
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produced.  They  were  shown  to  consist  of  a  phase  of  amorphous 
carbon  (not  graphite) ;  the  electrical  resistance  of  such 
strips  could  be  varied  in  wide  range,  and  the  process  was 
quite  reproducible. 

Conclusions.  One  can  see,  that  our  work  and  the  work  of  my 
colleagues  in  USSR,  to  which  I  paid  most  attention,  was  mainly 
concerned  with  the  properties  and  processes  in  bulk  crystals. 
We  have  now  also  large  area  diamond  films  at  our  disposal;  one 
of  the  proofs  that  they  are  really  diamond  films  are  their  CL 
spectra.  Of  course,  we  shall  try  ion  implantation  in  the 
nearest  future. 

The  technology  of  diamond  films  deposition  is  economically 
profitable  already,  and  one  should  expect  a  rapid  development. 
According  to  the  considerations  of  D-r  Buckley-Golder , 
"strategic  window"  for  diamond  electronics  } see  Fig.  4  )  shall 
begin  to  close  about  1995  in  the  field  of  basic  concepts 
(deposition,  epitaxy,  multilayers)  and  the  next  step 
(technology  options,  such  as  contacts,  lithography,  etching) 
shall  occupy  1997  to  2000  AD. 


Fig  4. 
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Fig.  4  The  strategic  window  for  Diamond  Electronics  (5). 
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INVESTIGATION  OF  CVD-GROWN  DIAMOND 
BY  CATHODOLUMINESCENCE  IN  TEM 


RJ.  GRAHAM 

Center  for  Solid  State  Science,  Arizona  State  University.  Tempe,  AZ  85287-1704 


ABSTRACT 

High  resolution  cathodoluminescence  (CL)  spectroscopy  and  imaging  have  been 
performed  in  transmission  electron  microscopy  (TEM)  to  analyze  defects  and  impurities  in 
polycrystalline  diamond  fdms  grown  by  chemical  vapor  deposition  (CVD)  using  a  variety  of 
gas  mixtures,  and  oxyacetylene  combustion  flame  synthesis  (CFS).  The  combination  of  CL 
and  TEM  allows  a  direct  correlation  of  film  microstnicture  with  the  electronic  structure  due  to 
defects.  The  CL  was  found  to  be  very  nonuniformly  distributed  on  a  submicron  scale 
reflecting  different  spatial  distributions  of  N,  B  and  Si  impurities  and  their  cor.elations  with 
microstructure.  Band  A  CL  due  to  closely-spaced  donor-acceptor  (D-A)  pairs  was  correlated 
with  dislocations  in  both  CVD-grown  and  CFS  material  whereas  band  A  from  widely- 
separated  D-A  pairs  was  uniformly  distributed  in  the  films.  CL  from  several  different  N- 
related  point-type  defects  was  observed  and  found  to  depend  on  the  growth  gases  used, 
although  no  correlation  with  microstructure  has  been  observed  so  far.  A  di-Si  interstitial 
impurity,  believed  to  arise  from  the  Si  substrate  and  reactor  waJIs,  was  not  correlated  with  any 
microstructure  but  varied  greatly  in  concentration  from  grain  to  grain  and  from  film  to  Film.  In 
addition,  both  highly  faulted  and  defect-free  grains  were  found  to  emit  no  visible  CL  due  to 
mid  gap  states. 


INTRODUCmON 

The  synthesis  of  diamond  films  by  low  pressure  techniques  such  as  chemical  vapor 
deposition  (CVD)  is  currently  receiving  much  attention,  as  evidenced  by  the  appearance  of 
several  new  journals  and  whole  sections  of  existing  journals  devoted  entirely  to  diamond.  The 
intrinsic  properties  of  diamond  such  as  hardness,  optical  transparency  and  high  carrier 
mobility,  promise  potential  applications  of  diamond  films  in  wear-resistant  coatings,  and  as 
optical  and  electronic  materials.  However,  current  attempts  at  heteroepitaxial  growth,  usually 
on  Si  substrates,  have  resulted  in  heterogeneous  polycrystalline  Films  containing  many  defects 
and  impurities.  One  of  the  goals  of  such  growth  methods  must  be  the  control  of  the  formation 
of  these  inhomogeneities,  especially  if  potential  optical  and  electronic  applications  are  to  be 
realized.  Characterization  of  these  inhomogeneities  is  therefore  important  in  two  respects. 
First,  it  is  necessary  to  identify  these  defects  and  assess  their  impact  on  the  microstructute  and 
electronic  structure  of  the  material.  Second,  it  is  desirable  to  understand  and  control  the 
formation  of  these  defects  so  that  potential  applications  of  this  material  can  be  realized 
successfully. 

Since  the  films  are  polycrystalline  and  inhomogeneous,  it  is  clearly  necessary  to 
ch.'racterize  them  at  high  spatial  resolution.  While  transmission  electron  microscopy  (TEM) 
can  bo  used  to  observe  the  microstructure,  this  and  allied  techniques,  such  as  electron  energy 
loss  spectroscopy,  can  only  provide  limited  information  on  the  electronic  nature  of  the 
material.  Secondary  ion  mass  spectrometry  can  detect  low  levels  of  impurities  but  gives  no 
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information  on  their  effect  on  the  electronic  structure.  On  the  other  hand,  cathodoluminescence 
(CL)  spectroscopy  and  imaging  have  been  used  successfully  for  this  purpose,  since  defects  and 
impurities  often  introduce  states  within  the  5.5  eV  diamond  band  gap  which  give  rise  to  CL  in 
the  readily  detectable  visible  spectral  region.  However,  such  studies  have  all  been  performed 
in  a  scanning  electron  microscope  (SEM),  usually  with  limited  spatial  resolution.  This  is 
especially  true  when  thick,  as-grown  films  with  a  rough  surface  morphology  are  studied 
because  it  becomes  difficult  to  deduce  reliably  the  exact  origin  of  CL  within  the  films. 

The  analytical  technique  used  in  this  work  is  spectrally  and  spatially  resolved  CL 
performed  in  TEM,  rather  than  SEM,  and  this  has  a  number  of  useful  advantages.  The  most 
significant  of  these  is  the  simultaneous  correlation  of  CL  emission,  resulting  from  the 
electronic  structure  as.sociated  with  defects  and  impurities,  with  details  of  the  specimen 
microstructure,  such  as  the  pre-sence  of  dislocations.  In  addition,  use  of  thinned  electron 
transparent  samples  enhances  the  spatial  resolution  compared  with  SEM  CL. 


EXPERIMENTAL 
TEM  CL  technique 

Experiments  were  performed  in  a  Philips  EM400T  analytical  electron  microscope 
equipped  with  high-resolution  TEM  CL  system,  the  full  details  of  which  may  be  found 
elsewhere)  1 ,2 1,  The  system  includes  a  grating  spectrometer  (Spex  0.22m  Minimate)  for 
spectral  acquisition  and  a  cooled  RCA  C31034  photomultiplier  detector  covering  a  250-9(X)nm 
spectral  range.  None  of  the  spectra  shown  here  was  corrected  for  system  respon.se  and  the 
spectral  resolution  was  2nm  throughout  except  where  stated  otherwise.  The  acquisition  of 
digital  panchromatic  or  monochromatic  CL  images  was  achieved  using  a  STEM  attachment 
and  a  multichannel  analyzer.  A  liquid  nitrogen-cooled  stage  was  used  to  give  a  specimen 
temperature  of  about  90K.  The  electron  probe  size  ranged  from  30 nm.  for  large  area  spectral 
acquisitions  from  weakly  luminescing  material,  to().2)jm  for  most  high  resolution  spectral  and 
image  acquisitions  at  a  beam  voltage  of  l2()kV. 


Growth  details 


Polycrystalline  diamond  films  1-lOjim  thick,  grown  by  filament-assisted  (FA)  and  rf 
plasma-enhanced  (PE)  CVD  methods  were  studied. 

Material  prepared  by  FACVD  was  grown  from  a  gas  mixture  of  CHj  (2%  vol.)  and 
hydrogen  using  a  tungsten  filament  operated  at  I8(K)'C  on  a  roughened  Si  (100)  substrate 
which  was  positively  biassed  relative  to  the  filament.  Full  details  of  the  growth  process  are 
given  elsewhere  |3,4|,  The  specimens  investigated  were  prepared  under  two  different 
conditions:  (a)  pressure  -  15  Torr,  substrate  temperature  ~  750'C;  (b)  pressure  =  30  Torr, 
substrate  temperature  -  950'C. 

PECVD-grown  films  were  prepared  on  roughened  Si  (100)  substrates  using  a  variety  of 
gas  compositions  and  conditions  as  follows:  (a)  l^FCH^,  99%H2,  pressure  =  5.0  Torr, 
temperature  -  650’C;  (b)  2%CO,  98%H2,  pressure  =  3.0  Torr.  temperature  -  630’C;  (c) 
92%H2,  pre.ssure  =  5,0  Torr.  temperature  -  820'C;  (d)  20%CH^OH,  40% CH^COOH. 
40%H20,  pressure  =  1 .0  Torr.  temperature  -fiOO'C.  Growth  of  the  film  from  diluteCF^  was 
achieved  on  unroughened  Si  substrate  and  is  described  in  more  detail  elsewhere(S].'An 
additional  film  was  grown  using  2%CO/98'!fiH2  at  a  temperature  of  -  725'C  on  R-plane 
(1012)  sapphire  to  examine  the  effect  of  the  sub.strate  on  the  presence  of  impurities  and 
defects. 
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Diamond  films  grown  by  oxyacetylene  combustion  flame  synthesis  (CFS)  were  also 
studied.  Material  consisting  of  [100]  oriented  single  crystals  aggregated  into  a  film  300- 
SOOnm  in  thickness  was  grown  by  allowing  an  oxyacetylene  torch,  operated  in  a  slightly 
acetylene-rich  mode,  to  impinge  on  to  a  molybdenum  substrate  maintained  at  ~1000'C[6]. 


ecimen  preparation 


The  thicker  CVD-grown  films  were  removed  from  the  substrate  by  dissolving  the  Si 
with  a  mixture  of  HF  and  HNO3  and  mounted  on  3  mm  copper  slot  grids.  The  substrate  of  the 
thinner  Films  was  retained  for  support  but  was  mechanically  dimpled.  These  specimens  were 
then  thinned  for  TEM  CL  by  milling  with  5  keV  Ar'*’  ions  at  77K  to  perforation.  Especially  in 
the  case  of  the  thicker  Films,  the  very  uneven  surface  morphology  resulted  in  specimens  with 
highly  variable  thickness  but  also  many  holes  surrounded  by  electron  transparent  regions. 

Due  the  large  thickness  and  extremely  uneven  surface  of  the  films  grown  by  combustion 
flame  synthesis,  specimens  of  this  material  were  prepared  by  crushing  in  an  agate  pestle  and 
mortar  under  isopropanol  to  produce  thin  electron  transparent  cleaved  flakes. 


RESULTS 


CL  spectra 


Figure  1  shows  CL  spectra  acquired  from  relatively  large  regions  (10- 20Mm  diameter)  of 
various  diamond  Films.  The  principal  spectral  features  are  summarised  in  table  I  and  have  all 
been  observed  previously  to  varying  extents  in  diamond  films  grown  by  low  pressure 
methods[7-17|. 

The  band  at  4 1 ,5-436nm,  known  as  band  A,  is  due  to  closely-spaced  donor-acceptor  (D- 
A)  pairs]  1 8].  The  donor  is  believed  to  be  a  substitutional  aggregate  conuining  an  even  number 
(probably  two)  of  nitrogen  atoms  and  the  acceptor  is  boron]  19).  The  broad  bands  at  470- 
607nm  are  probably  also  band  A  but  are  due  to  widely-separated  D-A  pairs.  It  is  also  possible 
that  these  are  phonon  sidebands  of  zero  phonon  lines  at  higher  energy,  which  are  unresolved  in 
highly  strained  material.  The  S7Snm  band  arises  from  a  center  probably  consisting  of  a  single 
nitrogen  atom  and  one  or  more  vacancies]  1 1,20].  The  uncorrected  weak  387. 8nm  peak  is 
identified  as  the  388. 8nm  (3.188eV)  emission  due  to  either  an  interstitial  nitrogen  or  nitrogen- 
interstitial  carbon  complex  and  the  peak  at  532-534nm  is  probably  similarly  due  to  a  nitrogen- 
vacancy-related  complex(8-10];  both  identities  have  been  recently  discussed]  1 1  ].  The  narrow 
peak  at  about  738nm  is  the  same,  within  experimental  error,  as  that  observed  previously  in 
CVD-grown  diamond  and  is  attributed  todi-Si  interstitial  impurities]8,)2.21].  The  origins  of 
the  emissions  at  336-36Snm,  484nm  and  SI4nm  are  unknown  at  present  but  may  also  be 
nitrogen-related.  The  energies  of  the  emissions  were  generally  independent  of  substrate  type 
(Si  or  sapphire)  for  the  dilute  CO-grown  material  however  the  738nm  peak  was  considerably 
more  intense  when  the  substrate  was  Si. 


Correlation  of  CL  with  microstructure 

Correlations  of  CL  with  micro.structure  fall  into  two  groups.  In  relatively  large-grained 
(greater  than  I  |im)  material  where  a  limited  amount  of  non-diamond  carbon  is  also  pre.sent,  the 
CL  intensity  was  usually  intense  enough  to  permit  a  direct  correlation  of  monochromatic  CL 
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Figure  1.  CL  spectra  acquired  from  large  areas  (10-30|im)  of  various  diamond  films:  (a) 
PECVD-grown  (1)  999tH2,  pressure  =  S.OTorr,  temperature  -  650’C  on  Si  (100):  (2) 

S^CF^j,  92%H2,  pressure  =  5.0  Torr,  temperature  -  820'C  on  Si  (100);  (3)  2%CO.  98%H2, 
pressure  =  3.0  Torr,  temperature  -  630'C  on  Si  (100);  (4)  2%CO,  98%H2.  pressure  =  3.0  Torr. 
temperature  -  725'C  on  R-plane  (1012)  sapphire;  (b)  PECVD-grown  methanol/acetic 
acid/water  mixture  on  Si  (100);  (c)  CFS  diamond  film  on  Mo;  (d)  FACVD-grown  2%CH^, 
99%H2,  pressure  =  1 5  Torr,  temperature  -  750'C  on  Si  (100). 
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Table  I.  CL  emissions  detected  in  this  work,  listed  in  ascending  wavelength  and  grouped  in 
similar  type  (energy,  narrow  peak  or  broad  band)  with  corresponding  growth 
methods/conditions  and  impurity  or  defect  responsible.  MAW  =  Methanol,  Acetic  acid.  Water 
(20%CH30H,  40%CH3COOH,  40%H20).  All  substrate  material  was  Si  (except  CFS  films 
where  Mo  was  used). 


CL  EMISSION  GROWTH  CONDITIONS  IMPURITY/DEFECT 

356±lnm(3.48±0.01eV)  FACVD  2%H2  30  Ton/950‘C  Unknown,  unique  to 

365±lnm  (3.40±0.01eV)  FACVD  2«H2  15  Totr/750‘C  CVD-grown  diamond? 

387.8±0.5nm  (3.I96+0.004eV)  CFS  O2/C2H2  lOOO'C  Inlerstit.  N  or  N- 

interstit.  C  complex 

415+lnm  (2.99+O.OleV)  FACVD  2%H2  30  Torr/950‘C  Closely-spaced 

428+Inm  (2.90±0.01eV)  FACVD  2%H2  15  Torr/750‘C  donor-acceptor 

PEC:VD  ISbHj  5  Torr/650*C  (D-A)  pairs.  D  is 
43  l±lnm  (2.88±0.01eV)  CFS  1000‘C  even  number  (2?)  of 

PECVD  MAW  1  Torr/600"C  nitrogen  atoms,  A 

436+lnm  (2.84±0.01eV)  PECVD  2%CO  3  Torr/630'C  is  boron. 

483±lnm(2.56<5±0.005eV)  PECVD  MAW  I  Torr/bOO'C  Unknown 

484+ 1  nm  (2.56 1  ±0.005eV)  PECVD  2%CO  3  Torr/630'C 

514±lnm(2.412+0.004eV)  PEC^VDMAW  1  Torr/eOO'C  Unknown 

532±lnm(2.330+0.004eV)  CFS  O2/C2H2  lOOO'C  Nitrogen-vacancy- 

PECVD  MAW  I  Toir/600’C  related  complex 

534±lnm(2.321±0.004eV)  PECVD 2%CO  3Torr/630-C 

575±0.5nm  (2.156+0.002eV)  CFS  O2/C2H2  lOOO’C  Single  nitrogen  +  1 

PECVD  MAW  I  Totr/bOO'C  or  irwre  vacancies 

470±lnm(2.637±0.0()5eV)  PECVD  1*H2  5  Torr/650’C  Widely-separated 

540±lnm  (2.295+0.004eV)  PECVD  5 TotT/820’C  D-A  pairs,  or 

55l±lnm  (2.2SO+0.004eV)  FACVD  2?fiH2  15 Toit/750*C  unresolved  phonon 

577±lnm  (2. 149+0.004eV)  FACVD  2%H2  30  Totr/950'C  sidebands  of  higher 

607+lnm  (2.042±0.003eV)  PECVD  2%CO  3  Torr/630’C  energy  zero  phonon 

emissions. 

737.6±0.5nm(1.680±0.001eV)  CFS  O2/C2H2  lOOOX  Di-sUicon 

737.8±0.5nm  (L680±O.OOIeV)  PECVD  2%CO  3  Torr/630'C  interstitial  defect 

PECVD8%CF4  5TotT/820'C  (or  N-modified 
738.2±0,5nm(L679±0.001eV)  PECVD  MAW  I  Torr/600'C  version  of  GR 1  ?) 

738.7±0.5nm  (L679+0.001eV)  FACVD  2%H2  15  TotT/750’C 
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mapping  with  specimen  microstnicluie.  In  smaller-grained  or  less  luminescent  material  only  a 
general  correlation  with  overall  microstructure  was  possible. 

(i)  direct  correlation 


Material  grown  by  FACVD  using  dilute  CH^  at  15  Toit/750'C  was  found  to  suitable  for 
CL/TEM  correlation!?].  Figure  2  shows  monochromatic  CL  images  of  thin  film  diamond 
using  the  closely-spaced  D-A  pair  and  di-Si  interstitial  CL  emissions.  The  images  have 
distinctly  different  intensity  distributions  with  the  D-A  emission  more  "spotty"  and  the  di-Si 
defect  emission  often  reflecting  the  long  narrow  micrDStructure  of  the  grains  in  this  material. 


/‘»428nm  5^^  >=738nm 

Figure  2.  Monochromatic  CL  images  showing  closely-spaced  D-A  (X=428nm)  and  di-Si 
(X=738nm)  impurity  distributions  in  FACVD-grown  material  (15  Toit/750'C). 


These  images  were  acquired  from  material  too  thick  for  TEM  imaging,  however  figure  3 
shows  CL  spectra  acquired  from  three  adjacent  thin  grains.  This  shows  that  the  closely-spaced 
D-A  emission  is  correlated  with  the  presence  of  dislocations  and  that  the  defect-free  grain  is 
emitting  no  CL  within  the  detectable  range.  Further  observations  confirmed  this  correlation 
and  while  the  di-Si  defect  emission  was  found  to  vary  greatly  from  grain  to  grain,  it  was  not 
correlated  with  any  particular  microstructure.  Other  emissions  at  about  360nm  (origin 
unknown)  and  550nm  (widely-separated  D-A  pairs)  were  much  more  uniformly  distributed 
throughout  the  films.  Both  highly  defective  and  defect-free  regions  of  the  films  were  found  to 
emit  no  observable  CL.  In  the  former  case  non-radiative  carrier  recombination  is  probably  the 
cause.  In  the  latter  case,  the  absence  of  extensive  diffuse  scatter  in  convergent  beam  electron 
diffraction  (CBED)  patterns  acquired  from  such  grains  suggests  a  low  degree  of  static  disorder 
and  so  the.se  grains  may  be  defect-free,  having  no  states  in  the  band  gap. 

A  direct  correlation  was  also  possible  in  the  CFS  diamond!  17].  Figure  4  shows  the 
microstructure  and  CL  spectra  from  two  particles.  Again,  closely-spaced  D-A  pairs  are 
correlated  with  dislocations.  The  other  dominant  emission  from  this  material  is  at  575nm  and 
is  attributed  to  a  defect  probably  consisting  of  a  single  nitrogen  atom  and  one  or  more 
vacancies!  I  L20].  This  emission  is  not  correlated  with  any  microstructure  and  so  this  point- 
type  defect  appears  to  be  dispersed  throughout  apparently  fault-free  material.  Here  also,  D-A 
emission  is  absent  when  dislocations  are  absent. 
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Figure  3.  TEM  image  showing  defect-free  grain  and  grains  with  dislocations  on  either  side 
(grain  boundaries  are  highlighted  in  white).  CL  spectra  acquired  from  each  grain,  using  an 
astigmatic,  elongated  probe,  show  blue  band  A  emission  due  to  closely-spaced  D-A  pairs 
correlated  with  dislocations  and  little  CL  from  the  defect-free  grain. 
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CL  Combustion  Itame  grown  diamond 
on  dislocations  T-90K  120keV 


CL  Combustion  llama  grown  diamor\d 
teuH/dislocalion'Irca  T«90K 


Waveiangtb  (nm) 


Figure  4.  TEM  images  and  CL  spectra  from  fragments  of  CFS  diamond.  Crystal  containing 
dislocations  (arrowed)  gives  strong  D-A  related  emission  whereas  fault-free  material  has  no  D- 
A  CL  and  only  the  vibronic  emission  with  zero  phonon  line  (ZPL)  at  S7Snm  due  to  a  single 
nitrogen  atom  +  vacancy(ies).  (The  small  dark  particles  in  the  TEM  images  are  non- 
luminescent  debris  from  the  agate  pestle  and  mortar  used  to  crush  the  CFS  diamond  Tilms). 

Thin  regions  of  the  methanol/acetic  acid/water  (MAW)  PECVD-grown  diamond  also 
permitted  a  direct  correlation.  The  CL  spectrum  from  this  material  is  particulary  rich  in 
different  emissions  (fig.  I).  and  figure  S  shows  CL  images  using  the  four  most  intense 
emissions  from  the  same  (mostly  thick)  region  of  specimen.  Some  of  the  intensity  variations 
are  attributable  to  a  non-uniform  thickness  but  other  independent  variations  clearly  exist.  This 
suggests  that  although  the  same  impurity,  nitrogen,  is  responsible  for  at  least  three  of  these 
emissions,  the  various  forms  of  the  nitrogen-related  defects  are  distributed  differently. 
Extensive  twinning  and  stacking  faults  were  often  observed  in  this  material  and  preliminary 
observations  indicate  that  closely-spaced  D-A  emission  is  also  correlated  with  the  presence  of 
the.se  defects.  Work  is  in  hand  to  detect  any  correlation  of  the  other  nitrogen-related  defects 
with  the  microstructure. 


(ii)  indirect  correlation 

For  material  grown  from  dilute  CH^,  CO  and  CF^  by  PECVD,  only  a  general  indirect 
CL/TEM  correlation  was  attempted[l6|.  All  specimens,  except  the  CF^-grown  Tilms,  showed 
closely-spaced  D-A  pair  band  A  emission.  Although  this  has  been  specifically  correlated  with 
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Figure  S.  Monochromatic  CL  images  from  the  methanol/acetic  acid/water  mixture  PECVD- 
grown  Films  using  the  emissions  indicated.  At  least  three  of  these  emissions  are  believed  to  be 
due  to  nitrogen  as  a  number  of  different  defect  structures.  Some  of  the  intensity  variations  are 
due  to  specimen  thickness  variations  but  other  differences  in  the  distribution  of  the  various  CL 
emissions  also  exist.  This  indicates  that  the  spatial  distribution  of  each  of  the  various  nitrogen- 
related  defects  in  the  film  is  different. 
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dislocations  and,  in  one  case,  stacldng  faults/microtwins,  other  defects,  e.g.  non-diamond 
inclusions,  could  potentially  allow  D-A  pairs  to  exist  in  varying  degrees  of  proximity.  This 
may  account  for  the  extremely  broad  band  A  observed  in  the  CH^-grown  material  where  such 
defects  in  single  crystals  abound  and  to  a  lesser  extent  the  CO-grown  film  on  sapphire. 
However,  if  the  density  of  other  defects  becomes  too  high  resulting  in  poor  crystallinity, 
increased  non-radiative  recombination  reduces  the  overall  CL  intensity,  as  seen  in  the  CO- 
grown  films.  Significantly,  the  CF^-grown  material  was  the  least  defective  at  a  microscopic 
level,  i.e.  excluding  microtwins,  and  showed  no  such  band  due  to  closely-spaced  D-A  pairs. 
All  films  showed  some  degree  of  band  A  due  to  widely-separated  D-A  pairs  normally  seen  in 
synthetic  diamond.  In  the  CF,|-grown  films  this  was  the  only  peak  of  any  significant  intensity 
and  the  slightly  higher  peak  energy,  2.3eV  compared  with  about  2.1eV  for  the  CO-grown 
films,  suggests  either  a  difference  in  impurity  concentration  or  smaller  mean  D-A  pair 
separation. 


DISCUSSION 

For  band  A  emission,  a  Coulombic  contribution  in  the  recombination  energy,  which 
depends  on  the  mean  separation  of  the  D-A  pairs,  results  in  band  A  peaking  in  the  400-480  nm 
(3.0-2.6  eV)  blue  range  for  closely-spaced  pairs  and  in  the  500-560  nm  (2.5-2.2  eV)  green 
range  for  more  distant  pairs.  Blue  band  A  luminescence  is  normally  associated  with  natural 
diamonds  where  it  is  thought  that  closely-spaced  D-A  pairs  evolve  by  diffusion  of  the 
impurities  at  elevated  temperatures  over  millions  of  years.  In  contrast,  green  band  A  emission 
is  emitted  from  synthetic  diamond  whete  the  rapid  growth  process  has  "frozen”  the  impurities 
at  relatively  widely  spaced  sites  within  the  lattice.  In  our  present  observations  on  low  pressure- 
grown  diamond[7,16,17],  we  have  observed  that  in  fact  blue  band  A  in  the  415-431nm  range  is 
directly  correlated  with  the  presence  of  dislocations  and  in  one  case,  also  stacking  faults  or 
twins.  A  similar  observation  was  made  on  natural  tn>6  Hb  diamonds[2].  Presumably,  closely- 
spaced  D-A  pairs  are  incorporated  in  the  dislocations  during  growth,  and  although  the  atomic 
structure  of  such  a  system  is  unknown,  a  one-dimensional  D-A  pair  model  has  been 
suggested[2].  In  the  FACVD-grown  material  the  relatively  uniform  distribution  of  green  band 
A  CL  at  SSI  nm  due  to  widely-separated  D-A  pairs,  indicate  that  these  centers  are  fairly 
homogeneously  dispersed  throughout  the  film.  Nitrogen  is  presumably  a  contaminant  of  the 
source  gases  and  vacuum  system,  although  high  purity  gases  were  used  in  most  of  the  growths. 
No  attempt  was  made  to  remove  nitrogen  dissolved  in  the  MAW  components  and  it  is  worth 
noting  that  the  various  nitrogen-related  CL  emissions  were  fairly  intense  in  this  material.  In 
the  CFS  diamond,  the  combustion  was  carried  out  in  air  and  so  the  abundance  of  nitrogen- 
related  defects  is  not  surprising  either.  Boron  may  exist  as  an  impurity  in  the  CVD  reactor 
components  and  in  the  FACVD-grown  material,  the  Si  substrate  was  B-doped.  The  presence 
of  boron  has  been  confirmed  in  some  material  by  SIMS[I6).  The  origin  of  boron  in  the  CFS 
material  is  more  difficult  to  explain.  Moreover,  apparently  B  only  exists  as  an  acceptor  in  this 
material  at  the  dislocations  and  not  in  unfaulted  crystal  (fig.  4).  This  leads  one  to  question  the 
identity  of  B  as  the  acceptor  and  tentatively  speculate  that  instead  some  atomic  arrangement  at 
the  dislocation  exists  with  an  acceptor-like  electronic  structure. 

Several  other  nitrogen-related  CL  emissions  have  been  observed  but  none  so  far 
correlated  with  any  particular  microstructure  although  they  are  sometimes  non-uniformly 
distributed. 

The  origin  of  the  peak  at  about  738nm  deserves  some  discussion  since  at  least  two 
different  centers  are  known  to  cause  emission  close  to  this  energy.  The  GRl  emission,  due  to 
the  neutral  vacancy  defect,  occurs  at  l.673eV|I9].  Another  peak  at  l.685eV  has  been 
attributed  to  adi-Si  interstitial  defect(8,22)  and,  mote  recently,  pe^s  at  L680eV  and  1.68leV 
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have  been  attributed  to  the  same  defecl[7, 12,15,16,21].  Annealing  studies  and  experiments 
with  substrates  other  than  Si(  15,16,21],  which  is  often  used  in  CVD  diamond  growth  and 
believed  to  be  a  major  source  of  Si  impurity,  would  seem  to  confirm  that  Si  is  involved  in  this 
defect.  In  addition,  glass  reactor  components  are  also  possible  sources  of  Si.  However,  in  the 
case  of  CFS  diamond,  there  is  no  obvious  source  of  Si  impurity.  It  therefore  seems 
questionable  that  the  di-Si  defect  is  responsible  for  the  observed  peak  in  that  material  and  so 
the  GRI  defect  could  be  considered  as  a  possible  cause.  Although  the  presence  of  stress  can 
shift  the  GRI  energy  by  several  meV,  the  full  width  at  half  maximum  (FWHM)  of  the  738nm 
peaks  seen  here  is  only  7meV  compared  with  2SineV  as  apparently  observed  for  GRI  [  1 1  ].  The 
effect  of  stress  and  the  possible  influence  of  nitrogen  on  GRI  is  discussed  in  more  detail 
elsewhere]  17],  In  FACVD-grown  material,  no  correlation  of  di-Si  impurity  with 
microstructure  or  any  other  CL  emission  was  observed.  The  defect  appears  to  vary  in 
concentration  from  grain  to  grain  but  is  relatively  homogeneous  within  a  single  grain. 

To  date,  most  low  pressure  diamond  growth  has  been  carried  out  using  dilute 
hydrocarbons.  It  seems  that  the  presence  of  other  atomic  species,  such  as  O  in  CO  and  the 
MAW  mixture,  and  F  in  CF^  does  not  introduce  any  optically  active  impurity  or  defect  states 
not  previously  observed  in  dilute  CH^-grown  CVD  diamond. 

Finally,  it  is  worth  briefly  discussing  the  absence  of  CL  from  those  grains  which  are 
apparently  defect-free.  It  would  appear  that  such  grains  contain  very  low  levels  of  impurities 
and  do  not  therefore  emit  CL  in  the  visible  spectrum  but  rather  in  the  UV  close  to  the  band  gap 
which  is  not  detectable  with  our  current  system.  Such  CL  has  been  observed  from  CVD-grown 
diamond[9|  but  no  correlation  with  microstructure  was  possible  in  the  work  reported.  It  is 
interesting  to  note  that  defect-free  grains  often  occur  adjacent  to  those  containing  many  defects 
and  may  result  from  different  nucleation  processes. 


CONCLUSION 

TEM  CL  has  been  used  to  correlate  electronic  structure  due  to  defects  and  impurities 
with  microstructure  in  a  variety  of  low  pressure-grown  diamond  films  at  high  spatial 
resolution.  The  CL  spectra  from  the  various  films  exhibit  emissions  common  to  one  another 
but  the  form  of  the  spectra  vary  considerably  from  material  to  material.  The  films  are  very 
inhomogeneous  on  a  submicron  scale  with  the  impurity  and  defect  content  varying  greatly 
from  grain  to  grain.  Grains  with  many  defects  are  often  found  adjacent  to  defect-free  grains  of 
high  purity.  The  dominant  impurity  is  nitrogen  which  is  present  in  a  variety  of  defect  forms  in 
the  diamond  lattice.  Closely-spaced  D-A  pairs  have  been  directly  correlated  with  dislocations 
and  in  one  case  stacking  faults  and  twins.  Interstitial  silicon  is  incorporated  in  many  films  and, 
like  other  point  defect-type  nitrogen  impurities,  has  not  been  correlated  with  any  particular 
microstructure.  In  addition,  nitrogen  may  be  playing  a  role  in  the  growth  process.  Certainly  it 
is  associated  with  major  faults  in  diamond  grown  by  a  variety  of  low  pressure  methods,  but 
whether  it  simply  segregates  to  the  defects  or  in  fact  is  their  cause  is  not  known.  This  question 
and  the  reasons  for  the  nucleation  of  these  defect-free  grains  is  the  subject  of  continuing  work. 
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ABSTRACT 

Diamond  (111)  surfaces  with  the  dehydrogencrated  2x1  reconstruction  have  been  exposed  to 
a  beam  of  atomic  fluorine  at  300  K.  The  uptake  of  fluorine,  as  measured  using  X-ray 
photoelectron  spectroscopy,  is  quite  efficient  and  saturates  at  a  coverage  of  less  than  a 
monolayer.  Low  energy  electron  diffraction  patterns  indicate  that  fluorine  termination  of  the 
diamond  .surface  produces  a  1x1  bulk-like  reconstruction  in  contrast  to  the  disordered  surface 
produced  on  the  (100)  surface. 


INTRODUCTION 

In  order  for  diamond  to  become  a  viable  semiconductor  material,  several  large  advances  in 
growth  techniques  must  be  made.  To  this  date,  no  verified  instances  of  large  scale  heteroepitaxy 
have  been  reported.  This  lack  of  success  appears  to  be  due  to  the  propensity  (in  high  pressure 
rcaaors)  of  diamond  to  nucleate  at  multiple  sites  and  produce  growth  of  micron-sized  crystallites 
which  coalesce  into  a  thin  film.  In  order  to  grow  epitaxial  films  over  large  areas,  films  must  be 
grown  two-dimensionally  (or  in  a  Frank-Van  der  Merwe  growth  mode);  this  evidently  requires  a 
ve  y  slow  growth  rate  that  would  be  mote  relevant  to  molecular  beam  epitaxy  (MBE)  techniques. 
Furthermore,  careful  tailoring  of  films  with  features  having  dimensions  on  the  order  of  a  lattice 
parameter  will  be  requited  to  produce  advanced  devices  such  as  quantum  well  structures. 

We  are  attempting  to  develop  an  atomic  layer  epitaxy!  1,21  scheme  for  the  deposition  of 
diamond  thin  films  based  on  the  use  of  halogenated  reagents.  Such  a  scheme  would  involve  the 
use  of  self-limiting  chemical  reactions  that  would  provide  control  of  the  deposition  process  on  an 
atomic  scale.  To  this  end,  we  have  been  investigating  the  surface  chemistry  of  diamond  and 
graphite  substrates  with  both  fluorine  and  chlorine  atoros|3-6). 

This  paper  presents  results  from  experiments  involving  fluorine  atom  adsorption  on  a 
diamond  (111)  surface,  specifically  the  dehydrogenated  2x1  reconstruction.  Previous  work  on 
mono-hydrogenated  1x1  (100)  surface,  has  shown  that  fluorine  atoms  adsorb  at  a  saturation  level 
of  =3/4  of  a  monolayer  forming  a  disordered  carbon  monofluorine  moiety[3 ].  The  adlayer  is 
stable  up  to  700  K  whereupon  fluorine  desorbs  in  some  form,  although  ilesotption  is  not 
complete  until  a  temperature  of  1 100  K  is  reached. 


EXPERIMENTAL 

Studies  were  performed  in  an  ultrahigh  vacuum  apparatus  comprising  a  turbomolecular 
pumped,  liquid  nitrogen  trapped  ultrahigh  cell  (ultimate  vacuum  -  3  x  10-’*’  Torr)  interfaced  to  an 
ion/sublimadon  pumped  analysis  chamber.  The  diagnostics  available  in  the  analysis  chamber  are 
x-ray  photoelectron  spectro.scopy  (XPS)  and  low  energy  electron  diffraction  (LEED).  The 
sample  is  transferred  between  chambers  using  a  linear  motion  feedthrough  with  sample 
heating(1200  K)  and  cooling  (120  K)  capabilities. 
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The  S  X  S  X  0.2S  mm  type  2A  diamond  (111)  substrate  (Dubbeldee  Harris)  was  polished 
using  0.2S  mm  diamond  grit  in  oleic  acid  and  rinsed  in  acetone  and  ethanol  baths  in  an  ultrasonic 
cleaner  to  remove  any  trace  of  the  polishing  process.  Heating  the  substrate  to  =  750  K  in 
vacuum  produced  a  surface  devoid  of  any  contaminants  as  measured  by  the  XPS  diagnostic. 
Bright  1x1  LEED  patterns  at  ISO  eV  were  obtained,  indicating  the  presence  of  the  hydrogenated 
1x1  bulk-like  teconstniction.[7]  Further  heating  to  -  1050  K  produced  intense  2x2  LEED 
patterns  indicating  the  formation  of  the  dehydrogenated  2x1  surface.  This  reconstruction 
removes  the  dangling  bands  (one  per  surface  carbon)  by  forming  surface  carbon  dimer  bonds. 

The  fluoriiK  atom  source  has  been  described  in  detail  elsewheR.[8]  Briefly,  it  consists  of  a 
rainiamre  fast  flow  tube  whose  output  is  sampled  by  a  small  aperture  (40  pm),  which  produces 
an  atomic  or  molecular  beam.  A  5%  fluorine  in  argon  gas  mixture  (2  Tort)  flows  (500  seem) 
through  an  alumina  tube  which  is  surrounded  by  an  Evenson-type  microwave  discharge  cavity, 
past  the  apetture,  and  exhausts  through  a  co-annular  passage.  Ciperating  the  discharge  at  70W 
power  produces  nearly  100%  dissociation  of  the  fluorine.  The  alumina  flow  tube  is  readily 
passivated  and  no  recombination  of  F  atoms  in  the  gas  or  on  the  walls  is  seen  when  the  beam  is 
sampled  by  a  mass  spectrometer. 

The  XPS  analyses  were  performed  using  a  PHI  15  keV,  Mg  K,,  x-ray  source  and  a  PHI  15- 
255  GAR  double  pass  cylindrical  mirror  electron  energy  analyzer  operated  at  a  pass  energy  of  25 
eV.  The  analyzer  was  calibrated  using  the  Au  Afin  peak  at  83.8  eV  and  is  accurate  to  ±0.2  eV. 
Due  to  the  insulating  properties  of  the  diamond  sample,  significant  charging  effects  were 
observed.  For  this  reason,  all  spectra  presented  here  are  referenced  to  the  C  Is  peak  (285.0  eV) 
of  bulk  diamond.  This  peak  has  a  full  width  at  half  maximum  (FWHM)  of  1 .4  eV  and  its 
assignment  is  never  ambiguous.  Fluorine  atom  concentrations  are  measured  using  the  F  Is 
transition  at  685.5  eV.  The  LEED  diagnostic  is  of  a  reverse  view  variety  (Princeton  Scientific 
Instruments). 


RESULTS  AND  DISCUSSION 

Figures  1  -3  present  data  obtained  from  the  dehydrogenated  2x  1  reconstruction.  In  this  case, 
the  surface  dangling  bonds,  produced  by  desorbing  the  surface  hydrogen,  are  energetically 
sati.sfied  by  forming  surface  dimer  bonds  between  carbon  atoms.  Thus  fluorine  atom  addition 
requires  the  breaking  of  the  surface  dimer  bond  upon  formation  of  a  carbon  fluorine  bond. 

Figure  I  presents  an  F  atom  uptake  curve  (measured  using  the  XPS)  as  a  (unction  of  exposure  to 
atomic  fluorine  ( I  ML  =  1 .8  x  1015  cm-z).  The  initial  uptake  appears  to  be  first  order  in 
fluorine  atom  coverage.  The  saturation  coverage  is  less  than  a  monolayer  as  determined  from  the 
C  is  spectrum  which  indicates  only  partial  disappearance  of  a  surface  state  feature.[3] 

Figure  2  presents  an  artists  rendition  of  the  obtained  LEED  patterns  before  and  after 
fluorination.  Ruorination  decreases  the  intensity  of  the  second  order  spots  indicating  that  the 
.surface  dimers  are  being  broken  to  form  areas  of  a  fluorine  terminated  1x1  reconstruction.  The 
.second  order  spots  never  entirely  disappear  which  is  in  accordance  with  the  fact  that  the 
saturation  coverage  determined  above  is  less  than  the  monolayer  required  to  totally  terminate  the 
surface.  Unfortunately,  without  quantitative  information  as  to  the  width  and  relative  intensities  of 
the  individual  spots,  it  is  impossible  to  determine  the  relative  sizes  of  the  lx  I  and  2x1  domains. 
This  behavior  is  quite  different  from  that  found  on  the  (100)  surface  where  fluorine  addition 
results  in  a  disordered  surface.  Instead,  fluorine  atoms  on  the  ( 1 1 1)  surface  behave  in  a  manner 
similar  to  that  of  hydrogen  atoms  whose  removal  and  adsorption  to  form  ordered  surfaces  are 
quite  revetsible(7.9].  It  is  interesting  to  note,  though,  that  as  repeated  cycles  are  attempted  with 
both  atomic  hydrogen  and  fluorine,  the  LEED  patterns  become  generally  dimmer  indicating  some 
damaee  to  the  surfaceflOI. 
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Figure  1.  Uptake  curve  of  fluorine  as  a  function  of  atomic  fluorine  exposure.  The 

integrated  fluorine  XPS  signal  has  been  normalized  to  the  integrated  carbon  peak 
(1  ML  =  1.8  X  1015  cm-J). 


DIAMOND  (111)  LEED  PATTERN 


Figure  2. 


Arti.st's  rendition  of  LEED  patterns  obtained  at  a  beam  voltage  of  150  eV.  Note 
that  the  .second  order  spots  are  much  less  intense  after  fluorination  indicating  a 
partial  reconsmition  of  the  2x1  surface  to  a  lx  I  bulk-like  configuration. 
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Figure  3  presents  the  relative  fluorine  coverage  as  a  function  of  temperature  for  a  (1 1 1 )  surface 
which  has  been  fluorinated  to  saturation  coverage  at  room  temperature.  This  thermal  behavior  b 
quite  similar  to  that  found  on  the  (100)  surface,  where  fluorine  desorption  also  begins  at 
approximately  700  K.  We  note  that  the  actaal  Huonne  and  carbon  spectra  obtained  on  both 
surfaces  are  virtually  identical  in  shape  and  snticture. 


CONCLUSIONS 

Fluorine  atom  adsorption  on  both  the  dehydrogenated  2x1  reconstruction  of  the  diamond 
(111)  surface  and  nonhydrogenated  1  x  1  bulk-like  reconstruction  of  the  diamond  ( 100)  surface 
are  found  to  be  quite  similar  in  most  respects.  Adsorption  Is  efficient  and  saturation  coverages  of 
a  carbon  monofluoride  species  of  less  than  a  monolayer  are  found  in  both  cases.  Fluorine  in 
.some  form  starts  desorbing  at  =700  K,  but  some  fluorine  coverage  is  found  up  to  a  temperature 
of  1 100  K.  The  major  difference  is  that  while  fluorine  addition  to  the  (100)  surface  produces  a 
disordered  adlayer,  the  2x  I  (111)  surface  is  partially  reconstructed  to  the  1x1  bulk-like 
reconstruction  due  to  fluorine  termination.  This  result  is  in  accordance  with  the  concept  that  the 
(111)  surface  is  le.ss  sterically  hindered  than  the  ( 100)  .surface  due  to  the  presence  of  only  one 
adduct  site  as  compared  to  two  on  the  (100)  surface. 
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Figure  3.  Thermal  stability  of  fluorinated  diamond  adlayer.  The  substrate  was  fluorinated 
to  saturation  of  300  K  before  heating. 
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ABSTRACT 

Undoped  and  boron-doped  diamond  epitaxial  films  were  deposited 
on  diamond(OOI)  substrate  by  micro-wave  plasma  assisted  chemical 
vapor  deposition  and  their  surfaces  were  studied  by  scanning 
tunneling  microscopy  in  air  An  atomic  order  resolution  was  confirmed 
for  the  observation 

For  the  undoped  epitaxial  films,  which  showed  2x1  and  1x2 
RHEED  patterns,  dimer  type  reconstruction  was  observed  and  it  was 
considered  that  the  growth  occurs  through  the  dimer  row  extension  In 
the  case  of  B-doped  films,  the  dimer  reconstruction  was  also  observed 
However.  2x2  structure  due  to  the  absence  of  dimer  was  partially 
observed 

The  effect  of  boron  concentration  and  methane  concentration 
during  epitaxial  growth  on  the  surface  morphology  were  also  studied. 
The  morphology  observed  by  STM  became  flatter,  as  the  concentration 
of  B-doping  and  methane  concentration,  during  growth,  increased 


INTRODUCTION 

In  order  to  understand  the  growth  mechanism  of  diamond  chemical 
vapor  deposition  (CVD),  observation  of  a  grown  surface  is  believed  to 
be  required.  It  is  very  important  to  control  surface  atomic  structure  and 
morphology  for  the  electronic  application  of  diamonds,  especially  tor 
B-doped  epitaxial  films|1)  Shiomi  et  al  |2|  studied  the  morphology  of 
epitaxially  grown  diamond  surfaces  by  SEM  and  optical  microscopy 
(OM)  and  concluded  that  the  surface  roughness  caused  the  poor 
Schottky  property  of  diamond-metal  interfaces. 

Scanning  tunneling  microscopy  (STM)  is  one  of  the  most 
successful  methods  for  surface  analysis,  because  of  its  atomic  scale 
spatial  resolution  Recently.  STM  observation  studies  have  been 
reported  tor  surfaces  of  diamonds  grown  by  CVD  Most  of  the  trials  are 
for  polycrystalline  diamonds{3-5|  However,  study  for  well-defined 
single-crystalline  surfaces  is  desirable  in  order  to  resolve  fundamental 
processes.  On  diamond(OOI)  surfaces.  2x1  and  1x1  structures  were 
reported  by  LEED  and  RHEED  observation  in  the  case  of  clean  surfaces 
in  UHV(6|.  hydrogenated  surfaces!/)  and  epitaxially  grown  surfaces 
after  micro-wave  assisted  CVD(2|  The  authors  previously  reported  on 
the  real  space  imaging  by  STM  of  2x1|8)  and  1x1(9)  structures  after 
CVD  growth 
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EXPERIMENTAL 

The  undoped  epitaxial  films  were  deposited  onto  diamond(OOl) 
substrates  using  micro-wave  plasma  assisted  CVO.  of  whicn  the 
reactant  gas  consists  of  methane  and  hydrogen  In  the  case  of  B-dnped 
films,  diborane  of  appropriate  concentration  was  added  in  reactant  gas 
The  substrates  were  single  crystalline  diamonds  synthesized  under 
high-pressure  and  they  were  cut  and  mirror-polished  The  size  of  the 
substrates  was  2  0x1.5  mm*  in  area  and  0  3  mm  in  thickness.  The 
substrates  were  chemically  etched  by  bichromic  acid  and  cleaned  by 
acetone,  acid  and  water  prior  to  deposition.  Growth  condition  was  that 
gas  pressure  was  40  Torr.  micro-wave  power  was  300  W  and  temperature 
of  the  substrates  was  measured  to  be  830T  by  optical  pyrometry 
Methane  concentration  was  mainly  6%  with  hydrogen  flow  rate  ot  100 
seem  after  the  condition  reported  by  Shiomi  et  al  |2J  Typical  thickness 
of  epitaxial  layers  was  0  8  urn 

After  deposition,  the  samples  were  taken  out  of  the  CVD  apparatus 
and  RHEED  observation  and  X-ray  photoemission  spectroscopy  were 
performed  STM  observation  was  performed  in  air  typically  with  a 
tunneling  current  of  2  nA  and  tip  bias  of  +0  1  V 

RESULTS  AND  DISCUSSION 

Epitaxially  grown  surfaces  showed  sharp  RHEED  patterns  of  2x1 
and  1x2  structures  XPS  showed  no  impurities  on  the  surfaces  except 
for  small  amount  of  oxygen 

STM  observation  was  found  to  have  an  atomic  order  resolution  A 
typical  image  of  a  diamond(OOi)  surface  of  undoped  epitaxial  film  Is 
shown  in  Fig  1  Patterns  of  parallel  rows  can  be  seen  clearly  all  over 
the  image  The  distance  between  the  adjacent  rows  were  found  to  be 
5  0  ,  almost  corresponding  to  twice  that  of  the  surface  unit.  2  52  A 

This  image  can  be  explained  by  symmetric  dimer  and  hydrogen 
adsorption 

Figure  2(a)  is  an  image  of  larger  area  As  is  shown  in  Fig  2(b).  the 
Sa  steps  look  straight  and  Sb  steps  look  rather  zig-zag  in  contrast  (Sa 
and  Sb  steps  are  shown  in  Fig.  2(c)  The  notation  of  steps  is  alter 
Chadi  |10|  )  The  authors  consider  that  these  indicate  crystal  growth 
through  dimer  row  extension  mainly  from  Sb  steps 


Figure  2 

(al  STM  image  o(  diamona(OOi).  (b)  Outlines  ot  step  edges  in  (a) 
(c)  Sa  and  SD  steps  ol  diamondlOOl)  surface 


For  2x1  structures  ot  undoped  epitaxial  surfaces,  the  dimer  atoms 
were  not  resolved  However,  images  of  better  resolution  were 
successfuly  obtained  for  B-doped  films(70ppm).  as  is  shown  in  Fig  3 
Carbon  atoms  which  form  dimers  can  be  observed  separately  In  the 
upper  right  part  of  the  figure,  strong  contrast  (probably  corresponding 
to  dangling  bond)  can  be  seen  The  authors  consider  that  tie  detect 
atfecis  the  electronic  states  of  dimers  and  resulted  in  the  resolution  of 
dimer  atoms  It  is  not  clear  that  the  defect  has  any  relation  to  B-doping 
or  not.  The  distance  between  dimer  atoms  was  measured  to  be  15a. 

which  is  one  of  the  shortest  interatomic  distance  ever  identified  by 
STM 


Figure  5 

STM  images  of  diamond(OOi)  grown  by  micro  wave  plasma 
assisted  CVD  The  results  for  undoped  (a)  and  B-doped 
films  (b  e)  grown  with  mehane  concentration  of  6%.  B 
concentration  was  (b)  3ppm.  (c)  20ppm.  (d)  70ppm  and 
(e)350ppm 


.  « 


As  the  dimer  row  extension  plays  important  role  in  the  growth  of 
d  iamond  (00 1 ) .  the  morphology  of  the  grown  surface  is  probably 
affected  by  the  absence  of  dimers.  The  authors  observed  larger  areas 
in  order  to  estimate  micro-morphology  of  epitaxial  films  The 
topography  in  the  area  of  1000  A  square  for  grown  surface  of  undoped 
ct/Uaxial  film  with  6%  of  methane  concentration  is  shown  in  Fig. 5(a) 
The  mounds  with  some  hundreds  A  ih  area  and  50-100  A  in  height  are 
seen.  Such  mounds  are  too  small  for  SEM  or  OM  observation  The 
outline  of  the  mounds  were  apparently  along  the  |110).  or  dimer  row 
direction 

Figures  5(b)  to  5(d)  show  the  STM  images  of  1000A  square  for  B- 
doped  films.  3.  20.  70.  350  ppm  respectively  It  is  clearly  seen  from  the 
figures  that  the  doping  of  B  to  the  films  has  very  strong  effect  on  the 
surface  morphology  of  epitaxial  film.  Increasing  B  concentration  makes 
the  surface  flatter  The  authors  consider  that  the  absence  of  dimers 
reduced  the  correlation  along  the  |110|  direction  and  hindered  the 
mound  formation 

The  similar  observation  was  performed  for  the  effects  of  methane 
concentration  during  CVD  growth  The  results  lor  methane 
concentration  of  1.2. 4. 6  and  8  %  are  shown  in  Fig  6(a)  to  6(d)  In 
these  cases,  the  difference  of  surface  reconstruction  was  not  clear  and 
other  mechanisms  should  be  considered. 
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Figure  6 

STM  images  of  diamond(00l )  grown  by  micro-wave  plasma 
assisted  CVO.  The  results  for  undoped  films  grown  with 
methane  concentration  of 
(a)  1%.  (b)  2%.  <c)  4%.  (d)  6%  and  (e)  8% 
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COCNCLUSION 

The  atomic  structure  and  micro-morphology  of  diamond(OOI) 
surfaces,  grown  by  micro-wave  plasma  assisted  CVD,  were  observed  by 
STM  The  effect  of  B-doping  was  admitted  to  both  of  them.  B-doping 
makes  for  an  absence  of  dimers,  suggesting  the  existence  of  stress  in 
the  epitaxial  film.  B  concentration  and  methane  concentration  made  the 
surface  morphology,  observed  by  STM.  change  drastically. 
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ABSTRACT 

Auger  sp('<  troscopy  is  used  to  deterinin<*  the  bonding  slates  of  carbon  in  the  inlerfacial 
region  lielwivn  silicon  and  PECVD  diamond  films.  SiC  and  hybridized  carbon  are 
observf'd.  We  suggest  a  possible  growth  s<‘<|iu‘iue  for  diamond  films  to  account  for  the 
interfacial  layer. 

INTRODUCTION 

Diamond  ha.s  many  attractive  propertR*s.  which  include  the  higlu'st  hardness  and  room 
leniperaiuio  thermal  conductivity  of  any  material,  an  extremely  low  thermal  expansion 
coefficient,  and  reasonable  electrical  insulating  properties  (1).  As  a  result  of  these  proper¬ 
ties.  diamoinl  films  have  many  pot<'ntial  applications  a.s  hard  coatings  and  wear  surfaces, 
and  in  el<'ctroni<'  d<*vices.  (Ireat  int<Test  in  thew*  applications  has  r<‘sulted  from  develop- 
m<‘nts  in  low  (>r<*ssur<'  diamond  synthesis  which  have  allowed  polycryslalline  diamoml  films 
to  be  pro(luc<‘d  at  liiu’ar  growth  rates  of  tens  to  hundreds  of  microns  per  hour.  Several 
coin(»rehensive  r<'vi<'ws  of  th<‘  field  exist  |2,  •J,  I]. 

.Most  <‘lectronics  appfi<alkms,  however,  require  further  rmprovement.s  in  film  quality 
and  smoothness,  and  in  the  economics  of  pro<lu<  tion.  Be<ause  (’VT)  is  commonly  used  in 
sili<»>n  an<l  otlu  r  seinicondiu  tor  technologies.  (’Vl)  of  siiKH»th  tliainond  films  is  a  focus  of 
<  urrj'iit  efforts  in  the  (i<>kl. 

I  he  most  <onimonly  grown  films  are  of  |1 1  Ij  type  and  <lisplay  relatively  large  faceted 
grains,  ther<'by  producing  films  of  considerable  surface  roughness  (2.  d.  I,  5].  Improved 
properties  will  dearly  require  an  improv>Hl  understanding  of  the  nucleation  and  growth 
processes  juvolve<l  in  <liamon<l  film  deposition.  Belton  ami  Schmieg  |6]  have  examined 
the  silicoii/iliamond  interui*e  by  XBS  ami  EELS,  and  <ietermined  that  the  deposit  wa.s 
a  mi.\tur<’  of  Si(’  ami  diamond.  VS  illiains  ami  (ila.ss  [7]  have,  through  I  KM  sludi»«s. 
<jbMTv<’fl  a  ■jll  A  Iay<'r  of  Si('  at  the  <liamoiid/siiicon  interface.  lijima  [S|  ha.s  examimd  the 
grow  I  h  of  diaiiumd  part i<  h’son  substrates  soiled  wit  b  <liainomi  powder,  a  <  ommon  practice 
tisr<l  u>  imi>rov<-  iIm’  diatiioml  uucl<*ali<>n  <lensity.  ami  has  determim'd  that  diainoncl  grows 
honHX’julaxialh  on  <]ia/n<md  parlid«*s  which  remain  enibe<Ided  m  the  substrate  lidlowing 
t  h<’  se«Mling  plot  ess. 

1  li(’  present  si  inly  tak<’s  advantage  of  the  iiiiii|ne  capabilit i<‘s  of  .\uger  €’l«‘(  Iron  sp«'r- 
trosiopy  (.\ES)  to  e.xamine  both  the  <'oni|>osii ion  and  tin*  chemical  }H)nding  of  tin*  inter- 
facia!  region.  It  ha.s  long  lM*<*n  known  [*>]  lliai  th<*  lim*  strmiure  of  the  ;\ugt‘r  spi'ctrum 
of  carl>on  provides  a  tingerprini  for  i«lentification  of  the  form  of  carbfui  deposits  on  a  sur¬ 
face.  1  he  present  [>a|MT  uses  this  capahility  to  examine  ImiIIi  sides  of  the  diamond/siliron 
interface  and  to  suggc'st  a  growth  wqueme  for  (’\  D  diamond  films. 

EXPERIMENTAL  PROCEDURE 

1  hr<‘e  sets  of  samples  were  analyz«’<l  for  this  pa|M'r.  TIm'  first  s«*t.  referred  to  as  sample  A. 
was  grown  on  an  uns<s*ded  silicon  wafer  by  pla.sina  enhaiieed  chemical  vapor  de}H>sition  in  a 
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2.4")  CJHz  microwave  rt*actor  with  0.5%  carbon  bearing  gases  in  hydrogen,  and  a  substrate 
temperatiir<*  of  755®  C.  The  second  set,  referr^  to  as  sample  B.  was  grown  on  a  silicon 
wafer  which  had  Ikxmi  abrado<l  with  diamond  grit  under  conditions  identical  to  those  used 
for  sample  A.  The  third,  referred  to  as  sample  C\  was  grown  on  a  seeded  Si  wafer  under 
similar  conditions  to  the  previous  samples  except  with  approximately  3%  carbon  bearing 
ga.ses. 

All  three  samples  were  fractured  <n  sifu  in  a  IVrkin  Klmer  BHI  660  Auger  microscope, 
with  an  operating  pressure  of  approximately  2  10"^  torr.  The  fracture  was  accomplished 

by  mounting  a  thin  slice  of  the  sample  p<*rpendicular  to  the  surface  of  a  specially  grooved 
sample  stage,  scribing  the  backside  of  the  sample  at  a  desired  fracture  location,  and  in¬ 
serting  it  into  the  mic  roscope  chaml)er  where  it  was  broken  by  the  installed  PHI  fracture 
attachment. 

.Auger  spectra  w«*re  collcctc'd  from  locations  on  the  exposed  fracture  surfaces  and  from 
reference  samples  of  pure  SiC.  pure  natural  diamond,  piiic*  graphite,  and  sputtered  amor¬ 
phous  carbon.  OifTcrcncc^s  in  lujiiding  slate  arc  most  clearly  obst*rvable  in  the  derivative 
(d.\(K)/dK)  spectra,  and  arc*  illiistratc'd  in  Fig-  I.  The  BIII-.MAI  L.AB  software  package 
wa.s  used  to  perform  a  litiear  lea.st  scpiarc's  tit  of  the  reference*  spectra  to  the  sample  data. 
We  fit  to  .\(  K)  rather  than  dN(E)/dK)  in  order  to  avoid  loss  of  information  due  to  differen¬ 
tiation.  Due  to  differences  in  .Auger  yields  from  different  bonding  orbitals,  this  technique 
is  only  sc'tni  quantitative. 

Other  authors  [9]  have  obs<*rvc*d  a  split  pc‘ak  near  250  eV  in  diamond,  rather  than  the 
broad,  flat  p<*ak  sliowfi  in  Fig.  1.  We  attribute  the  difference  to  damage  inducc*d  by  the 
<*(<'<  tron  beam  during  onr  relativ<‘ly  prolonged  data  collec lion. 

(Irapfiitc'  and  aniorphotis  carlH)n  produce  th<*  least  distinctive  .Auger  lineshapes  of  the 
four  standai'cl  materials,  as  the  ’‘sIiouIcIct"  due*  to  the  KFflwf  transition  observcMf  near 
255  e\'  Ixsotiies  less  distinc  t  with  decrea-siiig  graphitic  character.  For  that  rea.son,  the 
tc'rms  — li\  briclizc'd  carbon"  anci  “carbon"  arc*  usc’d  here*  to  describe  materials  having 
an  .Auger  linc'shapc*  with  substantial  graphitic  character,  as  measurc'd  by  the  fitting  routine. 

Following  .\ugcT  analysis,  all  thr<*<’  samples  were  exaniinfHl  by  .SKM  to  determine  the 
riiorphology  of  the*  fracture*  surface. 

In  addition,  to  (Ic-tc-rmine  the  likelihood  of  Sit  ’  formation  at  an  exist  ingsilicon/diamond 
inlc‘rface  under  growth  conditions,  silicon  powder  was  mixed  with  natural  diamond  powder 
and  reac  tc'd  in  argon  at  T5tF  (’  for  four  hours.  The  resulting  mixture  was  analyml  by 
x-ray  diffrac  tiou  (XUDI- 

RESULTS 

Sample  A.  grown  on  an  unseedc*d  silicon  wafer  under  the  same  conditions  as  the  seeded 
silicon  wafer  used  for  sample*  B,  wa.s  not  a  continuous  film,  as  I'ig.  2  illii.strates.  SKM 
c'xaiiiinal ion  sliowc’d  a  snicKjth  surface  willi  small,  isolated,  diamond  grains.  I  he  .Auger 
spectra  taken  from  this  film  were  dominat«*d  by  Sit',  with  small  amounts  of  — hybridized 
carbon  (with  a  graphitic  Anger  lineshape)  also  obs<*rvecl. 

Fpoii  in  si/u  fracture  of  sample  B  in  the  Anger  microscope,  overhanging  diamond 
"shelves"  and  uiiderlianging  silicon  "ledges”  wer<‘  observed,  i  hese  features  are  schernati- 
c  aily  illustrated  in  Fig.  3.  and  SKM  micrograph?*  of  a  shelf  and  a  ledge  appear  in  Figs.  4 
and  5.  respc'ctivc'ly. 

Figure  4  shows  that  the  underside's  of  the*  overhanging  diamond  shelves  are  grcx)ved. 
I  he  damage  produced  by  abrading  ihc*  silicon  substrate  is  apparently  replicated  in  the 
growing  film.  .Auger  spectra  taken  from  these  surfaces  showerl  the  presence  of  Sit  and 
.sp^- hybridized  carbon  in  approximately  equal  amounts. 
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Figure  5  indicates  that  a  sloping  iiiterfacial  region  is  expt^w'd  between  the  substrate  and 
the  diamond  film.  Auger  spectra  were  collected  fur  a  series  of  jHjints  in  and  on  both  sides  of 
the  interfacial  region.  These  spectra  show  a  progression  from  SiC-dominated  material,  to  a 
region  containing  primarily  carbon,  to  the  diamond  film.  Oxygen  was  also  observed  in  the 
SiC-dominated  region  (Fig.  6),  but  not  in  the  interfacial  region,  suggesting  that  the  native 
silicon  oxide  was  still  present  during  the  early  growth  stages.  It  is  worth  noting  here  that 
Nicalon  fibers  (amorphous  SiC)  have  been  shown  to  incorporate  substantial  fractions  of 
oxygen.  Since  hydrog«*n  is  not  detectable  by  .\FS.  it  was  not  possible  to  measure  hydrogen 
concentration  at  tlie  interface  or  elsewhere. 

When  the  shelvc*s  and  ledges  are  considered  a.s  mating  halves  of  the  fracture  surface, 
it  appears  that  fracture  of  the  interface  left  tra<<*s  of  SiC  and  carbon  on  both  surfaces.  It 
therefore  stvms  likely  that  fracture  occurred  in  a  transitional  region  be‘tween  SiC  and  the 
diamond  film. 

I  he  fracture  surface  of  sample  (’  was  somewhat  differeni  from  that  of  sample  B,  as 
shown  in  Figs.  7  and  8.  In  sample  C.  no  clearly  de!ineat<Hl  interfacial  region  was  vis¬ 
ible  on  silicon  ledges.  'I'his  observation  was  confirmed  by  .\tiger  spectra,  which  showed 
that  Si(’  an<l  carbon  were  present  in  approximately  equal  quantities  on  the  exposed  ledge. 
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Figure  6:  Auger  spectra  from  exposed  silicon  ledge,  sample  B. 


HgureT;  Cnderside  of  diamond  Figure  8:  Exposed  silicon  ledge  in  sample  C. 

shelf  ill  sample  C. 
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Trace  amounts  of  oxygen  were  also  observed  on  llit'se  Itnlges.  again  indicating  that  some 
of  the  nativ<‘  SiO^  layer  was  present  on  the  surface.  Spectra  frotn  the  underside’s  of  dia¬ 
mond  shelves  contained  diamond^  hybridized  carbon,  and  SiC  in  approximately  equal 
amounts.  Since  the  escape  depth  for  Auger  eb’ctrons  is  only  on  the  order  (  **  5  A  [10]. 
these  data  suggest  that,  although  the  transitional  interface  region  was  still  present  in  sam¬ 
ple  (’  and  interfacial  fracture  occurred  in  this  region,  sample  C*s  transition  region  was 
suhstanlially  reduced  relative  to  sample  B*s. 

It  is  worth  noting  that  no  scratches  were  visible  on  the  undersides  of  diamond  shelves 
in  Sample  ('.  suggesting  that  the  reduced  interfacial  region  and  the  reduced  interfacial 
damage  are  related. 

Finally,  the  mistureof  diamond  and  silicon  powder  was  examined  by  XKI)  with  Cu-Ko 
radiation  both  before  and  after  reaction.  The  diffraction  pattern,  consist  i,g  solely  of  peaks 
attributable  to  silicon  or  diamond,  was  unchanged  by  heat  trealmenl.  Phis  indicates  that 
diamond  is  unlikely  to  be  consumed  by  silicon  carbide  formation  once  diamond  has  formed 
on  a  silicon  substrate. 

DISCUSSION  AND  CONCLUSIONS 

Plu'  .\KS  results  ch’arly  demofislrate  that  the  bonding  slate  of  carbon  changes  from  Si(’- 
like  to  .sp^— hybridized  to  .sp'~hyl>ridized  (diamond)  acro-ss  the  Si/dianiond  interface.  I  he 
.Auger  results  also  show  that  oxygen  is  present  near  the  Si  side  of  the  interface  but  not 
near  the  diamond  side.  Further  efforts  will  fo<us  on  the  Si  and  oxygen  lincshapes  across 
the  interface  in  order  to  identify  the  oxygen-bearing  species  in  the  interfacial  region.  This 
will  help  us  better  understand  the  fate  of  silicon's  native  oxide  during  the  CVD  process. 

Several  (onclusions  can  be  drawn  from  our  results.  First,  silicon  carbide  is  observed  at 
th<'  diamond/sili< <ui  interface  irt  samples  B  and  (\  and  on  the  surface  of  sample  A.  This 
carbide  must  form  either  by  reaction  with  exposed  Si  patches;  by  incorporation  of  carbon 
into  the  SiO^  layer;  by  diffusion  of  Si  through  the  oxide  layer:  or  some  combination  of  these 
()roce.ss<*s.  In  any  case,  the  rate  of  growth  of  a  layer  AB  on  a  substrate  A  is  proportional 
to  where  x  is  the  .AB  layer  tliickness  and  hence  the  diffusion  length  of  A  from  the 

substrate  tlirougli  the  growing  layer.  The  diffusion  length  x  is  in  turn  proportional  to  >/07. 
wlu're  1)  is  the  diffusion  coefficient  of  A  in  AB  aiul  /  is  time  [! )].  So.  as  the  thickness  of  the 
SiC  layer  incr<’ases,  the  rale  of  Si(’  growth  decreases  and  eventually  becomes  negligible. 
Meanwhile,  carbon  continues  to  deposit  on  the  film  surface,  whether  or  not  Si  is  present 
to  react  witli  it. 

(  oncurreiit  with  the  above  proc<*ss,  diamond  grows  on  all  three  .samples.  In  sample  B 
and  ('.  we  note  that  r<T<'nt  work  [8j  has  shown  that  diamond  particles  are  embedded  in 
tin*  surface  of  substrates  which  have  Ix'cn  abra<led  with  diamond  powder,  and  that  (^V  1) 
diamond  growth  occurs  homoepitaxiaily  on  th<*se  particles. 

Therefore,  we  believe  that  humoepitaxial  diamond  growth  occurs  .simultaneously  with 
Si(’  growth  in  samples  B  and  A.s  the  rale  of  SiC  formation  decn'ases,  the  growing 
diamond  crystallites  overgrow  the  Si(’  and  carbon  layers,  eventually  forming  a  continuous 
film.  This  process  is  schematically  illustrated  in  Fig.  9. 

Tiiially.  we  attribute  the  thin  interfacial  reaction  layer  in  sample  (.'  to  the  high  con¬ 
centration  of  car[)on  bearing  gases  during  growth  of  this  sample.  Apparently,  for  seeded 
films,  the  growth  rate  of  diamond  is  iiniite<)  by  gas  phase  transport.  Hence  the  diamond 
grows  at  an  accelerated  rate  in  this  sample. 

lo  summarize,  we  liave  studied  the  carbon  bonding  states  in  the  Si/diamond  inler- 
facial  region,  and  have  obs<Tved  Si(’  and  hybridizecl  carbon.  We  suggest  that  these 
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Diamond  Growth  Direction 


['igurr  !):  S('h<*matic  representation  of  diatnond  growth  on  samples  H  and  (’. 
layers  form  simultaneously  with  diamond  growth  on  preexisting  nnelei.  Further  work  will 
concentrate  on  itieni ifi< ation  of  the  silicon  and  oxygen  species  in  the  intcrfacial  region. 
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ABSTRACT 

We  report  an  essentially  complete  characterization  of  energies  and  relaxation  processes 
of  the  lowest  seven  electronic  states  of  the  N-V  (nitrogen-vacancy)  center  in  diamond  using 
several  different  nonlinear  laser  spectroscopic  techniques.  We  have  also  applied  uloafast 
optical  techniques  to  measure  dielectric  properties  of  CVD  and  bulk  diamond  in  the  "  3- 1 .6 
THz  range  for  the  first  time. 


INTRODUCTION 

The  N-V  center  with  zero  phonon  absorption  at  637  nm  is  one  of  the  simplest  and 
most  studied  radiation-induced  centers  in  nitrogen-containing  diamond  [  1 1.  It  was  somewhat 
surprising  therefore  that  Manson  and  co-workers  |21  recently  questioned  earlier  assignments 
of  its  electronic  states.  However,  their  viewpoint  was  fully  substantiated  by  subsequent 
work  of  Redman  et  al.  [3).  who  used  a  combination  of  EPR  and  nearly  degenerate  four-wave 
mixing  spectroscopy  to  show  directly  that  the  ground  state  was  a  spin  triplet  rather  than  a 
singlet  as  suggests  earlier  by  Loubser  and  Van  Wyk  (4).  Here  we  present  new  results  of 
high  resolution  optical  spectroscopy  involving  persistent  hole-burning,  stimulated  photon 
echo  and  two-beam  coupling  observations  which  confirm  and  extend  these  findings. 
Persistent  hole-burning  was  used  to  determine  zero  field  splittings  of  the  ground  and  excited 
triplet  states  due  to  spin-spin  interactions.  Echo  techniques  with  femtosecond  pulses  revealed 
quantum  beats  at  oscillation  frequencies  in  agreement  with  the  hole-burning  results.  These 
short  pulse  experiments  also  characterized  fast  relaxation  processes  of  the  center.  Two-beam 
coupling  with  frequency-locked  dye  lasers  was  used  to  elucidate  slow  decay  processes. 

We  have  also  measured  real  and  imaginary  parts  of  the  dielectric  tensor  for  diamond  in 
the  Terahertz  (THz)  frequency  regime.  Preliminary  results  reported  here  were  obtained  by  a 
precise  ultrashort  pulse  technique  [3|  applied  to  bulk  single  crystals  and  free-standing  CVD 
polycrystalline  films.  Broadband  bursts  of  Terahertz  taxation  were  generated  by  ultrashort 
optical  pulses  on  a  low-temperature-grown  GaAs  photoconductive  dipole  antenna,  then 
collimated  and  passed  through  the  material  under  study  to  an  identical  dipole  receiver  gated 
with  variable-delay,  synchronized  pulses  from  the  same  laser.  CVD  diamond  crystallite  sizes 
were  very  much  smaller  than  a  wavelength,  so  these  measurements  furnish  accurate  values  of 
refractive  index  and  loss  tangent  over  a  broad  range  of  millimeter  wavelengths  when  film 
thickness  is  known.  These  values  arc  the  same  as  would  be  measured  for  dielectric  constant 
and  conductivity  in  single  crystal  diamond  films  of  equivalent  density  and  composition. 


EXPERIMENTAL 

Sample  preparation  has  been  described  elsewhere,  in  reference  [3),  and  there  it  was 
shown  in  a  direct  manner  that  the  ground  state  of  the  N-V  center  is  a  spin  tripleL  Still  earlier, 
uniaxial  stress  studies  (6|  showed  that  the  first  parity-allowed  optical  transition  is  between  a 
ground  state  of  A  and  an  orbitally  excited  state  of  E  symmetry.  Consequently,  with  the 
further  result  from  f3|  that  a  metastable  state  exists  between  ^A  and  ’E,  the  electronic  energy 
level  scheme  of  Fig.  1  is  obtained  for  the  center.  All  states  shown  are  within  the  gap. 
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Figure  1.  Energy  levels  of  the  N-V  center  in  diamond. 

Persi.sient  Snectral  Hole-Burning 

Small  spin  splittings,  such  as  the  one  labelled  A  in  Fig.l  between  singly  and  doubly 
degenerate  sub-levels  of  a  triplet  orbital  state  (partly  split  in  zero  field  by  spin-spin 
interactions),  can  easily  be  measured  by  electron  paramagnetic  resonance  if  they  occur  in 
ground  stales.  More  generally  however,  both  ground  and  excited  stale  splittings  can  be 
measured  using  various  forms  of  optical  hole-burning  spectroscopy,  which  records 
transmission  versus  frequency  following  narrowband  laser  excitation.  Here  we  first  present 
persistent  hole-burning  measurements  of  the  splittings  A  and  B  depicted  in  Fig.  1  for  the  N-V 
center.  We  then  compare  them  with  quantum  beat  measurements  and  in  later  sub-sections 
consider  relaxation  dynamics  of  the  center  and  Terahertz  response. 


Figure  2.  Persistent  hole  burning  spectrum  of  the  N-V  center  at  637.87  nm  at  T=6.5  K. 


Optical  pumping  among  the  ground  and  excited  spin  states  of  the  N-V  center  was 
accomplished  at  liquid  helium  temperatures  with  radiation  from  a  cw  dye  laser  tuned  to  the 
zero  phonon  resonance  at  637  nm.  The  re-distribution  of  pqaulalion  among  homogeneous 
groups  of  N-V  centers  within  the  broad  absorption  linewidth  (hole-burning)  was  observed  by 
probing  absorption  changes  induced  by  the  pump  laser  on  a  fine  frequency  scale.  In  our 
experiments,  we  observiid  both  tfansient  and  persistent  changes  in  absorption  in  the  detuning 
range  0-10  GHz.  Below  70  K,  it  was  possible  to  observe  the  spectrum  of  Fig.  2  after  delays 
of  up  to  an  hour  by  tuning  a  weak  probe  beam  through  the  spectral  region  of  the  "bleaching" 
laser.  The  extraordinary  persistence  of  "satellite"  features  seen  in  this  spectrum  was 
previously  unexplained  (7|,  but  ail  features  can  now  be  accounted  for  by  assigning  zero  field 
triplet  spin  splittings  of  A=2.88  GHz  and  B=0.65  GHz.  That  is,  all  holes  appear  at 
frequency  shifts  of  ±A,  ±B,  i(A-B),  ±(A+B),  or  ±(A±2B).  The  value  for  A  is  in  excellent 
agreement  with  ground  state  EPR  |3,4|,  whereas  B  has  not  been  measured  previously. 


I 


t 


Ultrafast  Quantum  Beat  SpectroscoDv 


A  direct,  ail-optical  method  of  verifying  splittings  in  the  triplet  manifolds  and  of 
measuring  the  values  of  A  and  B  is  to  observe  fluorescence  orccjierence  decay  following 
short  pulse  excitation.  This  method  relies  on  preparation  of  a  coherent  superposition  of  the 
two  ^A  and  the  two  states,  and  observation  of  interference  between  dipole-allowed 
transitions  in  subsequent  emission  of  the  system.  We  used  cavity-dump^  800  fs  pulses 
from  a  two-jet,  synchronously  tiKxle-locked  DCM  dye  laser  to  excite  the  N-V  center  at  637 
nm.  Two  counter-propagating  pump  pulses  mixed  with  a  weak  probe  pulse  within  the 
sample  to  generate  an  accumulated  3-pulse  echo  propagating  opposite  to  the  probe  and 
exhibiting  the  dependence  on  delay  shown  in  Fig.  3. 


Delay  (ns) 


Figure  3.  Three-pulse  stimulated  echo  signal  versus  probe  delay  for  X=637  nm  at  T=6.5  K. 

The  observed  oscillations  for  co-polarized  beams  occurred  at  a  frequency  of  2.2  GHz 
as  determined  by  FFT  analysis.  This  frequency  is  in  excellent  agreement  with  the  difference 
frequency  A-B  of  the  two  spin-allowed  transitions  between  the  ground  and  excited  state 
manifolds  expected  from  pCTsistent  hole-burning  results.  Here  however,  state  splittings  are 
implicated  directly,  without  appeal  to  complex  optical  pumping  and  storage  processes  due  to 
the  ultrafast  excitation  mechanism.  Interestingly,  signals  are  ^so  observ^  for 
cross-polarized  forward  pump  and  probe  beams.  These  signals  presumably  originate  from 
higher-order  coherence  among  the  sub-levels  of  each  manifold.  The  temporal  d«:ay  of  the 
quantum  beat  envelope  yields  the  dephasing  time  of  the  state  directly.  At  6.5  K  this 
amounts  to  a  few  nanoseconds.  The  population  decay  time,  obtained  in  separate 
measurements  with  delayed  backward  pump  pulses,  is  13.3  ns.  These  are  the  fast  relaxation 
processes  of  the  N-V  center. 


Two-beam  couoline 

Slow  decay  processes  are  ordinarily  measured  by  fluorescence  or  phosphorescence  decay 
experiments.  However,  if  the  decay  is  non-radiative  or  the  wavelength  of  emission  is 
unknown,  frequency-domain  techniques  like  four-wave  mixing  or  two-beam  coupling  can  be 
very  useful. 

In  Fig.  4  the  gain  spectrum  for  a  probe  wave  passing  through  a  bulk  single  crystal  of 
diamond  containing  N-V  centers  illuminated  by  a  strong  pump  wave  is  shown.  The  two 
beams  cross  at  a  small  angle  in  the  sample,  and  spectral  variations  in  the  energy  transfer 
between  the  two  beams  are  well-known  to  depend  sensitively  on  decay  times  of  internal 
population  dynamics  of  the  center  under  study  |8|.  Since  the  basic  relaxation  processes 
within  the  N-V  center  have  been  described  previously  |3|,  we  can  compare  the  results  of 
two-beam  coupling  quantitatively  with  earlier  work. 


We  find  that  two  exponential  decay  processes  are  required  to  describe  the  observations  in 
Fig.  4.  The  two-beam  coupling  spectrum  itself  is  therefore  a  superposition  of  in-phase  and 
out-of-phase  components  of  two  contributions  from  distinct  dynamical  processes.  The  Fitting 
parameters  consist  of  the  corresponding  relaxation  times  t)  and  t2,  and  r^  and  imaginary 
parts  of  the  nonlinear  refractive  index  02.  The  solid  curve  in  the  figure  is  a  least  squares  Fit  to 
room  temperature  data  with  ti=  50i 2  ms,  t2=0.64±. 01  ms,  and  02702’= -1.01  ±.04  .  For 
comparison  with  earlier  determinations  by  four-wave  mixing  (NDFWM),  two-beam  coupling 
was  also  performed  at  77  K  with  the  result  that  t|=92±30ms,  t2=  I.l±.l  ms,  and  and 
n"/n2’=  -0.9± .  1 .  Excellent  agreement  is  obtained  for  t2  when  compared  to  the  precise 
NDFWM  determination  t2=1.170±  .003  ms,  whereas  t,  is  somewhat  shorter  than  the 
NDFWM  value  265.3±  .6  ms.  However  t|  from  beam  coupling  does  approach  the  NDFWM 
value  as  intensity  and  chopping  duty  cycle  are  reduced.  This  indicates  that  the  qualitative 
description  of  the  diamond  beam  coupling  spectrum  is  excellent  and  the  quantitative 
comparison  with  earlier  results  satisfactory.  On  this  basis  the  two  components  t,  and  t2  in 
the  beam  coupling  spectrum  may  be  identified  as  arising  from  intersystem  crossing  (' A--> 
^A)  and  spin-lattice  relaxation  (^A(b)->  *A(a))  respectively. 
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Figure  4.  Two-beam  coupling  signal  versus  pump-probe  detuning.  The  solid  line  is  a  least 
squares  regression  based  on  two-component  nonlinear  response. 


Tcrahem  spstliascopy 

Single  cycles  of  Terahertz  radiation  of  approximately  600  fs  duration  were  generated 
by  too  fs  optical  pulses  incident  on  photoconductive  antenna  structures  integrated  on  GaAs 
wafers.  Collimation  was  accomplished  using  a  hyper-hemispherical  Silicon  lens  constructed 
of  high  resistivity  material.  Detection  relied  on  a  similar  arrangement  in  which  the  receiver 
voltage  was  sampled  with  100  femtosecond  timing  accuracy  using  optical  pulses  derived 
from  the  same  laser.  In  Fig.  S  the  real  and  imaginary  parts  of  the  dielectric  constant 
determined  in  this  way  are  presented  for  two  nominally  undoped,  free-standing  diamond 
Films  of  area  1  cm^  and  thicknesses  20  and  60  pm  grown  by  filament-assisted  chemical  vapor 
deposition  (FACVD). 

When  losses  are  dominated  by  free  carrier  absorption,  the  variations  in  the  imaginary 
index  reflect  changes  in  the  bulk  conductivity  versus  fr^uency.  Thus,  given  accurate 
determinations  of  film  thickness,  data  such  as  that  in  the  lower  curve  of  Fig.  S(b)  provide  an 
elegant  method  for  characterization  of  millimeter  wave  conductivity  over  a  very  wide  band. 


(b) 


Figure  5.  (a)  Detected  Terahertz  pulsed  field  strengths  versus  time,  with  and  without  a 
free-standing  FACVD  diamond  film  lestimaled  20  |im  thickness)  placed  between  transmitter 
and  receiver,  (b)  Refractive  index  and  conductivity  of  the  diamond  film  derived  by 
preliminary  analysis  of  pulse  envelope  modulation  and  phase  delay. 


The  rapid  rise  in  the  real  index  toward  lower  frequencies  evident  in  Fig.S  is 
incompletely  understood  at  this  time,  but  is  probably  due  to  low  frequency  electromagnetic 
resonances  associated  with  dangling  bond  and  impurity  spin  excitations.  Systematic 
measurements  are  in  progress  to  correlate  these  parameters  with  film  morphology,  doping 
and  growth  conditions  as  well  as  to  make  direct,  quantitative  comparisons  with  bulk  single 
crystals. 


SUMMARY 

Deieiminations  of  the  electronic  structure  and  dynamics  of  the  lowest  seven  states  of 
the  N- V  center  in  diamond  constitute  the  main  results  of  this  work.  We  have  made  high 
resolution  observations  of  the  splitting  of  doubly  degenerate  and  singly  degenerate  spin  states 
associated  with  the  orbital  singlet  ground  stale  and  the  lower  component  of  the  orbital  doublet 
excited  state,  in  zero  field.  Results  obtained  by  persistent  hole-burning  agree  well  with  those 
from  quantum  beat  spectroscopy.  Evidence  [31  for  the  existence  and  relaxation  rate  of  a 
postulated  intetmediate  >A  state  has  not  been  discussed  here,  but  completes  our  picture  of 
lowest-lying  energy  states  of  the  center. 

Fast  population  decay,  optical  dephasing  and  slow  dynamics  due  to  iniersyslem 
crossing  and  spin-lattice  relaxation  have  also  b«n  studied.  The  decay  constants  associated 
with  each  state  were  determined  accurately  with  a  combination  of  photon  echo  and  beam 
coupling  techniques.  Overall,  our  measurements  constitute  a  rather  complete  picture  of  the 
electronic  structure  and  fundamental  relaxation  processes  of  the  N-V  center.  Finally  we  have 
presented  preliminary  measurements  of  dielectric  properties  of  CVD  diamond  at  Terahertz 
fr^uencies  using  all-optical  techniques  easily  extendable  to  other  widegap  semiconductor 
thin  films. 
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ABSTRACT 

We  have  studied  the  electrical  properties  of  boron  dop^  composite  films  that  consist 
of  diamond  and  amorphous  carbon.  These  films  were  deposited  by  hot  filament  chemical 
vapor  deposition  at  a  lelatively  high  carbon/hydrogen  ratio.  The  mixture  of  trimethyl  borate 
vapor,  and  methane  served  as  a  source  gas.  The  composite  films  had  much  smoother 
surfaces  than  polycrystalline  diamond  films. 

The  surface  morphology  and  average  roughness  were  determined  by  scanning 
electron  microscopy  (SEM)  and  atomic  force  microscopy  (AFM).  Raman  spectroscopy  and 
x-ray  diffraction  were  used  to  analyze  the  structure  of  the  films. 

A  composite  film  grown  with  4%  methane  in  hydrogen  had  a  higher  resistivity  than 
a  well  faceted  diamond  film  grown  at  0.5%  methane.  In  contrast  to  hydrogenated 
amorphous  carbon  films  which  have  a  lower  resistivity  after  thermal  annealing,  the 
resistivities  of  composite  films  increased  by  a  factor  of  two  to  ten  after  3  hours  annealing  at 
600°C. 


INTRODUCTION 

The  resistivity  of  diamond  and  an  amorphous  sp  2  material  are  fundamentally 
different  because  the  electrical  conduction  mechanism  of  a  crystalline  semiconductor  is  not 
the  same  as  that  of  an  amorphous  semiconductor.  An  undoped  polycrystalline  diamond  film 
usually  has  a  resistivity  >  10  ^  ohm-cm  [1,2].  However,  as  the  quality  of  diamond  is 
degraded  with  a  small  amount  of  sp^  structure,  the  resistivity  becomes  less  than  10  * 
ohm-cm.  On  the  other  hand,  the  resistivity  of  amorphous  carbon  films  can  vary  from 
10  to  10  ohm-cm  [3,4],  depending  on  the  hydrogen  concentration  and  carbon  bonding 
structures. 

The  purpose  of  this  work  is  to  systematically  study  the  electrical  properties  of 
carbon  films  as  a  function  of  carbon  sp^  /spl  ratio  and  boron  doping  level. 

EXPERIMENTAL 

Semiconducting  films  made  of  diamond  and  amorphous  carbon  were  grown  in  a  hot 
filament  assisted  chemical  vapor  deposition  chamber.  The  deposition  conditions  were 
chosen  at  a  typical  setting  for  good  diamond  growth  and  the  parameters  are  listed  in 
Table  1. 

The  only  two  variables  are  carbon/hydrogen  ratio  and  boron  concentration.  The 
growth  rate  as  indicated  in  the  Table  I  is  relatively  low.  That  is  because  a  large  distance 
between  hot  filament  and  substrate  was  used  in  order  to  get  uniform  films  over  a  large  area. 
Trimethyl  borate  (TMB)  was  used  as  doping  source.  The  tungsten  filament  was  carburized 
prior  to  film  growth  and  during  deposition  the  temperature  was  kept  at  the  relatively  low 
temperature  of  2000°C  in  order  to  minimize  metal  contamination.  Three  series  of  eleven 
samples  were  prepared  for  this  study  and  they  ate  shown  in  Table  II. 

The  surface  morphology  and  average  roughness  were  determined  by  scanning 
electron  and  atomic  force  microscopy.  The  structures  of  the  film  were  qualitatively  studi^ 
by  Raman  spectroscopy  and  x-ray  diffractometry. 

Since  our  substrates  were  highly  doped  silicon,  10-20  ohm-cm,  free  standing  films 
were  made  by  etching  off  the  substrate  prior  to  the  resistivity  measurement.  Resistances 
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were  measured  by  four  point  probe  from  room  temperature  up  to  700°C  using  a  Keithly  224 
current  source  and  a  617  electrometer.  In  addition,  W,  Al,  and  Ti  point  prc^s  were  used 
for  studying  the  metal  contacts. 


Table  I.  Experimental  parameters. 


Tungsten  filament  temperature 
Heater  temperature 
Estimated  substrate  surface  temp. 
Substrate  -  filament  distance 
Gas  flow  rate 

CH4  +  TUB* 

H2 

Total  gas  flow  rate 
Total  gas  pressure 
Deposition  time 
Growth  rate 


2000°C 

800°C 

850°C  -  900°C 
10  mm 


0.5  -  4.0  seem 
99.5  -  96.0  seem 
100  seem 

20  torr  (26.7  mbar) 

20  hours 

0.15  -  0.4  pm/h 


*  TUB  =  trimethyl  borate 


Table  II.  Sample  notation,  room  temperature 
resistivity,  growth  rate,  and  average  surface  roughness. 


CARBON/HYDROGEN  RATIO 
0.5%  1.0%  2.0% 

4.0% 

SERIES  U 

UNDOPED 

Resistivity 

tohm-cm) 

U(0.5) 

4.6X10^ 

U(2.0) 

1.5x10^ 

U(4.0) 

1.2X10® 

S  .RltS  L 

lightly  doped 

L(0.5) 

L(l.O) 

L(2.0) 

L(4.0) 

Resistivity 

510 

44 

40 

7.9x10® 

SERIES  H 

HEAVILY  DOPED 

H(0.5) 

H(l.O) 

H(2.0) 

H(4.0) 

Resistivity 

60 

7.0 

5.6 

450 

Growth  Rate 
(Mm/h) 

0.15 

0.25 

0.40 

0.30 

RMS  Roughness 
(nm) 

182 

113 

104 

13 

RESULTS  AND  DISCUSSION 
Surface  motpholoev  and  structures 

Fig.  I  shows  the  effect  of  the  methane  concentration  change  on  the  surface 
morphology.  The  root  mean  square  roughness  measured  by  AFM  is  listed  in  the  bottom  of 
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Table  II.  This  data  shows  that  the  roughness  of  diamond  films  can  be  reduced  by  more  than 
an  order  of  magnitude  with  the  addition  of  an  sp^  phase.  The  growth  rates  are  0.1  S,  0.25, 
0.4,  and  0.3  /im/h  for  gas  combinations  of  0.5%,  1%,  2%,  and  4%  methane  in  hydrogen, 
respectively.  The  reduced  growth  rate  at  4%  methane  is  possibly  due  to  significant  amount 
of  carbon  precipitating  on  the  filament  during  growth.  Ibe  addition  of  the  TMB  vapor  for 
doping  in  the  source  gu  neither  changed  the  growth  rate  nor  the  surface  morphology. 

The  corresponding  Raman  spectra  for  different  carbon  concentrations  are  shown  in 
Fig.  2.  It  indicates  that  the  higher  the  carbon  concentration,  the  broader  and  weaker  the 
R^an  diamond  peak.  For  the  film  grown  at  4%  methane,  the  sp  ^  peaks  are  the 
dominated  features,  and  the  diamond  signal  is  too  weak  to  be  identified.  Based  on  these 
Raman  spectra,  we  conclude  that  the  sp  ^  /sp  ^  ratio  of  the  films  increased  with  a  rising 
methane  concentration. 


Fig.  I  The  surface  morphology  of  diamond  films  with  methane  concentrations  of  (a)4%, 
(b)2%,  (c)l%,  and  (d)  0.5%.  All  SEM  micrographs  were  taken  at  same  magnification. 
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Fig.  2  Raman  spectra  of  diamond  films  with  methane  concentrations  of  (a)4%,  (b)2%, 
(c)l%,  (d)0.5%. 
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X-ray  diffraction  spectra  of  samples  L(O.S)  and  L(4.0)  are  shown  in  Fig.  3.  The 
broad  small  peaks  of  sample  L(4.0)  are  from  diamond  (1 1 1)  and  (220).  This  indicates  that 
small-grain  diamond  is  in  this  film  even  though  it  is  not  identified  in  the  Raman  spectrum. 
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Fig.  3  X-ray  diffraction  patterns  of  sample  M0.5)  and  L(4.0). 


fasiaivity 

Surface  contamination  can  be  a  serious  problem  for  resistivity  measurements  [5]. 
Thus,  a  low  (rawer  oxygen  plasma  was  adopt^  for  surface  cleaning.  The  resistances 
measured  before  and  after  cleaning  process  were  the  same  for  all  eleven  samples. 
However,  on  some  of  our  older  samples,  the  plasma  cleaning  changed  the  resistance 
reading  by  as  much  as  three  orders  of  magnitude. 

The  room  tem[>erature  resistivity  results  in  Table  II  show  that  a  small  sp^ 
concentration  in  a  diamond  film  will  decrease  the  resistivity  while  a  large  sp  ^ 
concentration  will  increase  it. 

Heating  can  significantly  influence  electrical  properties  of  the  films.  Some  groups 
[6,7J  re{rarted  that  the  existence  of  hydrogen  in  diamond  films  may  lower  the  resistivity. 
They  found  that  after  annealing  at  a  tem[)erature  as  low  as  400‘’C,  the  resistivity  increased 
by  a  few  orders  of  magnitude.  Therefore,  we  studied  the  annealing  effect.  However,  after 
3  hours  annealing  at  600°C,  our  results  for  all  series  showed  the  resistivity  only  increased 
by  a  factor  of  two  to  ten.  Ihe  films  with  the  largest  amount  of  sp7  component  increased 
the  most  in  resistivity.  Thus,  in  contrast  to  hydrogenated  amorphous  carbon,  our 
amorphous  carbon  dominated  film  had  a  higher  resistivity  after  annealing.  Fig.  4  shows  the 
resistivity  as  a  function  of  inverse  temperature.  The  activation  energies  decreased  with 
increasing  boron  concentration  in  agreement  with  other  work  [8]. 

We  plan  to  do  funher  work  to  understand  why  the  films  with  the  largest  sp^ 
comiranents  have  the  highest  resistivity  and  largest  increase  of  resistivity  u{ran  heating. 
Perhaps  the  sp^  contains  very  little  hydrogen  and  is  therefore  very  different  hydrogenat^ 
amorphous  carbon.  We  are  planning  to  work  on  the  distribution  and  electrical  {percolation 
of  the  sp  7  and  sp  ^  phases  as  a  function  of  tem{>erature. 

Since  there  is  no  natural  solid  oxide  com(raund  for  carbon,  the  composite  film  with  a 
high  resistivity  could  be  used  as  a  passivation  layer  for  the  application  of  diamond  electronic 
devices. 

Metal  contacts 


Fig.  S(a)  shows  a  typical  rectifying  current-voltage  characteristic  of  a  Ti  contact  on 
undo()ed  polycrystalline  diamond  film.  For  all  the  boron  doped  samples,  Al,  Ti,and  W 


contacts  showed  ohmic  characteristics  and  a  typical  result  is  shown  in  Fig  5(b).  Besides  the 
effect  of  doping,  small  amount  of  amorphous  component  on  the  surface  also  can  enhance 
the  ohmic  contact  [9,10].  However,  our  film  with  the  greatest  sp^  content  showed  a 
nonlinear  1-V  characteristic  when  a  large  voltage  range  was  used,  (see  Fig  S(c)) 
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Fig.  5  (a)  1-V  characteristic  of 
rectifying  contact. (Ti  on  diamond) 

(b)  A  typical  ohmic  1-V  characteristic 
of  a  dop^  film,  (c)  Non-linear  I-V 
characteristic  of  amorphous  carbon  film. 


Fig.  4  Resistivity  vs. 
reciprocal  temperature. 
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SUNIMARY 

Three  series  of  diamond  films  with  different  boron  doping  level  and  carbon 
sp  2/sp  3  ratio  have  been  studied  by  means  of  electrical  resistivity  and  metal  contacts.  It  is 
shown  that  the  electrical  resistivity  of  diamond  films  can  be  strongly  affected  by  non¬ 
diamond  components.  In  a  high  purity  diamond  film,  small  amount  of  sp^  carbon  can 
reduce  its  resistivity.  However,  when  the  amorphous  carbon  is  the  dominant  component  in 
the  film,  the  resistivity  increases  drastically,  and  the  increase  of  resistance  caused  by 
annealing  is  the  greatest. 

This  composite  carbon  film  with  a  high  electrical  resistivity  can  be  utilized  a 
passivation  layer  for  diamond  thin  film  devices  since  there  is  no  natural  solid  oxide  for 
carbon. 
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ABSTRACT 

Raman  scattering  and  photoluminescence  spectroscopies  have  been  used  to  characterize 
poiycrystalline  diamond  Films  deposited  on  molybdenum  substrates  by  laminar  and  turbulent 
premixed  oxygen-acetylene  flames  in  air.  Samples  deposited  under  laminar  flame  conditions 
are  characterized  by  a  high  degree  of  incorporation  of  nitrogen-vacancy  complexes.  However, 
samples  deposited  with  a  turbulent  flame  show  a  significant  decrease  in  the  concentration  of 
these  defects  and  a  reduction  of  the  amorphous  carbon  film  component. 


INTRODUCTION 

One  of  the  most  challenging  problems  in  diamond  film  research  has  been  the  growth  of 
high  quality,  monocrystalline  films  on  a  heterogeneous  substrate.  Solution  of  the  problem  re¬ 
quires  an  improved  understanding  of  the  nucleation  and  growth  mechanism,  which  in  turn  may 
depend  on  the  details  of  the  deposition  technique. 

Combustion  assisted  chemical  vapor  deposition  (CACVD)  in  open  atmosphere  has  at 
tracted  the  attention  of  many  research  groups  b^ause  the  instrumental  simplicity  and  high 
growth  rate  (1,2).  One  of  the  basic  problems  with  this  technique,  other  than  the  polycrystal¬ 
linity  of  the  films,  is  the  undesirable  incorporation  of  nitrogen  impurities  during  the  film 
deposition  (3,4).  Recently,  Snail  et  al.  (5)  have  reported  the  synthetization  of  poiycrystalline 
films  in  a  turbulent  flame  with  very  low  levels  of  incorporation  of  nitrogen  impurities.  These 
results  are  very  important  since  they  allow  the  possibility  of  the  study  of  in  situ  doping. 

In  this  work  we  report  a  comparative  study  of  poiycrystalline  films  deposited  in  molyb¬ 
denum  substrates  using  laminar  and  turbulent  premixed  oxygen-acetylene  flames  in  air.  Low 
and  high  resolution  room  temperature  Raman  scattering  (RS)  experiments  were  used  to 
evaluate  the  film  quality.  Low  temperature  photoluminescence  (PL)  experiments  were  per- 
foimed  to  monitor  the  incorporation  of  nitrogen  and  nitrogen-vacancy  complexes. 


EXPERIMENTAL  TECHNIQUE 

We  have  examined  free-standing  films  deposited  on  molybdenum  substrates  by 
CACVD,  in  the  laminar  and  turbulent  flame  regimes.  The  film  deposition  was  performed  in 
ambient  air  using  a  commercial  oxygen-acetylene  brazing  torch  with  1.17  mm  and  1 .85  mm 
diameter  orifice  tips  for  laminar  ( I )  and  turbulent  (5)  flame  conditions,  respectively.  High 
purity  oxygen  (99.99%)  and  acetylene  (99.6%)  were  used  as  source  gases,  with  the  acetylene 
passing  through  an  activated  charcoal  trap  to  remove  residual  acetone  (6).  For  the  samples  ex- 
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amined  in  this  work  the  ratio  (Rf)  of  the  oxygen-acetylene  flow  varied  from  1.017  to  1.080. 

The  substrates  were  positioned  in  the  feather  about  1-2  mm  from  the  primaiy  flame  front,  and 
adjusted  so  as  to  maintain  a  surface  temperature  -  900°C.  The  substrate  temperature  was  ad¬ 
justed  by  varying  the  fraction  of  the  length  by  which  a  3/8"  threaded  molybdenum  rod  was  in¬ 
serted  into  a  threaded  hole  in  the  water  cooled  copper  substrate  mount  (2).  The  substrate 
temperature,  during  the  growth,  was  monitored  with  a  two-color  infrared  pyrometer.  The  Hlms 
deposited  under  laminar  flame  conditions  are  nearly  transparent  in  the  center,  degrading  to  a 
gray-brown  color  at  the  edges,  with  crystallite  size  varying  from  sub-micron  to  a  few  microns. 
Similar  morphology  was  observed  in  films  deposited  with  flames  in  the  turbulent  regime,  ex¬ 
cept  for  the  absence  of  the  colored  rings.  An  observed  decrease  of  the  film  growth  rate  under 
tu^ulent  conditions  by  a  factor  of  two  or  three,  may  be  associated  with  simultaneous  etching 
(5). 


The  RS  measurements  were  carried  out  at  room  temperature.  The  S 1 4.S  nm  and  488.0 
nm  argon  ion  laser  lines  provided  between  10  and  100  mW  of  laser  power  with  the  laser  spot 
size  of  approximately  ISO-200  lun.  The  scattered  light  was  dispersed  by  a  scanning  double 
grating  spectrometer  with  8S  cm  focal  length  and  a  built  in  spatial  filter  to  increase  the  straight 
light  rejection.  The  analyzed  scattered  light  vv,.j  detected  by  a  GaAs  photomultiplier  tube,  op¬ 
erated  in  a  photon  counting  mode. 

The  PL  measurements  were  performed  with  the  sample  at  S-6  K,  by  means  of  a  liquid 
and/or  continuous  gas  flow  He  cryostat  The  sample  temperature  was  monitored  by  a  solid 
state  sensor  located  in  the  copper  sample  holder,  and  its  temperature  was  stabilized  by  a 
temperature  controller  with  sensitivity  of  ±0.1  K.  We  have  used  the  UV  and  blue  (351.1  nm, 
457.9  nm,  476.5  nm  and  488.0  nm)  argon  ion  laser  lines  to  excite  the  defects  in  our  sample, 
however  we  will  present  only  results  with  the  488.0  nm  (2.54  eV)  laser  line.  The  light  emitted 
by  the  samples  was  dispersed  and  analyzed  by  the  same  experimental  set-up  as  was  used  for  the 
RS  experiment. 


RESULTS  AND  DISCUSSION 

The  low  temperature  PL  spectra  of  two  Aims  deposited  in  the  laminar  flame  regime  are 
presented  in  Fig.  1.  The  spectrum  (a)  is  from  a  sample  grown  with  Rf  ==  1.017  and  substrate 
temperature  (Tj)  vary  ing  between  885  and  9I5®C.  The  spectrum  (b)  was  obtain  from  a  sample 
grown  with  Rf  =1.031  and  Tj  =  890°C.  Both  spectra  are  similar  in  regaid  to  the  overall  shape 
of  PL  spectrum  and  the  number  of  observed  defect  PL  bands.  Differences  in  the  spectra  in¬ 
clude  the  reduction  of  the  zero  phonon  line  (ZPL)  linewidth  (reduced  by  4  to  5  times),  in  spec¬ 
trum  (b),  and  the  relative  intensity  between  the  Raman  peaks  associated  with  the  diamond  and 
the  amorphous  carbon  (a-C)  content.  The  gradual  increase  in  the  spectral  intensity  observed  on 
the  high  energy  side  of  both  spectra  are  due  to  laser  Raleigh  scattering.  The  peak  ’T "  at  2.465 
eV  is  the  ZPL  of  the  H3  center,  which  may  be  associated  with  a  single  vacancy  (V)  complexing 
with  a  nitrogen  (N)  cluster  (N- V-N?)  (7).  The  peak  ’7"  at  2.375  e V  is  the  first  order  TO/LO 
phonon,  and  the  first  broad  shoulder  on  its  tow  energy  side  is  the  phonon  associated  with  the  a- 
C  film  content.  Two  other  features,  clearly  observed  in  spectrum  (b),  are  the  small  peaks  at 
2.282  eV  ("3")  and  2. 1 56  e  V  ("4").  The  first  feature  has  not  been  correlated  with  any  defect 
previously  observed  in  natural  diamond,  and  the  second  feature  is  the  575  nm  center  which  has 
been  tentatively  assigned  to  a  nitrogen-vacancy  complex  (V-N-V?)  (7).  The  most  intense  peak 
("5")  in  the  spectra  is  the  ZPL  at  1 .946  eV  (637  nm  center)  which  has  been  assigned  to  a  single 
nitrogen-vacancy  pair  (N-V)  (7,8). 

Fig.  2  shows  the  first  order  low  resolution  Raman  spectra  of  the  same  samples  analyzed 
on  Fig.  1 .  High  resolution  measurements  (bandpass  ~  10.25  cm'  ^ ),  carried  out  on  these 
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Fig,  I .  Photoluminescence  spectra  obtained  at  6K  from  two  CACVD  films  deposited  in  the 
laminar  flame  regime.  The  peaks  ”1,3.  and  4”  are  due  to  nitrogen- vacancy  complexes.  The 
peak  "2”  is  the  first  order  diamond  phonon,  and  the  peak  "3"  is  an  unidentified  center.  The 
spectra  (a)  and  (b)  have  been  offset  in  the  vertical  axis. 


RAMAN  SHIFT  (cnr^) 

Fig.  2.  Low  resolution  toom  temperatute  (RT)  Raman  spectra  of  the  two  films  shown  in  Fig.  1 . 
The  phonons  are  represented  as  peak  “2"  in  Fig.  1.  The  spectra  (a)  and  (b)  have  been  offset  in 
the  vertical  axis. 


samples,  yield  a  phonon  peak  position  at  1333.60  cm' 1  and  full  width  at  half  maximum 
(FWHM)  of  4.53  cm'^  in  spectrum  (a),  and  1333.30 cm'*  andFWHM  =  2.94  cm'*  for  the 
phonon  in  spectrum  (b).  In  Fig.  2,  taking  the  phonon  intensity  as  reference,  we  observe  a  rela¬ 
tive  reduction  of  the  PL  background  and  the  a-C  component  in  this  films. 

The  -35%  reduction  of  the  linewidth  of  the  ZPL  and  first  order  phonon  lines  is  corre¬ 
lated  with  (he  decrease  of  the  a-C  component  in  the  films.  This  observation  is  consistent  with 
an  increase  in  the  average  crystallite  size  (9)  which  yields  higher  quality  diamond  as  well  as 
reduced  grain  boundary  regions,  which  are  the  likely  location  of  the  a-C  deposits(lO). 

In  Fig.  3  is  shown  the  first  order  low  resolution  Raman  spectrum  of  a  polycrystalline 
diamond  film  deposited  at  Tj  =  900°C  in  a  premixed  (Rf  =  1 .08)  turbulent  oxyacetelene  flame. 
The  extremely  low  PL  background  and  a-C  content  in  this  film  is  noted.  High  resolution 
Raman  measurements  yield  a  phonon  peak  position  at  1333.30  cm'*  and  FWHM  of  3.00  cm'*. 
For  calibration  and  comparison,  we  had  performed  high  resolution  RS  measurement  (bandpass 
-  ±0.25  cm~  * )  in  a  natural  type  lla  diamond  heat  sink.  The  result  is  a  phonon  peak  position  at 
1 333.50  cm'  *  and  FWHM  of  2.40  cm'  * .  The  agreement  (within  experimental  error)  of  the 
phonon  peak  position  for  films  grown  in  (he  laminar  and  turbulent  flame  regimes  with  the  type 
lla  diamond  suggests  that  the  films  are  rather  strain  free  (10).  The  25%  phonon  line  broaden¬ 
ing  observed  in  the  FWHM  of  our  films  in  comparison  with  the  type  Ila  diamond  seems  to  be 
associated  with  the  polycrystalline  character  of  the  films,  in  which  grain  sizes  vary  from  the 
submicron  level  to  a  few  microns.  It  needs  to  be  emphasized  that  many  crystallites  and  inter¬ 
grain  regions  arc  probed  with  the  relatively  large  laser  spot  size  used  in  the  present  experiment. 
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Fig.  3.  Low  resolution  room  temperature  (RT)  Raman  spectrum  of  an  CACVD  film  deposited 
under  turbulent  flaiiK  condition.  The  phonon  peak  position  is  represented  as  peak  "2"  in  the  PL 
spectra  (Fig.  1.  and  Fig.  4.) 
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The  low  temperature  PL  spectrum  of  the  film  analyzed  in  Fig.  3  is  presented  in  Fig.  4. 
This  spectrum  is  quit  different  from  those  shown  in  Fig.  1,  since  the  dominant  feature  is  the 
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Strong  first  order  phonon  peak  at  2.375  eV.  The  defect  ZPLs  and  side  band  phonons  are  ex¬ 
tremely  weak,  and  can  be  observed  only  with  a  high  gain  scale.  The  continuous  decrease  in  PL 
intensity  from  the  begin  of  the  spectrum  to  2.48  eV  is  due  to  the  laser  Raleigh  scattering.  The 
broad  feature  between  2. 1  and  2.0  eV  is  probably  due  to  the  spectrometer  response.  The  domi¬ 
nant  emission  of  the  637  nm  center  (N-V)  as  observed  in  Fig.  1,  has  been  reduced  to  a  weak 
band  from  1.95  to  1.70  eV,  in  Fig  4.  The  regularly  spaced  small  peaks  from  1.75  to  1.4  eV  are 
due  to  interference  effects  in  the  film.  It  is  emphasized  that  the  strong  PL  background  domi¬ 
nated  by  intense  side  band  phonons  generally  observed  in  laminar  flame  deposited  samples,  has 
been  replaced  by  a  weaker,  almost  featureless  background  in  the  sample  deposited  under  tur¬ 
bulent  flame  conditions.  The  weakness  of  the  a-C  component  observed  in  the  low  energy  side 
of  the  phonon  in  Fig.  4  is  also  noted. 
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Fig.  4.  Low  temperature  (6  K)  photolumincscence  spectrum  of  the  CACVD  film  analyzed  in 
Fig.  3.  The  peak  "2 ",  the  first  order  diamond  phonon,  is  the  singly  dominant  feature  observed. 


CONCLUDING  REMARKS 

Low  and  high  resolution  RS  experiments  were  successfully  carried  out  on  polycrystal¬ 
line  films  deposited  on  molybdenum  substrates  by  CACVD  to  evaluate  the  material  quality. 
Although  good  quality  films  can  be  deposited  with  laminar  flames,  films  deposited  in  the  tur¬ 
bulent  flame  regime  show  very  low  amorphous  carbon  content  and  very  small  PL  background. 
Low  temperature  PL  measurements  of  films  deposited  under  laminar  flame  conditions  exhibit 
the  presence  of  strong  luminescence  bands  associated  with  nitrogen-vacancy  complexes  proba¬ 
bly  incorporated  during  the  film  deposition  (3).  PL  experiments  performed  in  samples 
deposited  under  turbulent  flame  conditions  reveal  an  extremely  low  level  of  nitrogen-vacancy 
complexes.  This  result  is  extremely  important  because  low  level  of  intrinsic  impurities  and 
defects  are  basic  requirements  to  achieve  controlled  doping. 
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ABSTRACT 

We  describe  the  applicability  of  oxygen  based  Electron  Cyclotron  Resonance  (ECR) 
etching  of  diamond  for  the  purpose  of  fabricating  electronic  test  structures  and  recessed  gate 
field  effect  transistors.  Boron  doped  homoepitaxial  diamond  films  grown  in  a  microwave 
a.ssisted  CVD  reactor  were  used  for  this  study.  Etch  rates  from  8  nm/min  up  to  0.5 
/im/min.  were  achieved  depending  on  etch  parameters. 


INTRODUCTION 

Diamond,  when  considered  as  a  semiconductor  material  has  properties  that  make  it 
attractive  for  high  temperature,  high  power  electronics'.  To  date,  processing  techniques  are 
limiting  the  advancement  of  diamond  film  electronic  devices.  Controlled  etching  is  an 
important  processing  step  for  microelectronic  device  fabrication.  However,  the  chemical 
inertness  and  hardness  of  diamond  make  it  difficult  to  remove  surface  layers  in  a  smooth 
damage-free  manner.  Several  techniques  have  been  investigated  for  the  purpose  of  etching 
diamond.  For  example,  ion  beam  etching^,  reactive  ion  etching’,  and  electron  cyclotron 
resonance  (ECR)  etching  with  -500  Volt  external  bias^  have  all  produced  uniformly  etched 
structures  in  diamond.  These  techniques  involve  ion  energies  in  excess  of  those  where  ion 
bombardment  can  result  in  damage  of  diamond,  which  according  to  Ref.  [5]  can  be  as  low 
as  150  eV.  Chemical  methods  of  etching  diamond  such  as  oxidation  of  CVD  diamond  films 
in  oxygen  containing  ambients'’  resulted  in  pitting  of  the  diamond  surface.  In  this  work  we 
report  on  the  ECR  etching  of  boron  doped  homoepitaxial  diamond  film,  with  ion  energies 
below  50  eV’*,  for  the  purpose  of  electronic  applications.  This  method  of  etching  was  used 
to  fabricate  test  structures,  and  recessed  gate  diamond  thin-film  field  effect  transistors’. 


EXPERIMENTAL 

Boron  doped  homoepitaxial  diamond  films  were  grown  on  natural  type  la  insulating 
diamond  crystals  which  were  cut  and  polished  along  the  (001)  plane.  The  film  was  deposited 
using  a  microwave  plasma  assisted  CVD  apparatus  described  elsewhere'.  The  growth 
parameters  were  as  follows  :  2.45  GHz,  1.2  kW  microwave  source;  substrate  temperature 
910°C  (as  measured  by  optical  pyrometer),  and  100  seem  gas  flow  of  1%  CH4  in  Hj  at  80 
Torr  pressure.  Boron  doping  was  achieved  by  introducing  diborane,  B^H,,  into  the  feed  gas. 
The  boron  to  carbon  ratio  in  the  plasma  was  0.8  -  7.5  x  10"’.  The  surface  of  the  diamond 
film  was  chemically  cleaned  in  a  saturated  solution  of  (NH4)2S20,  in  HjSO,  at  200°C  and 
subsequently  rinsed  using  a  1:1  solution  of  HjOj  and  NH4OH  at  70°C"’.  This  cleaning 
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procedure  was  found  to  be  effective  in  removing  the  conductive  layer  which  is  present  on 
the  surface  of  homoepitaxial  diamond  film  without  leaving  as  much  particle  contamination 
as  the  chromic  acid-based  clean  procedure  described  in  Ref.  [11]. 

Sputter  deposited  SiOj  served  as  the  masking  material  for  the  etching  experiments.  The 
oxide  was  sputtered  in  3  millitorr  Ar  for  8  minutes,  with  ISO  Watts  forward  power  and  no 
substrate  heating.  This  resulted  in  an  oxide  thickness  of  100  nm.  The  SiOj  was  patterned 
with  photolithography  to  produce  a  matrix  of  resistivity  measurement  bridges. 

The  ECR  plasma  system  used  in  these  experiments  is  shown  in  Fig.  1.  The  2.4S  GHz 
ASTEX  microwave  source  was  coupled  through  a  tunable  waveguide  to  the  reactor 
chamber.  The  sample  was  mounted  on  an  electrically  isolated  stainless  steel  stage  and 
inserted  into  the  chamber  with  the  sample  surface  perpendicular  to  the  gas  flow.  The 
reactor  chamber  was  evacuated  to  <  lO'^Torr  with  a  514  liter/s  turbomolecular  pump.  The 
reactant  gases  (O2  with  possible  Ar  dilution)  were  then  bled  into  the  chamber  through 
separate  needle  valves.  The  pressure  of  the  reactant  gas(es)  was  measured  with  a  baratron 
type  pressure  gauge.  In  all  the  experiments  the  microwave  power  was  1000  Watts  and 
typical  run  times  were  10  to  20  minutes.  After  etching  the  Si02  was  stripped  in  hydrofluoric 
acid,  and  etch  depth  was  determined  with  a  profilometer. 


RESULTS  AND  DISCUSSION 

In  the  first  etching  experiment  the  sample  was  inserted  in  the  center  of  the  ECR  plasma 
region,  16.5  cm  from  the  microwave  window  (see  Fig.  1)  and  the  stage  was  biased  at  -500 
V  with  respect  to  the  chamber  walls.  The  plasma  was  struck  in  0.4  millitorr  of  oxygen.  In 
less  than  5  mins.,  the  sample  and  stage  were  glowing  red  hot  and  the  diamond  was  etched 
at  a  rate  of  approximately  0.5  /rm/min.  These  etch  conditions  were  not  uniform  over  the 
sample  area  and  the  etch  was  excessively  high  for  our  applications.  Subsequent  experiments 
were  all  carried  out  53  cm  downstream  from  the  microwave  window.  (See  Fig.  1)  When  the 
sample  was  positioned  in  this  area,  no  dependence  of  the  etch  rate  on  substrate  bias  was 
observed.  (See  Fig.  2)  When  no  bias  was  applied,  negative  6.4  V  was  measured  on  the 
substrate  during  etching.  As  shown  in  Fig.  2,  the  etch  rate  was  widely  scattered  under 
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identical  experimental  conditions.  In  order  to  eliminate  the  possibility  of  sample  variations 
being  responsible  for  the  observed  scatter,  identical  etching  conditions  were  repeated  many 
times  for  one  particular  sample  (solid  circles.  Fig.  2).  No  explanation  can  be  given  at  this 
time  for  the  irreproducible  etch  rates  with  pure  oxygen  plasmas.  However  if  the  oxygen  is 
diluted  with  2.7  mTorr  of  argon,  then  the  etch  rate  drops  drastically  and  becomes  more 
repieatable,  see  Fig.  3.  As  a  control  experiment,  etching  of  a  diamond  film  was  attempted 
with  argon  at  2.7  millitorr  as  the  only  reactant  gas;  no  etching  was  observed. 

Typical  etched  structures  are  shown  in  Figs.  4,5.  Profilometry  measurements  of  the 
etched  areas  indicated  a  surface  roughness  of  less  than  10  nm  which  is  comparable  to  that 
of  the  substrate. 


ECR  etching  is  useful  in  fabricating  FETs  with  boron  doped  CVD  diamond  films'.  It 
may  have  an  advantage  over  the  selective  growth'^  procedure  for  FET  fabrication  in  that 
contamination  of  the  growing  diamond  film  from  the  SiOj  growth  mask  is  avoided.  In  order 
to  demonstrate  the  applicability  of  ECR  plasma  etching  to  diamond  film  electronics,  we 
have  used  it  to  perform  spreading  resistance  measurements.  A  four-terminal  bridge 
structure,  shown  in  the  insert  of  Fig.  6,  was  fabricated  on  the  diamond  film  using  ECR 
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plasma  etching  so  that  accurate  conductivity  measurements  could  be  made.  The  SiOj  etch 
mask  was  stripped  and  the  contact  pads  were  metallized  with  a  gold  /  titanium  bilayer  and 
annealed  to  form  ohmic  contacts  as  described  in  Refe.  (13,14],  The  conductance,  G  =  I/V23, 
(see  Fig.  6)  measured  as  a  function  of  etch  depth,  is  shown  in  Fig.  6.  After  each  10  min. 
ECR  plasma  exposure,  the  etch  depth  was  measured,  and  was  typically  about  80  nm.  While 
etching  the  first  0.3  ^m  of  the  film,  the  conductance  was  linearly  dependent  on  the  etch 
depth,  indicating  that  the  resistivity  of  the  top  OJ  ftm  of  the  diamond  film  was  uniform  in 
resistivity.  The  average  resistivity  in  this  region  was  determined  to  be  1.28  Q*cm  from  a 
least  squares  fit  to  the  first  six  data  points,  shown  in  the  insert  to  Fig.  6.  Further  etching 
did  not  change  the  conductance  indicating  that  a  highly  resistive  layer,  sitting  on  a  more 
conductive  layer,  had  been  reached.  However,  at  a  depth  of  0.43  ^m  the  conductance 
decreased  further  as  more  diamond  was  removed,  and  was  essentially  zero  at  a  depth  of  0.S7 
^m.  The  resistivity  of  the  diamond  film  between  a  depth  of  0.43  ftm  and  0.57  ftm  was  364 
Q«cm. 


Hall  effect  measurement  bridge  test  structures  were  also  formed  during  device 
isolation  etching  so  that  the  mobility  and  carrier  concentration  of  the  film  could  be 
measured.  Figs.  7-9  show  the  dependence  of  resistivity,  activation  energy,  carrier 
concentration,  and  mobility  on  the  boron  to  carbon  ratio  in  the  feed  gas. 

The  recessed-gate  fabrication  sequence  is  shown  in  Fig.  10.  After  device  isolation 
etching,  an  Au  (1.25  micron)/Ti  (50  nm)  bilayer  metallization  was  deposited  on  the  sample. 
The  source/drain  regions  were  protected  with  photoresist,  and  the  remaining  metallization 
was  etched  with  aqua  regia  followed  by  a  titanium  etch  (1:1:50  ,  HF:HNOj:H20).  The 
sample  was  annealed  in  Nj  for  15  min.  at  480°C  in  order  to  form  ohmic  contacts.  The 
source/drain  metallization  was  used  to  self  align  the  gate  recess  etch.  The  area  between 
the  source  and  drain  metal  was  exposed  to  the  ECR  etching  conditions  described  above  so 
that  the  channel  area  was  etched  170  nm  in  thickness.  The  gate  insulator  was  deposited  by 
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Fig.  9  Hole  concentration  and  aobillty  va.  boron  to  carbon  ratio. 
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Fig.  10  Fabrication  aequence  for  isolated  recessed  gate  HOSPlT's. 
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sputtering  100  nm  of  SiOi  with  an  Ar  (50%)  -  Oj  (50%)  plasma  at  350°C  at  3.3  mTorr  for 
70  minutes'^.  Finally  the  40  nm  gold  gate  contact  was  defined  by  a  lift-off  method.  The 
channel  width  and  length  of  the  device  are  30  and  46  micron,  respectively.  Further  details 
about  the  performance  of  this  device  are  described  elsewhere’. 


CONCLUSIONS 

Downstream  oxygen  ECR  plasma  etching  of  boron  doped  homoepitaxial  diamond  fllms 
has  been  demonstrated.  Etch  rates  from  8  nm/min.  to  0.S  /tm/min.  were  achieved.  Etch 
rate  dependence  on  bias  was  not  observed,  however,  argon  dilution  resulted  in  much  more 
reproducible  etch  rates.  This  etch  technique  has  been  applied  to  the  processing  of  thin-film 
diamond  electronic  devices’. 
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ABSTRACT 

Tantalum  and  tantalum  silidde  contacts  were  investigated  as  high  temperature 
rectifying  contacts  on  type  IIB  natural  diamond.  Tantalum  and  silicon  were  co¬ 
sputtered  using  DC  and  RF  planar  magnetrons,  respectively.  Current-voltage 
measurements  of  tantalum  silicide  subjected  to  various  anneals  and  of  pure 
tantalum  contacts  were  recorded  at  50°C  intervals  up  to  400°C  which  was  the 
desired  operating  temperature  of  the  rectifying  contact.  Tantalum  contacts  to 
diamond  maintained  good  rectification  up  to  300°C  whereas  amorphous  tantalum 
silicide  operated  well  up  to  400°C. 


INTRODUCTION 

Diamond  has  a  very  high  breakdown  voltage,  thermal  conductivity,  and 
electron  saturation  velocity,  which  will  make  it  very  useful  as  the  active 
semiconducting  medium  for  electronic  devices  operating  in  severe  environments 
(i.e.,  high  temperature,  radiation,  corrosive,  etc.).  In  these  hostile  environments, 
particularly  at  high  temperatures,  the  contact  metal  will  limit  the  usability  of  the 
device.  The  objective  of  this  research  is  to  obtain  a  stable,  high  temperature 
rectifying  contact  that  will  adhere  to  a  highly  polished  diamond  surface.  Silicides 
may  prove  useful  as  contacts  on  diamond  since  they  are  stable  at  high 
temperatures  while  maintaining  the  desirable  electrical  properties  of  metals.  In 
particular,  tantalum  silicide  was  chosen  because  it  has  proved  useful  as  a  high 
temperature  Schottky  contact  to  GaAs  [7,8]  but  has  not  yet  been  investigated  as  a 
contact  to  diamond.  Tantalum  silicide  has  also  been  studied  on  single  crystal, 
polycrystal,  and  amorphous  silicon  [1,3-6).  Two  different  stoichiometries  of 
tantalum  silicide  (TasSia,  and  TaSiz)  were  investigated. 
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EXPERIMENTAL 

To  optimize  deposition  conditions,  tantalum  and  silicon  were  co-sputtered  on  1 
cm  square  polished  alumina  using  DC  and  RF  magnetrons,  respectively. 
Substrates  were  rotated  during  deposition  to  ensure  thorough  mixing  o(  the 
components  and  uniform  coverage  on  the  substrates.  Sputtering  was  chosen  due 
to  the  ease  of  contact  fabrication  and  high  degree  of  control  of  alloy  composition. 
Also,  contact  adhesion  was  improved  (compared  to  evaporation  deposition)  due 
to  the  momentum  of  the  tantalum  and  silicon  atoms  as  they  deposited  upon  the 
diamond  surface.  Alumina  was  chosen  initally  as  the  substrate  for  the  materials 
characterizations  due  to  its  high  temperature  stability,  lack  of  silicon,  and 
availability.  The  atomic  ratios  of  these  alloys  must  be  exact  since  the  substrate 
does  not  contribute  silicon  to  make  up  for  any  deficiencies  in  stoichiometry  as  in 
the  case  of  deposition  on  silicon.  Quantitative  energy  dispersive  spectroscopy 
(EDS)  using  a  proza  correction  was  used  to  determine  the  atomic  ratio  of  silicon  to 
tantalum.  Various  samples  were  then  annealed  in  an  argon  ambient  at 
temperatures  ranging  from  450°C  to  1100°C.  X-ray  diffraction  showed  that 
TasSis  was  completely  formed  at  900°C.  Since  TaSia  is  a  higher  temperature 
phase,  H  was  not  completely  formed  at  the  annealing  conditions  attempted.  X-ray 
diffraction  (XRD)  data  for  other  annealing  conditions  was  not  conclusive  possibly 
due  to  the  formation  of  two  or  more  different  phases. 

Once  the  proper  sputtering  parameters  were  determined,  the  Ta/Si  mixtures 
were  deposited  on  type  l!B  natural  semiconducting  diamond  for  electrical 
characterization.  A  4mmx4mmx0.25mm  sample  of  (100)  diamond  (Drukker 
International)  was  patterned  with  100pm  diode  dots  using  a  standard 
photolithography  process.  Tantalum  and  silicon  were  then  co-sputtered  in  the 
desired  atomic  ratio  to  an  approximate  thickness  of  2000A.  The  final  contact 
pattern  was  obtained  by  lifting  oft  the  excess  material.  In  addition,  100pm 
tantalum  contacts  were  DC  magnetron  sputtered  onto  type  MB  semiconducting 
natural  diamond  for  comparison  to  the  silidde  samples. 

Current-voltage  measurements  were  made  before  and  after  annealing  using  a 
high  temperature  probe  station  with  a  Hewlett-Packard  semiconductor  parameter 
analyzer.  I-V  measurements  were  made  on  each  composition  after  annealing  at 
500°C  and  later  at  900°C  in  200mTorr  of  argon  for  one  hour.  It  was  desirable  that 
tantalum/silicon  remain  rectifying  at  400°C,  thus  a  500°C  anneal  proved  sufficient 
for  stabilization  of  the  contact.  The  higher  temperature  anneal,  900°C,  was  the 


temperature  needed  to  completely  transform  the  mixture  into  a  silicide  as 
determined  by  initial  annealing  experiments  of  tantalum/silicon  mixtures  on 
alumina.  Current-voltage  measurements  were  msKfe  from  room  temperature  to 
400°C  at  50°C  intervals  and  then  remeasured  at  room  temperature  to  confirm 
contact  stability. 


RESULTS/DISCUSSION 
TaSi2  Contacts 

Figure  la  is  a  plot  of  the  room  temperature  l-V  characteristics  of  the  as- 
deposited  amorphous  TaSi2  contacts  on  type  IIB  natural  diamond.  As  is  evident 
from  this  graph,  at  room  temperature  TaSi2  is  a  very  good  rectifying  contact  with 
less  than  1 0pA  reverse  leakage  current  and  no  breakdown  up  to  1 0OV  which  is 
the  highest  voltage  that  the  probes  could  deliver.  Current-voltage  measurements 
were  then  made  at  SOX  intervals  up  to  400°C.  The  contact  remained  rectifying  at 
all  temperatures,  but  the  leakage  current  Increased  and  the  breakdown  voltage 
decreased  with  increasing  temperature.  Figure  1b  is  a  plot  of  the  l-V 
characteristics  for  a  tOOpm  amorphous  TaSi2  contact  measured  at  400°C.  After 
cooling  the  contact  to  room  temperature  the  l-V  characteristics  were  remeasured 
and  the  rectifying  characteristics  had  noticeably  degraded.  Leakage  current  at 
100V  increased  from  a  few  picoamps  to  600nA.  A  summary  of  the  temperature 
dependence  of  reverse  leakage  current  versus  temperature  is  shown  in  Rgure  2. 

After  measuring  the  l-V  data  for  the  as-deposited  TaSi2.  the  sample  was 
annealed  at  500°C  in  an  Ar  ambient  for  one  hour.  Annealing  had  a  detrimental 
effect  on  the  rectifying  characteristics  of  the  contact.  Leakage  current  at  all 
temperatures  was  higher  than  for  the  as-deposited  contact.  The  l-V  characteristics 
of  the  tantalum  disilicide  at  400°C.  interestingly,  are  nearly  identical  to  those  of 
titanium  disilicide  at  the  same  temperature  [5].  The  increase  in  reverse  leakage 
current  from  annealing  is  most  likely  due  to  the  nature  of  the  silidde/diamond 
interface.  For  the  as-deposited  material  there  is  an  abrupt  interface  with  little  or  no 
intermixing  of  the  tantalum  and  silicon  atoms  with  the  diamond  substrate.  As  the 
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Figure  1 .  (a)  Room  temperature  current  -voltage  data  for  TaSi2.  and  (b)  current-voltage 
cbaracteristics  for  TaSi2  at  400°C. 

sample  is  annealed  the  interface  becomes  less  well-defined  which  may  degrade 
the  rectifying  characteristics  of  the  contact.  The  interface  reaction  is  very 
complicated  since  tantalum  can  form  a  carbide  as  well  as  a  silicide.  No  interface 
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Leakage  current  at  lOV 


Temperature  (°C) 

Figure  2.  Leakage  current  versus  temperature  at  10  volts  for  TaSl2  and  fasSIs. 

studies  were  carried  out  due  to  the  minimal  availability  of  suitable  substrates  and 
the  difficulty  in  prepanng  cross-sectional  specimens. 

Finally,  the  contact  was  annealed  at  900°C  in  an  Ar  ambient  for  one  hour, 
slowly  cooled  to  450°C  and  then  removed  from  the  furnace.  Before  measuring  1-V 
characteristics  the  surface  graphite  was  removed  from  the  sample  since  graphite 
forms  when  diamond  is  heated  above  800°C.  A  boiling,  saturated  solution  of 
Cr03  in  H2SO4  was  used  ■  omove  any  surface  graphite  that  could  contribute  to 
leakage  current.  There  was  a  slight  improvement  of  the  rectifying  characteristics 
of  the  contact  after  the  etch.  The  contact  remained  rectifying  after  this  anneal  and 
etching  treatment  although  the  leakage  current  at  10V  was  considerable  up  to 
400°C,  measuring  694A. 

After  completing  the  high  temperature  anneal,  it  was  very  difficult  to  remove  the 
contact  metallization  from  the  diamond.  A  solution  of  HF,  HNO3,  and  Hd  in  a 
1 :1 :2  ratio  was  used  to  etch  the  silicide.  However,  even  after  this  etch  a 
translucent  layer  remained.  This  layer  is  believed  to  be  silicon  carbide,  but  no 
analysis  was  performed.  If  SiC  is  formed  as  the  annealing  temperature  is 
increased,  then  the  diamond/silicide  interface  becomes  diffuse  as  silicon  and 
carbon  atoms  mix.  This  could  explain  why  rectification  degrades  with  higher 
annealing  temperatures. 


TasSis  Contacts 


TasSis  was  deposited  on  type  IIB  semiconducting  natural  diamond  in  the  same 
manner  as  tantalum  disilicide.  As-deposited  amorphous  TasSis  exhibited 
rectifying  characteristics  up  to  400°C  as  shown  in  Figure  3a  and  b  .  Leakage 
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Figure  3.  (a)  Room  temperature  current-voltage  data  for  Ta5Si3.  and  (b)  curent-voltage 
characteristics  for  Ta5Si3  at  400°C. 
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current  at  10V  versus  operating  temperature  is  plotted  in  Figure  2  and  shows  that 
TasSia  is  slightly  inferior  to  TaSi2  in  the  higher  temperature  regime.  AKhough 
TasSia  had  a  higher  leakage  current  than  TaSi2  at  400°C,  it  was  more  stable 
because  l-V  characteristics  were  unchanged  upon  cooling  to  room  temperature. 
Also,  leakage  current  for  TasSia  levels  out  from  300°C  to  400°C  while  for  TaSi2  it 
is  steadily  increasing.  As  in  the  case  of  TaSi2  contacts,  annealing  degraded  the 
rectifying  characteristics  of  the  TasSia  contacts.  Annealing  at  900°C  in  Ar 
ambient  for  one  hour  degraded  the  rectifying  characteristics. 

Tantalum  Contacts 


Pure  tantalum  contacts  were  sputtered  onto  the  type  IIB  diamond  as  described 
earlier.  Tantalum  was  an  excellent  rectifying  contact  to  diamond  up  to  300°C  as 
depicted  in  Figure  4.  However,  upon  heating  the  diamond  to  400°C  the  tantalum 
contacts  buckled  as  shown  in  Figure  5  and  rectification  was  severely  degraded. 
Figure  6.  The  reverse  leakage  current  at  50V  increased  from  182nA  at  300°C  to 
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Figure  4.  300°C  current-voltage  characteristics  of  100pm  tantalum  contact. 
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3.56mA  at  400°C.  This  is  most  probably  due  to  the  large  thermal  expansion 
difference  between  diamond  and  tantalum.  Diamond  is  1.18x10*6  (0°)  '  and 
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tantalum  is  6.5x1 0'^  (C°)  ^  When  silicon  is  added  to  tantalum  the  contact  is 
much  more  stable  at  higher  temperatures  and  buckling  of  the  film  is  not  obsenred 
up  to  400°C:  hence,  the  amorphous  silicide  contact  remains  rectifying  at  higher 
temperatures.  Since  the  coefficient  of  thermal  expansion  for  silicon  is  closer  to 
diamond,  3.0x1 0*^(0°)  ^  it  is  likely  that  the  silicon  dispersed  throughout  the 
tantalum  prevents  sufficient  stress  from  building  at  the  diamond/contctct  interface 
for  separation  to  occur. 


CONCLUSIONS 

Tantalum  and  tantalum  silicide  contacts  have  been  deposited  on  type  MB 
natural  semiconducting  diamond.  Amorphous  TaSig  and  TasSis  remain 
rectifying  up  to  400°C.  However,  TasSis  is  more  stable  than  TaSig  after  cycling 
through  a  high  temperature  measurement.  Annealing  of  the  silicide  contacts 
increases  the  reverse  leakage  current  due  to  the  tantalum,  silicon,  carbon 
interdiffusion  and  interface  reactions.  Tantalum  retains  excellent  rectifying 
characteristics  up  to  300°C,  but  functions  poorly  at  higher  temperatures  due  to 
adhesion  problems. 


ACKNOWLEDGEMENTS 

The  authors  would  like  to  thank  K.  Das,  J.  Tassitino,  and  A.  Tessmer  for  their 
assistance  with  processing  the  contacts  and  the  rest  of  the  Kobe  Steel  USA  Inc., 
Electronic  Materials  Center  whose  support  is  greatly  appreciated. 


REFERENCES 

1 .  D.B.  Fraser,  S,  Murarka,  A.  Tretola,  A.  Sinha,  J.  Vac.  Sci.  Technol.,  IB  (2),  345- 
348  (1981). 

2.  T.P  Humphreys,  J.  LaBrasca,  R.  Nemanich,  Electronics  Letters,  2Z  (17),  1515- 
1516  (1991). 


3.  C.P.  Lee,  T.  Uu,  T.Lei,  S.  Wu,  J.  Appl.  Phys.,  fi5  (2),  642-645  (1989). 


160 


4.  S.P.  Murarka,  Siliddas  for  VLSI  ADOlications  (Academic  Press,  Inc.,  Orlando. 
Florida.  1983). 

5.  S.P.  Murarka.  D.  Fraser,  J.  Appl.  Phys.  51  (3),  1593-1598  (1979). 

6.  V.L.  Teal,  S.  Murarka.  J.  Appl.  Phys..  61(11).  5038-5046  (1987). 

7.  W.F  Tseng.  B.  Zhang,  D.  Scott,  S.  Lau.  A.  Christou.  B.  Wilkins,  IEEE  Electron 
Device  Letters  EDL-4  (7),  207-209  (1983). 

8.  G.H.  Whipple,  M.  Thompson.  A.  Kulkami,  J.  Appl.  Phys.,  64  (5),  2519-2522 


161 


Electrical  properties  of  Schottky  junctions  on 
homoepitaxial  flame  grovm  diamond. 
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Optical  Sciences  Division,  Naval  Research  Laboratory,  Code  6522, 
Washington,  DC  20375-5000 


Abstract : 

Schottky  diodes  were  fabricated  from  boron  doped  diamond 
grown  in  a  turbulent  flame.  The  substrates  used  were  type  Ila 
diamond  (100)  crystals  1.5  mm  in  diameter  and  .25  mm  thick.  A  p/p+ 
structure  was  deposited  using  the  p+  layer  as  an  ohmic  contact. 
Current-voltage  (I-V)  and  capacitance-voltage  (C-V)  measurements 
were  made  on  the  finished  devices.  An  ideality  factor  of  1.8  was 
obtained  from  the  I-V  characteristics.  Doping  levels  from  C-V 
measurements  Indicate  an  acceptor  concentration  on  the  order  of 
5  X  lo'Vcm^ 


Diamond  has  several  properties  that  make  it  a  unique 
semiconductor.  These  include  a  wide  band  gap,  high  carrier 
mobility,  hardness,  a  large  thermal  conductivity  and  chemical 
inertness. 

Many  groups  have  reported  results  of  Schottky  junctions 
fabricated  on  CVD  diamond. This  report  will  present 
results  of  the  electrical  characterization  of  homoepitaxial 
diamond  synthesized  in  a  turbulent  flame. 

The  growth  setup  consisted  of  an  oxygen-acetylene  torch,  flow 
controllers,  and  water  cooled  substrate  holder.  Two  bubblers 
containing  a  methanol/boric  acid  mixture  were  used.  A  small 
fraction  of  the  total  acetylene  flow  was  diverted  through  the 
bubblers  using  mass  flow  controllers.  One  bubbler  contained  a 
solution  of  boric  acid  for  deposition  of  the  p*  layer  and  the 
solution  in  the  second  bubbler  was  diluted  by  a  factor  of  500  for 
growing  a  p  layer.  The  gas  flow  ratio  was  8.48/8.00/0.050  1pm  for 
Oj/CjHj/bubbler  respectively.  These  flow  rates  were  selected  in 
order  to  operate  the  oxygen-acetylene  flame  in  the  turbulent 
regime,  since  recent  results  have  shown  that  high  quality  diamond 
is  grown,  if  the  flame  is  turbulent*.  Details  of  the  growth  setup 
Mat.  Rtt.  Soc.  Symp.  Proc.  Vol.  242.  *  1M2  Matarlalt  Raaaarch  Soetaty 
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where  n  is  the  ideality  factor  and  I,  the  saturation  current.  The 
ideality  factor  was  found  to  be  1.9  and  the  bulk  resistance  650 
ohms.  Ref.  2  reported  an  ideality  factor  of  1.8  and  a  result  of 
1.85  is  reported  in  Ref.  3.  From  results  on  Schottky  junctions  on 
other  semiconductors,  the  literature  suggests  three  possible 
causes  for  high  ideality  factors,*  an  Insulating  (oxide)  layer, 
cleavage  steps  at  the  contact  interface,  or  high  doping  levels. 
Given  the  differences  in  growth  methods  and  surface  preparation 
between  this  work  and  refs.  2  and  3,  and  the  chemical  inertness 
of  the  diamond  surface,  the  first  possibility  would  seem  to  be 
ruled  out.  The  second  possibility  is  tied  to  surface  carbon 
diffusion  and  the  nature  of  the  surface  step  structure  produced 
in  the  diamond  growth  process.  Finally,  because  nitrogen 
compensation  in  CVD  diamond  is  relatively  high  and  metallic-like 
conductivity  is  seen  for  boron  levels  on  the  order  of  10“/cm’,  the 
amount  of  boron  needed  to  overcome  compensation  narrows  the 
available  doping  range  in  CVD  diamond.  High  Ideality  factors  might 
have  a  more  fundamental  cause  other  than  just  poor  contact 
fabrication  or  a  variance  in  fabrication  procedures.  Also,  the 
bulk  resistance  of  Schottky  junctions  on  diamond  reported  in  the 
literature  can  make  it  difficult  to  compare  I-V  results  because 
a  high  bulk  resistance  would  tend  to  mask  the  "true"  reverse 
characteristics . 

C-V  measurements  are  shown  in  Fig.  2. 
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Fig.  2.  1/C*  vs.  voltage  at  two  different  frequencies,  S/N  112-4. 

Two  different  methods  were  used  in  measuring  the  capacitance. 
Lock-in  amplifier  techniques  were  used  to  measure  the  Imaginary 
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part  of  the  AC  inpedance  as  a  function  of  voltage  for  the  2  khz 
measurements  and  a  Keithley  model  590  capacitance-voltage  meter 
was  used  in  the  lOOkhz  measurements.  The  Keithley  C-V  instrument 
can  make  capacitance  measurements  assuming  a  parallel  or  serial 
R-C  circuit  as  the  electrical  model  for  a  Schottky  diode.  The 
variance  in  the  capacitance  from  assuming  either  a  parallel  or 
serial  R-C  circuit  is  less  than  .5%  over  the  range  of  capacitances 
reported  here.  From  ref.  8,  the  smallness  of  this  difference  was 
found  to  be  a  necessary  criterium  in  defining  when  the  influence 
of  the  conductance  on  the  measurements  was  minimal.  This  criterium 
is  adopted  here.  The  acceptor  concentration  obtained  from  the 
slope  of  the  line  in  Fig.  2  was  5  x  lO’Vcm*-  It  is  unclear  what 
Influence  the  ideality  factor  has  on  diamond  C-V  characteristics. 

In  conclusion,  Schottky  junctions  were  fabricated  to 
investigate  the  electrical  properties  of  diamond  grown  in  a 
turbulent  flame,  demonstrating  that  this  material  has  potential 
for  electronic  applications.  Further  work  is  reguired  to  raise  the 
device  yields  and  further  explore  the  growth  parameter  space 
available.  One  of  us  (J.W.G)  would  like  to  gratefully  acknowledge 
that  this  work  was  carried  out  while  holding  an  Office  of  Naval 
Technology  postdoctoral  fellowship. 
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POLYCRYSTALUNE  DIAMOND  FILM  RESISTORS 
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ABSTRACT 

The  technology  to  fabricate  polycrystalline  diamond  film  resistors  has  been 
initiated  using  modified  thick  film  patterning  techniques  and  in  situ  solid  source  doping. 

Doping  of  polycrystalline  diamond  films  in  microwave  plasma  CVD  systems  has 
been  achieved  historically  through  use  of  diborane  gos,  which  may  contaminate  the 
deposition  system  causing  all  diamond  films  thereafter  to  be  doped  p-type.  We  have 
attempted  noncontaminating  in  situ  doping  utilizing  two  solid  source  dopants,  and  have 
met  with  preliminaiy  success. 

The  more  effective  source  (BjOj)  produces  a  fairly  even  dopant  concentration 
across  the  substrate,  with  sheet  resistances  ranging  from  800  ohms  per  square  to  4500 
ohms  per  square.  The  other  source  (BN)  showed  significant  doping  in  a  narrow  band 
surrounding  the  source,  but  the  doping  concentration  decreased  rapidly  with  distance 
from  the  source.  Films  grown  afterwards  with  no  doping  were  evaluated  through 
resistance  measurements;  no  evidence  of  doping  contamination  was  observed. 

INTRODUCTION 

Polycrystalline  diamond  films  (PDF)  have  been  shown  to  have  many  of  the  same 
properties  as  natural  diamond,  and  therefore  possess  material  properties  that  are 
desirable  in  semiconductor  electronic  use  [I].  These  are  of  particular  interest  for  high 
temperature  and  high  power  applications  [2].  Undoped  diamond  is  an  electrical  insulator 
[3],  yet  has  a  high  thermal  conductivity  [4].  Diamond  also  possesses  a  low  thermal 
coefficient  of  expansion  [5,6],  and  high  electron  and  hole  mobilities  in  single  crystal 
material  [7]. 

CVD  diamond  dopiqg  has  been  accomplished  with  diborane  gas  [8],  which  may 
contaminate  the  growth  chamber  [9].  This  work  examines  in  situ  doping  of  polycrystalline 
diamond  films  utilizing  solid  sources.  We  have  investigated  two  sources,  and  found  that 
one  produces  a  fairly  even  dopant  concentration  across  the  substrate,  while  the  other 
provides  doping  only  in  a  narrow  band  in  immediate  proximity  to  the  source.  Data  will 
be  presented  only  from  the  more  effeaive  source. 

EXPERIMENTAL  PROCEDURE 

Polyciystalline  diamond  films  are  grown  using  a  microwave  plasma  CVD  system 
developed  by  ASTEX,  Inc.,  Woburn,  MA,  which  is  installed  at  Vanderbilt  T^ical 
deposition  conditions  were  40  torr  pressure,  8S0  °C,  flow  rate  of  SOO  seem  hydrogen  and 
3.5  seem  methane,  microwave  power  1500  watts,  and  twenty  hours  deposition.  Silicon 
samples  were  prepared  by  abrading  selections  of  1"  x  r  silicon  wafer  with  0.25  micron 
diamond  paste.  Aluminum  nitride  samples  were  cut  to  T  x  r  size  from  stock.  Table  I 
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describes  the  particulars  of  each  sample  investigated,  and  also  indicates  whether  an 
undoped  diamond  layer  is  present.  The  dopant  source  is  boron  oxide  (B2O])  in  wafer 
form  obtained  from  Owen-Illinois.  Other  work  [12]  has  indicated  such  material  may  dope 
PDF. 

Electrical  properties  were  measured  utilizing  a  fixed  spacing  four  point  tungsten 
carbide  probe  which  was  connected  to  a  current  source  and  voltage  meter. 
Measurements  were  also  taken  with  an  HP  414SB  parameter  analyzer  utilizing  both  the 
four  point  probe  described  above  and  four  separate  tungsten  probes.  The  latter 
measurement  points  utilized  silver  contacts  placed  on  the  diamond  as  well  as  direct 
diamond  contact 

Resistivity,  (p),  can  be  determined  through  four  point  probe  measurements, 

where 

p  =  —  Q-m  for  f>l  (1) 

In  2  I 


where  s  is  the  probe  spacing  and  t  is  the  film  thickness.  For  a  p-type  material,  the  carrier 
property  description  of  resistivity  is 

P  =  Mp  p]  ■'  (2) 


where  q  is  electronic  charge,  p.  is  hole  mobility,  and  p  is  carrier  concentration.  Sheet 
resistance  is  determined  through  use  of  Van  der  Pauw’s  method  [10].  For  a  symmetrical 
structure,  sheet  resistance  is  defined  as 


V 

I 


(3) 


where  t  is  the  thickness  of  the  doped  layer.  Sheet  resistance  is  designated  in  ohms  per 
square,  and  the  geometry  of  the  resistor  defines  the  resistance. 

RESULTS 

Figure  1  shows  a  cross  section  of  sample  A.  The  doped  layer  of  diamond  can  be 
visually  distinguished  from  the  undoped  layer.  The  underlying  substrate  is  silicon. 

A  composite  of  sheet  resistance  profiles  for  all  samples  is  shown  in  Figure  2,  with 
the  results  for  sample  B  shown  separately  in  Figure  3.  Th^  measurements  were  taken 
with  the  four  point  probe  method  described  above,  using  a  current  source  and  voltage 
meter.  Each  point  is  an  average  over  a  range  of  0.5  mA  to  25  mA.  The  doping  sources 
for  samples  A  and  B  were  new  wafers  from  separate  manufacturer  lots;  the  source  used 
in  sample  C  had  been  utilized  in  two  previous  depositions  and  may  have  been  dopant 
depleted  or  blocked  by  surface  coatings.  Due  to  the  geometry  of  sample  A,  the  profile 
was  taken  in  a  base  orientation  only,  which  is  the  initial  measurement  reference 
orientation.  The  center  value  is  1810  n/square  with  a  variance  of  121%.  Sample  B  has 
a  center  value  of  800  n/square,  with  variance  of  ±42%  in  the  base  orientation  and  ±5% 
in  a  ninety  degree  rotation.  Sample  C  shows  a  center  value  of  3900  n/square,  with  a 
variance  of  ±23%  in  the  base  orientation  and  ±  17%  in  a  ninety  degree  rotation. 
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Table  I.  --  Sample  Parameters 


Sample  A 

Sample  B 

Sample  C 

Substrate 

Silicon 

Aluminum  Nitride 

Aluminum  Nitride 

Undoped 
Diamond  Base 

Yes 

Yes 

No 

Comments 

Sample  was 
originally  a  1”  x  1" 
square,  edges 
were  broken  away 
to  isolate  the 
doped  layer  and 
provide  thickness 
samples 

Sanipie  printed 
with  isolation  ring, 
base  layer  of 
undoped  diamond 
deposited  for 
growth  purposes 

Sample  was 
unaltered  except 
for  sizing. 

Figure  1.  Cross  section  of  doped  diamond  film  grown  on  undoped  diamond  film. 
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Figure  2.  Composite  of  sheet  resistance  profiles  across  each  sample. 
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Figure  3.  Sheet  resistance  profiles  for  sample  B. 


DISCUSSION 


Sample  B  shows  the  smallest  variation,  and  is  therefore  presumed  to  have  the 
most  uniform  doping  concentration  of  these  samples.  The  sheet  resistance  profile  across 
the  surface  is  the  most  uniform  of  the  samples.  Based  on  growth  rate,  the  thickness  of 
the  doped  layer  is  assumed  to  be  approximately  ten  microns,  and  the  resistivity  estimated 
to  be  0.8  n-cm.  From  the  resistivity  equation  for  p-lype  doped  material  (Equation  2),  the 
mobility-carrier  concentration  product  is  7.8  x  10“  [V-cm-s]"'.  Depending  on  the  dopant 
concentration  and  activated  carrier  concentration,  the  mobility  can  be  estimated  for  PDF. 
For  example,  if  were  10®/cm^  and  an  active  carrier  concentration  at  room 
temperature  were  0.2%  [11],  mobility  would  be  estimated  at  40  cmVV-s.  SIMS  analyses 
are  in  process. 


SUMMARY 

A  minimum  variance  of  ±5%,  best  case  from  center  across  a  1”  x  1"  sample  has 
been  observed  in  solid  source  doped  CVD  polycrystalline  diamond  film.  The  sheet 
resistance  profiles  observed  provide  an  initial  characterization  of  this  doping  method,  and 
may  be  utilized  to  further  refine  the  process. 

In  situ  solid  source  doping  has  been  shown  to  be  effective  in  CVD  polycrystalline 
diamond  film.  Subsequent  films  are  found  to  be  undoped  as  determined  by  resistance 
measurements.  These  results,  in  conjunction  with  ongoing  application  of  mt^ified  thick 
film  hybrid  technology,  may  yield  PDF  resistors  configurationally  similar  to  traditional 
thick  film  resistors  and  materially  compatible  with  microelectronic  technology. 
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ABSTRACT 

The  modification  tif  the  wear  pmpcriies  of  type  lla  diamond  following  ion  implantation 
with  100  keV  carbon  and  nitrogen  has  bt^n  studied  at  implantation  temperatures  of  150  and  47t) 
K.  Abrasion  testing  using  low  load  multiple  pa.ss  scratch  testing  with  a  RtKkwcll  diamond 
inUentCT  has  shown  a  decrease  in  wear  resistance.  Micrttsiruciural  modifications  resulting  from 
ion  implantaiitin  have  been  a.sses.scd  u.sing  Channeling  Rutherford  Backscaiiering  Spectroscopy 
(C-RBS).  No  correlation  was  found  between  the  presence  of  ion  beam  induced  point  defects  (as 
measured  by  C-RBS)  and  the  increase  in  wear.  There  are  no  obvious  wear  rate  differences 
observed  for  nitrogen  or  carbon  implantation. 


INTRODUCTION 


Diamond  is  believed  to  wear  by  a  process  of  miertKieavage*  in  which  mjcro.scopic 
surface  irregularities  are  broken  off  from  the  surface  of  the  diamond  along  (11 1)  cleavage  planes 
thus  exposing  further  surface  roughness  to  enable  abrasion  to  (Kcur.  The  abrasion  resistance  and 
hardness  of  ijiamond  varies  considerably  between  different  stones  and  between  Type  1  and  Type 
II  diamonds-.  Natural  Type  I  diamonds  containing  high  concentrations  of  nitrogen  are  known  to 
be  considerably  harder  ’  than  Type  II  stones.  Hariley^^ipiplanied  diamond  cutting  tools  with 
carbon  and  nitrogen  to  a  total  dose  of  3x  l(r^  ions.em'-  .  These  results  suggested  that  nitrogen 
implantation  produced  enhanced  wear  resistance,  whilst  carbon  implantation  did  not.  From  these 
results  Hartley  postulated  that  nitrogen  implantation  to  synthesize  Type  I  diamond  behavior  may 
improve  the  wear  resi-stance  til  diamond. 

In  the  present  .study  carbtin  and  nitrogen  have  been  implanted  in  order  to  test  this 
hy  pothesis.  Carbon  implants  were  u.sc<i  i<»  study  the  effect  of  km  beam  Induced  damage  on  wear 
behavior,  in  the  absence  of  any  chemical  effect.  The  results  were  then  compared  to  those 
involving  nitrogen  implantation  at  similar  cncrgie.s.  Since  the  knock-on  damage  due  to  nitrogen 
and  carbon  (btnh  at  UK)  keV)  is  very  similar,  any  differences  on  the  wear  behavior  between  these 
iwti  implant  species  can  be  attributed  to  the  chemical  effect  of  nitrogen.  Hence  by  comparing 
nitrogen  and  carbon  implantations  Hartley's  postulate  can  he  tested. 

Previous  work  by  our  group'  has  concentrated  on  studying  the  effect  of  high  temperature 
( 1 1)70  K)  ion  implantation  on  the  wear  properties  of  natural,  industrial  quality.  Type  la  diamonds. 
This  early  work  returned  positive  resulLs  in  favour  of  ion  beam  induced  wear  reduction.  However 
\ariations  in  behavior  between  samples  and  indeed,  differcni  regions  on  the  one  sample,  has 
made  the  acquisition  of  a  rcpnxluciblc  data  set  dilTicult.  The  current  study  uses  optically  Jlat, 
polished,  inclusion  free,  oriented  (110)  Type  !la  diamond  windows  (3.0  x  3.0  x  0.25  mm^) 
supplied  by  Drukkers  Corp.  of  Amsterdam.  The  llatncss  and  uniformity  of  these  samples 
pn)vidc.s  a  eon.si.sjcnl  sample  .set  for  the  investigation. 

The  implantation  temperatures  of  150  and  470  K  were  chosen  so  as  to  asses.s  the  effect  of 
the  mobility  of  ion  beam  induced  defct*t.s  on  wear  bc-havior.  At  implantation  icmperalures  above 
HOO  K  both  vacancies  and  interstitials  are  believed  to  be  mobile  in  diamond.  In  the  temperature 
range  (rom  3(K)  to  S(K)  K  interstitials  are  the  predominant  mobile  defect,  while  below  300  K  there 
is  mi  defect  mobility”.  Thus  at  1 50  K.  at  least  for  moderate  doses,  complex  defect  structures  are 
(ess  likely  to  N.-  formed.  For  implantation  nl  470  K,  recombmaiion  of  vacancic-s  and  intctsiiiials 
IS  expected  to  occur  and  more  complex  extended  delects  may  also  form. 
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The  aim  of  this  study  was  to  determine  the  implantation  parameters  which  lead  to  an 
increase  in  wear  resistance.  All  results  obtained  with  type  Ila  samples  show  a  reduction  in  wear 
resistance,  but  analysis  of  these  results  still  provides  useful  information  with  regard  to  the 
mtxlification  of  the  wear  properties  of  diamond. 


EXPERIMENTAL 


Implantation  was  performed  using  a  Whiekham  20()  keV  Ion  Implanicr.  All  implants 
were  perforgied  using  an  acceleration  voltage  of  KH)  keV  with  a  beam  current  of  approximately 
0,3  /xA.cm'-  The  flat  face  (110)  of  each  sample  was  divided  into  three  regions  (Figure  1).  Th^ 
middle  strip  masked  while  the  other  regions  were  implanted  with  doses  of  10*^  ions.cm"' 
and  2.5  x  10^^  ions.cm‘“.  The  masked  strip  provided  a  reference  unimplanted  area. 


Figure  1 .  Diagram  of  a  sample  showing  the  two  implanted 
areas  separated  by  an  unimplantcd  strip.  The  lines  marked  1 
to  4  indicate  approximate  positions  of  the  scratch  tests. 


Implantation  doses  were  chosen  with  reference  to  surface  resistivity  measurements  on 
carbon  implanted  diamond^  (Figure  2).  Conductivity  is  very  sensitive  to  microstructural 
modifications,  and  these  measurements  show  three  distinct  implantation  dose  regimes. 
D<Dj,Dj<D<D2  and  D  >  which  characterize  the  ion  beam  induced  damage. 

For  D  <  Dj  a  build  up  of  point  defects  <x:curs  while  the  diamond  remains  essentially  single 
crystal.  For  D|  <  D  <  D*)  partial  amorphization  or  graphitisaiion  may  tKCur.  For  D  >  D'>  the 
formation  of  scmiconiinous  pathways  between  conducting  graphitic  regions  within  the  diamond 
occurs,  approaching  complete  graphitization  as  the  dose  is  increased.  The  doses  chosen  for  this 
study  arc  shown  in  Figure  2.  which  also  shows  the  values  of  Di  and  D-y  for  each  implant 
lempcraiijre.  For  both  150  K  and  470  K  implant  temperatures,  inc  low  Hose  implant  of  IxlO’*' 
ions.cm*“  is  less  than  Di  and  should  thus  cijeatc  only  kKalized  point  dcfccLs  within  the  sample. 
Similarly,  the  high  dose  2,5x10*'  ions.cm"-  implant  is  just  below  Dj  and  should  create  partial 
amorphisaiion  of  the  implanted  region  while  avoiding  complete  graphitisaiion. 

Wear  testing  has  been  conducted  using  the  technique  of  low  load,  multiple  pass  scratch 
testing.  All  scratch  tests  have  been  performed  with  an  applied  load  of  0.98N.  The  indcnlcr  used 
for  the  scratch  tests  was  a  Rockwell  diamond  indcnlcr  with  a  tip  radias  of  0.200  mm.  During 
testing  the  indenter  was  r.'jgned  with  the  hard  (110)  direction  being  presented  U)  the  sample.  Care 
was  taken  to  ensure  that  the  face  of  the  sample  to  be  tested  was  horizontal  and  that  the  indcnlcr 
axis  was  normal  to  the  diamond  surface.  The  sample  was  scratch  tested  in  the  hard  (TlO) 
direction  f<ir  2(X1,0(K)  passes  and  in  the  soft  (1 00)  direction  for  1200  pa.sscs.  The  length  of  each 
scratch  is  approximately  2  mm  and  the  relative  speed  of  the  indenter  was  approximately  2.8 
mm.s'*.  The  duration  of  the  scratch  tests  was  chosen  to  try  and  obtain  a  gnwvc  approximately 
IIKKIA  deep  which  corresptmds  roughly  with  the  damage  peak  due  to  implantation. 

After  scratch  testing,  surface  profilomclry  was  performed  using  a  Tcncor  Instruments 
Alpha  Step  250.  Surface  profilometry  across  the  wear  track  allows  the  depth,  width  and  shape  ol 
the  rcsuliing  scratch  to  be  determined.  Prior  lo  surface  prt>fiU>mclry  ihc  samples  were  first 
cleaned  in  nitric  acid  to  remove  any  debris  from  scratch  testing  and  then  ulirasonically  cleaned  in 
methanol.  Five  or  more  of  surface  profiles  were  taken  across  the  length  of  each  wear  track  in 
both  the  unimplantcd  and  implanted  regions.  The  average  depth  and  cross-sectional  area  of  each 
wear  track  in  the  implanted  and  unimplantcd  regions  was  then  calculated  from  these 
measurements.  The^laiter.  when  divided  by  the  number  of  passes,  allows  the  average  wear  rale  to 
be  determined  in  A-/pass^. 
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Figure  2.  The  surface 
conductivity  curves  of  100 
kcV  C'*’  implanted  diamond 
for  implant  temperatures  of 
SOO  and  470  K.  The  doses 
chosen  in  this  study  and  the 
temperature  dependant  doses 
D  j  and  D2  are  shown. 


The  microstruclural  mtxiificalions  which  have  occurred  as  a  result  of  ion  implantation 
were  monitored  using  Channeling  Rutherford  Backscatlering  Spectrometry  (C-RBS).  A  1.46 
MeV  alpha  panicle  analyzing  beam  was  used  with  the  spot  size  on  target  approximately  lOOum 
m  diameter.  c  rr  1  -  r- 


RESULTS  AND  DISCUSSION 


Figure  .1  shows  typical  surface  profilomelry  results  for  both  the  hard  (TiO)  direction  after 
JKl.tHlO  passes  and  the  soil  (UXl)  direction  after  1200  passes.  The  wear  track  in  the  hard 
direction  is  in  general  broader  than  that  in  the  soft  direction.  Tables  I  and  II  summarize  the  result 
of  the  prolilometry  measuremenus  for  all  of  the  samples  studied.  Table  I  tabulates  the  results  for 
the  solt  ( 100)  direction  and  Table  II,  the  results  for  the  hard  (T 10)  directions.  In  both  tables  the 
absolute  wear  rales  are  tabulated,  together  with  a  value  of  the  wear  rate  in  the  implanted  region 
compared  to  that  in  the  unimplanied  diamond  in  the  same  wear  track.  For  completeness  Tables  I 
and  II  also  list  the  relative  depth  of  the  wear  track,  being  the  depth  of  the  scratch  in  the  implanted 
region  divided  by  the  depth  in  the  unimplanied  region. 


Implant  Dose  ^  Implant 
&  Species  (cm'-)  Temp  (K) 

lxl0*‘’c+  LSO 

470 

2..‘ixl0'^C+  l.so 

470 

lxl0'‘*N+  150 

,  470 

2.5xlO'-^N+  150 

470 


Wear  Rale  ( l(KX)A-/pas.s) 

Relative 

Relative 

Unimplanied 

Implanted 

Wear  Rale 

Depth 

57±1.1 

1 14*2,3 

2.05:0.9 

1.450.4 

I6±2.5 

20*6.7 

1.. 3*0.6 

1.1 50.3 

46±I6 

«K*I6 

1.9*  1.0 

1.450.3 

7«±I5 

1.505:6.7 

2.0±0.5 

1.750.3 

HK)i32 

)  105:2.5 

I.O5O.3 

I.85O.3 

y6±0.2 

I.3«5:4X 

1 .3*0.6 

1.1 50.3 

75-27 

IIO1I7 

1. 5*0.7 

I.85O.5 

87±7.5 

210*2.3 

2.5±0.5 

2.I5O.5 

Table  I.  Prolilometry  results  for  the  (100)  (soft) direction  .showing  the  relative  depth  and 
wear  rales  of  the  implanted  region.  A  relative  value  >  I  shows  an  increase  in  the  measured  value 
in  the  implanted  area,  as  compared  to  the  unimplanied  area.  The  large  errors  are  due  to 
fluctuations  in  the  wear  track  profile  as  a  function  of  distance  along  the  scratch. 
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Implant  Dose 

Implant 

Wear  Rale  (A^/pass) 

Relative 

Relative 

&  Species  (cm'^) 

Temp  (K) 

Unimplanted 

Implanted 

Wear  Rate 

Depth 

ixlo'^C^ 

150 

2.10±45 

270*58 

1. 2*0.5 

1.2*01 

2.5xIO'5c+ 

470 

210*20 

140*45 

1.7*04 

1.1  *0.1 

150 

1500*120 

2500*.?40 

1.7*04 

5.1*1.1 

470 

.160*150 

600*200 

1.0*  1.6 

2.4*  1.1 

Ixlfll'^N*' 

150 

710*170 

1600*200 

2.2*08 

2.7*05 

2.5xl0>-‘’N*' 

470 

420*76 

2400*160 

5.7*  1.4 

4.4*0.5 

150 

710*170 

4.100*150 

6.0*  1.6 

5.1*1.2 

470 

470*140 

1.100*160 

2. 7*  1.1 

1.1  *0.0 

Table  II.  Prol'ilometry  results  lor  the  (T 10)  (hard)  direetion  showing  the  relative  depth  and 
wear  rates  of  the  implanted  region.  As  in  Table  I  the  large  errors  are  due  to  fluetuations  in  the 
wear  track  profile  as  a  function  of  distance  along  the  scrateh. 


Figure  .^.  Typical  cross-sectional 
profiles  of  the  wear  tracks  obtained 
frtim  scratch  testing  showing  (a) 
Wear  track  in  the  hard  (1 10) 
direction  (470  K  nitrogen)  and  (b) 
Wear  track  in  the  soft  (100)  direction 
(150  K  nitrogen). 


The  profilomeiry  results  show  no  obvious  differences  in  wear  rate  modification  between 
carbon  and  nitrogen  implantation  except  perhaps  that  the  ion  beam  induced  increase  in  wear  for 
the  hard  direction  is  greater  for  nitrogen  than  forcarlxm  implants.  In  particular.  Hartley's'*  result 
reporting  increa.scd  wear  resistance  for  nitrogen  implants  cannot  be  confirmed.  However  we  note 
that  this  may  be  due  to  the  differing  implantation  conditions  iLscd.  Hartley  implanted  IxlO*' 
ions.cm"’  at  rtxim  temperature  using  a  multiply-  energy  implant  at  energies  of  .100.  200  and  UX) 
keV  to  obtain  a  total  dose  of  .lx  1 0‘  ^  ions.cm"*-.  whereas  the  single  energy  1 00  keV  2.5x  1  O'  - 
ions.cm"^  implants  used  in  this  study  will  result  in  a  narrower  more  highly  damaged  layer  within 
the  diamond. 

The  C-RBS  spectra  for  the  high  dose  implants  are  shown  in  Figure  4.  The  low  dose 
spectra  have  not  been  included  as  these  show  very  little  damage,  if  any,  as  compared  to  the 
unimplanted  diamond.  Figure  4a  shows  the  C-RBS  spectra  for  nitrogen  implantation  at  both  150 
K  and  470  K,  while  figure  4b  shows  the  equivalent  .spectra  resulting  from  carbon  implantation. 

Both  carbon  and  nitrogen  implantation  at  1.50  K  show  the  measured  yield  (Xmin^  ***'•’ 
implant  damage  peak  to  approach  the  random  yield,  suggesting  almost  complete  amorphisalion 
of  the  implanted  layer.  The  differences  in  the  C-RBS  spectra  between  the  two  species  are 
consistent  with  TRIM^  calculations  which  show  nitrogen  creating  a  slightly  broader,  taller 
damage  peak  than  carbon  implants.  The  predominant  implant  induced  defect  structures  arc  point 
defects  as  little  dechanncling  is  visible  behind  the  damage  peak,  which  would  be  expected  fntm 
more  complex  defect  structures. 


Energy  (MeV)  Energy  (MeV> 


Figure  4.  C’-RBS  spectra  obtained  trom  the  2.5xl(»*^  ions.cni"*'  implants  using  (a)  UH)  keV 
nitrogen  implantation,  and  (b)  l(K)  keV  carbon  implantation.  The  cfteci  of  temperature  on  p<>int 
defect  concentration  is  clearly  visible. 


The  470  K  spectra  of  both  carbon  and  nitrogen  show  much  less  ion  beam  induced  damage 
V,  ith  a  Xmin  approximately  20%  at  the  damage  peak  for  both  implant  species  as  compared  to 
the  1 5()K  spectra.  This  suggests  that  a  high  proportion  of  the  ion-beam  induced  point  delects 
h;o  c  been  annealed  t)ui  due  to  the  higher  impJani  lemperaturc.  The  C-RBS  spectra  ol  the  470K 
nitrogen  implant  also  shows  enhanced  dechanneling  Krhind  the  damage  peak  w  hich  suggests  the 
presence  of  extended  defects.  This  enhanced  dcchanneling  is  not  present  in  the  470K  carb«)n 
spectra. 

Despite  the  large  differences  between  the  I50K  and  470K  C-RBS  spectra  there  is  no 
apparent  temperature  dependence  on  the  wear  rate.  Similarly,  both  low  and  high  dose  implants 
result  in  similar  wear  rate  mtxiifieaiions,  despite  the  large  difference  in  point  delect 
concentration.  This  suggests  that  the  presence  of  point  defects  is  not  implicated  in  the 
maer<iset'pic  wear  behaviour.  It  also  suggests  that  very  little  ion-beam  induced  damage  is 
required  to  produce  wear  rate  modilicaiions.  The  presence  (d  extended  defects  in  the  47()K 
nitnigen  implant  also  appears  to  have  little  effect  on  the  wear  behaviour  when  compared  to  the 
470K  carbon  implant.  Thus  other  defects  which  are  not  visible  in  C*RBS  analysis  must  be 
responsible  for  the  observed  changes  in  wear  behavior. 


CONCl.USlON 

Ion  implantation  at  do,ses  of  IxHI**^  and  2.5x10*^  ions.cm'*  a*  temperatures  o!  150  and 
470  K  shows  no  obvious  trend  in  mixlifying  the  wear  rale  despite  large  dillerenccs  in  the  C-RBS 
spectra.  This  suggests  that  both  point  defects  have  liille  role  in  defining  the  i(jn-beam  induced 
wear  behavior.  In  particular,  there  are  mi  obvious  wear  rale  differences  observed  tor  nitrogen  or 
carbon  implantation. 

The  effect  of  ion  implantation  on  the  wear  rale  is  dilferenl  for  hard  (110)  and  soil  (UK)) 
directions.  There  is  a  tendency  for  the  (T 10)  direction  to  show  a  dose  dependency  which  is  not 
always  the  ca.se  in  the  (UK)) direction. 
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ABSTRACT 

Vapor  pressure  control  technology  is  successfully  applied  to  the  bulk  crystal  growth, 
epitaxial  growth  and  diffusion  process  of  ZnSe  crystals.  Surface  morphology  and  the  crystal 
quality  ate  investigated  by  the  optical  microscope  and  the  X-ray  double  crystal  diffractometry 
as  the  function  of  the  growth  temperature  and  the  applying  Zn  vapor  pressure.  The  cathode 
luminescence  is  also  measured  to  evaluate  the  optical  properties  and  the  effect  of  low 
temperature  growth  and  the  application  of  Zn  vapor  pressure  are  demonstrated,  p-type  ZnSe 
crystals  are  grown  from  the  Se  solution  with  group  I,  element  as  a  dopant  under  controlled 
Zn  vapor  pressure,  p-n  junction  diodes  are  also  prepared  by  the  Ga  diffusion  from  Zn  solution 
under  Se  vapor  pressure.  Emission  spectra  from  the  p-n  junction  and  its  Zn  and  Se  vapor 
pressure  dependencies  are  also  presented. 


INTRODUCTION 

The  most  important  factor  to  be  coneolted  in  compound  semiconductor  crystals  is  the 
deviation  from  the  stoichiometric  composition.  Starting  from  the  investigation  of  iron- 
pyritell],  we  have  carried  out  the  annealing  experiments  of  various  III-V  compound 
semiconductor  crystals|2]  under  controlled  vapor  pressure  of  group  V  elements.  Crystallo¬ 
graphic,  electrical  and  optical  evaluation  have  led  to  the  crucial  conclusion  that  the  nearly 
perfect  crystals  with  stoichiometric  composition  could  be  obtained  under  a  specific  vapor 
pressure  (optimum  vapor  pressure)13).  Later,  some  experimental  studies  were  carried  out  at 
another  laboratory  and  good  coincidence  could  be  obtained  with  our  rcsultsK).  Temperature 
dependence  of  the  optimum  vapor  pressure  was  also  determined.  The  vapor  pressure  control 
technology  has  been  successfully  applied  to  the  liquid  phase  epitaxial  growth  of  GaAs|5|  and 
GaPftil  from  the  Ga  solution  in  combination  with  the  temperature  difference  method  (TDM- 
CVP).  it  has  been  shown  that  there  has  been  also  the  optimum  vapor  pressure  to  improve  the 
crystal  qualities.  Vapor  pressure  control  technology  has  been  applied  to  the  bulk  crystal 
growth  of  Czochralski-grown  GaAs(7)  and  zone  melting  InP[8).  It  has  been  shown  that  the 
application  of  vapor  pressure  is  also  effective  to  control  the  deviation  from  the  stoichiometric 
composition  of  compound  semiconductor  crystals  and  to  reduce  the  dislocation  density  in 
commercially  available  GaAs  ingots. 

In  order  to  clarify  the  mechanism  of  the  vapor  pressure  control  technology,  the 
theoretical  analysis  was  also  carried  out  on  the  basis  of  the  extension  of  the  conventional 
chemical  potential  equilibrium  through  three  phases.  Our  experimental  results  of  the  phase 
diagram  in  Ga-As  system  can  be  successfully  explained  by  taUng  into  account  the  change  of 
the  saturated  solubility  in  the  solution  under  controlled  vapor  ptessure|91,  resulting  in  that  the 
deviation  from  the  stoichiometric  composition  can  be  controlled  by  the  application  of  the 
vapor  pressure. 
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ll-VI  compound  semiconductors  including  ZnSe  crystals  are  the  promising  material 
for  light  emitting  devices  with  short  wavelength.  Recently,  ZnSe  semiconductor  laser  has  been 
reported  to  operate  at  liquid  nitrogen  temperature.  In  wide  gap  II-VI  compounds  such  as 
ZnSe,  both  Zn  and  Se  show  high  vapor  pressure,  resulting  in  that  various  sorts  of  defects  are 
easily  introduced  during  crystal  growth  and  other  thermal  processes.  Therefore,  high  quality 
ZnSe  crystals  with  p-type  conduction  have  not  been  easily  obtained  for  a  long  time.  We  have 
applied  the  vapor  pressure  control  technology  to  the  bulk  ciystaJ  growth,  epitaxial  growth  and 
fabrication  of  p-n  junction  with  the  blue  light  emission  of  480nm[10]. 

In  order  to  reduce  the  residual  defects  and  impurities,  lower  growth  temperature  will 
be  expected  in  epitaxial  growth.  This  paper  reports  the  results  of  liquid  phase  epitaxial  ZnSe 
crystals  grown  by  the  TDM-CVP  using  ^  solution  under  Zn  vapor  pressure  at  relatively  low 
growth  temperature.  Change  of  the  surface  morphology  and  the  cathode  luminescence  spectra 
are  presented  as  a  function  of  the  growth  temperature  and  the  applying  Zn  vapor  pressure. 
Doping  characteristics  are  also  shown  in  view  of  the  controlled  Zn  vapor  pressure|11). 


EXPERIMENTAL 

Figure  I  is  a  schematic  drawing  of  the  epitaxial  growth  system  and  the  temperature 
distribution  of  the  furnace.  Due  to  the  differences  of  the  specific  gravity  of  ZnSe  and  Se,  the 
source  material  (ZnSe)  was  maintained  above  the  molten  Se  solution  by  a  narrow  portion  of 
the  quartz  ampoule  (Smmtti  ,  S0-80mm  length).  The  temperature  of  the  source  material  is 
maintained  1-3°C  higher  than  that  of  the  ZnSe  substrate.  ZnSe  substrates  used  were  (111) 
oriented  and  also  grown  by  the  TDM-CVP  at  1050°C.  Crystal  quality  of  the  substrate 
materials  were  evaluated  by  the  X-ray  double  crystal  diffractometry  and  the  full  width  at  half 
■maximum  (FWHM)  of  the  X-ray  rocking  curve  was  less  than  1(X)  second  of  arc. 

p-n  junction  was  fabricated  by  the  Ga  diffusion  under  controlled  Se  vapor  pressure  into 
the  p-type  ZnSe  crystals  grown  by  the  TDM-CVP.  p-type  ZnSe  crystals  were  grown  from  the 
Se  solution  with  group  I,  elements  as  a  dopant  impurity  under  controlled  Zn  vapor  pressure. 
In  order  to  obtain  the  diffused  layer  with  the  thickness  of  5~7pm.  typical  diffusion 
temperature  and  time  used  were  740'’C  and  Ih  respectively. 


Fig.  I 

Schematic  draw  of  the  epitaxial  growth  system. 
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Nomarski  interference  microscopy  analysis  was  applied  to  inspect  the  surface 
morphology  of  the  epitaxial  layers.  Cathode  luminescence  (CL)  measurements  were  carried 
out  using  the  electron  probe  microanalyzer  modified  to  collect  the  luminescent  light  at  77K. 
Accelerating  voltage  and  beam  current  used  were  2SkV  and  94pA  respectively.  Beam 
diameter  was  about  5pm.  The  luminescence  was  analyzed  by  the  grating  monochromator  and 
detected  by  the  S-20  type  photomuldplier.  Emission  spectra  from  the  p-n  junction  were  also 
obtained  at  various  measurement  temperatures  ranging  77-300K. 

The  Hall  measurements  were  made  by  the  Van-der  Pauw  method.  For  fabricating  the 
ohmic  contact,  Au  was  evaporated  followed  by  the  heating  up  to  250°C  for  10  min.  in  an  Ar 
atmosphere. 


RESULTS  AND  DISCUSSION 
Surface  morphology 

Figure  2  shows  the  optical  micrographs  of  the  epitaxial  layers  and  the  cleaved  surface 
of  intentionally-undoped  ZnSe  crystals  grown  on  the  (1 1 1)  oriented  substrates  at  750~950°C 
without  excess  Zn  vapor  pressure.  Island  growth  was  shown  on  the  crystal  surface  when 
grown  below  750°C  perhaps  due  to  the  low  solubility  and  surface  migration  distance.  When 
crystal  growth  was  carried  out  at  850~950°C.  the  islands  were  spreading  and  becoming  larger. 
Consequently,  single  crystals  could  be  epitaxially  grown  with  smooth  surface  at  the  growth 
temperature  of  950°C. 


O.Imm 

Fig.2 

Surface  morphology  and  the  cleaved  surface  of  the  epitaxially  grown  intentionally-undoped 
ZnSe  crystals. 


Crystallograohlc  properties 

In  order  to  investigate  the  crystallographic  properties.  X-ray  double  crystal 
diffractometiy  analysis  was  applied  to  the  ZnSe  epitaxial  layers.  (Ill)  oriented  HB  grown 
GaAs  crystal  was  used  as  the  1st  crystal  and  the  X-ray  rocking  curve  was  measured  using  the 
Cuka,  radiation  and  the  (333),-(333),  symmetrical  configuration.  Therefore,  the  FWHM  of 
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the  X-ray  rocking  curve  reflects  the  irregularity  of  the  crystal  lattice  plane.  Figure  3  shows 
the  FWHM  of  the  X-ray  rocking  curve  obtained  from  the  ZnSe  epitaxial  layers  as  a  function 
of  growth  temperature  of  the  substrate  materials.  The  growth  temperatures  of  the  epitaxial 
layers  were  in  the  range  850~950°C.  In  Fig.3,  some  of  the  samples  grown  at  850  and  900°C 
show  multi-peaks  of  the  X-ray  rocking  curve  due  to  the  existence  of  misoriented  island 
growth  region.  In  those  cases,  FWHM  corresponds  to  the  total  width  of  the  X-ray  rocking 
curve.  As  shown  in  Fig.3,  crystal  perfection  of  the  epitaxial  layer  was  shown  to  be  superior 
to  that  of  the  substrate. 


Tg=^C 
Tg=jj)0'C 
Tg=^  C 


Fig.3 

FWHM  of  the  epitaxial  layers  as  a  function  of  that  of  substrate  materials.  FWHM  was 
measured  by  the  X-ray  double  crystal  diffractomeiry  using  (333)5-(333)j  symmetrical 
configuration. 


Cathode  luminescence  investigation 

Figure  4  shows  the  cathode  luminescence  (CL)  spectrum  of  the  inientionally-undoped 
epitaxial  ZnSe  grown  at  9(X)°C.  The  electron  beam  was  focused  onto  the  single  domain  of  the 
epitaxial  layer.  The  CL  spectrum  shows  three  peaks  as  shown  in  Fig.4.  2.773  and  2.696eV 
CL  peaks  correspond  to  the  exciton  emission  (EX)  and  the  donor-acceptor  pair  emission  (DA) 
respectively.  DA  pair  emission  peak  was  shown  to  be  followed  by  the  phonon  replicas  with 
30meV  intervals.  A  weak  emission  band  relating  with  the  deep  levels  could  be  also  detected 
at  around  2.48eV.  Whereas,  no  other  deep  level-related  emissions  could  be  detected  in  the 
longer  wavelength  region. 

Figure  5  shows  the  CL  spectra  of  the  epitaxial  layers  grown  at  various  growth 
temperatures.  For  comparison,  the  CL  spectrum  of  the  substrate  material  before  growth  was 
also  shown.  It  is  clearly  shown  that  the  intensity  of  the  EX  emission  decreases  with  increasing 
of  the  growth  temperature.  Or.  the  contrary,  the  intensity  of  the  DA  pair  emission  increases 
with  increasing  the  growth  temperature.  In  view  of  the  enhancement  of  the  EX  emission 
intensity,  these  experimental  results  confirm  that  the  lower  growth  temperature  improves  the 
crystal  quality.  It  is  also  shown  that  the  deep  level-related  CL  emission  at  around  2.4eV  could 
be  scarcely  detected  in  the  epitaxial  growth  layer. 
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Fig.4 

Cathode  luminescence  spectra  of  intentionally-undoped  ZnSe  epitaxial  layers  grown  at  900°C 
without  application  of  Zn  vapor  pressure. 


Fig.5 

Cathode  luminescence  spectra  of  intentionally-undoped  ZnSe  epitaxial  layers  grown  at  various 
growth  temperatures  without  application  of  Zn  vapor  pressure. 


Next,  we  show  the  Zn  vapor  pressure  dependencies  of  the  CL  spectra.  Figure  6  shows 
the  CL  spectra  of  the  epitaxial  layers  grown  under  the  various  controlled  Zn  vapor  pressure. 
In  all  samples,  the  EX  emission  intensity  dominates  over  that  of  the  DA  pair  emissiui..  On 
the  contrary,  DA  pair  emission  intensity  was  shown  to  be  larger  than  that  of  the  EX  emission 
in  the  epitaxial  ZnSe  crystals  grown  without  applying  Zn  vapor  pressure.  Therefore,  it  is 
concluded  that  the  application  of  Zn  vapor  pressure  during  epitaxial  growth  is  effective  to 
reduce  some  sorts  of  point  defects  which  prevent  the  formation  of  excitons  in  the  crystals. 
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Fig.6 

Cathode  luminescence  spectra  of  inteniionally-undoped  ZnSe  epitaxial  layers  grown  under 
various  Zn  vapor  pressure.  Growth  temperature  was  950°C. 


Figure  7  shows  the  intensity  ratio  of  the  CL  emission  attributable  for  the  EX 
(2.773eV)  and  DA  pair  emission  (2.696eV)  as  a  function  of  the  applying  Zn  vapor  pressure. 
It  is  shown  that  the  relative  EX  emission  intensity  shows  its  maximum  at  a  specific  Zn  vapor 
pressure  of  -3.0  atm. 


Relation  between  the  applying  Zn  vapor  pressure  and  the  emission  intensity  ratio  of  the 
exciton  (EX)  emission  peak  at  2.773eV  to  the  donor-acceptor  (DA)  pair  emission  peak  at 
2.696eV. 
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Figure  8  shows  the  CL  spectra  of  the  epitaxially-grown  ZnSe  crystals  doped  with  Au, 
Na  and  Li.  Dopant  materials  used  were  metal  gold,  Na2Se,  LijSe  and  Li2S04  H20 
respectively.  Experimental  results  obtained  were  rather  complicated.  When  the  NUjSe  and 
Li2Se  doped  ZnSe  crystals  were  epitaxially  grown  without  Zn  vapor  pressure,  the  EX 
emission  decreased  drastically.  However,  application  cf  3.0  aim  Zn  vapor  pressure  enhances 
the  CL  intensity  of  the  EX  emission,  meaning  that  the  formation  of  the  point  defects 
associated  with  the  deviation  of  the  stoichiometric  composition  should  be  reduced.  In  the  Au- 
doped  ZnSe  crystals,  the  intensity  uf  the  deep  level-related  CL  emission  (2.2-2.3eV)  was  also 
shown  to  be  reduced  by  applying  specific  Zn  vapor  pressure  of  3  atm.  Therefore,  it  is 
concluded  that  the  Zn  vapor  pressure  control  is  shown  to  be  effective  to  control  the  deviation 
from  the  stoichiometric  composition  of  ZnSe  crystals. 


The  effect  of  the  applying  Zn  vapor  pressure  on  the  cathode  luminescence  spectra  of  epitaxial 
layers  doped  with  Au,  NajSe,  Li,Se  and  Li2S04-H20. 


Doping  characteristics 

Zn  vapor  pressure  control  during  ZnSe  epitaxial  growth  was  also  shown  to  be  effective 
in  the  doping  characteristics.  When  ZnSe  crystals  were  grown  without  application  of  Zn  vapor 
pressure  from  the  Se  solution  with  acceptor  impurities,  only  the  insulating  materials  could  be 
obtained.  However,  epitaxial  growth  was  carried  out  under  controlled  7.n  vapor  pressure,  p- 
type  ZnSe  crystals  could  be  obtained  with  the  hole  carrier  concentration  ranging 
8xlO'^-3xlO”  cm  ’  at  room  temperature.  Acceptor  impurities  used  were  NujSe.  LijSCM  H.O 
and  LijSe.  The  highest  hole  carrier  concentration  was  obtained  when  Na,Se  was  used  as 
acceptor  impurity  with  2.5  mo!e%  or  less  in  the  Se  solution.  Table  I  summarizes  the  results 
of  the  Hall  effect  measurements  at  room  temperature.  It  is  noticeable  to  say  that  the  mobility 
of  the  Li-doped  ZnSe  epitaxial  layer  shows  considerable  higher  than  that  obtained  from  tlie 
theoretical  calculations!  I3]. 
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Table  I  Results  of  the  Hall  effect  measureinents  at  room  temperature 


DOPANT 

mole  % 

conduction 

carrier 

Hall 

Resistivity 

in  Se  solution 

type 

concentration  (cni^ ) 

mobility  (cnT/V  sec) 

(ohm  cm) 

NajSe 

I-3E2 

P 

2EI6-3E17 

4-90 

2-90 

LuSCuHO 

3E2 

P 

6E15 

300 

60 

L^Sc 

3e; 

P 

_ 1 

8E13 

450 

3 

GRO\^TH  TEMPERATURE  =  <)5(TC 
Zn  VAPOR  PRESSURE  =  3.0  atm. 


Blue  light  emission  from  the  p-n  junction  prepared  bv  diffusion  under  controlled  Se 
vapor  nressure 

Figure  9  shows  the  typical  emission  spectra  from  the  p-n  junction  measured  at  various 
temperatures  ranging  77-300K.  Sample  used  was  grown  under  not-optimized  Zn  vapor 
pressure.  The  emission  spectra  show  two  sorts  of  emission  lines  associated  with  the  gap 
energy  and  the  deep  levels  (Pj^p).  The  emission  of  the  Pj„.p  was  very  weak  in  most 

diodes  at  temperatures  below  172K,  The  emission  intensity  of  the  PccIgC  decreased  at  higher 
temperatures  above  280K.  Figure  10  shows  the  temperature  dependencies  of  the  emission 
wavelength  of  the  and  the  ^dccp'  The  emission  lines  associated  with  the  deep  levels  are 
classified  into  three  sorts  according  to  the  emission  wavelength  (A,B.C).  The  energy  of 
emission  line  B  is  the  same  as  that  of  self-activated  defects]  12).  The  temperature  dependen¬ 
cies  of  the  peak  energies  determine  the  activation  energy  for  energy  shift  to  be  .SSmeV  for 
the  Pedge  and  .38meV  for  the  peak  C. 


Fig.9 

Typical  emission  spectra  from  the  p-n  junction  measured  at  various  temperatures  ranging 
77~300K.  Sample  used  was  grown  under  not-optimized  Zn  vapor  pressure. 
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Fig.  10 

Temperature  dependencies  of  the  peak  energy  of  the  and  obtained  from  the  p-n 
junction.  ■  shows  the  data  from  ref.  1 2. 


Vapor  pressure  dependencies  of  the  emission  spectra  from  the  o-n  junction 

Figure  1 1  show's  the  relation  between  the  intensity  ration  of  Pj^^p  to  from  the  p-n 
junction  and  applied  Zn  vapor  pressure.  The  intensity  ratio  shows  its  minimum  at  a  specific 
Zn  vapor  pressure.  Especially,  the  specified  sample  grown  under  the  optimum  Zn  vapor 
pressure  shows  almost  only  a  single  emission  line  of  2.7eV  (-460nm)  at  77K  without  any 
deep  level-related  emissions.  Figure  12  shows  the  Zn  vapor  pressure  dependencies  of  the 
emission  intensity  of  the  The  emission  intensity  of  the  P..jg,  shows  its  maximum  also 
at  a  specific  Zn  vapor  pressure. 
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Relation  between  the  intensity  ration  of  Pj^p  to  and  applied  Zn  vapor  pressure. 
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Zn  vapor  pressure  dependeneies  of  the  emission  iniensiry  of  ihe  from  ihe  p-n  junction. 


Next,  we  show  the  effects  of  diffusion  conditions  on  the  emission  characteristics.  The 
Ga  diffusion  was  carried  out  in  the  Zn  solution  under  the  controlled  Se  vapor  pressure.  All 
samples  used  were  grown  under  the  optimum  Zn  vapor  pressure  of  7.2atm  at  I050‘'C.  Figure 
13  and  14  show  the  Se  vapor  pressure  dependencies  of  the  emission  intensity  measured  at 
room  temperature.  As  shown  in  Fig.  13.  the  intensity  ratio  of  the  Pj„.p  to  shows  minimum 
at  a  specific  Se  vapor  pressure  applied  during  the  diffusion  process.  In  addition,  the  emission 
intensity  of  the  P^.j^^,  shows  maximum  at  almost  the  same  specific  Se  vapor  pressure. 


Fig.  1 3 

Effect  of  the  Se  vapor  pressure  during  Ga  diffusion  from  the  Zn  solution  on  the  emission 
intensity  ratio  of  P^^  to  P^^gp  of  the  p-n  junction  measured  at  nominal  room  temperature. 
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Fig. 14 

Effect  of  the  Se  vapor  pressure  during  Ga  diffusion  from  the  Zn  solution  on  the  emission 
intensity  of  of  the  p-n  junction  measured  at  nominal  room  temperature. 


Therefore,  it  is  concluded  that  the  formation  of  deep  levels  will  be  also  controlled  by  the 
application  of  the  Se  vapor  pressure  during  Ga  diffusion  process.  Figure  I.S  shows  the 
emission  spectrum  at  room  temperature  obtained  from  the  p-n  junction  grown  under  the 
optimum  Zn  vapor  pressure  followed  by  the  Ga-diffusion  process  under  the  optimum  Se  vapor 
pressure.  Even  at  room  temperature,  a  pure  blue  light  emission  was  obtained  at  480nm  with 
a  half  width  of  7nm  without  any  deep  level-related  emissions.  The  brightness  of  this  sample 
was  2mcd  at  the  driving  current  of  2mA. 


Fig. 1 5 
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Emission  spectra  from  the  ZnSe  p-n  junctions  measured  at  77K  and  300K. 
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ABSTRAa 

Zinc  selenide  ftlms  have  been  grown  heteroepitaxially  on  Si(lOO)  substrates  by  molecular 
beam  epitaxy.  The  initial  stages  of  growth  are  dominated  by  the  reaction  of  Se  and  Si  atoms  to  form 
the  compound  SiSe^.  The  compound  formation  disrupts  ^itaxy,  and  several  growth  methods  which 
avoid  this  are  described  and  compared.  We  find  that  room  temperature  deposition  plus  solid  phase 
epitaxy  does  not  lead  to  significant  SiSos  formation  and  yields  uniformly  thick  films  which  are 
misoriented  with  respect  to  the  substrate  and  contain  large  regions  of  twinned  ZnSe.  The  use  of  an 
As  monolayer  on  the  Si  surface  before  the  start  of  ZnSe  growth  allows  good  ZnSe  epitaxy  without  any 
Si-Se  reaction  or  any  misorientation.  ZnSe  films  have  also  been  used  as  interlayers  for  GaAs  growth 
on  Si.  This  has  allowed  us  to  obtain  uniform  GaAs  nims  at  thicknesses  which  typically  manifest  a 
coalesced  island  morphology  for  GaAs  grown  directly  on  Si. 

INTRODUCTION 

Heteroepitaxy  of  compound  semiconductors  on  Si  substrates  is  a  promising  method  of 
combining  the  best  properties  of  both  materials.  A  great  deal  of  work  has  been  carried  out  for  GaAs 
heteroepitaxy  on  Si.  In  this  paper,  on  the  other  hand,  we  will  examine  the  related  case  of  the  growth 
of  ZnSe  on  Si.  ZnSe  is  of  interest  for  optical  devices  because  of  ita  large  direct  band  gap.  but  it  is  the 
mam  purpose  of  this  paper  to  use  the  ZuSe-on-Si  system  to  understand  more  about  general  questions 
of  heteroepitaxy  on  Si. 

Several  effects  make  the  growth  of  compound  semiconductors  on  Si  difficult  to  achieve 
successfully.  These  may  include  one  or  more  of  the  following:  (i)  lattice  mismatch  which  gives  rise  to 
dislocations  at  the  interface  or  in  the  film,  (ii)  different  thermal  coefficients  of  expansion,  which  can 
lead  to  the  introduction  of  strees  during  cooldown  from  the  growth  temperature,  iiii)  the  formation  of 
passivating  layers  which  have  very  low  surface  free  enei^  and  thus  inhibit  the  bonding  between  the 
substrate  and  overlayer.  thereby  leading  to  island  formation  and  (iv)  reaction  between  atoms  from 
the  substrate  and  the  overlayer.  We  begin  by  conaidering  the  growth  of  the  first  few  monolayers  of 
the  overlayer.  The  very  early  stages  of  growth  of  GaAs  on  Si.  for  example,  are  dominated  by  the 
passivating  effect  of  an  As  monolayer  on  the  Si  substrate.  This  occurs  because  a  monolayer  of  As  can 
bond  to  either  the  Si(lU)  or  Si(lOO)  surface  so  that  all  of  the  Si  and  As  atoms  near  the  surface  are 
fully  coordinated.  The  surface  formed  is  therefore  highly  unreactive.  In  principle  a  fully  coordinated 
monolayer  of  Se  could  also  form  on  SidOOl  in  an  analagous  manner  so  that  passivation  and  island 
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formation  would  also  take  place  for  ZnSe-on*Si  growth.  We  find,  however,  that  it  is  the  reaction 
between  Si  and  Se  to  form  an  amorphous  compound  that  is  the  major  effect  in  this  case. 

After  giving  some  experimental  details,  we  will  desoibe  the  bonding  of  Se  to  the  Si  surface 
and  discuss  the  chemical  reaction  that  is  found  to  take  place.  In  the  subsequent  sections  the  growth 
of  ZnSe  using  several  growth  techniques  will  be  discussed  and  finally  we  will  present  some  results 
for  the  use  of  ZnSe  as  an  interlayer  between  GaAs  and  Si. 

EXPERIMENTAL  DETACH 

Unless  otherwise  noted,  the  silicon  wafers  used  as  substrates  had  their  surfaces  tilted  by  4 
d^rees  from  the  (100)  plane  (the  surface  normal  being  tilted  by  4  degrees  towards  (0*111).  A  thin, 
protective  oxide  was  grown  on  these  (O.Ol  ohm-cm,  n-type)  silicon  substrates  as  described  elsewhere 
(11.  After  introduction  into  ultra  high  vacuum,  the  oxide  was  thermally  desorbed  and  the  surface 
cleanliness  and  order  was  determined  by  x-ray  photoemission  (XPS)  or  Auger  spectroscopy  (AES) 
and  low  energy  electron  diffraction  (LEED).  The  ZnSe  and  GaAs  films  were  grown  in  situ  by 
molecular  beam  epitaxy  (MBE),  using  a  compound  ZnSe  source  and  elemental  As  and  Ga  sources, 
respectively.  An  electrochemical  Se  cell  was  used  when  Se  alone  was  required.  The  resulting  films 
were  characterized  in  situ  with  AES,  XPS  and  LEED.  Prior  to  standard  sample  thinning  for  the 
transmission  electron  microscopy  (TEM)  studies,  an  amorphous  Si  layer  was  deposited  over  the 
films. 


INTERACTION  OF  Se  WITH  Si 

The  unreconstructed  Si(  100)  surface  has  two  dangling  bonds  per  surface  atom  and  is  therefore 
energetically  very  unstable.  On  the  clean  surface,  adjacent  atoms  pair  up  to  form  dimers  so  that  the 
number  of  dangling  bonds  is  reduced  to  one  per  surface  atom.  If  each  of  these  atoms  is  replaced  with 
an  As  atom  then  the  extra  valence  electron  in  an  As  atom  replaces  the  dangling  bond  with  a  lone 
pair.  Moreover,  the  energy  level  of  the  dangling  bond  ia  lowered  from  midgap  down  into  the  valence 
band.  Therefore  a  Si(lOO)  surface  covered  with  a  monolayer  of  As*  As  dimers  is  fully  coordinated. 
This  is  found  to  be  the  case  in  practice  and  leads  to  a  very  unreactive  surface  [2].  Se  atoms  have  two 
extra  valence  electrons  compared  with  Si  and  thus  it  is  possible  in  principle  to  fully  coordinate  the 
un-dimerized  Si(lOO)  surface  with  a  monolayer  of  Se  as  is  shown  schematically  in  Fig.  1.  The  two 
dangling  bonds  that  were  present  are  replaced  with  two  noo-reactive  lone  pairs.  An  arrangement 
such  as  this  is  found  to  occur  for  S  atoms  on  Ge(100)  surfaces  (31,  but  we  have  found  that  this  is 
diiTicult,  if  not  impossible,  to  achieve  for  Se  on  Si(lOO).  Experiments  utilizing  soil  x-ray  core  level 
spectroecopy  (SXPS)  found  that  thick  films  of  Se  would  react  with  Si  to  form  a  thick  layer  of  SiSe2 
(4,5|.  This  is  a  compound  analagous  to  SiOj  and  appears  to  be  a  stable  product  when  Se  comes  into 
contact  with  Si.  Results  of  the  SXPS  from  refr  4  and  5  are  given  in  Fig.  1  where  the  Si  core  level  is 
shown  for  (a)  a  thick  film  of  Se  that  was  depoeitsd  at  room  temperature  (RT)  onto  an  on-axis  Si(lOO) 
substrate  and  then  annealed  at  a  temperature  of  *C  and  <b)  the  same  film  after  annealing  at  550 
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Figure  1.  Schematic  atomic  structure  of  the  idea!  Sestermioated  SUlOO)  surface  and  photoemission 
core  level  spectra  for  (a)  a  film  of  Se  that  was  deposited  on  Si  at  RT  and  annealed  at  300  "C,  (b)  the 
same  Him  afler  annealing  at  550  ^  and  (cl  a  l?nSe  film  which  was  annealed  until  all  of  the  Zn  hut 
not  all  of  the  Se  was  desorbed  (from  ref.  5). 


Both  spectra  can  be  fitted  with  a  bulk  Si  peak  and  4  chemically-shifted  peaks  with  separations  of 
S,  28,  38  and  48  from  the  bulk  peak  where  6=0.53  eV,  the  shifts  being  to  higher  binding  energies. 
This  is  consistent  with  an  ensemble  of  Si  atoms  being  bonded  to  1. 2, 3  or  4  Se  atoms  (bonding  to  four 
Se  atoms  corresponds  to  the  compound  SiSej).  After  the  550  anneal,  the  majority  of  the 
chemically  shifted  intensity  is  in  the  first  two  peaks.  This  also  is  found  to  be  the  case  for  a  ZnSe  film 
deposited  on  Si  and  then  annealed  so  that  all  of  the  Zn,  but  not  all  of  the  Se  is  re-evaporated  (Fig. 
1(c)].  For  a  monolayer  of  Se  to  be  bonded  to  Si(lOO)  as  shown  in  tbe  schematic  structure  in  Fig.  I, 
only  the  28  chemical  shift  should  be  present  in  the  SXPS  spectra  and  the  presence  of  s  16  chemical 
shift  indicates  that  the  surface  is  not  fully  passivated.  This  result  and  other  subsequent  Se 
deposition  methods  have  failed  to  achieve  a  well  ordered  Se-terminated  surface.  At  low  substrate 
temperatures,  the  surface  is  fully  covered  and  disordered  and  at  higher  surface  temperatures  the 
surface  cannot  be  fully  covered.  Presumably  this  is  due  to  the  competition  between  surface  ordering 
and  the  etching  of  the  surface  which  takes  place  via  the  evolution  of  the  volatile  SiSe  molecule  {6|.  It 
should  also  be  noted  that  ordered  layers  of  S  do  not  occur  on  Si<100)  |71  whereas  they  have  been 
obtained  for  S  on  Ge(100)  13].  This  again  implicates  the  reactivity  of  Si  with  group  VI  atoms  and  the 
existence  of  volatile  SiSe,  SiS  (and  SiO)  molecules. 

We  will  show  in  the  following  sections  that  tlM  interaction  of  Se  with  the  Si  substrate  also 
dominates  the  initial  stages  of  ZnSe  growth  on  Si. 
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GROWTH  OF  ZnSe  ON  SI  AT  ELEVATED  TEMPERATURES 

Early  results  found  that  ZnSe  could  be  grown  epitaxially  on  Si  with  MBE  by  carefully 
controlling  the  Znto  Se  flux  ratio  at  the  substrate  (8,91.  Park  and  Mar  (91  found  that  the  best  results 
could  be  obtained  by  slowly  ramping  up  the  Se  flux  while  holding  the  Zn  flux  constant.  In  the 
absence  of  any  Se  flux  the  sticking  coefficient  of  Zn  on  the  surCsce  was  found  to  be  sero  at  the 
substrate  temperature  of 330  that  was  used.  It  was  concluded  that  the  growth  must  be  initiated  at 
a  slow  rate  AND  that  the  flux  of  Zn  should  be  greater  than  the  Se  flux  at  the  initiation  [9].  Epitaxial 
growth  presumably  occurred  because  the  excess  of  Zn  atoms  prevented  the  Se  and  Si  atoms  from 
reaching  one  another  and  forming  SiSe2. 

When  both  Se  and  Zn  are  supplied  to  the  surface  at  the  onset  of  growth,  the  reactivity  between 
Si  and  Se  dominates.  This  is  shown  in  Pig  2  where  the  Si  2p  core  level  spectra  for  ZnSe  deposited  on 
Si  at  both  RT  and  300  'G  are  contrasted  to  those  for  GaAs  deposited  on  Si  at  elevated  temperature. 
We  see  large  chemical  shifts  in  the  ZoSe-on-Si  case  which  are  Indicative  of  the  SiSe^  formation, 
especially  for  the  300  deposition.  A  TEM  image  for  a  thick  film  whose  growth  was  initiated  at  300 
X  is  shown  in  Fig.  3.  This  figure,  and  other  images  of  the  same  film,  show  the  presence  of  a  70  nm 
amorphous  film  directly  on  top  of  the  Si  substrate  and  a  polycrystalline  film  above  that.  The  SXPS 
results  (4,5j  suggest  that  the  thick  amorphous  film  observed  consists  of  SiSe^.  The  small  5  to  7  nm 


Figure  2.  Comparison  between  the  Si  2p  photoemission  core  level  spectra  for  GaAs  on  Si  and  ZnSe 
on  Si  (from  ref.  5).  The  increased  reactivity  of  ZnSe  with  Si  compared  to  GaAs'On*Si  is  shown  by  the 
presence  of  large  chemical  shifts  corresponding  to  Si  atoms  bonded  to  4  Se  atoms. 


Figure  3.  TEM  cross  section  ([Ollt  projection)  of  a  ZnSe  iilm  deposited  on  Si  at  300 An 
amorphous  Si  dim  has  been  evaporat^  onto  the  ZnSe  layer  to  provide  protection  during  TEM 
thinning. 

inclusions  that  can  be  seen  within  the  amorphous  layer  are  likely  to  be  small  Zn  or  ZnSe  crystals. 
The  transition  between  the  amorphous,  reacted  layer  and  the  polyorystalline  ZnSe  layer  is  likely  to 
occur  once  silicon  atoms  are  unable  to  diffuse  fast  enough  to  the  surface  or  once  Se  atoms  are  unable 
to  diffuse  fast  enough  to  the  interface.  We  would  thus  expect  the  thickness  of  the  amorphous  layer  to 
be  very  sensitive  to  growth  rate  and  substrate  temperature.  We  note  that  other  dims  grown  in  this 
temperature  regime  also  show  reaction  between  the  Si  substrate  and  the  ZnSe  overlayer. 

ZnSe  FILMS  ON  Si  BY  ROOM  TEMPERATURE  DEPOSITION  AND  SOLID  PHASE 
EPITAXY 

On  the  basis  of  the  results  presented  in  the  previous  section,  some  method  to  limit  the  degree 
of  reactivity  between  Si  and  Se  is  necessary.  Lowering  the  substrate  temperature  during  deposition 
is  one  possibility.  Subsequent  annealing  axui  crystallixation  may  then  take  place  without  large 
numbers  of  Se  atoms  being  able  to  reach  the  Si  because  the  Se  atoms  are  tied  down  by  bonding  to  Zn 
atoms. 

A  series  of  ZnSe  dims  was  grown  by  room  temperature  deposition  followed  by  solid  phase 
epitaxy  (SPE)  ( 10|.  It  was  found  using  LEED  and  TEM  that  annealing  dims  for  2  minutes  at  &00 
gave  crystalline  dims  without  any  significant  reaction  between  the  ZnSe  and  the  Si  substrate. 
Annealing  at  600  ^  did  cause  a  reaction  to  take  place.  A  cross  section  TEM  image  of  a  50  nm  ZnSe 
dim  on  Si(lOO)  is  presented  in  Fig  4.  There  is  no  evidence  for  the  formation  of  an  amorphous  layer 
between  the  Si  and  the  ZnSe.  The  ZnSe  dim  also  has  a  characteristic  orientation  relative  to  the 
substrate.  The  inset  in  Fig.  4  shows  the  electron  diffraction  pattern  that  was  obtained  from  the  same 
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Figure  4.  (a)  TEM  cross  section  in  the,  [011|  projection,  of  a  ZnSe  film  deposited  on  Si  at  room 
temperature  and  then  annealed  for  2  minutes  at  500  The  1100)  vector  for  the  substrate  is  4**  from 
the  interface  normal  and  has  a  component  towards  the  right  of  the  figure.  The  inset  is  an  electron 
diffraction  pattern  of  the  same  area. 
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area  of  the  interface.  Several  conclusions  can  be  drawn  from  the  figure:  (i)  the  film  is  uniform  in 
thickness;  <ii)  the  diffraction  pattern  shows  that  the  ZnSe  crystal  is  tilted  with  respect  to  the  Si 
substrate;  and  (iii)  a  large  number  of  crystal  defects  tilting  from  the  lower  right  to  the  upper  left  are 
seen.  The  misorientation  angle  was  measured  for  a  number  of  films  deposited  in  the  same  manner 
and  was  found  to  be  S'*  ±  1''  with  the  same  orientation  sense  relative  to  the  surface  offcut  in  all  cases. 
A  film  grown  on  a  1.5^  offcut  substrate  also  had  a  4*  misorientation  showing  that  the  misorientation 
was  insensitive  to  the  offcut  angle.  Tilts  have  been  seen  in  many  heteroepitaxial  S3rstems  grown  on 
off-cut  substrates,  but  no  simple  models  for  their  origin  seem  to  explain  all  of  the  present  data. 
Lattice  mismatch  is  not  the  only  important  parameter.  This  can  be  seen  dramatically  by  comparing 
results  for  GaAs  on  Si  substrates  with  similar  offcut  angles  to  those  in  this  study.  Although  GaAs- 
on-Si  has  close  to  the  same  mismatch  (*~4%)  as  ZnSe  on  Si.  (i)  the  tilts  are  in  the  opposite  direction  to 
those  found  here  <i.e.  the  [100]  vector  of  the  ZnSe  is  tilted  towartia  the  surface  normal  for  GaAs-on-St 
and  away  from  the  normal  for  ZnSe-on-Si  i  and  (ii)  the  tilts  have  a  magnitude  in  the  range  of  0  to  0.3** 
[11-14]  for  GaAs-on-Si,  which  is  much  smaller  than  the  value  of  5^±1*  that  we  have  measured  in  our 
RT  deposited  and  SPE  ZnSe-on-Si  films.  We  also  note  that  ZnSe  grown  on  4”  off-axis  Ge(100)  [15) 
(lattice  mismatch  -*-0.2%)  has  a  tilt  of  0.5*  in  the  same  direction  as  our  results  for  ZnSe  on  Si.  As  we 
discuss  later,  we  believe  that  the  tilt  for  ZnSe  on  Si  is  related  to  the  presence  of  small  areas  of  SiSe^. 
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High  resolution  images  [10,16]  revealed  a  large  number  (around  50%  of  the  total  cross- 
sectional  area)  of  twinned  areas  all  of  which  were  oriented  on  only  one  of  the  two  possible  sets  of 
{111}  planes  imaged  in  the  [Oil]  direction.  Fig  5  (a)  shows  the  orientation  of  the  twinned  regions 
relative  to  the  interface.  A  similar  result  has  been  seen  recently  for  GaAs-on-Si  where,  at  lai^e 
distances  from  the  interface,  a  predominance  of  one  of  the  seta  of  planes  over  the  other  was  found 
[17,18].  There  are  several  differences  between  the  observations  we  have  made  and  those  in  the 
GaAs-on-Si  case.  There  was  no  misorientation  observed  for  GaAs-on-Si  and  the  ratio  of  the  majority 
to  minority  stacking  faults  was  10;1  for  GaAs-on-Si  and  is  at  least  200:1  in  our  case  where  we  have 
not  observed  any  minority  orientations  in  any  of  our  Hlms. 
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Figure  5.  Schematic  cross-section,  in  a  [OllJ  projection,  showing  the  relative  orientations  of  the 
ZnSe  and  Si  crystals,  the  stacking  faults  and  the  interface  for  (a)  a  Him  deposited  on  Si(  100^  at  room 
temperature  and  then  annealed  at  500  for  2  min  and  (b)  a  film  deposited  on  arsenic-terminated 

Si(lOO)  at  300 'C. 

ZnSe  FILMS  GROWN  ON  ARSENIC  -  TERMINATED  Si 

Following  a  su^estion  by  Chadi  [19],  we  have  gruwn  ZnSe  nims  on  As-terminated  Si(lOO). 
The  advantage  of  this  approach  is  that  a  monolayer  of  As  at  the  interface  between  Si  and  ZnSe  allows 
all  of  the  Si.  As,  Zn  and  Se  atoms  to  be  fully  coordinated.  This  structure  is  shown  schematically  in 
Fig.  6.  When  As  is  bonded  to  Si(lOO)  it  has  bonds  to  two  Si  atoms,  contributing  two  electrons  and 
having  three  electrons  left  over  for  bonding  to  the  next  layer.  This  is  the  same  as  Se  in  bulk  ZnSe 


Figure  6.  Schematic  atomic  structure  for  ZnSe  grown  on  arsenic-terminated  Si(lOO)  (191. 

which  contributes  thi’ee  electrons  to  bonds  to  the  Zn  layer  belcrw  it  and  three  electrons  to  bonds  to  the 
Zn  layer  above.  A  Si(  100)  surface  with  a  layer  of  As  therefore  appears  qualitatively  the  same  to  a  Zn 
atom  as  does  a  Se  layer  terminating  bulk  ZnSe.  Bonding  between  Si  and  ZnSe  exclusively  via  bonds 
between  Si  and  Zn  atoms  or  via  bonds  between  Si  and  Se  atoms  cannot  fully  coordinate  all  of  the 
atoms  in  the  system. 

A  second  and  related  advantage  of  using  As-terminated  Si(lOO)  as  the  substrate  is  that  the  As 
monolayer  prevents  the  direct  interaction  of  Si  and  Se  to  form  Si-Se  compounds.  Because  As 
monolayers  are  stable  up  to  temperatures  of  150  X,  it  is  possible  to  grow  ZnSe  on  SU100);As  at  the 


Figure  7.  TEM  cross  section  in  the,  (Oil  j  projection,  ofa  ZnSe  film  deposited  on  arsenic-terminated 
Si  at  300  The  (1001  vector  for  the  substrate  is  4”  from  the  interface  normal  and  has  a  component 
towards  the  right  of  the  figure.  The  inset  is  a  schematic  atomic  structxirc  of  the  irterface  region. 
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preferred  growth  temperature  for  ZnSe  homoepitaxy  of  around  300  In  Fig.  7,  we  show  a  TEM 
image  of  a  ZnSe  film  grown  at  300  on  Si(100):Aa.  The  film  can  be  seen  to  be  very  uniform  in 
thickness  and  there  is  no  evidence  of  any  reaction  to  form  an  amorphous  layer  at  the  interface.  In 
contrast  to  the  ZnSe  films  formed  by  RT  deposition  on  clean  Si(lOO)  plus  SPE,  no  large  twinned 
regions  are  observed  in  this  image  or  for  any  of  the  other  films  that  we  have  grown  on  Si(100):As. 
This  contrast  is  summarized  in  Fig  5. 

COMPARISON  OF  GROWTH  METHODS 

The  dominant  effect  in  the  initial  stages  ofgrowthof  ZnSe  on  Si  is  the  tendency  of  Si  and  Se  to 
react  with  one  another  to  form  SiSe2.  We  have  shown  that  growth  at  the  ZnSe  homoepitaxial 
temperatures  of  around  300  'C  is  not  viable  if  both  Se  and  Zn  atoms  can  reach  the  clean  Si  surface. 
Successful  growth  methods  have  to  overcome  this  tendency.  One  approach  is  to  force  the  first 
monolayer  bonded  to  the  Si  surface  to  be  Zn  as  was  shown  to  work  for  thick  films  [9].  The  problem 
with  this  method  is  that  a  ...Si-Si-Zn-Se-Zn-Se...  layer  sequence  does  not  fully  coordinate  the 
interface  atoms  and  leads  to  a  dipole  at  the  interface.  It  is  possible  that  intermixing  between  Si  and 
Zn  can  overcome  this  effect  (in  analogy  to  the  effects  that  have  been  proposeu  for  the  GaAs  on  Si 
case(20|).  but  any  intermixing  will  probably  allow  partial  formation  of  SiSej.  The  difTerence 
between  the  ZnSe  crystal  structures  obtained  for  growth  at  RT  on  clean  SUlOO)  plus  SPE  and  the 
growth  on  As-terminated  Si(lOO)  at  390  which  are  summarized  in  Fig  5  indicates  that  partial 
formation  of  SiSes  is  also  occurring  for  the  RT  plus  SPE  case.  This  is  suggested  by  the  partial  loss  of 
epitaxy  (crystal  misohentation  and  the  presence  of  large  regions  of  twinned  ZnSe)  for  RT  deposition 
on  Si(lOO)  plus  SPE.  (We  note  that  RT  deposition  plus  SPE  for  growth  on  As-terminated  Si(lOO) 
gives  the  same  results  as  deposition  at  300  on  Si(100):A8  showing  that  it  is  the  presence  of  the  As 
layer  that  makes  the  difference  and  not  the  SPE  mechanism).  Analysis  <>f  the  twinned  regions  shows 
that  the  (111)  planes  make  a  small  angle  with  the  interface  plane  if  the  ZnSe  is  misoriented  in  the 
direction  that  is  observed.  We  have  therefore  proposed  [16]  that  the  misorientation  plus  the 
twinning  are  a  result  of  ZnSe  nucleating  with  a  (111)  plane  close  to  the  interface  in  regions  where 
there  is  sufficient  reaction  between  Si  and  Se  to  disrupt  epitaxy. 

ZnSe  AS  AN  INTERLAYER  BETWEEN  GaAs  ON  Si. 

The  ZnSe  films  produced  by  deposition  on  Si(100):A8  are  particularly  uniform  and  are 
therefore  of  considerable  promise  as  interlayers  between  Si  and  GaAs.  The  use  of  a  ZnSe  interlayer 
has  been  proposed  [21,10]  because  it  has  two  advantages  over  direct  growth  of  GaAs  on  Si.  ZnSe  is 
softer  than  either  GaAs  or  Si  (the  Knoop  hardnesses  for  Si,  GaAs  and  ZnSe  are  1150,  750  and  150 
respectively).  This  suggests  that  it  is  possible  that  dislocations  can  be  forced  to  reside  in  the 
interlayer  instead  of  propagating  into  the  GaAs  film,  and  that  dislocations  in  the  GaAs  can  be 
squeezed  out  into  the  ZnSe  layer  by  thermal  cycling  sequences.  The  second  advantage  is  that  ZnSe 
films  with  uniform  thickness  can  be  grown  on  Si  at  thicknesses  where  GaAs  films  grown  directly  on 
Si  are  dominated  by  island  formation  and  coalescence.  The  ZnSe  therefore  serves  initially  as  a  good 
template  for  GaAs  growth  (the  lattice  constants  and  thermal  expansion  coefficients  of  GaAs  and 


ZdSa  are  comparable  compared  with  their  differences  to  those  of  Si)  and  then  after  the  GaAs  is  grown 
the  ZnSe  serves  as  a  sink  for  dislocations. 

The  use  of  a  thick  (0.5  pm)  ZnSe  film  as  in  interlayer  in  metal  organic  chemical  vapor 
deposition  (MOCVD)  growth  of  GaAfl>on-Si  has  been  described  recently  [22]  and  the  authors  o(  that 
study  found  that  the  resulting  GaAs  was  of  better  quality  than  control  samples  in  which  no  ZnSe 
layer  was  present.  Here,  we  examine  the  growth  modes  of  very  thin  layers.  The  use  of  thin  layers 
has  the  advantage  that  a  dislocation  net  can  be  kept  very  close  to  the  substrate.  We  will  show  that 
very  uniform  films  of  ZnSe  and  GaAs  with  a  combined  thickness  of  around  O.l  pm  can  be  grown  on 
Si. 


GaAs  growth  on  ZnSe  is  considerably  more  diflicult  than  the  much-studied  inverse  growth  of 
ZnSe  on  GaAs  because  the  optimum  temperature  fur  GaAs  growth  is  high  compared  with  that  ('^300 
used  for  2UiSe  MBE.  Nevertheless,  epitaxial  growth  of  GaAs  on  high  quality  ZnSe  layers 
(epitaxially  grown  on  GaAs  substrates)  has  been  achieved  recently  {23>25).  In  the  case  of  ZnSe  as  an 
interlayer  between  Si  and  GaAs,  we  wish  to  keep  the  ZnSe  layer  on  Si  as  thin  as  possible  and 
therefore  the  growth  of  GaAs  must  occur  on  a  siu^ace  that  is  not  yet  completely  smooth.  Growth  at 
temperatures  above  about  3(X)*^  was  found  to  cause  island  formation  of  the  GaAs  and,  on  the  other 
hand,  deposition  at  RT  followed  by  SPE  gave  a  mixture  of  epitaxial  and  polycrystalline  GaAs.  For 
GaAs  films  thicker  than  some  minimum  value,  we  have  found  that  by  slowly  ramping  the 
temperature  during  growth  good  quality  overlayers  can  be  obtained.  The  TEM  image  in  Fig.  8.  is 


(b)  a-Si 


Figure  8.  TEM  cross  section  in  the,  (Oil)  projection,  of  a  ZnSe  interlayer  deposited  on  arsenic- 
terminated  Si  at  300  ‘’C  and  a  GaAs  Rim  grown  onto  this  interlayer  as  discussed  in  the  text. 
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from  a  GaAa  film  that  was  deposited  at  temperatures  between  190  *C  and  500  *C.  ^)ecifically,  after 
the  ZnSe  film  was  grown  at  300  ‘G  on  Si(100):As.  the  substrate  was  held  at  300  while  the  As  and 
Ga  sources  were  warmed  up,  then  the  substrate  temperature  was  dropped  to  190  ‘C.  The  GaAs  was 
grown  for  3  minutes  at  each  of  the  temperatures  in  the  sequence:  190.  225,  250,  300,  350,  400,  450 
and  500  "C. 

The  TEM  image  shows  that  the  GaAs  film  is  epitaxial  with  respect  to  the  ZnSe  interlayer  and 
to  the  Si  substrate.  It  has  a  relatively  uniform  thickness  with  good  surface  morphology.  There  is  no 
evidence  of  growth  via  island  formation  and  coalescence  and  the  interface  between  the  ZnSe  and  the 
GaAs  is  rather  featureless.  The  major  defects  present  in  the  ZnSe  interlayer  are  microtwins  and 
some  of  these  terminate  at  the  ZnSe-GaAs  interface  and  others  propagate  into  the  GaAs  film. 

CONCLUSIONS 

We  have  shown  that  thin  uniform  films  of  ZnSe  can  be  grown  on  Si(lOO)  either  by  RT 
deposition  plus  SPE  or  by  deposition  at  300  ‘C  onto  an  arsenic-terminated  Si(lOO)  surface.  In  the 
latter  case  the  ZnSe  crystal  quality  is  superior.  We  have  also  presented  results  for  the  use  of  these 
ZnSe  films  as  interlayers  for  the  growth  of  GaAs  on  Si.  We  found  that  good  uniform  GaAs  films  could 
be  formed  at  thicknesses  where  GaAs  grown  directly  onto  Si  is  usually  affected  by  island  formation. 


REFERENCES 

1.  B.  S.  Kxusor,  D.  K.  Biegelsen,  R.  D.  YingUngand  J.  R.  Abelson,  J.  Vac.  Sci.  and  Technol..  B7. 
129(1989). 

2.  R.  1.  G.  Uhrberg,  R.  D.  Bringans,  R.  Z.  Bachrach  and  J.  E.  Northrup.  Phys.  Rev.  Lett.,  56,  520, 
(1986). 

3.  T.  Weser,  A.  Bogen,  B.  Konrad,  R.  D.  Schnell,  C.  A.  Schug  and  W.  Steinmann,  Phys.  Rev.  B, 
^,8184, 1987. 

4.  R.  D.  Bringans  and  M.  A.  Olmstead,  Phys.  Rev.  B,  12985,  (1989). 

5.  R.  D.  Bringans  and  M.  A.  Olmstead,  J.  Vac.  Sci  and  Technol..  B7. 1232  (1989). 

6.  See,  for  example,  the  discussion  about  the  growth  of  (MS  on  Si  in  D.  B.  Holt,  Thin  Solid  Films, 
24,1(1974) 

7.  T.  Weser,  A.  Bogen,  B.  Konrad,  R.  D.  Schnell.  C.  A.  Schug.  and  W.  Steinmann,  in  Proceedings 
of  the  20th  Int.  Conf.  on  the  Physics  of  Semiconductors,  Stockholm,  Engstrom,  O..  ed.,  World 
Scientific,  Singapore.  1987  p.  97. 

8.  N.  Mino,  M.  Kobayashi,  M.  Konagiand  K.  Takahashi,  J.  Appl.  Phys.,  ^  793(1986). 

9.  R.  M  Park  and  H.  A.  Mar,  Appl.  Phys.  Lett..^  529,(1986). 

10.  R.  D.  Bringans,  D.  K.  Biegelsen,  F.  A.  Ponce.  L.-E.  Swartz,  J.  C.  Tramontana.  Mat.  Res.  Soc. 
Symp.  Proc.  195  (1990). 

11.  J.  W.  Lee.  J.  P.  Salano,  R.  P.  Gale  and  J.  C.  C.  Fan,  Mat.  Res.  Soc.  Proc.,  91,33,(1987). 

12.  T.  Yao,  Y.  Okada,  H.  Kawanami,  S.  Matsui,  A.  Imagawa  and  K.  Ishida.  Mat.  Res.  Soc.  Proc., 
91.63,(1987). 

13.  S.  K.  Ghandi  and  J.  E.  Ayers,  Appl.  Phys.  Lett. .53. 1204,(1988). 

14.  J.  Varrio,  A.  Salokatve,  H.  Asonen,  M.  Hovinen,  M.  Pessa,  K.  Ishida  and  H.  Katajima,  Mat. 
Res.  Soc.  Proc..  116. 91,  (1988). 

15.  J.  Kleiman,  R.  M.  Park  and  H.  A.  Mar,  J.  Appl.  Phys.  1201,(1988). 

16.  R.  D.  Bringans,  D.  K.  Biegelsen,  F.  A.  Ponce.  L.-E.  Swartz,  J.  C.  Tramontana,  to  be 
published. 

17.  K.  C.  Rajkumar,  A.  Madhukar.  J.  K.  Liu  and  F.  J.  Grunthaner,  Appl.  Phys.  Lett.,  5$,  1160, 
(1990). 


202 


18.  P.  Lao,  W.  C.  Tang,  K.  C.  R^kumar,  A.  Madhukar,  J.  K.  Liu  and  P.  J.  Grunthaner,  J.  Appl. 
PhjB.,  §7,6445(1990). 

19.  D.  J.  Chadl,  to  be  published. 

20.  W.  A.  Harrison.  E.  A.  Kraut.  J.R.  Waldrop  and  R.W.  Grant,  Phys.  Rev.  B.lfi,  4402  (1978). 

21.  D.  R.  Biegelsen,  U.S.  patent  4.935,385,  “Method  of  forming  heterostructures  haying 
intermediate  buffer  Hlms  with  low  plastic  deformation  threshold  for  lattice  mismatched 
heteroepltaxy*',  (1990). 

22.  M.  K.  Lee,  R.  H.  Homg,  D.  S.  Wuu  and  P.  C.  Chen,  Appl.  Phys.  Utt.,  ^  207,  (1991). 

23.  M.  G.  Tamargo,  J.  L.  de  Miguel,  F.  S.  Turco,  B.  d.  Skromme,  M.  H.  Meynadier,  R.  E.  Nahory .  D. 
M.  Hwang  and  H.  H.  Farrell,  SPIE  vol.  1037,  p  73,  Monitoring  and  Control  of  Plasma- 
Enhanced  Processing  of  Semiconductors  (1988),  Society  Photo-Optical  Instrumentation 
Engineers,  Box  10,  Bellingham,  WA  98227. 

24.  M.  C.  Tamargo,  J.  L.  de  Miguel,  F.  S.  Turco,  B.  J.  Skromme,  D.  M.  Hwang,  R.  E.  Nahory  and  H. 
H.  Farrell,  in  “Growth  and  Optical  Properties  of  Wide-Gap  11- VI  low  dimensional 
SemicoDductor8“,  T.  C.  McGill,  C.  M.  Sotomayor  Torres  and  W.  Gebhart,  eds  (Plenum 
Publishing  Corp,  1989)  p239. 

25.  N.  Kobayashi  and  Y.  Horikoshi,  Japn.  J.  A|^l.  Phys,  ^  L236,  (1990). 


TBS  NBE  GRONTH  Or  WZDEGAP  ZI-VX  IMJBCTION  XASXRS  AND  LEDa 


W.  XIE*,  D.C.  GRILLO*,  M.  KOBAYASHI*,  R.L.  GUNSHOR*,  H.  JEON**, 
J.  DING**,  A.V.  NURMIKKO**,  G.C.  HOA***,  and  N.  OTSUKA*** 

‘School  of  Electrical  Engineering,  Purdue  University, 

West  Lafayette,  IN  47907 

“Division  of  Engineering  and  Department  of  Physics, 

Brown  University,  Providence,  RI  02912 

‘“School  of  Materials  Engineering,  Purdue  University, 

West  Lafayette,  IN  47907 


ABSTRACT 

Striking  progress  in  the  development  of  II-VI  semiconductor 
heterostructures,  coupled  with  seminal  advances  in  doping,  has 
very  recently  led  to  the  first  demonstration  of  blue  and 
blue/green  diode  lasers  operating  from  cryogenic  to  room 
temperature.  The  active  region  in  these  devices  was  based  on  the 
( 2n , Cd) Se/2nSe  multiple  quantum  wells  (MQW)  which  had  earlier 
been  actively  studied  as  a  candidate  for  laser  medium  by  optical 
pumping  techniques.  We  report  on  the  performance  of  such  MQW 
diode  lasers  with  emphasis  on  structural  versatility  in  terms  of 
preparation  on  both  p-type  and  n-type  GaAs  substrates,  and  where 
sulfur  is  or  is  not  incorporated  for  blue/green  color  lasing.  In 
this  work  we  have  obtained  pulsed,  high  power,  high  quantum 
efficiency  laser  emission  up  to  near  room  temperature  conditions. 
Efficient  LED  devices  are  described  which  operate  in  the  blue 
(494nm)  at  room  temperature. 


Recently,  Park  et  al  (11  and  Ohkawa  et  al  (2),  have  reported 
significant  levels  of  p-doping  in  ZnSe  using  a  nitrogen  plasma 
source.  The  use  of  the  nitrogen  plasma  source  has  since  resulted 
in  the  realization  of  pn  junction  light  emitting  devices 
operating  in  the  blue  and  blue/green  portion  of  the  spectrum  such 
as  pulsed  lasers  <3M  (31  and  Brown/Purdue  (4,5))  and  light 
emitting  diode  (LED)  structures  (Park  et  al  (1),  Purdue/Brown 
[6,7],  Matsushita  et  al  [8]). 

The  several  types  of  laser  and  LED  structures  described  in 
this  paper  include  devices  fabricated  both  with  and  without 
alloys  containing  sulfur.  Schematic  device  structures  are  shown 
in  Fig.  1.  The  ZnSe-based  structures  have  ZnSe/ (Zn, Cd> Se 
multiple  quantum  wells  (MQW)  inserted  in  a  ZnSe  p-n  homo junction, 
while  the  Zn (S, Se) -based  structures  consist  of  Zn (S, Se) / (Zn, Cd) Se 
MQWs  placed  in  a  p-n  homo junction  formed  from  Zn(S,Se)  layers. 
The  Zn (S,  Se) -based  structures  have  essentially  the  same  device 
configuration  as  the  ZnSe-based  configurations,  except  ZnSe  was 
replaced  by  Zn(S,Se)  with  a  S  mole  fraction  of  about  7%. 
((In,Ga)As  buffer  layer  is  replaced  by  GaAs  layer.)  For  lasing, 
the  waveguiding  is  provided  by  the  index  difference  between  the 
MQW  region  and  the  adjacent  binary  or  S-containing  alloy.  In  an 
additional  configuration  (ZnSe-Zn (S, Se) -based  structures),  the 
ZnSe/Zn (Cd, Se)  MQW  region  is  positioned  within  a  ZnSe  region 
which  is  itself  bounded  by  Zn(S,Se)  "cladding"  layers.  Optical 
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Figure  1  Schematic  device  structures  used  in  this  study 


confinement  calculations  suggest  that  the  main  role  of  the 
cladding  layers  is  the  formation  of  a  "reservoir"  for  carriers. 
Photoluminescence  measurements  of  (Zn,Cd'Se  epilayers  were  used 
to  determine  the  Cd  fraction  19J .  Dislocations  in  all  laser  and 
LED  device  structures  can  be  dramatically  reduced  by  growing  the 
II-VI  active  region  on  an  appropriate  III-V  buffer  layer,  and  in 
the  case  of  the  structures  containing  sulfur,  by  correct  choice 
of  the  S  fraction.  Additional  details  of  the  microstructural 
analysis  is  included  elsewhere  in  these  proceedings  [10]. 

All  the  samples  were  grown  in  a  Perkin  Elmer  MBE  system 
providing  separate  growth  chambers  for  the  II-VI  and  III-V 
epi layer  growth.  Devices  were  grown  on  both  n  and  p-doped  GaAs 
substrates.  In  the  case  of  those  ZnSe-based  laser  and  LED 
structures,  a  4Hm  thick  (In,Ga)As  buffer  layer  was  grown  at  a 
substrate  temperature  of  520^C.  The  (In,Ga)As  layers  were  doped 
n-type  using  PbTe  [11],  or  p-type  using  Be.  For  the  structures 
employing  Zn(S,Se)  layers,  a  1 . Spm  GaAs  buffer  layer  was  grown 
(at  580°C  for  p-type,  and  520°C  for  n-type)  using  the  same  dopant 
sources  as  for  the  (In,Ga)As.  The  III-V  buffer  layers  were 
transferred  to  the  II-VI  growth  chamber  under  ultra  high  vacuum. 
The  II-VI  structures  were  nucleated  at  240-245°C.  Elemental 
sources  were  used  for  Zn,  Se,  and  Cd;  the  Zn(S,Se)  layers  were 
grown  using  a  ZnS  compound  source  in  combination  with  appropriate 
Se  and  Zn  fluxes  [12,13).  The  Zn,  Se,  and  Cd  source  materials 
were  supplied  by  Osaka  Asahi;  the  ZnS  material  was  provided  by 
Sumitomo  Electric.  A  ZnClj  source  [14-16]  was  used  for  n-doping. 
The  various  flux  ratios  were  measured  using  a  crystal  monitor 
placed  at  the  substrate  position.  An  Oxford  Applied  Research 
plasma  source  was  used  for  the  nitrogen  doping(l,2]. 

[400]  and  [511]  x-ray  diffraction  peaks  are  used  to  evaluate 
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the  tetragonal  distortion  of  the  (In,Ga)As  buffer  layers;  the 
lattice  mismatch  was  only  partially  relaxed  by  misfit 
dislocations  despite  the  fact  that  the  thickness  of  the  buffer 
layers  was  far  greater  than  the  theoretically  predicted  critical 
thickness.  In  cross-sectional  TEM  images  of  the  (In,Ga)A5 
epilayers,  evidence  of  threading  dislocations  was  found  only  in 
the  regions  close  to  the  (In, Ga) As/GaAs  interfaces.  Plan-view 
imaging  revealed  dislocation  densities  in  the  upper  parts  of  the 
(In,Ga)As  buffer  layers  to  be  in  the  range  of  10^  cm“^  or  lower. 
The  dislocation  densities  estimated  from  the  ZnSe-based  II-VI 
regions  grown  on  InQ  043^^0.957^®  buffer  layers  were  found  to  be 
in  the  lower  range  of  10®  cm“2.  For  the  2nSe-2n (S, Se) -based 
structures,  the  TEM  images  indicated  an  estimated  dislocation 
density  of  10^  cm"2  the  Zn(S,Se)  layers,  while  the  dislocation 
densities  in  the  MQW  optical  gain  regions  were  estimated  at  10^ 

The  2n (S, Se) -based  structures  were  grown  with  a  sulfur 
fraction  of  7%.  X-ray  rocking  curves  were  obtained  using  a  four 
crystal  Si  monochrometer.  The  full  widths  at  half  maxima  (FWHM) 
of  {400}  x-ray  diffraction  peaks  obtained  from  the  ZnSo . 072®0 . 93 
layers  ranged  between  20  and  55  arcsec.  These  values  are 
unusually  narrow  for  such  compounds  113],  but  are  consistent  with 
the  lack  of  dislocations  observed  in  transmission  electron 
microscopy  (TEM)  imaging;  images  of  all  observed  areas  show  that 
the  2n (S, Se) /GaAs  interfaces  are  free  from  misfit  dislocations, 
indicating  that  the  entire  II-VI  epilayer  remains  pseudomorphic 
to  the  GaAs  buffer  layer. 

Previous  optical  studies  of  (2n, Cd) Se/ZnSe  quantum  well 
structures  indicated  that  the  injection  emission  from  both  the 
laser  and  LED  structures  originated  from  the  (2n,Cd)Se  MQW  region 
(17],  The  turn-on  voltage  (Vj)  for  forward  conduction,  typically 
5  volts,  but  as  low  as  about  3  volts,  was  found  to  be  coincident 
with  the  observation  of  incoherent  light  emission  emanating  from 
the  cleaved  facets  with  a  spectrum  typical  of  the 
photoluminescence  observed  from  the  (2n,Cd)Se  quantum  wells.  We 
note  that  the  turn  on  voltage  for  the  devices  having  a  p'*’-ZnSe 
top  layer  was  somewhat  higher  (typically  «12  V);  the  difference 
is  likely  due  to  a  larger  potential  barrier  at  the  Au-contact. 
Although  laser  operation  is  similar  for  both  polarities  of  a 
specific  structure,  the  LED  operation  of  devices  formed  on  p-GaAs 
are  found  to  be  somewhat  brighter  than  those  grown  on  n-GaAs;  the 
difference  is  attributable  to  the  difficulty  of  forming  an  ohmic 
contact  to  p-ZnSe. 

Laser  device  configurations  (with  or  without  S)  consisted  of 
600  ^m  to  1mm  long  uleaved  resonator  structures  having  20-40  )lm 
wide  stripe  electrodes  at  the  top.  Indium  was  usually  evaporated 
as  the  contact  for  those  structures  having  an  n'^-ZnSe  top  layer; 
goid  was  used  to  contact  the  p-type  top  layers.  The  structures 
having  a  Cl-doped  top  layer  exhibit  a  substantial  current 
spreading,  especially  at  T*77  K  (and  below);  these  laser 
structures  were  fabricated  in  a  mesa  configuration.  Laser 
emission  from  both  the  mesa  and  the  broad  area  devices  (the 
former  grown  on  p-III-V  and  the  latter  on  n-III-V  epilayers, 
respectively)  was  obtained  under  pulsed  excitation.  The  current 
pulse  duration  was  varied  from  100  to  500  nsec,  with  duty  cycles 
ranging  from  10'^  to  5x10“^.  It  is  important  to  emphasize  that 
lasing  was  obtained  from  each  of  the  different  devices 
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Figure  2.  The  figure  shows  the  output  power  per 
(uncoated)  facet  as  a  function  of  injected  current 
density  for  typical  laser  devices  of  both  polarities  at 
T«77K,  The  left  one  is  grown  on  a  p-type  GaAs  substrate, 
while  the  right  one  is  grown  on  an  n-type  GaAs  substrate. 


configurations  discussed  in  this  paper,  and  for  structures  grown 
on  both  n  and  p-type  substrates. 

Figure  2  shows  the  output  power  per  (uncoated)  facet  as  a 
function  of  injected  current  density  for  typical  ZnSe-Zn (S, Se) 
based  laser  devices  of  both  polarities  at  T-77K.  The  threshold 
current  densities  for  the  two  polarities  is  similar, 
approximately  850  A/cm^.  The  differential  quantum  efficiency  of 
both  device  polarities  is  rather  similar  and  equals  approximately 
•^ext  *  28%  per  facet.  The  quantum  efficiency  decreases  with 
increased  temperature.  At  this  time,  the  laser  devices  have  been 
perated  up  to  250K  with  uncoated  facets. 

LED  devices  emitting  in  the  blue  (494nm)  at  room  temperature 
were  prepared  by  cleaving  the  Zn (S, Se) -based  heterostructures 
into  2x2  mm^  pieces  which  were  contacted  by  a  small  indium  dot  (» 
500  |im  in  diameter)  .  The  room  temperature  spectrum  of  the 
Zn(S,Se)  device  is  shown  in  Figure  3.  Lateral  transport  was 
found  to  be  quite  effective  in  the  present  heterostructures,  as 
was  the  case  for  previously  reported  display  devices  118)  so  that 
LED  emission  over  the  entire  front  surface  of  the  devices  was 
uniformly  visible.  The  optical  power  was  measured  with  a  optical 
power  meter,  and  represents  total  emission  in  the  forward  2it 
steradian  solid  angle  through  the  entire  n-Zn(S,Se)  surface.  The 
voltage  applied  across  the  entire  device  corresponding  to  the 
highest  light  output  power  <P  -  120  jiW)  was  -  20V;  however  it 
is  probable  that  most  of  this  voltage  is  needed  to  overcome  the 
built-in  contact  barriers  in  order  to  achieve  adequate  initial 
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Figure  3.  Boom  temperature  electroluminescence  spectrum 
of  the  Zn(S,Se)  based  LED. 


current  flow.  Considerable  improvement  in  the  overall  quantum 
efficiency  can  thus  be  anticipated  when  such  contact  problems  are 
solved.  Nonetheless,  the  powers  are  sufficient  to  suggest  the 
importance  of  such  (Zn, Cd) Se/Zn (S, Se)  QW  LEDs  for  display 
applications.  (In  the  case  of  the  ZnSe-based  structures,  the 
emission  wavelengths  is  about  5080A  in  the  blue-green  at  room 
temperature . ) 
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ABSTRACT 

Cdi_jj2n^Te  crystals  grovm  by  the  travelling  heater  raethode  (THM)  have 
been  investigated  by  low  temperature  photoluninescence  (PL) .  The  excitonic 
energy  gap  as  a  function  of  the  alloy  composition  was  determined  for  the 
complete  range  of  x  -  0  to  x  -  1.  The  composition  dependent  broadening  of 
the  neutral  acceptor  bound  exciton  (A^^X)  line  was  measured  and  compared  to 
theoretical  calculations.  The  Donor  -  Acceptor  pair  luminescence  in  the 
crystals  is  a  superposition  of  recombinations  due  to  residual  Cu  acceptors 
and  A  -  centers  (  anion  vacancy  -  donor  pairs  ) . 


1.  INTRODUCTION 

The  ternary  II  •  VI  compound  semiconductors  are  direct  energy  gap 
materials  with  potential  applications  for  optoelectronic  devices.  For  Cdi 
Zn^jTe  the  energy  gap  is  tunable  from  1.5  to  2.3  eV  at  room  temperature  (1], 
for  X  -  0  and  x  -  I,  respectively.  However,  applications  are  strongly 
limited  up  to  now  by  severe  selfcompensation  mechanisms  acting  in  the  wide 
gap  materials.  It  is  thought  to  be  the  reason  why  ZnTe  grows  only  p-type. 
CdTe  on  the  other  hand  can  be  obtained  p*  or  n-type  by  doping.  It  is 
therefore  an  interesting  task  to  study  the  ternary  compound  Cdj^  ^^Zn^Te  in 
view  of  its  optical  properties  in  order  to  characterize  crystal  quality  and 
to  study  the  radiative  relaxation  in  the  material.  One  Interesting  aspect  is 
that  the  excitonic  recombination  in  the  ternaries  show  line  broadening 
effects  caused  by  the  statistical  cation  (Zn,  Cd)  fluctuations  [2]. 

Our  investigation  reports  on  low  temperature  PL  results  obtained  in  THM 
grown  crystals  for  the  complete  composition  range  of  x  -  0  to  x  - 

1.  The  exictonic  line  broadening  effects  due  to  the  alloy  fluctuations  have 
been  studied  in  detail.  The  results  are  discussed  in  the  framework  of 
existing  theories  taking  into  account  the  detailed  nature  of  the  neutral 
acceptor  bound  exciton  and  considering  the  conduction/valence  band  offset 
between  CdTe  and  ZnTe.  The  Donor  -  Acceptor  pair  recombination  which  causes 
in  CdTe  the  prominent  1.42  eV  PL  band  (3)  has  been  investigated  as  a 
function  of  the  alloy  composition.  The  results  show  that  the  involved 
acceptors,  Cu  and  A  -  centers,  have  similar  properties  over  the  complete 
composition  range  from  CdTe  to  ZnTe. 


2.  EXPERIMENTAL  DETAILS 

The  crystals  were  grown  from  a  CdTe  seed  in  a  Te  zone  with 
a  ZnTe  reservoire  at  800  ^C  with  a  rate  of  3nim/d.  As  starting  materials  CdTe 
and  ZnTe  from  melt  -  and  gasphase-  growth  were  used,  respectively.  The 
undoped  crystals  contained  as  residual  Impurities  mainly  Li,  P,  Cu,  Ag  and 
Fe .  Details  of  the  THM  growth  furnace  are  described  elsewhere  [4].  By  this 
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Fig.  1  : 

Typical  photoluiuinescence 
spectra  of  the  excitonic 
regime  in  Cdj^  ^^Zn^Te  crystals 
for  different  compositions  x 


technique  crystals  covering  the  complete  x  range  are  obtained  in  one  boule. 
The  composition  of  the  Cdj_j^Zn^Tc  crystals  was  determined  by  dispersive 
analysis  of  x  rays  (EDAX),  giving  Che  x-values  with  an  accuracy  of  better 
than  12. 

High  resolution  PL  measurements  were  carried  out  in  90  degree  geometry  with 
the  sample  in  contact  to  superfluid  He  at  temperatures  below  2  K.  The  PL  was 
excited  by  the  514  run  line  of  an  Ar"**  ion  laser  with  excitation  powers  of 
less  than  200  mW  (unfocused  beam).  The  PL  light  was  analysed  by  1  m  double 
monochromator  with  a  spectral  resolution  of  1  A.  For  the  detection  a 
photomultiplier  with  SI  response  or  a  1^2  cooled  Ge  detector  was  used. 


3.  EXPERIMENTAL  RESULTS  AND  DISKUSSlON 
3.1  Excitonic  recombination 

The  excitonic  band  gap  as  well  as  the  exciton  linewidchs  as  a  function 
of  x.  were  determined  from  PL  measurements.  Typical  PL  spectra  of  our 
samples  are  presented  in  flg.l.  In  the  binary  compound  CdTe  (fig.  2a)  the 
acceptor  bound  exciton  luminesence  lines  (A^X)  are  found  in  the  range  from 
1.591  to  1.580  eV.  At  higher  energies  weak  structures  due  to  the  donor  bound 
(D°X)  and  free  (X)  excltons  are  also  visible  [5).  The  strong  A^X  lines  arise 
from  the  presence  of  Copper,  usually  one  of  the  dominant  residual 
contaminants  In  volume  grown  CdTe  and  ZnTe  (6]  (sec  below).  The  neutral  Cu 
bound  exciton  dominates  in  the  excitonic  recombinations  of  both  binary 
systems.  Since  the  Cu  diffusion  coefficents  in  both  compounds  are  very 
similar,  we  expect  that  the  Cu  concentration  differ  not  very  much  also  in 
the  alloy  samples  (7).  We  therefore  assume  that  the  excitonic  recombination 
in  CdZnTe  is  also  due  to  the  A®X  recombination  of  Cu.  The  shift  of  the 
energetic  position  of  the  A^X  lines  as  a  function  of  the  alloy  composition  x 
is  given  in  fig  2a.  by  Che  full  circles.  The  data  of  fig.  2a  have  been  used 
to  calculate  Che  excitonic  band  gap  variation  drawn  line 

represents  the  best  fit,  with  the  result: 

E(^Ox)  -  1.589  +  (0.65±0.01)x  +  (0. I9±0.02)x^  for  T-1.6  K.  (  1  ) 

The  obtained  parameters  are  similar  to  chose  of  previous  calculations, 
where,  however  no  specifications  about  the  origin  of  the  lines  has  been 
given  [8]. In  addition  to  the  energy  shift  a  significant  broadening  of  the 
A^X  line  was  obrerved  In  the  alloys.  The  linevidth  amounts  to  1.3  meV  in 
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Fig.  2: 

Energetic  positions  as  a  func¬ 
tion  of  the  alloy  composition  x 
in  Cdj  Zn^Te  ; 

a)  of  the  copper  bound  exciton 
recombination  (dots:  experi¬ 
mental  values,  drawn  line: 
calculated) 

b)  of  the  A  -  center  DAP  band 

c)  of  the  Cu  DAP  band 


both  binary  compounds,  whereas  a  maximum  linewidth  of  10  meV  is  obtained  for 
an  alloy  composition  of  x  -  0.67.  In  fig. 3  the  contribution  of  the  binary 
compounds  (1.3  raeV)  has  been  substracted. 

In  the  binary  compounds  the  exciton  linewidth  of  the  volume  crystals  was 
lower  by  a  factor  of  4  compared  to  epitaxially  grown  material  (usually  on 
GaAs  substrates).  However,  llnewldths  as  narrow  as  0.1  raeV  have  already  been 
reported  in  the  literature  (8.9).  A  linewidth  of  about  10  meV  seems  to  be 
the  lower  limit  which  can  be  obtained  for  highly  alloyed  samples  (0.3  <  x  < 
0.6)  and  it  seems  to  be  also  Independent  of  growth  technique  used. 

Alloy  broadening  of  the  excitonic  lines  is  caused  by  statistical 
fluctuations  in  the  concentrations  of  the  cations  (Zn,  Te),  Theories 
describing  this  behaviour  were  developed  in  (2,10).  Assuming  a  Gaussian  line 
shape,  the  broadening  F  of  the  A®X  exciton  line  is  calculated  to  be  (3|: 

F(o)  -  l/VTxr  exp  (-o^/2f^)  (  2  ) 


with  a  the  variance  and  r  the  broadening  parameter  which  is  depends  on  the 
type  of  the  electron  -  hole  movement  within  the  A®X  complex.  A  model  for  the 
description  of  such  A°X  complex  is  the  "pseudo-donor”  model  which  proposes, 
that  Che  two  holes  of  the  A°X  complex  form  a  A'*’  center  with  an  extension 
smaller  than  the  electron  Bohr  radius  a^.  In  this  case,  the  electron 
attracted  by  the  a"*^  centers  moves  around  the  holes  as  in  a  hydrogen  like 
atom  with  a  radius  -  f.W' (m^  is  the  electron  effective  mass  and  e 
the  static  dielectric  constant).  The  binding  energy  of  this  A°X  complex 
is  equal  to  the  sum  of  the  binding  energies  of  the  second  hole  bound  to  the 
neutral  acceptor  E2J,  and  the  hydrogen-like  donor  binding  energy  E  - 
®  ■  ^2h  * 

The  holes  and  the  electron  bound  to  this  complex  give  independent 
contributions  to  the  linewidth,  because  their  ranges  of  movement  differ 
significantly.  They  can  be  considered  Independently.  In  this  case  the  alloy 
broadening  is  given  by; 


dE„ 


dE 


2.35  ■ 


S 


dx 


x(x-l) 

1/2 

♦ 

8irK 

(  3  ) 


■‘-3 


the  cation 


Where  the  symbols  have  the  following  meanings  K  - 
density,  is  the  lattice  constant,  and  6^  are  the  relative  band  offsets 
of  the  conduction  and  valence  band  -  0.88  and  d.^  -  0.12  [11])  and  a2j^  is 
the  radius  of  the  second  hole. 

-  ....  - ,...  ajj,  (1.  e.  Che 

radius  of  the  A  center)  is  known  in  two  limiting  cases.  For  deep  acceptors 


The  radius  of  the  second  hole  bound  to  the  neutral  acceptor  a^y.,  (i 
radius  of  the  A^  center)  is  known  in  two  limiting  cases.  For 
this  radius  is  equal  to  the  radius  of  the  first  hole  -  -tT  ■/  2m^Ej 
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Fig.  3: 

Excitonic  line  broadening  as  a 
function  of  the  alloy 
composition  x  of  Cd^  ^^Zn^Te 
(full  circles:  experimental 
values,  triangles;  values  taken 
from  ref.  flO],  drawn  and 
dashed  dotted  line  ;  calcu¬ 
lations.  for  details  see  text  ) 


where  is  the  binding  energy  of  the  deep  acceptor  and  is  the  effective 
mass  for  heavy  holes.  For  Cu  in  Cd*'e  this  radius  is  *  6.6  A. 

For  a  hydrogen  like  A*  center  both  holes  can  also  occupy  one  orbit  with  a 
radius  approximately  two  times  larger  (1/0.483  )  compared  to  the  Bohr 
radius  a^^.^  of  heavy  holes  a^^  -  (1^1-  In  CdTe  approx. 
17.2a.  For  our  case  where  the  binding  energy  of  the  Cu  acr-'*-''r  (E^  -  149 
meV)  is  comparable  to  the  binding  enery  of  the  shallow  a-  pvois.  ^  17.7 
meV  we  use  an  intermediate  app-oxlmat ion  -  '3.2  A. 

The  electron  Bohr  radius  in  equ.  3  depend:  rn  the  alloy  composition  x 
through  m^  and  the  dielectric  cons.  ‘it.  for  v.liich  we  used  linear 
interpolations  between  CdTe  and  ZnTe.  The  drawn  line  in  fig.  3  shows  the 
result  of  the  calculations  for  the  "pseudo  donor"  model  in  the  alloy  system. 
'.Ine  can  see  that  it  gives  good  agr*  -ment  with  '■he  experimental  data  for  x  up 
fo  0.7.  However,  the  model  cannot  explain  the  1  */' i  t  f  ■  .vi....  cKviation  for 
compositions  x  >  0.7.  Here  an  abrupt  decrease  of  the  linewidch  is  observed 
from  (5K  =  9.5  meV  at  x  -  0.7  to  -  6.0  meV  at  x  -  0.77. 

A  mechani.sin  whicli  could  decrease  the  expected  alloy  broadening  is  clustering 
of  the  2n  cation.s,  which  might  have  happen  due  to  the  special  growth  of  our 
samples  at  high  x  values.  For  clusters  formed  by  n  Zn  cations  the  allov 
broadened  linewidth  should  decrease  as  y:r.  Including  this  mechanism  in 
"psetulo  -  donor”  model  would  require  clusters  with  twice  as  much  Zn  ions  to 
explain  the  experimental  data  for  x  >  0.7  (dashed  dotted  line  in  fig.  3). 
Scanning  tunneling  microsepv  investigations  are  under  the  way  to  clarify 
this  point . 


’  ?.  Dc-nor  -  Acceptor  -  Pair  (DAP)  l.uininescence 

One  of  the  prominent  DAP  Luminescence  bvinds  in  CdTe  has  its  peak 
maxirrum  at  1,42  eV  and  is  is  structured  by  LO  phonon  replica  with  21  meV 
energy  separation  (see  fig. 4).  It  originates  from  the  recombination  of 
shallow  donors  and  Intermediate  deep  acceptors.  The  nature  of  the  acceptors 
involved  has  been  debated  widely  whether  they  are  due  to  intrinsic  defects 
or  residual  impurities.  It  has  been  shown  that  Cu  gives  rise  to  a  "1.42  eV" 
luminescence  band  in  CdTe.  The  Cu  acv^eptor  binding  energy  has  been 
determined  to  be  E.^  -  145  meV  and  the  intensity  of  the  PL  is  given  by  a 
Poission  distribution: 

I(n)-e'®(s'Vn!) 
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Fig.  4: 

Donor  -  Acceptor  -  Pair  (DAP) 
luminescenci-  of  Cdj  .^Zn^Ta 
crystals  for  different 
compositions  x 


vith  a  Huarjg-Rhys  factor  of  S  »»  l.(>  and  n  the  numbers  of  phonons 
<-mitti-d.  In  a  recent  study  '141  it  has  been  shown  that  also  A  -  centers,  Cd 
vacancy  •  donor  pairs  acting  as  single  acceptors,  give  rise  to  a  ”1.42  eV” 
PL  band  in  CdTe .  The  Clorine  A  •  center  has  a  binding  energy  and  Huang  Rhys 
factor  of  •  l20meV  and  S  -  2.2.  respectively.  A  detailed  analysis  of 
''■1,42  eV  PL  lineshapo  in  our  CdTe  shows  that  the  observed  spectrum  can  be 
reconstructed  by  the  presence  of  both  defects,  Cu  and  A  -  centers.  For  the 
calculation  we  assumed  a  linewidlh  of  20  roeV  the  Zero  Phonon  Line  (ZPL)  and 
the  phonon  replicas,  the  position  of  the  ZPL  is  given  by  F.(hu)  -  ^Rap  '  ' 
E^j,  neglecting  Coulombic  effects  in  undoped  material.  is  tire  shallow 
donor  binding  energy  of  l4  meV  in  CdTe. 

rhe  DAP  band  in  2nTe  can  be  reconstructed  in  a  similar  way  by  a 
superposition  of  the  Cv\  and  A  •  center  spectrum.  In  this  case  we  used  “ 
17  meV  and  for  the  LO  phonon  energy  26  meV  (1).  The  ILneshape  of  the  ZnTe 
D.AF  band  of  fig. 4  is  well  reconstructed  when  energies  of  *  ISO  meV  for 
rhe  Cu  acceptor,  and  F..^  -  160  roeV  for  the  A  -  center  were  taken.  For  the  Cu 
iccr.ptor  this  value  is*  in  close  agreement  to  the  PL  data  of  ref.  (7] 

149  meV  ).  The  binding  energy  for  A  •  center  (Cd  vacancy  •  Al  donor)  has 
been  determined  to  be  170  meV  from  ODMR  investigations  [13)  compared  to  ovir 
Vii  1  ue  ot  160  meV. 

In  the  alloyed  sampU*s  this  analysis  is  much  more  complicated  because  the 
plionon  structure  becomes  less  .significant  It  is  completely  absent  i\\  the 
c‘»irpos  i  t  1  on  range  from  x  >  0.2  ro  x  <  0.8  (see  fig-  4).  However,  the 
ohserx’at  ion  of  a  hro  ;d  DAP  band  in  each  of  these  alloy  samples  indicates 
•.‘tu,'.-  both  defects.  Cu  and  A  -  centers,  are  still  present.  The  energy  shift 
ot  both  Cu  and  A  -  center  DAP  bands  in  the  alloy  is  consistent  with  our 
calculations  and  included  in  fig.  2. 

It  should  be  noted  that  the  bindinp^  energy  of  Cu  is  almost  independent  of 
th(!  host,  14^  meV  for  CdTe  and  149  roeV  for  ZnTe.  this  is  expected  for  3d 
transition  metal  impurities  from  theory  (16[.  Whereas  the  A  -  center  binding 
energy  changes  about  23  X  from  ZnTe  to  CdTe.  Assuming  that  the  Cd  -  vacancy 
is  the  dominating  part  ot  the  A  •  center,  the  wavefunction  is  set  up  from 
the  dang.ling,  bon<ls  of  the  Te  neip,hbors.  In  the  undlstorted  lattice  the 
valence  band  is  .set  up  mainly  from  the  Te  4p  -  wave funcC ions ,  Che  energy 
shift  of  the  vacancy  levels  ir,  therefore  expected  to  be  roughly  the  same  as 
that  of  the  valence  band  from  one  compound  to  the  other.  As  shown  in  the 
previovi.s  .section  the  valence  band  shift  amounts  to  121  of  the  total  energy 
gap  shift  from  CdTe  to  ZnTe.  This  fs  only  half  the  value  obtained  for  the  A 
-  center  but  show.s  rl?e  correct  trend.  The  deviation  from  this  simple  model 
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may  be  partly  explained  by  the  more  complex  nature  of  the  A  -  center 
including  a  nearby  donor. 


CONCLUSIONS 

In  conclusion  excitonic  line  broadening  has  been  observed  on  the  copper 
bound  exciton  recombination  in  bulk  grovm  Cd^^  ^^Zn^Te  crystals.  The  alloy 
composition  dependence  is  properly  described  by  models  taking  into  account 
statistical  fluctuations  of  the  cation  density,  the  nature  of  the  exciton 
recombination  (pseudo-donor  model)  and  the  conduction/valence  band  offset  in 
this  system.  The  Donor  -  Acceptor  pair  luminescence  in  the  crystals  is  a 
superposition  of  recombinations  due  to  residual  Cu  acceptors  and  A  -  centers 
(  anion  vacancy  -  donor  pairs  ).  It  has  been  investigated  as  a  function  of 
the  alloy  composition  x. 
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ABSTRACT 

We  have  characterized  MOCVD  grown  ZnS  layers  for  thin  film  electroluminescence 
(TFEL)  devices.  Films  with  thicknesses  ranged  from  several  A  to  2  pm  were  studied  by  x-ray 
diffractometry  (XRD),  cross-sectional  transmission  electron  microscopy  (XTEM),  high-resolution 
transmission  electron  microscopy  (HRTEM),  and  ultraviolet-visible  photospectrometry  (UVS). 
From  HRTEM  micrographs,  it  was  observed  that  ZnS  films  consist  of  a  mixture  of  hexagonal  and 
cubic  phases.  Correlation  of  UV  absorption  spectra  with  XRD  analysis  resulted  in  a  method  for 
quantitative  determination  of  the  cubic  packing  fraction  of  polymorphic  ZnS  films.  The  initial  ZnS 
layer  (<  1000  A)  deposited  on  BaTa206  had  more  hexagonal  than  cubic  phase  because  of  denser 
crystal  defects.  However,  the  fraction  of  cubic  phase  increased  with  the  film  thickness.  In 
addition  to  film  microstructures,  the  mean  grain  size,  growth  rate,  film  uniformity,  and  surface 
roughness  of  MOCVD  grown  ZnS  thin  films  as  functions  of  film  thicknesses  and  substrate 
temperatures  were  also  calibrated  by  XTEM  results. 


INTRODUCTION 

A  major  obstacle  for  developing  ZnS  EL  full  color  flat  panel  displays  is  that  the  insufficient 
intensity  of  blue  light  emission  ( two  orders  of  magnitude  lower  than  that  of  red  or  green  emission) 
[  1 1.  Many  studies  have  been  performed  in  order  to  improve  the  intensity  of  the  blue  light  emission 
1 1-4|.  They  include,  for  example,  using  1)  better  electroluminescent  impurities,  e.g.  Tm,  rather 
than  ,A1,  .Ag,  etc.;  2)  new  growth  methods,  e.g.  ALE  or  MOCVD,  rather  than  sputtering  or  e-beam 
evaporation;  3)  alternative  host  compounds,  e.g.  CaS  or  SrS,  rather  than  ZnS;  and  4)  advanced 
doping  methods,  e.g.  ion  implantation,  rather  than  in-situ  doping.  One  of  the  possible  reasons  for 
poor  blue  EL  emission  is  the  loss  of  hot  electrons  to  crystal  defects  within  ZnS  thin  films  |5|.  In 
addition,  a  faint  luminescence  layer  appears  to  result  from  an  existence  of  a  fine  grain  regime 
formed  during  the  initial  deposition  of  the  ZnS  film  on  an  insulating  layer  |6,7).  It  was  also 
reported  that  hexagonal  ZnS  is  favorable  for  electroluminescence  centers  |8).  Thus,  the  ability  to 
control  and  characterize  the  film  mictostructuie  appears  essential  to  improved  intensity. 

In  this  study,  the  structure  of  ZnS  layers  grown  by  MOCVD  on  insulator/ITO/glass 
substrates  was  characterized  by  a  variety  of  techniques. 


EXPERIMENTAL 
ZnS  Thin  Film  Growth 

A  modified  Spire  Model  SPI-MOCVD  450  system  was  used  to  grow  ZnS  thin  films  on 
BaTa206(rr0/glass  substrates  provided  by  Planar  System,  Inc..  The  growth  parameters  used  in 
this  study  are  listed  below: 

•  Precursors:  diethylzinc  (DEZ)  and  H2S 

•  Substrate  temperature:  250,  300,  350,  and  400  ®C 

•  Growth  time:  varied  from  several  seconds  to  30  min. 

•VI /II  ratio:  100 

•  Reactor  pressure:  80  Torr 

Material  Characterization 

A  Philips  ADP  3600  X-ray  Diffractometer  was  used  to  determine  the  crystal  structure  of 
ZnS  films.  Since  it  was  found  that  the  ZnS  films  consist  of  both  cubic  and  hexagonal  regions,  the 
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determination  of  their  crystal  structures  was  difficult.  The  principal  problem  is  that  for  every 
reflection  from  the  cubic  phase  there  exists  one  or  more  hexagonal  phase  with  a  very  similar 
reflection.  A  4-crystal  high-resolution  XRD  system  was  also  tried  to  distinguish  the  small 
difference  in  interplanar  spacings  between  these  crystal  structures.  However,  this  did  not  work 
due  to  the  low  x-ray  intensity  and  the  polycrystalline  nature  of  the  film.  There  was  a  x-ray 
technique  using  the  intensity  that  allows  one  to  estimate  the  cubic  fraction  [9],  In  addition,  TEM 
and  HRTEM  were  used  to  characterize  the  microstructures  and  to  calibrate  film  growth 
characteristics.  A  JEOL  200CX  TEM  and  a  JEOL  4(XX)FX  HRTEM  were  used.  Most  of  the 
samples  were  examined  in  cross  section.  The  UVS  was  used  to  measured  the  absorption  edge  and 
therefore  the  energy  gaps  of  ZnS  films  from  IIV  absorption  spectra.  From  these  results  the 
different  phases  within  the  polymorphic  ZnS  films  could  be  distinguished  due  to  their  larger 
difference  in  the  energy  gaps,  i.e.  3.54  eV  and  3.67  eV  for  cubic  and  hexagonal  phase  at  room 
temperature,  respectively  [10|. 


RESULTS  AND  DISCUSSION 
Film  Microstructures 

1.  Polymorphic  structure:  The  first  problem  encountered  in  microstructure  studies  was  how  to 
distinguish  the  different  crystal  structures  in  polymorphic  ZnS  films  grown  by  MOCVD.  It  had 
been  reported  that  ZnS  films  grown  by  MOCVD  using  HjS  as  the  group  VI  precursor  had  a  cubic 
structure  and,  in  some  cases,  a  mixture  of  cubic  and  hexagonal  structures  1 1 1,12).  Usually,  XRD 
was  the  major  characterization  technique  used  to  identify  the  film  crystal  structure.  However,  it 
appears  to  be  not  possible  to  distinguish  these  two  similar  structures  by  XRD  alone  since  there  are 
always  several  hexagonal  related  diffraction  peaks  at  the  same  angle  as  every  significant  peak  of  the 
cubic  phase  113,14).  The  XRD  spectra  of  different  thickness  ZnS  films  grown  by  MOCVD  under 
the  stated  conditions  are  shown  in  Figure  I  and  the  possible  indices  of  each  peak  arc  listed  in  Table 
I.  The  film  thickness  of  each  sample  was  calibrated  by  XTEM.  It  is  very  difficult  to  make  any 
conclusion  as  to  the  crystal  structure  of  these  films  since  peaks  of  both  structures  almost  overlap. 
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Figure  1  The  XRD  spectra  of  different  thickness  ZnS  films  grown  at  350°C 


Table  1  The  possible  ZnS  indices  of  the  major  peaks  observed  in  Figure  1 


PEAK  d(A) 

BaTa206 

3C 

2H 

4H 

6H 

gH 

lOH 

9R 

15R 

21R 

1 

1.534 

622* 

_ 

222 

00.4 

00.8 

00.12 

_ 

_ 

20.6 

20.10 

20.14 

2 

1.631 

— 

311 

11.2 

11.4 

11.6 

ll.g 

11.10 

20.3 

20.5 

20.7 

3 

1.799 

402* 

052t 

— 

— 

— 

— 

— 

— 

— 

11.9 

— 

4 

1.993 

— 

— 

— 

— 

10.5 

— 

10.10 

— 

— 

— 

— 

5 

2.542 

511* 

— 

— 

— 

— 

— 

— 

10.8 

— 

— 

— 

6 

2.930 

430* 

410t 

— 

10.1 

10.2 

10.3 

10.4 

10.5 

— 

— 

— 

7 

3.114 

— 

— 

Ill 

00.2 

00.4 

00.6 

00.8 

00.10 

10.3 

10.5 

10.7 

Data  from  JCPDS-ICDD  and  |9,151;  *  Hexagonal;  t  Orthorhombic 


A  significant  peak  (number  7),  which  could  be  identified  as  (111)  cubic  or  (00.1) 
hexagonal,  emerged  when  the  ZnS  film  was  thicker  than  1000  A.  When  the  film  became  thicker, 
an  additional  peak  (number  2)  became  more  intense.  This  peak  could  be  identified  as  (31 1)  cubic  or 
(11.1)  hexagonal.  From  these  direct  XRD  results,  the  crystal  structure  evolution  during  the  initial 
ZnS  growth  on  BaTa206  was  revealed  though  the  crystal  structure  in  term  of  cubic  or  hexagonal 
could  not  be  distinguished  unambiguously.  As  previous  discussion,  there  was  a  reported  method  to 
determine  the  fraction  of  each  structure  using  XRD  technique.  This  is  based  on  the  fact  that  the 
relative  ratio  of  the  integrated  intensities  of  hexagonal  peaks  to  that  of  cubic  (111)  peak  is 
proportional  to  their  fraction  in  mixed  crystals  (91.  Using  this  technique,  we  have  determined  the 
cubic  fraction  of  ZnS  films  grown  by  M(X)VD  and  found  it  was  between  40%  to  60%  depending 
upon  their  thicknesses  and  growth  temperatures.  These  results  were  also  correlated  to  the  energy 
gap  determination  which  will  be  discus^  later. 

The  ZnS  polytypism  could  be  identified  from  HRTEM  micrographs  showing  the 
periodicity  of  the  layer  stacking  (16|.  The  multiple  stacking  periodicity  of  the  closed-packing 
layers  in  a  MOCVD  grown  ZnS  film  was  observed  (Figure  2).  In  these  HRTEM  micrographs, 
there  are  regimes  of  cubic  and  hexagonal  phases,  for  example,  6H  structure. 


(b)  (d) 

Figure  2  The  typical  XTEM  micrographs  of  ZnS  films  grown  for  15  min.  (a)  at  250°C  (b)  at  300°C 
and  the  HRTEM  micrographs  of  (c)  the  bulk  of  ZnS  films  (d)  the  interface  of 
ZnS/BaTa206 
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In  addition,  the  polymorphic  crystal  stnictures  were  distinguished  from  their  energy  gap 
measured  at  room  temperature  by  optical  techniques.  It  was  found  that  the  measured  absorption 
edges  varied  with  the  mean  film  thickness.  As  the  mean  film  thickness  increased  from  700  A  to 
6000  A,  the  wavelength  of  the  absorption  edge  of  ZnS  films  giowrr  at  350°C  increased  from  333.0 
nm  to  335.7  nm.  respectively.  They  correspond  to  a  shift  of  the  energy  gap  from  3.72  eV  to  3.69 
eV  as  shown  in  Figure  3.  The  measured  absorption  edges  were  also  affected  by  film  growth 
temperatures.  For  films  with  a  similar  thickness,  for  example  approximate  2000  A,  the  wavelength 
of  the  absorption  edge  of  ZnS  films  increased  with  the  growth  temperatiue. 

It  was  reported  that  the  shift  of  energy  gaps  of  ZnS  films  could  be  related  to  their  cubic 
packing  fraction,  a  ratio  of  zincblende  to  wunzite  crystal  structure  of  a  mixed  material  [17-19]. 
Figure  4  shows  the  correlated  results  of  the  cubic  fraction  determined  by  XRD  and  the  energy  gap 
measured  by  optical  absorption  .  This  method  was  not  only  able  to  distinguish  these  different 
structures  in  ZnS  but  also  to  determine  the  fraction  of  each  phase  in  the  mixed  strucnire.  Based  on 
these  trteasurements,  the  crystal  structure  of  ZnS  films  grown  by  MOCVD  increases  in  the  fraction 
of  cubic  phase  with  increasing  the  film  thickness.  Also  shown  are  reports  by  other  groups  using 
reflectance  measurements  alone  (the  determination  of  cubic  fraction  not  present)  on  a  line  drawn 
between  the  cubic  and  hexagonal  energy  gaps.  Although  all  results  show  the  same  tendance,  their 
discrepancy  may  be  due  to  the  different  techniques  used  to  measure  the  bandgap  and  cubic  fraction. 

2.  Interface:  The  observation  of  the  fine  grain  layer  of  ZnS  films  in  EL  thin  films  is  very  common 
[6,20|.  This  had  been  attributed  to  the  so  called  "dead  layer"  in  electroluminescence  and  one  of  the 
causes  of  higher  threshold  voltages  for  luminescent  emission.  To  date  for  published  works 
MOCVD  grown  ZnS  EL  films  without  a  dead  layer  were  grown  by  using  DES  or  CS2  as  sulfur 
precursor.  However.  ZnS  thin  films  grown  by  using  H2S  always  had  the  dead  layer  1 1 2,20]. 

A  fine  grain  layer  extended  from  the  ZnS/BaTa206  interface  up  to  approximate  100()~200C 
A  above  which  columnar  grains  became  larger  (Figure  2a,b).  It  was  interesting  that  this  coincided 
with  the  thickness  below  which  no  significant  preferential  orientation,  i.e.  (Ill)  or  (00.1),  was 
observed  in  the  XRD  results  and  all  peaks  resemble  that  of  the  substrate  materials.  The  interface 
between  a  ZnS  film  and  an  insulating  BaTa206  layer  had  been  examined  by  HRTEM  (Figure  2d). 
It  was  observed  that  small  regimes  (indicated  with  airows)  of  ZnS  aligned  on  preferred  orientations 
of  the  crystalline  BaTa206  indicating  some  nucleation  by  the  insulator.  In  addition,  very  fine 
"clusters"  which  were  slightly  misorientated  to  each  others  were  also  observed  in  some  inteifacial 
regions  as  well  as  the  initial  layer.  Thus,  within  the  initial  ZnS  layer  deposited  on  BaTa206  denser 
crystal  defects  appear  to  associate  with  a  higher  fraction  of  hexagonal  phase  observed. 

Growth  Characteristics 


The  growth  characteristics  were  calibrated  using  cross-sectional  TEM  micrographs.  They 
include  the  mean  grain  size,  growth  rate,  film  uniformity,  and  surface  roughness  as  functions  of 
film  thicknesses  and  substrate  temperatures,  in  the  sample  grown  at  350°C  for  only  1  second,  no 
ZnS  island  or  layer  could  be  identified  on  the  surface  of  the  BaTa206  substrate.  After  5  seconds  of 
growth,  small  islands  about  20-30  A  height  and  5-10  A  wide  were  observed.  The  separation 
between  islands  was  approximately  .30-100  A. 
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Figure  3  The  wavelength  of  the  absorption  edge  Figure  4  The  relationship  between  the  cubic 
varied  with  the  ZnS  film  thickness  and  packing  fraction  and  the  energy  gap 

substrate  temperature  of  ZnS  films 


1 .  Grain  size:  The  mean  size  of  columnar  grains  increased  from  approximate  SOO  A  at  the  interface 
up  to  3000  A  when  the  film  thickness  was  greater  than  0.7  pm  (Figure  5a).  The  substrate 
temperature  slight  affected  the  mean  grain  size.  In  Figure  Sb,  the  mean  grain  size  at  the  interfacial 
region  did  not  vary  significantly  with  the  substrate  temperature.  This  could  be  attributed  to  the 
effect  of  the  grain  size  of  the  insulating  BaTa206  substrate  layer.  The  mean  grain  size  at  a  region 
about  0.2  pm  from  the  interface  was  larger  than  that  at  the  interface  and  also  did  not  vary 
significantly  with  the  substrate  temperature.  However,  the  grain  size  distribution  as  indicated  as 
the  error  bar  was  different. 

2.  Growth  rate;  The  growth  rate  was  determined  from  Figure  6.  It  was  found  that  the  growth  rate 
was  slower  during  the  first  two  minutes  of  growth.  Subsequently,  it  became  greater  slightly.  This 
phenomenon  appears  to  be  related  to  the  evolution  of  the  film  structures  as  discussed  previously. 

3.  Film  uniformity:  Generally,  the  film  thickness  varied  across  an  entire  sample.  This  was 
indicated  by  the  error  bar  as  shown  in  Figure  6.  The  thicker  films  exhibited  a  greater  variation  in 
uniformity.  This  appears  to  be  due  to  the  facet  growth  and  the  greater  grain  size.  The  film 
thickness  variation  was  <  ±15  %  of  the  total  film  thickness. 

4.  Surface  roughness:  The  surface  roughness  was  measured  as  the  surface  peak-to-valley  height 
on  average  as  shown  in  Figure  7.  When  a  film  was  thinner  than  1(X)0  A,  the  surface  roughness 
was  smaller  than  100  A.  For  a  thicker  ZnS  film,  the  surface  roughness  increased  several  fold. 
Significant  surface  faceting  caused  the  increased  roughness.  The  surface  roughness  was  about 
6~I0  9i'  of  the  total  film  thickness. 
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Figure  5  The  mean  grain  size  of  ZnS  films  (a)  varied  with  film  thicknesses  (b)  as  a  function  of  the 
substrate  temoerature 
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Figure  6  The  film  thickness  as  a  function  of 
the  substrate  temperature  for  films 
grown  for  different  time  periods 


Figure  7  The  surface  roughness  measured  as 
the  surface  peak-to-valley  height  for 
films  grown  at  different  temperamres 
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SUMMARY 

In  summary,  wc  have  presented  several  results  of  the  structure  of  the  ZnS  thin  films  grown 
by  MOeVD.  Multiple  characterization  techniques,  including  XRD,  TEM,  HRTEM,and  UVS, 
have  been  used  to  analyze  this  materials  system.  From  HRTEM  micrographs,  several  different 
crystal  structures,  such  as  3C,  6H  etc.,  have  been  observed.  It  was  shown  that  the  cubic  packing 
fraction  could  be  estimated  fnim  the  telative  ratio  of  the  integrated  intensities  of  cubic  phase  to  that 
of  hexagonal  phase.  The  measurements  of  the  room  temperature  energy  gaps  of  ZnS  films  by  U  V 
absorption  provide  a  more  convenient  way  to  identify  the  polymorphic  structures.  Correlating  the 
absorption  and  x-ray  riKasurements  made  it  possible  to  deduced  a  linear  relationship  between  the 
cubic  packing  fraction  and  the  energy  gap  of  polymorphic  ZnS  thin  films.  In  addition,  the  mean 
grain  size,  growth  rate,  film  uniformity,  and  surface  roughness  of  MOCVD  grown  ZnS  films  were 
calibrated  using  XTEM  micrographs.  It  was  found  that  initially  ZnS  films  grew  at  a  slower  rate 
which  increased  as  the  film  thickness  increased.  The  nonuniformity  and  surface  roughness  also 
increased  with  thickness.  There  was  a  little  dependence  of  the  mean  grain  size  on  the  growth 
temperature  where  as  the  growth  rate  was  maximized  at  350°C. 


ACKNOWLEDGMENTS 

The  authors  gratefully  acknowledge  Planar  System,  Inc.  for  providing  us  TFEL  substrates. 
This  work  was  supported  by  Florida  High  Technology  and  Industry  Council. 


REFERENCES 

I .  R.  Mach  and  G  O.  Muller,  phys.  star.  sol.  (a)  {(2,  1 1  (1982) 

2  V.-P.  Tanninen,  M.  Oikkonen,  and  T.  Tuomi,  Thin  Solid  Films  11)9.  28.3  (1983) 

3.  P.J.  Dean,  phys,  stat.  sol.  (a)fil.  b25  (1984) 

4  V.V.  Ushakov  and  A.A.  Gippius,  J.  Crystal  Growth  101. 4.S8  (1990) 

.3  Research  repon  of  SPIRE  Co.,  FR-60174,  1990 

6.  H.  Venghaus,  D.  Theis,  H.  Oppolzer,  and  S.  Schild,  J.  Appl.  Phys.  22(6),  4146  (1982) 

7.  D.  Theis,  H.  Oppolzer,  G.  Ebbinghaus,  and  S.  Schild,  J.  Crystal  Growth  23,  47  (1983) 

8.  T  Buch,  phys.  stat.  sol.  (b)  i2ii,  191  (1988) 

9.  F  G.  Smith,  .American  Mineralogist  4(2, 658  (1955) 

10.  D.  R.  Lide  ed.,  HANDBOOK  of  CHEMICAL  AND  PHYSICS.  71st  ed.(  CRC  press,  Boston 
1990),  p.  Elio 

I I.  K.  Hirabayashi  and  O.  Koqure,  Jpn.  J.  Appl.  Phys.  24(11),  1484  (1985) 

12.  T.  Shibata,  K.  Hirabayashi,  H.  Kozawaquchi,  and  B.  Tsjiyama,  Jpn.  J.  Appl.  Phys.  26(  10). 
L1664(1987) 

13.  T.  Matsuoka,  J.  Kuwata.  M.  Nishikawa,  Y.  Fujita.  T.  Tohda,  and  A.  Abe,  Jpn.  J.  Appl 
Phys.  21(4),  592  (1988) 

14.  S.Takata,  T.  Minami,T.  Miyata,  and  H.  Nanto,  J.  Crystal  Growth  22.  257(1988) 

15  H.T  Evans  Jr.  and  ET  McKnight.  American  Mineralogist  44.  1210  (1959) 

16.  W.  Coene,  H.  Bender.  F.C.  Lovey,  D.  van  Dyck,  and  S.  Amelinckx.  phys.  stat,  sol.  (a)  87. 
483  (1985) 

17.  J.A.  Lahtinen  and  T  Tuomi.  J.de  Physique  CIO.  239  (1983) 

18.  M.  Cardona  and  G.  Harbeke.  Phys.  Rev.  137.  1467  (1%5) 

19.  J.W.  Baars  in  Proc.  of  the  Intern.  Conf.  on  ll-VI  Semiconducting  Compounds.  Providence 
(1967),  pp.  631 

20.  K.  Hirabayashi  and  H.  Kozawaguchi.  Jpn  J.  Appl.  Phys.  2B(5).  814  (1989) 


221 


GROWTH  AND  CHARACTERIZATION  OF  ZnSe/ZnCdSe  DIODE 
STRUCTURES  ON  (In,Ga)As  BUFFER  LAYERS. 

G.  C.  Hua  and  N.  Otsuka 

School  of  Materials  Engineering,  Purdue  University,  West  Lafayette,  IN  47907 

W.  Xie,  D.  C.  Grillo,  M.  Kobayashi  and  R.  L.  Gunshor 

School  of  Electrical  Engineering,  Purdue  University,  West  Lafayette,  IN  47907 


ABSTRACT 


ZnSe/ZnCdSe  diode  structures  were  grown  on  (In,Ga)As  buffer  layers 
by  molecular  beam  epitaxy.  Lattice  distortions  and  defect  distributions  in 
buffer  layers  and  diode  structures  were  examined  by  X-ray  diffraction  and 
tran.smission  electron  microscopy.  Diode  structrues  with  low  dislocation 
densities  were  obtained  by  the  growth  on  tetragonally  distorted 
l"ii()4.tCia()y57As  buffer  layers,  the  lattice  spacing  of  which  is  slightly  smaller 
than  that  of  ^Se. 


ZnSe  has  long  been  considered  as  the  leading  candidate  of  materials  for 
development  of  light  emitting  devices  operating  in  the  blue  and  green  spectnim 
ranges.  Difticulty  in  obtaining  conductive  p-type  of  this  material,  however,  has 
prevented  progress  towards  the  realization  of  such  optoelectronic  devices.  In 
the  past  decade,  new  low  temperature  epitaxial  growth  techniques  represented 
by  molecular  beam  epitaxy  (MBE)  and  metallorganic  chemical  vapor 
tleposition  (MOCVD)  have  led  to  the  resurgence  in  the  research  of  ZnSe  and 
other  wide  gap  II-VI  semiconductors  with  the  expectation  that  the  advantage  of 
employing  these  epitaxial  growth  techniques  may  enable  us  to  overcome  the 
afore-tnentioned  material  problem.  These  research  efforts  have  resulted  in 
successful  p-doping  in  ZnSe  using  a  nitrogen  plasma  source  in  MBE  in  the  last 
year  |l,2|,  and  very  recently  have  led  to  the  realization  of  ZnSe  ba.sed  p-n 
junction  light  emitting  devices  such  as  pulse  lasers  (3-5 1  and  multiple  quantum 
well  light  emitting  devices  [6].  It  is  expected  that  these  recent  developments 
will  open  a  new  stage  of  the  research  on  wide-gap  Il-Vl  semiconductors  aimed 
at  their  full  device  applications. 

One  of  the  major  problems  to  be  solved  for  further  progress  towards  the 
development  of  ZnSe-based  devices  is  the  formation  of  high  density  defects  in 
cpilayers  which  results  from  the  lattice  mismatch  between  ZnSe  and  GaAs; 
(iaAs  is  widely  u.sed  as  a  substrate  for  the  growth  of  ZnSe  at  pre.sent  owing  to 
the  unavailability  of  high  quality  ZnSe  bulk  single  crystals.  With  the  lattice 
mismatch  being  0.25%  (room  temperature),  pseudomorphic  ZnSe  layers  can  be 
grown  on  a  GaAs  substrate  only  up  to  thicknesses  around  20005^  which  is  too 
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thin  for  realistic  device  structures.  In  the  past  several  years,  a  number  of 
methods  have  been  developed  for  reduction  of  defect  densities  in  lattice 
mismatched  layered  structures  of  III-V  and  elemental  semiconductors.  Direct 
applications  of  those  methods  to  II-VI  semiconductors,  however,  may  not  lead 
to  sucessful  control  of  defect  densities  because  of  considerable  differences  in 
mechanical  properties  of  these  materials  from  those  of  III-V  and  elemental 
semiconductors.  In  the  present  paper,  we  report  an  approach  for  overcoming 
the  problem  of  the  defect  formation  caused  by  the  lattice  mismatch  between 
ZnSe  and  GaAs.  By  utilizing  a  MBE  system  having  separate  growth  chambers, 
ZnSe/ZnCdSe  diode  structures  were  grown  on  (In,Ga)As  buffer  layers. 
Addition  of  In  to  GaAs  crystals  is  known  to  make  the  alloy  crystals  highly 
resistive  to  the  generation  and  multiplication  of  dislocations  [7,81.  The 
(ln,Ga)As  buffer  layers  with  the  proper  control  of  the  In  mole  fraction, 
therefore,  are  expected  to  serve  as  lattice-matched  substrates  having  very  low 
defect  densities  for  the  growth  of  ZnSe-based  structures. 

All  structures  examined  in  this  study  were  grown  in  a  Perkin  Elmer 
modular  MBE  system  consisting  of  separate  growth  chambers  for  the  II-VI  and 
III-V  layer  growth.  (In,Ga)As  buffer  layers  with  a  thickness  of  4nm  were 
grown  on  (100)  GaAs  at  520®C.  T  he  In  mole  fractions  in  the  buffer  layers  were 
varied  among  samples  o-  r  ,e  range  from  4  to  6%.  After  the  buffer  layers 
were  transferred  to  the  it-  - 1  growth  chamber  under  ultra-high  vacuum,  ZnSe 
diode  sturctures  wi’h  /  iCdSe  quantum  wells  were  grown  at  240‘’C.  The  total 
thickness  of  diode  stiuctures  are  typically  3.5|im.  Quantum  well  simctures 
consist  of  •seven'l  layers  of  ZnCdSe  and  ZnSe  with  individual  layer  thicknesses 
ranging  from  60A  to  lOOA  Nitrogen  and  chlorine  were  dopted  in  diode 
structures  as  acceptors  and  donors,  re,spectively.  Details  of  growth  procedures 
of  these  structures  are  de.scribed  in  a  separate  report  [6]. 

X-ray  rocking  curves  of  diode  stractures  and  (In,Ga)As  buffer  layers 
were  obtained  using  a  four  crystal  Si  monochromator  with  the  Cu  Kq  radiation. 
For  the  examination  of  buffer  layers,  diode  structures  were  removed  by 
.selective  etching.  Both  (400)  and  {511)  diffraction  peaks  were  recorded  in 
order  to  determine  the  lattice  spacings  in  the  directions  parallel  and 
perpendicular  to  the  interfaces.  Full  width  at  half  maximum  (FWHM)  of  (400) 
peaks  of  (In,Ga)As  buffer  layers  ranges  from  100  to  150  seconds.  These  values 
are  in  good  agreement  with  the  results  of  earlier  studies  which  measured 
FWHM  of  (In,Ga)As  layers  grown  on  GaAs  by  MBE  [9,10|.  From  the  analysis 
of  (511)  peaks,  the  crystal  lattices  of  (ln,Ga)As  buffer  layers  were  found  to  be 
tetragonally  distorted,  implying  that  the  lattice  mismatch  at  (In,Ga)A.s/GaAs 
interfaces  are  partially  relaxed  by  misfit  dislocations.  The  estimated  values  of 
the  c/a  ratios  of  tetragonally  distorted  lattices  range  from  1  .(X)I0  to  1  .(X)l  2.  The 
In  mole  fractions  in  the  buffer  layers  were  estimated  from  measured  lattice 
spacing  by  taking  the  tetragonal  distortion  into  account,  and  assuming  a 
Vegard’s  relationship.  The  FWHM  of  ZnSe  in  diode  structures  also  range  from 
100  to  150  seconds.  Unlike  the  (In,Ga)As  buffer  layers,  no  significant 
tetragonal  distortion  was  observed  by  the  analysis  of  (511)  peaks  of  diode 
stmetures. 
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Defect  distributions  in  the  samples  were  examined  by  a  JEM  2000EX 
transmission  electron  microscope  (TEM).  For  the  observation,  cross-sectional 
and  plan-view  specimens  were  prepared  by  ion-thinning.  Highly  developed 
networks  of  misht  dislocations  were  olKerved  at  (In.GaJAsAjaAs  interfaces  of 
all  observed  samples.  Figure  1  is  a  cross-sectional  bright  field  image  of  an 


Fig.  1  Cross-sectional  bright  field  image  of  the  Ino.o54Gao,946As/GaAs  interface. 

lii(in54Ga()946As/GaA^  interface.  This  image  was  taken  by  tilting  the 
specimen  about  the  (01 1 )  axis,  so  that  misfit  dislocations  parallel  to  the  [01 1 ) 
axis  are  seen  as  short  segments  in  the  image.  As  seen  in  the  cross-sectional 
image,  dislocations  have  threaded  towards  the  GaAs  ci^stal  from  the  interface, 
while  the  interior  of  the  (In,Ga)As  buffer  layer  remains  as  a  dislocation-free 
crystal.  This  observation  clearly  shows  the  difficulty  of  generation  and 
multiplication  of  dislocations  in  (In,Ga)As  crystals.  In  plan-view  images  of  the 
buffer  layers,  no  dislocation  was  observed  except  for  the  region  close  to 
(In,Ga)As/GaAs  interfaces,  implying  that  dislocation  densities  in  the  buffer 
layers  are  less  that  10^  cm"^.  Such  low  dislocation  densities  appear  to 
contradict  large  FWHM  of  X-ray  diffraction  peaks  obtained  from  these  buffer 
layers.  According  to  a  simplified  relationship  between  FWHM  of  X-ray 
diffraction  peaks  and  dislocation  densities,  the  measured  FWHM  corresponds 
to  dislocation  densities  in  the  range  of  10^  cm“^  [11],  which  is  significantly 
greater  than  the  observed  densities.  One  possible  explanation  for  this  apparent 
discrepancy  is  that  the  large  FWHM  results  from  a  nonuniform  distribution  of 
elastic  strains  in  the  buffer  layer  which  is  caused  by  the  large  variation  of 
spacing  of  misfit  dislocations  at  the  (In,Ga)As/GaAs  interface.  A  more 
systematic  analysis,  however,  is  necessary  to  substantiate  this  explanation. 

Figure  2  (a)  and  (b)  are  cross-sectional  bright  field  images  of 
ZnSe/(ln.Ga)As  interfaces  with  two  different  In  mole  fractions  in  the  buffer 
layers.  At  the  ZnSe/Ino.o4()Gao.96oAs  interface,  closely  spaced  misfit 
dislocations  are  seen,  even  though  the  lattice  parameter  of  a  bulk  (ln,Ga)As 
crystal  with  the  4.0%  In  mole  fraction  exactly  matches  that  of  ZnSe  at  the 
growth  temprature  (240”C).  (  A  lattice  match  occurs  at  a  slightly  lower  mole 
fraction,  3..*)%,  for  room  termperature  because  of  the  difference  of  thermal 
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Fig.  2  Cross-sectional  bright  field  image  of  (a)  ZnSe/Ino.o4oGao,96oAs  and 
(b)  Ino,o54Gao  946As  interfaces. 


expansion  coefficients).  The  ZnSe/Inoo54Gao,946As  interface,  on  the  other 
hand,  appears  to  be  nearly  free  from  arrays  of  misfit  dislocations.  In  plan-view 
images,  misfit  dislocations  were  observed,  but  their  density  is  lower  than  that 
at  the  ZnSe/inoo4oGao96oAs  interface.  These  observations  imply  that  the 
lattice  matching  is  obtained  with  a  higher  In  mole  fraction  than  that  expected 
from  the  lattice  constants  of  bulk  crystals,  and  are  consistent  with  the  afore¬ 
mentioned  results  of  X-ray  diffraction.  Although  the  Ino,o54Gao  946^5  buffer 
layer  with  the  tetragonal  distortion  gives  rise  to  close  lattice  matching  with 
ZnSe  at  the  growth  temprature,  relatively  high  density  dislocations  and 
stacking  faults  were  observed  in  diode  structures  grown  on  these  buffer  layers. 
Many  of  these  defects  exist  in  the  region  from  the  middle  to  the  free  surface  of 
the  diode  structures  as  seen  in  Fig.  2(b).  One  possible  cau.se  of  these  defects  is 
the  relatively  large  difference  of  thermal  expansion  coefficients  between  ZnSe 
and  Ill-V  semiconductors;  the  lattice  parameter  of  ZnSe  is  slightly  .smaller  than 
the  lattice  spacing  of  the  tetragonally  distorted  Ino.o54G3o.946As  crystal  in  the 
direction  parallel  to  the  interface  at  the  growth  temperature  and  further 
decreases  at  room  temperature,  compared  to  that  of  the  lnoo54Gao,946As 
crystal,  resulting  in  a  large  tensile  strain. 

The  best  structural  quality  of  diode  structures  was  obtained  by  the 
growth  on  (In,Ga)As  buffer  layers  whose  lattice  spacings  along  the  interface  is 
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Fig.  3  (a)  Cross-sectional  bright  field  image  of  a  ZnSe/ZnCdSe  diode  structure 
grown  on  InomiGaoos'/As,  (b)  plan-view  bright  field  image  of 
ZnSe/In„(M3^(),9.s7  As  interface 

slightly  smaller  than  that  of  ZnSe,  giving  rise  to  compressive  strains  in  diode 
structures.  Figure  3(a)is  a  cross-sectional  bright  field  image  of  a  diode  .structure 
grown  on  an  ln()()43Ga()957A.s  buffer  layer.  The  entire  region  .seen  in  the 
image  is  free  from  dislocations  including  the  interface.  Figure  3(b)  is  a  plan- 
view  bright  field  image  of  the  ZnSe/Ino,(W3Gao957As  interface  which  .shows  a 
widely  spaced  group  of  misfit  dislocations.  Densities  of  threading  dislocations 
in  diode  structures  grown  on  lnoo33Gao957As  buffer  layers  are  in  the  lower 
range  of  10*’  cm”^.  From  these  diode  structures,  highly  efficient  blue/green 
electroluminescence  |6|  and  diode  laser  actions  [3|  were  obtained.  The  results 
described  above  clearly  demonstrate  the  effectiveness  of  using  lattice  matched 
Ill-V  semiconductor  alloy  buffer  layers  in  reducing  defects  in  ZnSe-based 
device  structures.  It  is  also  suggested  by  the  present  study  that  further 
significant  improvement  is  possible  by  making  precise  control  of  the  In  mole 
fraction  to  obtain  stable  pseudomorphic  layers  both  at  growth  temperatures  and 
room  temperature. 
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II-VI  STRAINED-LAYER  SUPERLATTICE 

HAILONG  WANG  JIE  GUI  AIDONG  SHEN  LIANG  XU  YUNLIANG  CHEN 
AND  YUHUA  SHEN 

Shanghai  Institute  of  Optics  and  Pine  Mechanics,  Acadenla  Sinica 
P.O.Box  800-216  Shanghai  201800,  P.R. China 


ABSTRACT 

The  ( ZnSe  )||/(  ZnS  strained  layer  superlatticea  (SLSs)  on  (100) 
GaAs  and  ( ZnTe  )g/( ZnSe )>  SLSs  on  (100)  InP  have  been  grown  by 
Bolecular  beam  epitaxy  (HBE)  and  atonic  layer  epitaxy  (ALE).  The 
structural  characteristics  of  these  SLSs  were  investigated  in  situ 
RHEED  observation,  low-angle  X-ray  diffraction  spectra,  TED  image 
and  AES  analysis.  The  optical  properties  of  the  SLSs,  such  as 
refractive  index  of  superlattice  materials,  photoluninescence  (PL) 
spectra,  transient  PL  spectra,  Raman  spectra,  far-infrared 
reflectivity  spectra  and  Optical  nonlinear  have  been  studied. 

INTRODUCTION 

II-VI  wide-gap  semiconductor  strained-layer  superlattice  are 
potential  materials  for  application  to  optoelectronic  devices  in 
the  short-wavelength  visible  region.  Recently,  major  efforts  have 
devoted  to  realizing  .Wue  or  green  light  emitting  devices 
(LED)/laser  diode  (LD)^**^*  and  oVtical  waveguide  devices*^.  For  the 
reason,  it  is  important  to  study  structural  and  optical 
characteristics  of  these  superlattice  materials  for  getting  high- 
quality  devices. 

In  this  paper,  we  report  studies  of  the  structural  and  optical 
properties  on  ZnSe-ZnS  and  ZnTe-ZnSe  SLSs,  grown  on  GaAs  and  InP 
substrate  by  MBE.  A  lot  of  results  are  the  first  observation  at  our 
laboratory . 

MBE  GROWTH  OF  ZnSe-ZnS  AND  ZnTe-ZnSe  SLSs 

Devices-qual  ity  ZnSe-ZnS  and  ZnTe-ZnSe  SLSs  have  been  grown  by 
MBE  in  Our  laboratory.  The  substrate  used  were  semi-insulating 
(100)  GaAs  and  high-resistance  (lOO)lnP.  High  purity  Zn(6N),  S(6N), 
Se(5N)  and  Te(6N)  were  used  as  source  materials.  The  cell 
temperature  for  Zn,S,Te,Se  are  250°C,  200*C,  230*C  and  220^C 
respectively.  Vapor  pressure  of  Zn,S,Te,and  Se  beams  at  the 
substrate  position  are  10* -10'”Torr  range,  which  were  monitored  by 
nude-gauge.  Typical  beam  pressure  radio  (BPR)Zn/S,Te,Se  was  taken 
to  be  0.5-1.  The  growth  were  carried  out  at  a  substrate  temperature 
about  350^C  for  ZnSe-ZnS  SLSs  on  GaAs  substrate  and  320^C  for  ZnTe- 
ZnSe  SLSs  on  InP  substrate,  respectively.  In  this  condition,  the 
growth  rate  is  about  30A/rain. 

EXPERIMENTAL 

The  reflective  high-energy  electron  diffraction  (RHEED)  have 
been  used  to  monitoring  the  crystalline  and  surface  'smoothness  of 
the  grown  layers  of  ZnSe-ZnS  and  ZnTe-ZnSe  SLSs.  Auger  electron 
spectroscopy  (AES)  technique  was  used  for  analysing  the  depth 
profile  of  the  epi-layers  and  interface  qualities.  We  measured  low- 
angle  X-ray  diffraction  in  order  to  determine  superlattice 
periodicity.  TEM  and  JED  observation  were  carried  out  m- 
4000EX  transmission  electron  microscope. 
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We  measured  refractive  index  of  SLSs*  transient  PL  spectra 
Raman  spectra,  far-infrared  reflectivity  spectra  and  optical 
nonlinearity.  The  optical  properties  of  SLSs  have  been  studied  in 
deta  1 1  , 


RESULTS  AND  DISCUSSION 


Structural  characteristics  of  S!.S 


Fig.l  shows  the  RHEED  patterns  of  ZnSe-ZnS  and  ZnTe-ZnSe 
superlattices  at  the  end  of  growth.  Long  streaky  pattern  together 
with  Kikuchi  lines  shows  that  epi-layer  grown  is  of  a  high-quality 
crystalline  and  smooth  surface  morphology.  This  is  confirmed  by 
TEM,  TED  and  AES  observation  (Fig. 2,  Fig. 3  and  Fig. 4).  From  Pig. 4 
you  can  see  that  satellite  diffraction  spots  due  to  the 
superlattice  periodicity  are  observable  on  side  of  the  fundamental 
sports.  The  satellite  sports  of  four  orders  along  [001]  axis  were 
observed,  showing  that  rather  smooth  interfaces  and  accurate 
periodicity  were  obtained  on  the  superlattices  with  one  period 
composed  of  15A  ZnSe  layer  and  15A  ZnTe  layer.  The  superlattice 
period  determined  from  the  spacing  between  satellite  and 
fundamental  sports  is  about  29. 6A. 


4 


Fig.l.  lU(EEI)  patterns  of  (a)  ZnSe-ZnS  SLS 
(b)  XiiSc-'/nIe  SLS 


Fig*3«  A  (110)  cross-sectional  image  of  a 
superlattice  with  n  structure  of 
ZnSe( 29A )-ZnS( 27A )\ 1 00 ,  showing  clearly 
a  periodic  ZnS»*“/iiS  layer  struct  jii  c. 


Fig. 4.  aSTED  pnttern  of  a  ZiiSe { 1 6A )-ZnTe ( 1 5A ) 
superlattice  for  lllOJ  electron  beam  incidence. 

Four  orders  of  satellite  spot?;  due  to  the 
periodicity  of  the  suporlnttice  are  observed. 

Fig. 5  shows  a  typical  low-angle  X-ray  diffraction  measurement 
of  ZnSe(  20A ) -7.nTe (  20A  )  SI.S  grown  on  InP  substrate  by  ALE.  A  period 
of  the  SLS  determined  by  the  Bragg  peak  was  38A,  which  is  good 
agreement  with  results  of  counting  number  of  atomic  layers. 


Optical  and  suectroscoi 


Refractive  index  of  SLSs 


pert  i  es _ of  SI._i>s 


The  refiactive  indices  of  ZnSe-ZnS  and  ZnTe-ZnSc  SLSs  were 
determined,  for  the  first  time.  by  double-beam  reflectance 
measurements  at  room  temperature’*'.  Fig. 6  shows  the  refractive 
indices  of  ZnSe-ZnS  and  ZnTe-ZnSe  SLSs  vs  wavelengths.  You  can  see 
that  a  Jump  occurs  at  about  the  photon  energy  equal  to  Ei(e-h). 
This  discontinuity  cannot  be  found  in  the  index  curves  of  bulk  ZnSe 
and  ZnS  materials.  Our  results  show  that  the  difference  between  the 
indices  of  the  SLSs  and  those  of  their  compositional  materials  are 
even  much  large  than  20%.  This  may  result  from  the  elastic  strain 
caused  by  the  large  lattice  mismatch,  which  shifts  the  quantised 
levels  for  a  few  hundred  meV. 
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Plg«5.  Low  angle  x-ray  diffraction  pattern 
ZnSe-ZnTe  SLS  eample* 


V/AVEIENGTH  <nm) 


Fig«6«  Ihc  refractive  index  dispersion  curves  for  Z.nSc-ZnTc 
and  ZnSc-ZnS  SLSs:  (1)  ZnSe-ZnTe  (62  A.  46  A);  (2)  ZiiSc- 
ZnTc  (59  A.  39  A);  (3)  ZnSc-ZnS  (29  A.  26  A).  The  dashed 
lines  show  the  indices  of  bulk  ZnSc  and  ZnS. 

Time  resolved  photoluminescence  spectra  of  Zii5e-ZnS  SLS 

The  transient  pliotoluminescence  spectra  of  ZnSe-ZnS  SLS  was 
measured  at  77K,  for  the  first  time..  The  typical  values  of  the 

exciton  formation  time  and  decay  time  of  the  luminescence  due  to 
exciton  recombination  are  40  ps  and  100  ps,  respectively.  The 
relationship  between  the  exciton  lifetime  and  well  width  of  the 
superlattice  are  shown  also. 

Fig. 7  is  an  example  of  transient  luminescence  due  to  ground 
state  exciton  recombination  at  77K  in  zero  external  field  for  the 
ZnSe-ZnS  sample  with  13A  ZnSe  quantum  well  width  and  12A  ZnS 
barrier  thickness.  We  also  measured  the  exciton  life  time  for 
different  well  wiHtfi.  As  fig. 6  shows,  the  luminescence  decay  time 


Phonon  aperivn  oC  ZtiSo'^'AnS  ant/  ZuTc-ZnSo  SLSs 

In  this  paper,  we  present  our  measurement  of  fold  LA ^phonons 
in  7nSe-ZnS  SfiS  and  rnn  fined  t.O  phonon  modes  in  ZnTe*-ZnSe. 
Theoretical  analyses  include  confinement  and  strain  effects  are 
carried  out. 

Fold  LA  phonons  in  ZnSe-ZnS  SLSs 

The  samples  used  is  ZnSe-ZnS  SLS  with  29A  ZnSe  layer  and  26A 
ZnS  layer  grown  on  (100)  GaAs  substrate  at  320**C  by  MBE. 

The  Raman  spectra  were  excited  im  back-scattering  geometry  at 
room  temperature  with  the  tSSnm  line  of  an  Ar*  ion  laser.  Fig. 9 
shows  the  low-frequency  region  of  the  Raman  spectrum  for  SS-l(ZnSe 
29A,  ZnS  26A).  In  the  region  of  10-90  cm’*  three  doublet  lines  were 
clearly  observed  near  22,  44  and  67cm*|,  the  separation  between  the 
component  of  doublet  is  about  5  cm’^  .  We  attribute  these  newly 
apparel  lines  to  the  scattering  from  the  longitudinal  acoustic  (LA) 
phonons  folded  into  the  new  Brillouin  zone,  which  arises  from  the 
additional  periodicity  of  superlattices. 


LO  phonon  modes  in  ZnTe-ZnSe  SLS 

The  ZnTe-ZriSe  SLS  samples  were  grown  at  320®C  by  MBE  on  (100) 
InP  substrates.  The  Raman  spectra  were  recorded  with  Jobin-Yvon 
laser  spectrometer  model  JV-T800  in  back  scattering  geometry'**.  The 
measurements  were  performed  at  room  temperature. 

Fig. 10  shows  the  Raman  spectrum  from  the  ZnTe-ZnSe  sample  ZST- 
3.  the  thicknesses  of  ZnTe  and  ZnSe  layer  are  29A  and  27A, 
respectively.  The  period  was  repeated  100  times.  Six  confined  LO^ 
phonon  modes  in  the  ZnSe  layer  and  one  confined  phonon  mode  in  the 
ZnTe  layer  have  been  observed***.  We  have  calculated  the  confined 
phonon  frequencies  by  considering  the  red  shifts  due  to  confinement 
and  the  shift  induced  by  elastic  strain.  Table  1  lies  the 
calculated  and  measured  frequencies  of  the  confined  LO^  modes  in 
the  ZnSe  layer. 


RAMAN  SHIP Tl cm-') 

Fig.s.Low-lrcqiienqr  rtpoa  R&man .Speetrnm  for  & 
ZnS«(29A)-ZaS(26A)  SLS. 
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Fig. 10.  Confined  LO  phonon  ©odes  in  ZnSe  layer  of 
the  ZnSei  27A ) -ZnTe (  29A  )  SLS  sample.  LT|  is  the 
confined  LO  mode  in  ZnTe  layer*  the  F  peak  is 
attributed  to  folded  LO  mode  and  the  question  ©ark 
to  interface  vibration  or  ZnSe-like  TO  node. 
X=(n0),  Y=(U0),  and  Z=(001). 

Table  1 

Measured  and  calculated  frequencies  of  confined  LO^  modes 
in  ZnSc  layer 


m 

(cm"') 

H.i 

(cm  ') 

1 

246 

246 

2 

244 

244.5 

3 

242.5 

242.5 

4 

239 

239.2 

5 

233.5 

234.3 

6 

228.5 

229 

7 

222 

Far-infrared  reflective  spectra  of  ZnTe-ZnSe  SLS. 

Far-infrared  reflectivity  measurement  is  the  simple  way  to 
characterize  the  quality  of  the  microstructures.  We  have  reported* 
for  the  first  time,  the  far-infrared  reflectivity  spectra  of  II-VI 
wide-gap  compound  ZnTe-ZnSe  SLSs  and  determined  the  phonon 
parameters  by  fitting  the  expcrimentol  data  with  the  computer 
calculated  curves. 
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Fig. 11  shows  the  fai — infrared  reflectivity  spectrum  for  the 
sample  ZST-22.  In  the  region  150-250  cm'  ,  there  are  two  peaks  near 
180  cm’  and  210  cm"  correspond  to  the  ZnTe-like  TO  and  ZnSe-like 
TO  modes,  respectively. 

Fig. 12  shows  the  fit  curve,  (♦)  are  the  measured  data,  { — )  is 
the  curve  calculated.  The  phonon  parameters  determined  list  in 
Table  2. 


100  200  300  400  $00 


WAVENUMUEUS  (era-') 

Fig. 11. 

Tbe  iiKUurcd  (ar-m(rar«l  relleclivily  Bpcctrum  of 
ZjSe-ZuTc  Blriincd-liycr  Buperlillice 


Fig. 12. 

Me.iaiired  (*)  .md  (illtd  (— )  (.w-infrared  rcllccliyily 
Bpcctrum  of  tbe  ZuSe-ZuTe  SLS  Bumple  ZST-22  at 
3UUK. 
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Table  2 

PboDOD  paraructcrs  giving  best  £i  to  the  meuured  re- 
fleclivily  curve  for  the  ZuSe-ZaTe  SLS  eaniple  (ZST- 
22). 


layer 

foo 

WTo(cm"‘) 

5 

1 

<1{AX 

Znl'c 

8.3 

178.2 

4.63 

24.7 

86 

ZiiSc 

5.8 

20G.0 

1.01 

27.4 

86 

ZnSe  lulfcr 

6.0 

210.5 

1.8 

27.0 

0.12/1 

CaAs  sub. 

11.5 

268.2 

5.0 

0.46 

ZnSe-ZnS  multiple  quantum  hfell  optical  nonlinearity 

The  multiple  quantum  well  (MQW)  wafer  was  cleaved  to  a 
certain  size  and  stuck  on  polished  thin  sapphire  slice  by  epoxy 
resin.  A  window  on  a  GaAs  substrate  was  opened  by  using  selective 
etching  in  order  to  transparent  visible  light.  A  MQW  film  with  flat 
surface  and  thicknesses  of  ]*-2pm  was  obtained  on  sapphire  support. 
Third  harmonic  beam  of  a  YAG  laser  was  used  as  a  exciting  light 
source  for  uonl  i»»e/iri  ty  moasuremcnt .  Fig. 13  shows  measured 
hysteresis  loop  i  ti  I  2?i.Se-7.iiS  MQW  film.  It  is  shown  that  the 
ZnSe-ZnS  MQW  materials  are  of  apparent  optical  nonlinearity 
effects'*®*. 


Input  Tower  U.u.) 

Fig .  1 3  .  Hysteresis  loop  of  the  ZnSc-ZnS  MQW  Pinion. 


CONCLUSION 

ZnSe-ZnS  and  ZnTe-ZnSe  wide-gap  II-VI  compound  superlattices 
were  grown  by  MDC  and  ALE  techniques.  We  have,  for  the  first  time, 
determined  refraction  indices  of  the  SLSs,  exciton  lifetime,  phonon 
parameters.  Wo  observed  the  confined  LO^  (m-l,2,...6)  in  the  ZnTe- 
ZnSe  SLS,  the  folded  LA  phonon  modes  in  ZnSe-ZnS  SLS  and  optical 
nonlinearity  effect  in  ZnSe-ZnS  MQW  films. 


s  ■ 
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ABSTRACT 

Spectroscopic  elUpsometry  is  a  well  developed  technique  for  studying  the  semi¬ 
conductor  materials  and  heterostructures.  Here,  we  have  applied  this  technique  to  in- 
situ  studies  of  ZnSe  and  ZnCdSe  growth  in  a  low  pressure  organometallic  vapor  phase 
epitaxy  system.  The  growth  of  ZnSe  on  GaAs  wcis  studied  using  a  light  source  in  the 
range  2  to  4  eV,  and  film  thickness  of  a  few  tens  of  angstroms  could  be  monitored  by 
this  technique.  The  band  gap  and  the  composition  of  Zni^jCdxSe  could  also  be  mea¬ 
sured  as  a  function  of  real  time.  It  was  found  that,  for  a  gas  phase  DMCd  composition 
of  60%,  the  amount  of  Cd  incorporated  in  the  layers  is  less  than  25%.  Spectroscopic 
ellipsometry  is  demonstrated  to  be  a  valuable  technique  for  in-situ  monitoring  of  semi¬ 
conductor  growth  in  organometallic  vapor  phase  epittixy  systems. 


1.  INTRODUCTION 

During  epitaxy,  real  time  monitoring  of  the  growth  process  is  important  in  under¬ 
standing  the  growth  mechanism  as  well  as  in  controlling  the  layer  thickness,  interface 
smoothness,  doping  incorporation  and  layer  quality.  Reflection  high  energy  electron 
diffraction  (RHEED)  is  the  primary  tool  used  in  molecular  beam  epitaxial  (MBE)  sys¬ 
tem  for  this  purpose,  but  electron  beam  probes  of  this  type  cannot  be  used  in  atmo¬ 
spheric  or  low  pressure  organometallic  vapor  phase  epitaxial  (MOVPE)  systems.  Re¬ 
cently,  many  optical  monitoring  techniques  such  as  reflectance  difference  spectroscopy 
|1,  2],  spectroscopic  reflectometry  |3,  4]  and  spectroscopic  ellipsometry  [5,  6]  have  been 
used  to  study  the  growth  process  in  MOMBE  and  MOVPE  systems.  Of  these,  spectro¬ 
scopic  ellipsometry  (SE)  is  the  most  powerful  tool,  in  the  sense  that  both  the  surface 
and  bulk  processes  can  be  monitored  in  real  time.  In-situ  analysis  by  spectroscopic  el¬ 
lipsometry  has  not  been  used  until  recently,  because  the  analysis  is  computer  intensive. 
Due  to  the  advancement  in  computer  technology  and  software,  data  can  now  be  taken 
in  a  fraction  of  a  second,  so  that  it  can  be  meaningful  in  a  growth  environment. 

lor  ellipsometric  studies,  a  linearly  polarized  light  beam  having  p-  and  s- 
polarization  components  is  incident  on  a  surface.  The  reflected  wave  is,  in  general,  cl- 
liptically  polarized,  and  its  state  of  polarization  is  determined  using  a  second  polar¬ 
izer  (called  an  analyzer).  The  analyzer  is  rotated  mechanically,  and  the  relative  inten¬ 
sity  of  light  as  a  function  of  analyzer  azimuth  is  measured.  We  have  used  an  arc  lamp 
as  a  light  source  with  the  output  connected  by  fiber  optics  to  a  computer  controlled 
monochromator.  The  light  from  the  monochromator  is  directed  through  a  fiber  optic 
cable  to  a  polarizer  and  then  to  the  sample  surface  at  an  angle  of  approximately  70  de¬ 
grees  to  the  normal.  The  signal  detected  after  the  analyzer  is  digitized  and  a  Fourier 
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analysis  is  performed.  The  result  is  a  measurement  of  the  polarization  state  of  the  sys- 
tern  represented  by  the  complex  number  (7,  8j 

fi  —  tan  fl>  exp(t  A) 

The  data  is  frequently  expressed  in  terms  of  0  and  A.  The  value  of  p  is  related  to 
the  value  of  complex  reflection  coeflUcients, 

p  =  Rp/R. 

where  Rp  and  R,  contain  information  on  the  properties  of  the  material  and  the  surface. 
By  fitting  the  experimental  reflection  results  with  the  theoretical  modelling,  we  can  ob¬ 
tain  information  about  the  nature  of  the  surface  as  well  as  the  material  composition. 

The  penetration  depth  is  varied  by  varying  the  wavelength  of  the  light  incident  on  the 
sample  from  3000.A  to  dOOoA.  This  feature  is  the  most  important  because  a  suitable 
wavelength  can  be  used  depending  on  the  material  under  study.  At  Rensselaer,  we  have 
used  this  technique  to  study  the  growth  of  ZnSe  and  Zni.^Cd^Se  on  GaAs  for  the  first 
time  in  a  low  pressure  MOVPE  system. 

2.  EXPERIMENTAL  SETUP 

Figure  I  shows  the  experimental  setup  for  the  SE  studies.  Our  experiments  were 
performed  in  an  r.f.  heated,  horizontal  MOVPE  reactor,  equipped  with  a  pressure- 
balanced,  vent-run  gas  system,  operating  at  low  pressure.  Dimethylcadmium  (DMCd), 
dimethylzinc  (DMZn)  and  dimethylselenium  (DMSe)  were  used  as  the  sources  for  ZnSe 
and  Zni-xCdiSe  growth.  Substrates  used  were  (100)  GaAs  wafers  misoriented  2®  to¬ 
wards  (110).  The  reactor  pressure  was  maintained  at  300  Torr  for  all  the  growth  exper¬ 
iments.  The  reaction  chamber  was  a  2"  i.d.  quartz  tube,  with  3/4"  diameter  optical 
access  tubes  at  two  sides  so  that  the  incident  and  the  reflected  light  beams  were  at  ap¬ 
proximately  70°C  to  the  sample  surface.  The  windows  were  1/4"  thick  quartz  optical 
flats,  mounted  so  that  the  incident  light  passed  normal  through  them.  The  windows 
were  located  away  from  the  growth  environment  and  no  visible  deposition  was  observed 
on  them  after  many  runs. 

3.  RESULTS  AND  DISCUSSION 

We  studied  ZnSe  film  growth  at  400°C  and  500°C  with  this  system.  During 
growth,  the  ellipsometer  continuously  acquired  data  at  three  different  energies,  namely 
2.07  eV,  2.58  eV  and  4.13  eV.  Light  at  the  lower  energies  penetrated  the  entire  ZnSe 
film  and  was  reflected  back  from  the  ZnSe/GaAs  interface.  This  resulted  in  interference 
oscillations  as  the  film  growth  proceeded,  which  are  readily  observed  in  Figs.  2  and  3. 
From  the  number  of  oscillations  in  the  interference  pattern,  we  can  estimate  the  thick¬ 
ness  to  be  0.75  pm;  this  has  been  verified  using  post  growth  measurement,  by  Fourier 
transform  infrared  spectroscopy.  The  use  of  shorter  wavelength  light  gives  higher  reso¬ 
lution,  which  is  required  to  monitor  the  deposition  of  thin  films.  Light  at  the  higher  en¬ 
ergy  could  not  penetrate  the  depth  of  the  ZnSe  film.  The  interference  oscillations  there¬ 
fore  died  out,  converging  to  a  steady  state  vr.lue  after  the  film  became  optically  thick,  as 
seen  in  Fig.  4.  Figure  5  shows  the  experimental  and  the  modeled  ellipsometric  data  for 
a  20  minute  growth  run  of  ZnSe  on  GaAs  at  400°C,  using  this  high  energy  probe.  From 
the  ellipsometric  data  at  the  growth  temperature,  the  layer  parameters  were  obtained  as 
follows:  film  thickness  =  215  A,  growth  rate  =  10.9  A/minute. 
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Another  application  of  spectroscopic  ellipsometry  is  in  in-situ  monitoring  of  the 
composition  of  ternary  compounds.  We  deposited  Zni-^CdiSe  on  GaAs  with  varying  x 
values.  These  growth  runs  were  carried  out  at  SOO°C.  Figure  6  shows  the  spectroscopic 
ellipsometric  data  after  the  growth  of  ZnSe  and  Zni-iCd^Se,  taken  at  the  growth  tem¬ 
perature.  For  Zni-xCd,Se  growth,  the  DMCd/DMZn  ratio  in  the  gas  phase  was  3  to 

2.  For  clarity,  data  for  only  one  Zm-xCd^Se  layer  are  shown.  For  energy  below  the 
band  gap,  the  interference  fringe  pattern  is  observed,  which  gives  the  layer  thickness. 

For  light  energy  above  the  band  gap,  A  and  ^  values  give  information  on  the  composi¬ 
tion.  As  seen  in  the  figure,  the  band  gap  of  the  layer  can  be  estimated  during  growth. 
Even  though  the  gas  composition  was  60%  cadmium,  the  layer  composition  was  less 
than  25%.  The  SE  method  can  thus  be  used  to  find  the  layer  composition  for  a  ternary 
compound  during  growth.  Closed  loop  control  of  the  composition  should  be  possible 
after  characterization  of  standard  layers. 

4.  CONCLUSIONS 

In  conclusion,  we  have  shown  that  SE  method  can  be  used  for  in-situ  monitoring  of 
ZnSe  tmd  ZnCdSe  growth  rate.  Layer  thickness  to  tens  of  angstroms  can  be  controlled 
for  heteroepitaxial  layers.  The  composition  of  ZnCdSe  was  also  measured  during  growth 
and  correlated  to  the  gas  phase  composition.  The  SE  technique  can  thus  be  used  for  the 
monitoring  and  control  of  various  epitaxial  layers  grown  in  an  organometallic  epitaxial 
system. 
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ABSTRACT 

Puked  KtF  (248nm)  laser  ablation  of  a  polycrystalline  ZnS  target  has  been  used  to  grow 
high  quality,  carbm-free,  epitaxial  ZnS  thin  films  on  Ga/^001).  GaAsflll),  and  GaP(001). 
TIm  films  were  grown  at  temperatures  of  1S0-4S0°C,  using  a  rotating  substrate  heater  and 
deposition  geometry  that  produces  films  with  highly  uniform  thickness.  X-ray  rocking  curves 
are  consistent  with  (111) stacking  faults  being  the  dominant  defects  in  the  ZnS  films  grown  on 
GaAs.  The  estimaied  stacking  fault  density  is  -6  x  10'9  cm'7,  comparable  to  the  best  MCXTVD 
ZnS  films.  RBS  analysis  shows  that  these  defects  are  located  predominantly  near  the  GaAs-ZnS 
interface.  The  anisotropy  of  the  ZnS  growth  rate,  between  the  GaAs<()01)  and  GaAs(l  1 1) 
surfaces,  was  found  to  be  temperatute-d^endent. 


INTRODUCTION 

Zinc  sulfide  (ZnS)  is  an  attractive  optoelectronic  material  because  of  its  wide  direct  bandgap 
(Eg  =  3.7  eV,  Xg  =  335  nm).  Thin,  epitaxial  ZnS  films  are  especially  interesting  because  of  their 
potential  applications  for  active  devices  such  as  blue  LEDs  or  laser  diodes  [1],  and  for  passive 
structures  such  as  optical  waveguides  (2|  or  index-matching  windows  in  solar  cells  13).  The 
techniques  used  to  grow  thin,  crystalline  ZnS  films  include  physical  transpon  methods  (e.g., 
elemental  vapor  transport)  and  metalorganic  chemical  vapor  deposition  (M(X)VD)  [4,5].  The 
physical  transport  methods  requir'  high  growth  temperatures  of  500-9(K)°C;  defect  complexes, 
which  may  act  as  carrier  tnqrping  centers,  are  formed  at  these  temperatures  16).  Experience  to 
date  with  pyrolytic  MOCVD  shows  that  the  principal  problems  with  this  approach  are  either 
premature  reactions  in  systems  using  H2S  and  zinc  alkyls  (e.g.,  dimethyl-  or  diethylzinc),  or  the 
high  temperatures  needed  to  promote  many  alkyl-alkyl  reactions  (e.g.,  dimethylzinc  and 
dimethylsulfur)  (6).  In  either  case,  the  presence  of  an  alkyl  in  the  reaction  poses  an  inherent 
problem  of  carbon  incorporation  in  the  film,  which  may  result  in  film  polycrystallinity  and 
formation  of  carbon  defea  complexes  (7). 

Pulsed-laser  ablation  (PLA)  is  an  attractive  alternative  deposition  method  that  uses  solid, 
carbon-ftee  sources.  While  PLA  has  become  widely  known  recently  for  growth  of  epitaxial 
high-temperature  superconductor  films,  it  also  can  be  used  to  grow  epitaxial  films  of  other 
ceramics  (8)  as  well  as  both  elemental  (group  IV)  |9)  and  compound  (e.g.,  II-VI)  |I0] 
semiconductors.  PLA  has  several  principal  advantages,  including  the  ability  to  grade 
compositionally  an  epitaxial  layer  ( 1 1 1;  gro«^  of  smooth  films  when  the  laser  energy  density. 
E(,  and  the  target  surface  morphology  are  controlled  properly  112);  and,  stoichiometric 
(congruent)  transport  of  material  from  tire  ablation  target  to  the  substrate  surface,  when  laser 
beam  conditions  are  correctly  adjusted  [I3|.  Several  ablation  regimes  exist,  including  one  in 
which  the  constituents  are  transponed  as  energetic  (-several  ev)  neutrals  and  ions  [14).  In 
principle,  this  incident  kinetic  and/or  interna)  energy  can  be  used  to  reduce  the  growth 
temperature,  T||.  However,  a  well-known  disadvantage  of  PLA  film  deposition  is  that  the 
angular  distribution  of  ablated  material  usually  is  strongly  peaked  in  the  forward  direction  so  that 
the  film  thickness  varies  rapidly  with  position  (-[cos  fij”,  with  n -1.5-10)  [15,16].  As  shown 
here,  this  problem  can  be  overcome  by  altering  the  ablation  “plume”-substiaie  geometry, 
resulting  in  films  with  highly  uniform  thickness. 

In  this  paper  we  d^ribe  the  preparation  and  structural  properties  of  epitaxial  ZnS  films 
grown  by  PLA  on  GaAs(OOl)  and  GaAs(lll)  substrates,  using  only  moderate  substrate 
temperatures,  Tg  -  300°C,  and  moderate  laser  energy  densities,  Et  =  0.2-1 .5  J/cm^.  preliminary 
results  for  growth  on  GaP(001 )  substrates  also  are  reponed.  ZnS  films  with  excellent  thickness 
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unifoimity  were  grown  by  using  an  offset  laser  beam  geometry  together  with  a  rotating  substrate 
heater.  The  film  growth  rate  was  monitored  in  sitti  using  an  optical  reflectivity  method.  An  ex 
situ  reflectivity  measurement  by  scanned  laser  spot  was  used  to  accurately  determine  film 
thickness  uniformity.  The  Aim-substrate  epitaxial  relationship  was  determined  by  x-ray 
difbaction  (XRD),  using  a  4-circle  goniometer;  the  Alms’  crystalline  quality  (defect  density)  also 
was  studied  by  XRD,  using  a  2-circte  goniometer,  and  by  Rutherford  backscanering 
spectrometry  (IWS). 


FILM  DEPOSITION  CONDITIONS  AND  GEOMETRY 

Substrates  of  Cr-doped  semi-insulating  (SI)  GaAs(OOI)  and  GaAs(l  11)  were  used,  with 
areas  of  25-50  mm^.  The  substrates  were  ^greased  in  organic  solvents,  then  etched  (15s)  in 
concentrated  H2SO4.  The  S-doped  (n-type)  GaP(001)  samples  were  degreased,  then  etched 
(15s)  in  a  Bt2(l‘)!>);MeOH  solution,  followed  by  an  etch  (5s)  in  a  HCLHNOy  solution. 
Following  this,  the  substrates  were  passivated  in  an  (NH4)2Sx  solution,  mounted  on  the 
substrate  heater,  and  introduced  into  the  growth  chamber  (2  x  10'^  Torr  base  pressure). 
Immediately  prior  to  Aim  growth,  they  were  heated  to  420“C  for  3  minutes,  then  cooled  to  the 
growth  temperature.  It  has  been  reported  in  MOMBE  growth  experiments  that  this 
passivation^reheat  treatment  results  in  a  2  x  I  reconstruction  of  the  GaAs  surface,  a  reduction  of 
the  surface-state  density,  and  allows  two-dimensional  (2D)  nucleation  to  occur  from  the 
beginning  of  growth  (17). 

The  substrate  heater  was  designed  with  a  pumped  Wilson  seal  to  allow  the  substrate-target 
separation  to  be  varied  while  still  permitting  substrate  rotation  during  growth.  The  target  and 
substrate  faces  were  vertical  and  parallel,  with  coincident  rotational  centerlines.  Substrate-target 
separations,  Dg,  were  maintained  at  either  5.7  cm  or  10.8  cm.  At  Dg  =  5.7  cm.  Aim  growth 
was  carried  out  for  Tg  =  20CM00°C,  while  for  Dg  =  10.8  cm,  the  temperature  tange  used  was 
Tg  =  150-450‘’C.  Growth  was  carried  out  in  vacuum  or  in  an  inert,  low-pressure  atmosphere 
of  ultra-high  purity  (99.9999+  %)  helium.  Growth  in  helium  had  Uttle  or  no  effea  on  Aim 
quality,  for  (tressures  in  the  0-10  mT  tange.  Unless  otherwise  noted,  the  Alms  discussed  below 
were  grown  in  an  atmosphere  of  2  mT  He,  with  Dg  =  10.8  cm,  to  a  Aim  thickness  -225  nm. 

A  pulsed  KrF  (248nm)  excimer  laser  beam  (-35  ns  FWHM  pulse  duration)  was  passed 
through  an  ^nure  and  brought  to  a  venical  focus  (Ef  =  0.2  -  1.5  I/cm^)  on  a  2.54  cm-diam 
polycrystalline  ZnS  target  (Angstrom  Sciences;  99.999+  %  purity)  using  a  single  +500  mm 
cylindrical  lens.  The  laser  beam  was  incident  on  the  target  face  at  an  angle  of  -25°  from  the 
surface  normal,  with  a  horizontal  offset  L  =  0.5-0.7  cm  from  the  rotational  centerline.  Substrate 
rotation  was  maintained  such  that  there  were  12.5  laser  pulses  per  revolution. 


-10  -5  0  5  10 

DISTANCE  FROM  SUBSTRATE  CENTER  (mm) 


Figure  I.  Offset  geometry  and  resulting  differences  in  Aim  thickness  uniformity  for 
D51  =  5.7  cm,  and  Ep  =  0.35  J/cm^,  with  no  substrate  rotation  or  oAki  (1200  shots),  and  with 
12.5  laser  shotsAev,  and  5  mm  laser  beam  offset  (2000  shots). 
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Figure  1  shows  that  for  0,1  =  S.7  cm,  this  offset  geomeuy  and  pulse  rate  resulted  in  films 
that  were  completely  uniform  (±1%)  in  thickness  over  areas  of  ~7S  mm^,  and  moderately 
uniform  (±3%)  over  areas  of  -300  mm^.  By  modeling  the  film  thickness  uniformity  as  a 
function  of  Dn  and  L,  we  found  that  uniform  film  thickn^  can  be  achieved  over  much  larger 
areas  simply  by  scaling,  i.e.,  using  larger  separations  and  offsets  f  1 8].  Thus,  although  the  sn^ 
size  of  the  ablation  target  and  chamber  are  constraining  factors  in  the  present  experiments,  these 
ate  not  fundamental  constraints  on  latger-scale  applications  of  the  PLA  film-growth  method. 


RESULTS  AND  DISCUSSION 

The  ZnS  films  appeared  smooth  and  mirrorlike  under  all  deposition  conditions; 
examination  by  scatming  election  microscope  (SEM)  revealed  no  surface  features  or  structure  at 
the  SO  nm  level  of  resolution. 


Epitaxial  Alignment 

The  crystallographic  structure  of  the  films  was  characterized  by  XRD  (Cu  Ka) 
measurements.  For  growth  on  GaAs(OOl),  only  substrate  peaks  and  strong  ZnS(OOff) 
diffraction  peaks  were  observed  at  all  growth  temperatures  (Tg  =  150-450°C)  and  for  Ep  = 
0.2-1  .S  J/cm7,  confirming  alignment  of  the  film  and  substrate  (001)  axes.  Analysis  of 
growth  on  GaAs(OOl)  (Ep  =  0.35  J/cm^,  Dst  =  5.7  cm,  Tg  =  300“C  )  using  a  4-circle 
goniometer  showed  that  the  ZnSIOOl  |  and  GaAs|()0ll  were  aligned  to  within  <  0.2°,  and  that  the 
in-plane  ZnS  and  GaAs  (1(K)|  and  |010|  directions  also  were  aligned,  i.e.,  the  ZnS  films  are  fully 
epitaxial  on  GaAs(00l ).  The  lattice  constant,  a,,,  of  the  ZnS  film  was  determined  to  be  5.404  ± 
0.003  A  (bulk  ao=  5.406  A.) 

On  GaAs(l  II),  similar  results  were  obtained:  Only  substrate  peaks  and  strong  ZnS(t!l» 
peaks  were  obwrved  for  all  growth  temperatures,  and  the  ZnS(f ff)  Kai,  Ka2  peaks  were 
easily  resolved  at  all  Tg.  However,  on  GaP(00l)  only  a  low  intensity  ZnS(004)  peak  was 
observed  for  T,  >  300°Cfand  Ej  >  0.35  J/cxtfi.  At  no  temperanrte  could  the  26  peak  be  resolved 
into  its  Kai,  Ka2  components.  The  in-plane  alignment  has  not  yet  been  determined  for  films 
grown  on  the  GaAs(lll)  and  GaP((X)l)  substrates. 


X-tav  Broadening  Due  to  Lattice  Defects 

The  large  lattice  mismatch  between  ZnS  and  GaAs  (4.4%),  and  between  ZnS  and  GaP  (0.8%). 
results  in  strain  and  lanice  defects  that  contribute  to  line  broadening  in  the  ZnS  XRD  peaks.  For 
epitaxial  ZnS  grown  by  MOCVD,  cross-sectional  high-resolution  TEM  (HRTEM)  studies  |  I9J 
showed  that  the  principal  defects  were  stacking  faults,  but  lattice  mismatch  did  not  correlate  with 
the  stacking  fault  density. 

Figures  2  and  3  show  typical  rocking  curve  line  profiles  for  the  ZnS(004)  Kai  and 
ZnS(l  II)  Kai  peaks,  using  a  2-circle  goniometer.  Two  superimposed  peaks,  one  narrow  and 
one  much  broader,  were  observed  for  each  orientation.  The  narrow  central  peak  has  a  FWHM  of 
-  0.09°.  which  is  the  limit  of  resolution  for  this  instrument;  the  width  of  this  peak  did  not  change 
with  growth  temperature.  However,  for  both  the  GaAs(001)  and  GaAs(IIl)  substrates  the 
width  of  the  second,  broad  peak  was  temperature  dependent.  For  the  ZnS(004)  peak,  the 
rocking  curve  FWHM  deaeased  as  Tg  increased,  reaching  a  minimum  at  Tg  -325°C,  then 
increased  at  higher  growth  temperatures  (Fig.  4.)  For  the  ZnS(l  1 1)  peak,  the  rocking  curve 
FWHM  decreased  continuously  with  increasing  growth  temperature  (Fig.  5).  At  Tg  =  30&C,  the 
integrated  area  intensity  ratios  of  the  two  peaks,  Iniirow/Ibroad>  ln/lb(001)  -0.06  and 
l„/Ib(lll)-l.08. 

The  two  peaks  seen  in  the  rocking  curve  line  profiles  are  characteristic  of  a  film  that 
contains  two  distinct  types  of  crystalline  material.  The  broad  peak  is  due  to  diffraction  by 
strained  (or  otherwise  defective)  repons,  from  which  the  diffracted  amplitude  is  summed 
incoherently;  the  narrow  peak  originates  from  regions  of  coherent  addition  of  diffracted 
amplitudes.  Consequently,  for  an  epitaxial  film,  the  relative  intensities  of  the  narrow  and  broad 
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peaks  provide  information  about  the  type  of  defects  present,  by  the  following  reasoning. 
Stacking  faults  on  the  (111)  planes  have  little  effect  on  the  lattice  coherency  in  the  (ttt) 
direction;  thus,  a  narrow  rocking  curve  is  obtained.  However,  lattice  planes  intersected  by 
stacking  faults  [e.g.,  the  (OOf  )|  will  be  ofto  across  the  fault  by  a  non-integral  multiple  of  the 
lattice  spacing;  this  decreases  coherency  and  appears  as  browlening  of  the  rocking  curve. 
Therefore,  the  different  relative  diffraction  intensities  (In/lb)  quoted  above  for  ZnSA3aAs(001) 
and  ZnSAjaAsfl  1 1)  rocking  curve  line  profiles  are  consistent  with  (111)  slacking  faults  being 
the  predominant  defects  in  ZnS  films  grown  by  PLA.  This  is  not  surprising  due  to  the  low 
(5.4  mj/m^  (221)  stacking  fault  energy  of  ZnS-  The  presence  of  a  narrow  (001)  peak  indicates 
that  a  region  of  near-perfea  (coherendy  diffracting)  crystalline  material  exists. 


Figure  2.  Rocking  curve  profile 
for  ZnS(004)  on  GaAs(00 1 ) 


GROWTH  TEMPERATURE  (X) 

Figure  4.  ZnS(004)  Kai  rocking  curve 
ZnS/GaAs(001).  E«  =  0.75  J/cm^ 
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Figures.  Rocking  curve  profile 
forZnS(lll)onGaAs(lll) 


GROWTH  TEMPERATURE  (X) 

Figure  5.  ZnS(004)  Kaj  rocking  curve  for 
for  ZnS/GaAs(  1 1 1 ),  Ej  =  0.75  J/tm^ 


Sebastian  and  Krishna  |20|  studied  the  broadening  of  the  26  XRD  peaks  due  to  a  random 
distribution  of  slacking  faults  in  close-packed  single  crystals,  with  application  specificaUy  to  ZnS 
(treated  as  two  interpenetrating  fee  lattices).  They  found  that  the  FWHM  (A2e)  of  certain  26 
peaks  (e.g.,  (001)  peaks)  is  related  to  the  stacking  fault  probabiliiy  (a)  by 


A26  =  <3/k)  cos'((4Z-Z2-1  VZZl 
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For  growth  faults  (no  deformation  twinning).  Z  =  (2a-l)'''^.  Once  a  has  been  detennined, 
the  stacking  fault  density  (p)  can  be  calculated  (21).  (Consequently,  if  the  principal  defects  in 
PLA-giown  ZnS  films  an  stacking  faults,  as  in  MOCVD  ZnS,  then  an  upper  bound  for  the 
defect  density  can  be  obtained  by  assuming  that  all  of  the  observed  26  brazening  is  due  to 
stacking  faults. 

Extensive  line  broadening  of  the  (OOt)  26  peaks  was  observed:  For  Tg  2  2S0°C,  the 
ZnS(OOP)  Kai,  Kaj  peaks  were  deconvohi^  using  a  Pearson  vn  function-fitting  routine, 
while  for  Tg  <  250°  C  the  peaks  could  not  be  deconvohited.  The  A26  of  the  ZnS(002)  Kai  peak 
leached  minimum  values  of  0.1 16°,  0.103°,  and  0.093°  (corrected  for  instrumental  brotKlening)  at 
Tg's  of  300°C,  3S0°C,  and  4(X)°C,  respectively.  For  stacking  faults  bounded  by  <1 12>/6  partial 
dislocations,  the  broadening  observed  here  corresponds  to  a  stacking  fault  density  p  ~6  x  lO'd 
cm/cm3.  This  value  is  comparable  to  the  lowest  stacking  fault  densities  found  by  HRTEM 
examination  of  high  quality  MOCVD  ZnS  films  1 19). 

In  contrast  to  the  results  obtained  for  GaAs((X)l),  no  temperature-dependent  line 
broadening  of  the  26  peaks  was  observed  for  growth  on  GaAs(lIl).  The  A26  forthe  ZnS(l  11) 
Kai  peak  was  0.035°  (corrected  for  instrumental  broadening). 

As  explained  above,  the  (001)  rocking  curve  (Fig.  2)  reveals  that  both  near-perfect 
(coherently  diffracting)  and  strained  or  defecwe  (incoherently  diffracting)  regions  are  present 
The  strained/defective  region  can  be  located  by  RBS  channeling.  The  RBS  spectrum  of  a 
ZnS/GaAs(001 )  sample  in  Fig.  6  shows  that  the  minimum  yield,  Xmin.  from  the  nirface  region 
is  much  less  than  from  material  near  the  film-substrate  interface.  (This  is  most  easily  seen  ^m 
the  difference  in  slope  of  the  sulfur  peak  for  the  aligned  and  random  spectra.)  This  indicates  that 
most  of  the  strain  and  defects  are  located  near  the  interface,  with  the  uppermost  region  of  the  film 
being  near-perfect.  This  has  been  confirmed  by  initial  cross-section  TEM  images. 


CHANNEL  NUMBER 


GROWTH  TEMPERATURE  (°C) 


Figure  6.  Rutherford  backscattering  spectra, 
random  and  channeling  directions,  for 
ZnS/GaAs(00l )  with  Tg  =  400°C. 


Figure  7.  Relative  growth  rale  in 
comparison  for  ZnS/GaAs(l  1 1) 
and  ZjiVGaAsfOOl)  at  various 
growth  temperatures. 


Growth  Rate:  Tempeiaiure-Dependent  Anisotropy 

The  ZnS  film-growth  rate  was  measured  in  situ  via  the  interference  oscillations  in  the 
intensity  of  a  HeNe  (633  nm)  laser  beam  reflected  from  the  upper  and  lower  surfaces  of  the 
growing  film.  Fm  Ef  =  0.75  l/ctifl,  the  growth  rates  for  the  Zn^aAs(001)  films  were  in  the 
range  1.25-1.82  A  per  laser  shot,  while  for  ZnS^GaAs(l  11)  the  rates  were  similar,  1.06-1.79  A 
per  laser  shot  The  variation  in  growth  rate  was  found  to  be  small  in  any  paiticulv  growth  run 
(<±7%).  Since  the  radial  distance  of  the  HeNe  probe  laser  beam  from  the  rotational  cemerUne 
varied  from  run  to  run.  absolute  growth  rates  m  different  runs  are  not  directly  comparable. 
However,  because  of  the  relatively  large  area  of  uniform  deposition,  as  many  as  four  36  mm^ 
substrates  could  be  mounted  in  each  run,  making  possible  the  direct  determination  of  relative 
growth  rates  for  different  pairs  of  subarae  materials,  or  for  substrate  surfaces  of  different 
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crystallographic  orieniation,  during  a  single  growth  run.  In  this  way,  it  was  found  that  the  ZnS 
growth  rate  was  the  same  on  GaAsfOOl)  and  GaPfOOl)  for  all  Tg,  but  the  growth-rate  ratio 
GR(111VGR(001)  decreased  with  increasing  temperature,  as  shown  in  Fig.  7.  The  different 
temperature  dependences  of  the  (001)  and  (111)  rodcing  curve  widths  (Figs.  4  and  5)  and  of  the 
(001)  and  (111)  growth  rates  (Fig.  7)  probably  are  related.  Adsor^ion  and  desorption  are 
competing  processes  in  film  growth.  Since  bond  strength  is  crystal  orientation-dependent,  the 
different  temperature  dependences  may  aiise  from  different  adsorption  and/or  desoiption  rates  on 
the  (1 1 1 )  and  (Wl )  faces.  However,  these  data  are  insufficient  to  suggest  a  detailed  mechanism. 


CONCLUSION 

We  have  demonstrated  that  FLA  is  an  attractive  method  for  growth  of  fully  epitaxial  ZnS 
thin  films  with  excellent  thickness  uniformity.  Rocking  curve  profile  data  indicates  that  stacking 
faults  are  the  predominant  defects  present  in  these  films;  the  stacking  fault  densities  are 
comparable  to  ^ose  found  in  the  best  hints  grown  by  MOCVD.  However,  the  PLA-grown  films 
have  the  advantt^e  that  they  are  inherently  carbon-free.  RBS  and  TEM  analyses  ^ow  that  in 
films  -220  nm  thick,  the  -120  nm  neatest  the  GaAs-ZnS  interface  is  highly  faulted,  but  the  upper 
~1(X)  nm  is  much  less  defective.  Finally,  we  find  that  on  GaAs  the  anisotropy  of  the 
epitaxial  growdi  rate  is  temperature-depend^ 

This  research  was  sponsored  by  the  Division  of  Materials  Sciences,  U.S.  Depaitment  of 
Energy  under  contract  DE-AC(K-840R2I400  with  Martin  Marietta  Energy  Systems,  Inc. 
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SYNTHESIS,  STRUCTURAL  AND  OPTICAL  CHARACTERIZATION  OF  ZINC 
CHALCOGENIDES  IN  NOVEL  SOLID  STATE  HOSTS 


Kelly  L.  Moran,  Andrew  W.  On,  Thurman  E.  Gier,  William  T.  A.  Harrison,  Hellmut  Eckert 
and  Galen  D.  Stucky 

Department  of  Chemistry,  University  of  California,  Santa  Barbara,  CA  93106 
ABSTRACT 

Several  series  of  sodalite  analogues  of  unit  cell  composition  MaX}(T02)i2.  where  M  is  Zn  or 
Cd,  X  is  a  chalcogen,  and  T  is  a  tetrahedral  cation  B,  or  Be  in  combination  with  Si  or  Ge,  have 
been  prepared.  An  M4X  tetrahedron,  which  is  Ae  first  coordination  sphere  of  the  bulk 
semiconductor  MX,  sits  at  the  center  of  each  sodalite  cage.  These  materials  have  been 
structurally  characterized  by  solid  state  ^Se  and  t^^Te  MAS  NMR  and  by  powder  X-ray 
diffraction.  Diffuse  reflectance  optical  absorption  spectra  are  reported  for  each  series.  The 
borates  have  optical  properties  similar  to  the  bulk  MX  whereas  the  beryllosilicates  and 
geimanates  exhibit  large  blue  shifts  in  the  absorption  spectra. 

INTRODUCTION 

Zinc  and  cadmium  chalcogenides  ate  used  for  various  electrooptic  applications  including 
photoconductots,  phosphors,  optical  waveguides  and  semiconductor  devices.  Epitaxial  growth 
of  heterostructures  has  resulted  in  the  fine  tuning  of  electronic  properties  for  specific 
applications  (IJ  and  this  is  one  reason  why  these  materials  are  exciting  candidates  for  closer 
examination.  Another  method  for  fine  tuning  semiconducting  materials  is  by  cluster  size 
quantization;  physically  limiting  the  size  of  the  particles  to  dimensions  below  the  exciton  radius 
by  formation  of  colloidal  suspensions  [2]  or  by  inclusion  in  porous  hosts  [3].  Size 
quantization  of  cadmium  chalcogenides  has  been  widely  demonstrated  in  the  literature;  the 
products  exhibit  optical  speora  which  are  blue-shifted  from  that  of  bulk  CdS  [4], 

Our  approach  in  this  study  is  to  begin  with  the  first  coordination  sphere  of  the 
semiconductor  MX  and  build  up  an  expan^d  structure  of  these  tetrahedra  within  a  rigid 
framework.  The  unit  cell  structure  of  a  sodalite  analogue  with  composition  MsXjCTOjliz  is 
shown  in  Figure  1,  where  M  is  Zn  or  Cd,  X  is  a  chalcogen  and  T  is  a  tetrahedral  atom  bonded 
to  bridging  oxygens  to  form  the  sodalite  cage.  The  M4X  tetrahedron  occupies  the  center  of  this 
cage.  By  varying  the  cage  composition,  and  hence  the  cage  size,  the  distance  between  M4X 
clusters  and  the  cage  electric  field  can  be  varied. 

In  the  borate  analogues,  in  which  all  of  the  T  atoms  are  boron,  the  cages  are  small  enough 
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Figure  1 .  Sodalite  unit  cell.  The  central  M4X  tetrahedron  is  represented  by  the  circles  and  the 
tetrahedral  cage  atoms  are  located  at  the  vmces. 
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so  that  the  MX  bond  distance  is  shorter  in  the  sodalite  than  in  the  comesixrnding  bulk  nuterial. 
As  reported  previously  for  Zn4S  borate  the  Zn-S  bond  leng^  is  2.260(3)  A  compared  with  2.34 
A  in  the  bulk  sphalerite-type  ZnS  [5).  In  the  Zn4S  betyUosilicaie  and  betyUogermanate,  the  Zn- 
S  distances  are  2.346(2)  and  2.345(3)  A,  respectively.  Due  to  the  larger  cation  size  in  the 
beryllogermanates,  the  cage  volume  is  slightly  smaller  than  in  the  corresponding 
beryllosilicates.  Similar  trends  are  observed  with  the  selenides.  The  borate  cage  is  too  small  to 
accommodate  the  tellurium  anion,  however;  the  zinc  and  cadmium  telluride  beryllosilicates  and 
germanates  have  been  prepared. 

Here  we  report  the  effect  on  the  optical  absorption  when  the  central  anion  is  varied  in  the 
solid  solution  series  Zn8S,Se2-x(B02)i2.  the  effects  of  doping  sulfur  into  the  oxoborate  and 
oxygen  into  the  sulfoborate,  and  also  present  the  NMR  and  optical  characterization  of  the  zinc 
selenide  and  telluride  beryllosilicates  and  germanates. 

EXPERIMENTAL 

The  sodalite  analogues  were  prepared  by  solid  state  synthesis  in  sealed  graphite-coated 
quartz  ampules.  Stoichiometric  mixtures  of  the  oxides  and  chalcogenides  were  ground  together, 
heated  under  vacuum  to  ca.  500  °C  to  remove  water,  evacuated  to  10-3  Tore  and  sealed.  Each 
ampule  was  placed  separately  inside  a  loosely  fitting  #304  stainless  steel  Wbe  as  a  secondary 
containment  device  in  the  event  of  ampule  failure.  The  samples  were  placed  in  a  muffle  furnace 
and  heated  to  850  °C  for  12  to  24  hours.  The  recovered  powders  were  suble  to  oxidation  and 
could  be  mixed  with  water  and  sonicated  to  remove  any  residual  graphite  or  broken  quartz. 
Due  to  the  toxic  nature  of  the  reactants,  especially  that  of  BeO,  all  sample  manipulations  were 
carried  out  in  a  N2  flow-through  glovebox  fitted  into  a  fume  hood. 

High  resolution  powder  diffraction  data  were  collected  with  a  Scintag  Pad  X 
diffractometer  and  Rietveld  structural  analyses  were  carried  out  as  described  previously  [6]. 
i25Te  and  ’’Se  Magic  Angle  Spinning  NMR  spectra  were  obtained  at  94.7  and  57.3  MHz. 
respectively,  on  a  General  Electric  GN-300  spectrometer  using  a  7-mm  MAS  probe  from  Doty 
Scientific.  The  spectra  were  acquired  with  90°  pulses  of  length  5  ps  for  >25Te  and  8.5  ps  for 
■’■’Se.  Recycle  delays  varied  from  several  minutes  to  two  hours.  Diffuse  reflectance  optical 
absorption  spectra  were  measured  with  a  Cary- 14  spectrometer  upgraded  by  On-Line 
Instrument  Systems. 

RESULTS 

1.  The  Solid  Solution  Series  ZnaS»Se2-,(B02)i2.  The  effect  of  varying  the  central 
anion  was  examined  in  the  solid  solution  series  containing  S  and  Sc.  Optical  absorption  data 
for  this  series  are  shown  in  Figure  2.  The  absorption  edge  shifts  to  a  higher  energy  in  a 
systematic  fashion  as  the  amount  of  S  relative  to  Se  is  increased.  At  the  end  points  (Zn8Se2 
borate  and  ZnaSz  borate)  the  absorption  edge  is  sharp,  indicating  that  the  cluster-cluster  contact 
distances  are  uniform.  In  the  solid  solutions,  which  were  shown  to  be  single  phase  materials  by 
powder  XRD,  the  M4X  tetrahedra  are  disordered,  which  is  reflected  in  the  broader  optical 
features. 

2.  Effecls  of  Doping  in  Ihe  Zn*0,S2-,(B02)i2  System.  Fine  tuning  of  the 
absorption  edge  can  be  accomplished  by  drying  small  amounts  of  sulfur  into  the  zinc  oxoborate 
and  oxygen  into  the  sulfoborate,  as  shown  in  Figures  3A  and  3B.  In  each  of  these  scries  the 
dopant  level  was  small  enough  that  the  unit  cell  size  was  unchanged. 

3.  Optical  and  NMR  Characterization  of  the  Beryllosilicates  and  Germanates. 
The  effect  of  varying  the  cage  atoms  was  measured  by  examining  solid  solution  scries  of  the 
beryllosilicates  and  germanates.  In  Figure  4A  are  shown  the  'zsje  MAS  NMR  spectra  of 
Zn4Te  in  beryllosilicate  and  beryllogermanate  hosts.  The  narrow  linewidths  and  absence  of 
spinning  sidebands  (even  at  spinning  speeds  as  slow  as  1.5  kHz)  verify  that  the  central  anion 
resides  in  a  well-defined  tetrahedral  site  with  essentially  zero  chemical  shift  anisotropy.  The 
chemical  shifts,  measured  relative  to  CdTe,  are  -466  ppm  for  the  silicate  and  -491  ppm  for  the 


Figure  2.  Optical  absorption  data  for 
the  series  ZnaSiSe2.i(B02)i2,  where 
X  =  (a)  2.0,  (b)  1.8,  (c)  1.6,  (d)  1.4, 
(e)  1.5,  (0  1.0,  and  (g)  0.2. 


Figure  3A.  Effects  of  doping  S  into  Zinc 
Oxoborate.  2ii80iS2.,(B02)i2,  where 
X  =  (a)  2.00,  (b)  1.98,  (c)  and  (d)  1.97, 
(e)  1.99.  The  unit  cell  constant  for 
these  body-centered  cubic  structures 
was  7.475(2)  A  for  each  solution. 


Figure  3B.  Effects  of  doping  O  into  Zinc 
Sulfoborate.  Zn*0xS2.x(B02)i2,  where 
X  =  (a)  0.00,  (b)  0.02,  (c)  0.06,  and 
(d)  0.10.  The  curve  at  (e)  is  the  bulk 
sphalerite  ZnS. 
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Figure  4A.  '25Te  MAS  NMR  spectra  of  (a)  bulk  ZnTe,  (b)  bulk  CdTe  (reference  compound,  5 
=  0  ppm)  (c)  ZngTe2(BeSi04)6  and  (d)  ZngTe2(BeGe04)6. 


Figure  4B.  Optical  absorption  data  of  (a)  ZngTe2(BeGe04)6.  (b)  ZngTe2(BeSi04)6.  and  (c) 
bulk  ZnTe;  the  absocpdon  edge  is  indicated  by  the  arrow. 
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Figure  5  A.  '^^Se  MAS  NMR  spectra  of  (a)  bulk  ZnSe.  (b)  bulk  CdSe  (reference  compound.  8  =  0 
ppm)  (c)  Cd8Se2(BeSi04)e  and  (d)  Zn8Se2(B02),2. 


Wavelength  (nm) 

Figure  SB.  Optical  absorption  data  of  (a)  bulk  sphalerite  ZnSe,  (b)  Zt)8Se2(B02)i2.  and  (c) 
Zn8Se2(BeSi.sGe.504)e. 


254 


germanate,  compared  with  +200  ppm  for  the  parent  compound  ZnTe.  The  large  upfield  shift  in 
both  sodalite  structures  is  indicative  of  a  dramatic  change  in  the  chemical  bonding  properties  of 
the  central  anion.  This  is  expected;  essentially  the  first  coordination  sphere  of  the  bulk  is 
isolated  within  the  sodalite  cage  and  charge  delocalization  is  restricted  primarily  to  the  Zn^Te 
tetrahedra.  Consistent  with  these  results  are  the  optical  s|^tra,  shown  in  Figure  4B;  the  large 
blue  shifts  relative  to  the  bulk  reflect  the  change  in  electronic  structure. 

The  analogous  selenide  system  was  examined  by  ^''Se  MAS  NMR  and  the  results  are 
shown  in  Figure  5A.  As  in  the  telluride  compounds,  the  shifts  are  far  upfield  from  those 
measured  in  the  hulk  semiconductors  ZnSe  and  CdSe.  Noteworthy  is  the  observation  that  the 
shift  difference  between  the  Zn4Se  and  CdiSe  sodalites  is  approximately  the  same  as  that 
between  bulk  ZnSe  and  CdSe. 

Also  similar  to  the  results  obtained  for  the  Te<ompounds  are  the  absorption  data,  shown 
in  Figure  5B.  For  the  Zn8Se2(BeSi  506504)6  compound,  the  absorption  band  is  dramatically 
blue-shifted  relative  to  bulk  ZnSe.  An  anomaly  seems  10  appear  with  the  ZnaSe  borate 
material,  however.  From  the  NMR  results,  the  Se  bonding  state  clearly  is  electronically  distinct 
from  the  bulk  ZnSe  and  yet  the  absorption  edge  is  not  shifted  to  any  large  degree.  Thorough 
"washing"  of  the  ZnaSe  borate  to  remove  any  residual  bulk  ZnSe  failed  to  change  significantly 
the  optical  absorption  (7).  The  forced  proximity  of  the  ZnaSe  tetrahedra  in  the  borate  apparently 
results  in  absorption  bands  clo.se  to  that  of  the  bulk,  despite  the  fact  that  the  nature  of  the 
electronic  transitions  are  very  different  in  the  two  materials. 

DISCUSSION 

It  has  been  shown  that  the  optical  properties  of  zinc  chalcogenides  can  be  varied  by 
inclusion  into  the  sodalite  framework.  In  the  borates,  in  which  the  M-X  distance  is  shorter  in 
the  sodalite  than  in  the  corresponding  bulk,  the  optical  properties  depend  on  the  constitution  of 
the  central  tetrahedra.  Sharp  band  edges  are  observed  for  end  members  in  a  solid  solution  .series 
and  these  features  broaden  slightly  as  the  anion  is  mixed  for  single  phase  materials. 

In  the  beryllosilicates  and  beryllogermanates,  the  cage  effects  dominate  the  optical  spectra. 
The  M-X  distances  in  these  materials  are  comparable  to  those  in  the  bulk  and  the  tetrahedra  are 
well  sep.trated  from  each  other.  The  exact  nature  of  the  optical  absorption  band  in  these 
materials  has  not  yet  been  assigned;  further  characterization  is  in  progress. 
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ABSTRACT 

It  has  generally  been  concluded  that  good  doping  in  wide-gap  semiconductors  is  best 
accomplished  by  non-equilibrium  means.  Excimer  lasers,  because  of  their  high  intensity  and 
short  pulses,  are  ideal  for  this.  Our  earlier  laser  annealing  work  on  bulk  ZnSe  resulted  in 
complications  due  to  increased  twinning  of  the  .sample.  Our  present  work  shows  that  twinning 
can  be  eliminated  by  the  use  of  originally  untwinned  MBE  material.  The  MBE  samples  had  the 
additional  advantage,  over  bulk,  of  a  far  smoother  surface,  which  simplified  the  investigation  of 
melting  and  evaporation.  Use  of  power  levels  of  10,  20,  and  35  MW/cm^  showed  no  melting  at 
10  MW/cm^,  melting  and  no  detectable  evaporation  at  20  MW/cm^.  and  evaporation  at  35 
MW/cm^.  Combined  ion  beam  cratering  and  SEM  examination  showed  a  depth  of  the  melted 
layer,  at  20  MW/cm^.  of  -  0.5  fim.  Moreover,  AES  analy.sis  showed  minimal  decomposition  of 
the  20  MW/cm^  sample. 


1.  INTRODUCTION 

Wide  band  gap  materials  .such  as  ZnSe  are  of  high  interest  for  applications  in  visible  light 
emitting  devices  such  as  diode  lasers  and  display  panels.  Obtaining  bipolar  conductivity  in  such 
materials  has  however  been  a  pervasive  problem;  for  ZnSe,  the  problem  has  been  to  obtain 
adequate  p-lypc  conductivity.  For  years,  reports  of  high  conductivity  could  not  be  reproduced 
(sec  e.g.  ref.l).  This  problem  has  been  alleviated  recently,  with  carrier  concentrations  of 
3*10'’/cm’.  first  reported  by  Park  et  al.l2|,  now  having  been  obtained  by  a  number  of  other 
groups  (e.g.  ref.3).  Nevertheless,  even  higher  concentrations  would  be  desirable. 

Based  on  an  analy.sis  showing  low  dopant  solubilities  in  wide-gap  materials  [4),  one  of  us  has 
sugge.sted  that  non-equilibrium  dopant  incorporation  is  required.  One  approach  to  this  is 
incorporation  via  excimer  laser  melting.  This  is  known  to  give  dopant  concentrations  above  the 
solubility  limit  in  the  case  of  elemental  and  lll-V  compound  .semiconductors,  by  increasing  the 
sub.stitutional  dopant  concentrations  and  activating  the  dopant  atoms  that  had  been  incorporated 
via  other  nonequilibrium  proces,ses  like  ion-implantation,  MBE  ctc.l5].  In  our  prior  work  |61,  we 
aticmpied  to  redistribute  the  dopant  (Na)  from  the  interstitial  (donor)  site  to  the  substitutional 
(acceptor)  site  by  using  such  excimer  lasers.  This  work  was  carried  out  on  bulk  ZnSe.  and 
although  it  showed  .some  encouraging  re.sulls.  all  samples  showed  appreciably  heavier  twinning 
after  the  laser  treatment  than  before  it.  Such  twinning,  based  on  an  analy,sis  of  literature  by  one 
of  us  [  1 1,  is  not  satisfactory  for  either  good  doping  or  good  device  performance.  However,  ail 
bulk  material  in  that  work  showed  some  initial  twinning,  and  in  view  of  the  potential  benefits  of 
excimer  laser  prtKe.ssing.  we  felt  that  the  method  should  be  tried  on  initially  untwinned  material, 
to  check  whether  this  would  result  in  good  (untwinned)  material  sub.sequent  to  melting.  The 
present  work  examines  this  point. 

In  addition  to  examining  the  question  of  twinning  on  originally  untwinned  material  (the 
present  .samples  were  grown  by  MBE  -  .see  ref.  7).  investigations  were  carried  out  to  determine 
that  the  samples  did  melt,  that  there  was  minimal  evaporation,  and  that  there  was  minimal 
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surface  decomposition  (i.e.  preferential  evaporation  of  one  constituent).  In  our  prior  work  [6], 
we  did  investigate  these  points.  However,  although  we  did  obtain  good  circumstantial  evidence 
on  melting  and  on  absence  of  decomposition,  we  did  not  obtain  deflnitive  evidence.  We  thus  felt 
that  obtaining  further  corroborative  evidence,  on  the  present  better  MBE  samples,  was 
warranted. 


2.  EXPERIMENTAL 

The  samples  used  were  MBE  grown,  undoped  ZnSe  on  GaAs  with  a  (100)  orientation.  The 
ZnSe  epilayer  was  3(im  thick  with  a  mirror  smooth  surface  and  good  luminescence 
characteristics.  A  Lambda  Physik  EMG  102  MSC  excimer  laser  was  used  to  anneal  the  samples. 
The  wavelength  of  the  coherent  radiation  was  308  nm  and  the  pulse  duration  was  -20  ns.  The 
samples  were  cleaned  with  methanol  before  annealing  (the  flrst  sample  to  be  annealed  was  not 
cleaned,  but  showed  poor  results.  See  section  3).  All  the  samples  were  mounted  on  a  graphite 
block  and  annealed  in  air  (we  do  not  expect  any  atmospheric  contamination  during  the  ultra 
short  laser  pulse  anneal).  The  laser  spot  was  focussed  by  a  UV  lens  to  the  desired  spot  size, 
which  was  usually  in  the  range  of  a  few  square  mm.  Based  on  our  earlier  results  on  bulk 
ZnSe[6),  we  used  single  laser  pulses  with  intensities  in  the  range  of  10-40  MW/cm^. 

An  optical  Nomarski  microscope  and  a  JOEL  scanning  electron  microscope  (SEM)  were  used 
to  observe  the  surface  morphology  and  to  check  on  possible  twinning  features  on  the  surface  of 
the  sample.  A  Perkin  Elmer  660  Scanning  Auger  Microscope  was  also  used,  which  enabled  us  to 
obtain  both  SEM  and  Auger  electron  spectroscopy  (AES)  data.  This  also  had  an  ion  beam 
attachment,  which  could  mill  a  crater  on  the  samples.  This  enabled  us  to  study  the  near  surface 
layers  of  the  samples  by  both  SEM  and  Auger  spechoscopy.  Photoluminescence  (PL) 
measurements  were  made  with  a  He-Cd  laser  to  observe  the  changes  in  luminescence  due  to 
laser  annealing  .  For  this,  the  annealed  samples  were  lightly  etched  with  a  Br-methanol  solution 
to  obtain  luminescence  data  from  the  sub-surface  regions  in  the  annealed  region.  The  etch  time 
was  adjusted  to  remove  about  O.lpm.  An  Alpha-step  profilometer,  with  a  depth  sensitivity  of  a 
few  nanometers.was  used  to  measure  the  surface  profile. 


3.  RESULTS 

An  important  aim  of  the  present  work  was  to  investigate  the  questions  of  melting, 
decomposition  and  evaporation  of  the  samples.  There  were  several  reasons  for  this,  given  the 
fact  that  we  had  already  investigated  this  for  bulk  samples.  One  was,  as  we  mentioned  above, 
that  we  desired  additional  corroborative  evidence.  In  addition,  the  smoother  surface  of  the 
present  samples  enabled  us  to  obtain  more  reliable  results,  particularly  as  regards  evaporation 
and  melting.  These  aspects  were  investigated  by  the  profilometer,  SEM  and  Auger  scans. 

The  laser  annealing  was  carried  out  at  three  power  levels  viz.,  10,  20  and  35  MW/cm*.  The 
10  MW/cm^  sample  showed  no  evidence  of  melting.  The  profilometer  scan  was  very  smooth  and 
showed  no  detectable  change  in  the  profile.  Similarly,  no  change  in  the  surface  morphology  was 
seen  in  the  SEM.  Also,  a  crater  dug  into  the  surface  showed  no  evidence  of  melting  (see  results 
for  20  MW/cm^  for  comparison).  In  the  case  of  the  sample  annealed  at  20  MW/cm^,  the 
profilometer  scan  (Fig.l)  shows  a  spike  at  the  annealed  -  unannealed  boundary  and  then  the 
surface  is  wavy  in  the  annealed  zone.  The  annealed  area  appears  visually  dark  with  a  clear 
boundary  between  annealed  and  unannealed  regions.  Fig.2  shows  an  SEM  picture  of  a  crater 
miiii,d  at  the  annealed-  nonannealed  boundary.  The  dark  ellipse  on  the  left  is  the  exposed  GaAs 
substrate  at  the  bottom  of  the  crater.  Three  layers  can  be  distinguished  in  the  annealed  ZnSe:  the 
bottom  layer  of  undisturbed  ZnSe,  a  second  grey  layer  and  a  top  dark  layer.  The  top  dark  layer 
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FIG.  1.  Profilomeler  scan  of  a  sample  annealed  al  20 
MW/cm-.  The  regii>n  to  the  left  of  the  spike  is  unannealed 
and  to  its  right  is  annealed. 


was  found  to  contain  carbon,  which  could  have  come  on  to  the  surface  from  the  graphite  sample 
holder  used  during  our  annealing  experiments  and  then  diffused  into  the  ZnSe  during  laser 
anneal.  This  layer  is  about  0.1(rm  thick.  The  composition  of  the  second  grey  layer  was  analyzed 
by  AES  but  no  impurity  could  be  detected  at  a  concentration  within  the  sensitivity  of  the  AES. 
The  thickness  of  this  layer  is  about  0.5  fim.  This  layered  structure  was  not  present  in  the 
unannealed  region  of  the  sample.  In  addition.  Auger  surface  scans  were  taken  on  the  annealed 
and  unannealed  regions  of  the  sample.  The  relative  intensities  of  the  Zn  and  Se  peaks  remained 
the  same  before  and  after  the  laser  annealing.  The  sample  annealed  at  35  MW/cm^  showed 
evidence  of  evaporation  in  the  profilometer  scans.  The  surface  was  visibly  degraded  with 

unannealcd  *-/•*  annealed 


FIG.  2.  A  lOOOX  magnification  SEM  picture  of  a  sample  annealed 
at  20  MW/cm^.  This  shows  a  crater  al  the  unannealed-aiuiealed 
boundary.  The  layered  structure  (see  text  for  details)  is  visible  in 
the  annealed  region  while  it  is  absent  in  the  unannealed  region. 
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extensive  surface  ripples  and  other  features.  So,  no  further  work  was  done  at  and  beyond  this 
power  level.  It  is  alw  worth  noting  that  the  first  sample,  which  was  annealed  at  20  MW/cm^ 
without  cleaning,  showed  some  regions  having  a  parallel  line  structure,  where  such  lines  give  a 
strong  indication  of  twiruiing  (Some  particles,  presumably  dust,  were  observed  on  this  sample 
under  the  SEM;  the  twinning  on  this  sample  could  have  resulted  from  stresses  caused  by  the 
interaction  of  these  dust  particles  with  the  laser  radiation). 

Photoluminescence  measurements  were  taken  in  the  aimealed  region  before  etching,  and  in 
the  unannealed  regions  before  and  after  etching  the  sample  to  a  depth  of  ~  O.lpm  (this  should 
remove  the  top  dark  layer  contaminated  with  carbon  and  expose  the  underlying  grey  layer).  The 
PL  spectra  of  the  unannealed  sample  shows  strong  bound  exciton  lines  (Fig.3).  The  PL  intensity 
decreased  drastically  in  the  atmealed  region,  so  much  so  that  we  could  not  see  any  exciton 
luminescence.  But  after  etching,  the  annealed  region  regained  a  part  of  its  exciton  luminescence 
(Fig.4).  We  also  see  an  additional  peak  at  -2.3eV  (indicated  by  the  arrow  in  Fig.4). 


FIG.  3.  PL  spectrum  of  an  as-grown  MBE-ZnSe  sample  at  9  "K  showing  strong  exciton 
luminescence. 


FIG.  4.  PL  spectrum  of  the  annealed  region  of  a  sample  annealed  at  20  MW/cm^  after  a 
Br-methanol  etch  to  a  depth  of  0.1  pm.  Note  the  new  peak  at  -2.3eV  (shown  by  the 
arrow).  Also,  note  that  the  PL  intensity  was  appreciably  lower  than  prior  to  annealing: 
the  indicated  intensity  is  higher  because  a  wider  slit  was  used. 
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4.  DISCUSSION 

The  spike  at  the  boundary  of  the  annealed  region  and  the  wavy  nature  of  the  surface  profile 
(Fig.l)  in  the  annealed  region  show  that  the  material  has  melted  and  flowed.  This  has  also  been 
observed  in  the  laser  melting  of  silicon  [8],  The  occurrence  of  the  layered  structure  only  in  the 
annealed  region  (Fig.2)  proves  that  the  layers  were  formed  by  the  laser  annealing.  Based  on  the 
above  profilometer  and  SEM  results  (Figs.  I  &  2),  there  can  be  no  doubt  that  there  was  melting  of 
the  20  MW/cm^  sample.  Moreover,  based  on  the  profilometer  data  (Fig.l)  it  is  also  apparent  that 
this  sample  showed  either  no  evaporation  or,  at  most,  very  minimal  evaporation.  Regarding 
decomposition,  the  fact  that  the  Auger  scans  showed  comparable  Zn  and  Se  intensities  before 
and  after  annealing  gives  a  strong  indication  of  minimal  decomposition.  It  is  more  difficult  to 
conclude  that  there  is  no  decomposition,  since  if  some  Se  (or  Zn)  were  to  evaporate,  leaving 
some  clumps  or  balls  of  Zn  (or  Se)  on  the  surface,  these  may  not  give  a  shong  enough  Auger 
signal  to  significantly  affect  the  Zn  (or  Se)  peak;  however,  major  decomposition  seems  unlikely. 
Moreover,  if  Zn  vacancies  were  formed,  they  would  be  expected  to  form  the  well  known  A 
center  [9|.  a  complex  with  donors,  showing  a  PL  peak  at  about  2.0eV.  This  peak  was  not  found 
in  the  PL  spectra.  Even  the  peak  at  2.783eV.  which  some  authors  110,11]  have  claimed  to  be 
formed  by  Zn  vacancies,  was  not  observed  in  the  PL  specua. 

In  addition  to  the  question  of  melting,  it  is  also  important  to  determine  the  depth  of  the 
melted  layer;  it  is  for  instance  of  interest  to  see  whether  the  melt  depth  is  adequate  to  obtain 
devices  such  as  diode  lasers  or  LEDs.  From  our  cratering  work,  we  have  concluded  that  there  is 
a  top  layer,  with  appreciable  carbon,  of  about  0.1  )im  and  a  layer,  showing  SEM  conuasu  of 
about  O.Spm,  below  that.  Since  we  did  not  see  much  carbon  on  the  surface  of  the  as-grown 
samples,  we  assume  that  the  top  layer  resulted  from  carbon  contamination  due  to  some  of  the 
laser  beam  hitting  the  graphite  holder  (we  are  now  modifying  this  pan  of  our  set-up).  At  this 
time  we  do  not  know  the  cause  of  the  contrast  of  the  lower  grey  layer,  since  Auger  spectroscopy 
did  not  pick  up  any  impurities  within  its  sensitivity  range.  However  it  is  known  that  relatively 
small  changes  in  impurity  concentrations  can  change  the  contrast  in  semiconductors  [12].  That 
there  is  such  a  change  is  corroborated  by  the  PL  data,  which  .shows  a  new  peak  at  -  2.3  eV,  in 
the  annealed  region,  after  etching  (it  is  known  that  Cu  introduces  a  peak  in  this  range  |9]).  We 
therefore  feel  that  we  have  good  indication  of  a  melted  layer  of  -0.5  pm.  thickness.  We  are 
conducting  further  experiments  to  determine  whether  the  grey  layer  boundary  of  Fig.  2.  is  indeed 
the  melt  boundary. 

A  further  important  aim  of  the  prc.sent  work  was  to  investigate  the  occurrence  of  twinning 
after  annealing.  Ba.sed  on  our  SEM  and  optical  microscopy  examinations,  we  saw  no  evidence  of 
twinning  on  the  cleaned  samples.  The  fact  that  we  did  obtain  a  strong  indication  of  twinning  on 
one  sample  which  was  not  cleaned,  gives  us  confidence  that  we  would  have  .seen  it  on  the 
cleaned  material  if  it  were  there. 


5.  CONCLUSIONS 

In  conclu.sion,  we  have  .shown  that  we  can  obtain  melting,  with  an  adequate  layer  depth,  without 
capping,  with  minimal  (if  any)  evaporation  and  decomposition,  of  MBE-  ZnSe.  Moreover,  we 
have  al.so  dcmon,slratcd  laser  melting  without  twinning,  on  originally  untwinned  material.  The 
next  step  will  be  to  attempt  improved  doping  by  such  laser  processing. 
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ABSTRACT 

Organometallic  vapor  phase  epitaxial  (OM  VPE)  growth  of  ZnSe  on  GaAs  was  carried  out 
using  dimethylzinc  (DMZn)  and  dimethylselenium  (DMSe)  as  source  precursors.  The  growth 
of  ZnSe  can  be  initiated  either  by  introducing  DMZn  first  (Zn  stabilized)  or  DMSe  first  (Se 
stabilized). 

A  systematic  study  of  this  growth  initiation  step  on  the  properties  of  ZnSe  epilayers  was 
carried  out  using  Photoluminescence  (PL)  and  Double  Crystal  X-Ray  Diffraction  (DCD)  in 
order  to  optimize  the  ZnSe-GaAs  interface.  PL  and  DCD  data  show  a  considerable  difference  in 
lattice  relaxation  mechanism  between  Zn  and  Se  stabilized  layers.  Se  stabilized  layers  are  also 
seen  to  be  considerably  tilted  with  respect  to  the  substrate.  PL  properties  of  Se  stabilized  layers 
exhibit  strong  near  band  edge  emission  (NBE)  and  weak  deep  level  emission  such  as  Yo, 
compared  to  layers  grown  by  Zn  stahilizarion. 

INTRODUCTION 

ZnSe  is  a  promising  material  for  blue  light  emitting  diodes,  lasers  and  for  other 
optoelectronic  applications.  Growth  of  ZnSe  on  GaAs  by  MBE  [  1 J,  OMVPE  |2|.  and  ALE  |3), 
has  attracted  the  most  attention  because  of  the  close  lattice  match  between  the  two  materials. 

Unlike  lll-V  systems  where  growth  is  always  started  by  first  introducing  column  V 
precursors  and  then  column  III  precursors,  the  growth  of  ZnSe  can  be  initiated  by  introduction 
of  either  the  column  II  or  column  VI  precursor.  These  two  growth  initiation  steps  are  expected 
to  result  in  different  layer  properties,  as  seen  in  other  II-VI  systems  |4J.  In  this  work,  a 
systematic  study  of  such  initial  stabilization  of  the  GaAs  substrate  on  the  ZnSe  layer  properties 
was  carried  out. 

EXPERIMENTAL 

The  growth  of  ZnSe  was  carried  out  in  a  low  pressure  horizontal  OMVPE  reactor  with  rf 
heating.  Growth  temperatures  were  in  the  range  45(1PC  to  525®C  and  the  reactor  pressure  was 
300  torr.  The  layers  were  grown  on  (100)  GaAs  substrates  misoriented  2“  towards  (I10|. 
DMZn  and  DMSe  were  used  as  the  source  material.  These  substrates  were  degreased  using 
standard  solvents  and  etched  in  a  solution  of  H20;H202:H2S04  ( 1 ;  1 :5)  by  volume  and  dipped 
in  NH4OH  to  remove  any  oxide  just  before  loading  into  die  reactor.  Typical  partial  pressure  of 
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DMZn  was  2.0  xl(H  atm,  while  that  of  DMSe  was  3.0  xlO^  atm.  The  total  gas  flow  through 
the  reactor  was  maintained  at  2000  seem. 

Growth  was  initiated  by  first  introducing  DMZn  (Zn  stabilized)  or  DMSe  (Se  stabilized)  for 
120  seconds,  immediately  after  which  the  second  precursor  was  introduced  to  stan  the  growth. 
The  partial  pressures  used  in  the  growth  of  ZnSe  were  the  same  for  stabilization  effects.  Initial 
stabilization  was  carried  out  for  1 20  seconds  rather  than  a  few  seconds  generally  encountered 
in  a  typical  reactor  in  order  obtain  consistent  results. 

The  PL  system  consisted  of  300mW  Argon  laser,  3/4m  grating  spectrometer  and  a 
photomultiplier  tube  with  a  thermoelectric  cooled  GaAs  photocathode.  PL  spectra  was  recorded 
at  90K  excited  by  lOmW  laser  inten.sity.  The  X-Ray  measurements  were  made  as  described  in 
151. 

RESULTS  AND  DISCUSSION 

The  lattice  mismatch  between  ZnSe  and  GaAs  is  about  0.3%  and  this  lattice  mismatch  is 
accommodated  by  a  compressive  strain  in  the  epilayer  for  thicknesses  less  than  the  critical 
thickness  he  (-1500  AO)  (6).  As  the  thickness  of  the  epilayer  stans  to  exceed  the  critical 
thickness  |7|,  misfit  dislocations  are  rapidly  generated  reducing  the  compressive  strain  in  the 
ZnSe  epilayer.  Beyond  the  critical  thickness,  the  epilayer  relaxes  and  the  compressive  strain 
due  to  lattice  mismatch  decreases,  eventually  becoming  negligible  and  the  dominant  residual 
strain  in  the  ZnSe  epilayer,  when  cooled  to  room  temperature,  is  tensile  due  to  the  differences 
in  the  thermal  expansion  coefficient  for  ZnSe  and  GaAs. 

DCD  and  PL  were  used  to  determine  the  strain  and  out  of  plane  lattice  constant  ai  of  the 
epilayers  as  a  function  of  thickness.  X-Ray  diffraction  is  a  well  established  technique  to 
measure  aiin  ZnSe  (8|.  Similarly  PL  measurements  have  been  studied  in  many  hetroepitaxial 
systems  including  ZnSe  -  GaAs  |9|.  The  free  and  bound  exciton  peak  position  is  a  function  of 
strain  in  the  layer.  We  have  used  the  shift  in  energy  for  the  heavy  hole  (E,L)  as  this  is  stronger 
and  clearly  identifiable  to  measure  strain  in  the  layers.  From  this  shift,  the  in  plane  strain  (e|  1) 
was  measured  by  using  the  following  equation  |9,I0|: 

AExL  =  |  2a(C||  -C|2)/C||  +  b  ( C|| -r  2C|2  )/Cn  )eii 

The  values  used  for  hydrostatic  deformation  potential  (a)  and  shear  deformation  potential  (b) 
are  :  -a=5.4eV.  -b=  1 .2eV  ( 1 1 1  respectively  while  values  used  for  the  elastic  stiffness  constants 
were  Cl  1=  8. 1  x  10"  dyn/cm^  and  C|2=  4.88  x  10' '  dyn/cm^.  Figure  1  shows  the  change  in 
Ex^  position  for  ZnSe  grown  on  Zn-stabilized  and  Se  stabilized  GaAs  substrates.  Also  shown 
in  the  figure  is  the  in  plane  lattice  strain  in  the  layer,  calculated  using  the  above  formula.  As  can 
be  seen,  the  residual  strain  in  the  two  types  of  layers  is  found  to  be  different,  even  though  for 
layers  of  thickness  greater  than  he.  both  types  of  layers  are  expected  to  be  relaxed  at  the  growth 
temperature  and  the  only  strain  observed  sliould  be  due  to  difference  in  thermal  expansion 
coefficients. 
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To  confum  the  above  observation,  we  have  measuied  the  perpendicular  lattice  constant  ai 
of  the  layers  using  DCD,  and  these  ( along  with  the  PL )  results  are  plotted  in  figure  2.  Here,  it 
is  seen,  that  for  layers  grown  under  Zn  stabilized  conditions,  ZnSe  is  completely  relaxed  at  the 
growth  temperature  beyond  O.Spm.  For  the  Se-stabilized  case,  the  layers  are  still  under 
compression  at  growth  temperature.  Qearly,  the  lattice  relaxation  mechanism  of  layers  grown 
on  Zn-stabilized  substrates  is  different  from  those  grown  on  Se-stabilized  substrates. 

The  full  width  half  maximum  (FWHM)  value  of  the  x-ray  diffraction  peak  is  shown  in 
figure  3  as  a  function  of  layer  thickness.  For  layers  <1.2pm  the  FWHM  for  both  Zn  and  Se 
stabilized  layers  are  similar.  For  layers  >1.2pm,  Zn  stabilized  layers  are  seen  to  have  a  lower 
FWHM.  ZnSe  layers  grown  with  Se  stabilization  were  seen  to  be  tilted  with  respect  to  the 
substrate  (figure  4  )  with  a  tilt  of  440  arc-sec  (0.120)  in  (he  <l  10>  direction  for  a  3.Spm  thick 
layer.  The  tilt  observed  on  Zn-stabilized  layers  is  within  the  experimental  accuracy  of 
measurement  and  for  all  practical  purposes  these  layers  are  not  tilted  with  respect  to  the 
substrate.  Earlier  reports  of  ZnSe  on  GaAs  indicated  no  tilt  of  the  epilayer  [12].  Moreover,  the 
tilt  of  the  layer  is  a  function  of  the  layer  thickness  and  hence  this  is  reflected  in  a  higher  FWHM 
for  layers  grown  on  Se  stabilized  surface. 

As  seen  from  figure  2,  Zn  and  Se  stabilized  layers  relax  diOerently.  Se-stabilized  layers  are 
seen  to  relax  much  slower.  This  difference  in  relaxation  rates  of  Zn  and  Se  stabilized  layers  is 
further  supported  by  the  difference  in  tilting  of  the  epilayers  for  the  two  cases. 

PL  from  Zn  and  Se  stabilized  layers  is  also  considerably  different  as  shown  in  figure  5. 
Similar  PL  was  obtained  for  sample  thickness  &om  O.S  to  3.2pm.  Se  stabilized  layers  exhibit 
strong  near  band  edge  (NBE)  emission,  very  weak  Yq  emission,  and  no  Ig'’  emission.  The  Yg 
peak  was  attributed  to  dislocations  and  a  strong  Yg  emission  reflects  a  higher  optically  active 
dislocation  density  [13].  The  Ig''  peak  has  also  been  found  to  exist  in  layers  with  high 
dislocation  densities  [14].  These  results  are  consistent  with  an  earlier  report  of  improved  PL 
from  tilted  ZnSe  layers  [15].  Differences  in  growth  rates  were  also  observed  for  Zn  and  Se 
stabilized  cases,  and  Se  stabilized  surfaces  exhibited  superior  morphology.  From  the  above 
results,  it  is  clear  that  Zn  stabilized  layers  have  a  higher  dislocation  density  which  shows  up  as 
an  intense  Yg  peak. 

When  DMZn  is  passed  over  GaAs  at  S2S°C,  a  surface  reaction  takes  place,  probably 
forming  Zn3As2  which  is  volatile  leaving  atomic  gallium  on  the  surface.  This  may  be  the 
source  of  dislocations  on  Zn-stabilized  layers  and  the  layer  relaxes  rapidly  by  forming  a  high 
density  of  dislocations.  When  OMSe  is  passed  over  GaAs,  no  surface  reaction  may  take  place 
because  DMSe  is  very  stable.  However,  we  cannot  rule  out  the  possibility  of  Ga2Se3 
formation.  In  fact  this  interfacial  layer  is  found  to  be  important  in  obtaining  high  quality  ZnSe 
layers  [16],  with  good  interfacial  properties.  We  believe  growth  with  Se-stabilization  results  in 
defect  free  interface  for  thin  layers  and  lattice  relaxation  takes  place  by  glide  of  60°  dislocations 
from  the  surface.  This  mechanism  generally  results  in  tilt  of  the  layer  with  respect  to  the 
substrate. 
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CONCLUSION 

The  effect  of  initial  growth  stabilization  on  the  ZnSe  layer  properties  is  studied.  It  was 
found  that  layers  grown  on  Se  stabilized  surfaces  relax  much  slower  compared  to  those  grown 
on  Zn-stabilized  surface.  For  thickness  >  O.Spm,  the  Zn-stabilized  layers  are  completely 
relaxed  at  the  growth  temperature  whereas  this  is  not  the  case  for  even  3pm  thick  Se-stabilized 
layers.  A  large  network  of  dislocations  generated  from  the  interface  could  be  responsible  for 
this  relaxation  in  Zn-stabilized  case.  The  optical  propenies  of  the  layers  grown  by  Se- 
stabilizadon  is  superior  to  the  Zn-Stabilized  case. 
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Departamento  de  Fisica.  Universidade  de  Aveiro.  3800  Aveiro.  PORTUGAL. 

ABSTRACT 

Wide-band  gap  II-VI  semiconductors  have  direct  bandgaps  which  cover  the  energy 
Tange  from  the  red  to  the  u-v.  This  makes  such  compounds  ideal  for  optoelectronic 
applications.  CdS  has  a  band  gap  of  2.42eV  and  becomes  potentially  useful  for  the 
green  region  of  the  spectrum.  However,  because  CdS  has  a  preference  to  adopt  the 
hexagonal  wurtzite  structure,  epitaxial  growth  of  this  semiconductor  is  complicated. 
Nevertheless  succesful  growth  of  CdS  layers  onto  CdTe  is  possible.  We  report  a  detailed 
photoluminescence  study  of  CdS/CdTe  heterostructures  grown  by  CVD.  The  CdS 
layers  have  high  quality  hexagonal  structure.  Luminescence  lines  are  narrow  enough 
and  we  could  detect  a  splitting  ocurring  on  the  excited  state  of  a  neutral  acceptor 
hound  exciton,  at  2.5462eV^ 

INTRODUCTION 

The  fact  that  wide-band  gap  II-VI  semiconductors  have  direct  bandgai>s  which 
cover  the  visible  range  makes  such  compounds  potentially  suitable  for  opto<?lectronic 
applications  like  light  emitting  devices  operating  in  the  blue-green  region  of  the 
spectrum.  The  best  example  is  ZnSe-  which  lumine.«ces  very  efficiently  in  the  blue. 
This  material  also  has  an  almost  perfect  lattice  match  to  GaAs  and  high  quality 
strained  layers  could  be  grown  by  different  methods.  Therefore,  the  optical  properties 
of  heterostructurcs  and  of  superlattices  based  on  ZnSe  have  been  intensively  studied 
for  the  last  6-7  years.  As  a  result  a  blue  laser  based  on  ZnSe  has  recently  been  reported. 

CdS  has  a  band  gap  of  2.42  eV  and  becomes  potentially  useful  for  the  green  region 
of  the  spectrum.  However,  because  CdS  has  a  preference  to  adopt  the  hexagonal 
wurtzite  structure,  epittixial  growth  of  this  semiconductor  is  complicated.  Nevertheless 
succesful  growth  of  CdS  layers  onto  (lll)A  GaAs  by  MOCVD  |1]  and  onto  CdTe  by 
CVD  have  been  reported  [2J.  Recently  CdS  heterostructures  have  received  renewed 
attention  because  of  the  novel  features  presented  by  intrinsic  Stark  superlattices  of 
which  CdS/CdSe  type-II  superlattices  are  striking  examples  |3). 

Growth  on  to  (111)  CdTe  substrats  yields  hexagonal  CdS  of  high  quality.  In 
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this  paper  we  report  the  results  of  a  detailed  photoluminescence  study  performed  on 
CdS/CdTe  heterostructures  grown  by  CVD. 


ENERGY  UV) 


Figure  I :  PU  sp<‘<’tra  of  (.*dS  epilayers  of  various  ihicknesBos  grown  on  (  subsiracts,  r«‘<  c>riJed 
at  JK.  Vertical  lines  indicate  from  left  to  right .  the  |>o)«itions  of  A.  l\o’ .  l:\.  l\n  I:  h  and  /; 


EXi'ERIMEN'TAL  DETAILS 

Siiiglf-crystalline  C'dS  epilayers  wen*  grown  on  an  (111)  orienlod  CdTe  substrtitt' 
l)y  C’\’D  (Clieinical  X  aporir  Deposition).  The  ejiilayers  thiokmrss  ranged  from  1  /tm  up 
t«)  4Spni.  The  growth  rate  was  at  a  substrate  tem|X'rature  t>f  47oC  and  a 

source  tcmperatun'  t)f  800  C.  The  layers  were  grtm-n  on  a  Cd  fare  tinder  an  hydixigeii 
dux  of  18 1  h'  '  in  a  quartz  reactor.  The  comiiosition  of  the  substrate  fare,  i.e  Te  or  Cd. 
was  (leleriiiined  by  chemical  attack  using  a  st)lntion  1:1:1  of  liydrofluoric  acid,  nitric 
acitl  and  methanol  Prior  to  growth  the  substrate  face  was  jrolished  mechanicaly  until 
if  wa.s  a  /nirmr  like  am!  chemicaiy  etched  ii.sing  a  bromethaiioJ  .stdutiruj.  The  surface 
of  the  grown  CdS  cpilayer  was  also  mirror-like,  and  good  crystal  quality  was  confirmed 
by  X-ray  mesiireiiieiits. 

Luminescence  was  excited  using  the  457  nin  line  from  an  Ar  ion  la.ser.  and  was 
i-ollectr'il  at  right  angles  to  the  axis  of  exritati<»n.  M<‘asureiuents  werr*  made  using 
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SPEX  1701  dispersive  monochromator,  fitted  with  a  photomultiplier  tube.  In  all 
cases  the  sample  was  mounted  with  the  growth  axis  parallel  to  the  excitation  axis. 


RESULTS  and  DISCUSSION 

The  v'alencc  and  conduction  bands  for  wurtzite  semiconduetors  have  both  maxima 
and  minima  at  the  center  of  the  Brillouin  zone,  and  the  associated  Bloch  functions 
have  p-like  and  s-like  orbital  character,  respectively.  The  top  three  valence  bands  are 
split,  by  the  combined  effect  of  both  spin-orbit  interaction  and  the  action  of  a  noncubic 
crystal  field  perturbation, into  a  r9  and  two  Tr  states.  The  separations  between  the 
top  state,  r.j,  and  the  two  Ft  states,  can  be  found  from  the  Hamiltonian  matrix.  This 
matrix  can  be  set  up  usin^  the  p-functioiis  to  represent  the  valence  band  states,  and 
lius  the  same  form  as  the  energy  matrix  for  tlie  zincblend  valence  band  states  under  a 
{llU  unia.xial  strain  [4,5].  The  energies  of  the  two  low  lying  Ft  states  are.  relatively 
to  the  Fy  staf<‘.  given  by: 

E  =  1/2(A,„  +  A,,)  ±  ll/4(A,.„  +  A;,  -  2/3A,<,A„]'/-  (1 ) 

In  conjunction  with  the  conduction  baud  each  valence  baud  gives  rise  to  a  series 
of  excitoii  states,  labeled  .A,  B,  C  by  increasing  order  of  energ^c  .A ,  B  and  C  excitons 
ai(‘  all  seen  polariz»‘<l  witii  the  <*lertnc  vector  of  the  light  perpcndiculni  to  the  .axis  of 
giowtli.  {(’  axis)  but  only  D  and  C  excitems  ar<‘  seen  for  parallel  polarization  [7]. 

Pliofolumiuesceiicc’  sp<*ctia  from  CdS  layers  with  a  thickness  of  2  ^  I  sampb*  C2.\-  )• 
4//  ‘r^aniple  C4N)  and  4S//  (sample  C’4SN)  are  shown  in  figure  i.  In  figun’  2  the 
Temperature  <lei»endence  of  the  InmiiK’scence  is  depicted. 

In  all  spe<  tra  we  can  identify  tlie  recombiu.ation  of  free  e.<citons  A,  as  well  as 
excitons  Iniiind  to  neutral  acceptors.  /i  an<l  Ir,  at  2.5359eV  and  2.54G0o\'  respectively, 
to  neutral  donors,  /j.  at  2.547()e\'  ainl  to  an  ioiuz<‘d  donor,  /y.  at  2.o499eV  (figures  1 
and  2)  [G.Tj.  This  iclentification  is  confirmed  by  the  temperature  <lep<uidence  of  all  th<‘ 
reafur<’s.  Raising  the  temperature  strongly  a»ie«  ts  the  intensity  of  th«'  liound  excit\>n 
lilies.  to  I',,  relatively  to  the  intensity  of  the  fre<‘  exciton,  A  line.  At  4K  iu>imd 
♦  xcifon  lines  dominati  ‘lie  sjHvtrtim  while  at  20  K  the  situation  is  rt'versed.  Tlie 
Temperature  dependence  n’Hects  the  ilifen.ice  in  l>iiidiiig  energy  between  the  t'xciton 
to  the  imj>''..  ity  and  the  excitim  it.s<'lf. 

The  energi»’s  we  measur<’  at  4  K  for  .dl  tli»  coiiiiKuients  of  the  edge  recombination 
agrr  e.  as  ex]>ect«*d.  with  the  coirespomleiit  value  measured  for  bulk  CdS.  indicating 


Figure  2:  Phoi«)luimn<a‘<'«'uc<?  >p«.-(ra  from  saiiiplr>  (a)  (  and  (b)  C’4N  at  various  lemperaiures. 

that  tlie  thickness  of  oiir  samples  is  well  above  the  critical  thickness. 

WV  could  also  observe  {figure  3)  the  states  and  /jg*  arising  from  the  /j  netitrai 
acceptor  state  and  an  exciton  formed  from  a  hole  in  the  second  valence  band.  The 
splitting  of  1.5  meV  arising  from  the  exchange  interaction  between  the  two  unlike 

hoU-s  [SI- 

The  A  exciton  is  split  by  jj  coupling  into  Ts  and  Fe  states.  Altough  transitions 
from  the  Ftj  state  into  the  fundamental  state  are  forbidden  they  hav<'  been  reported  tt) 
occvu  {the  AFC  hue  in  reference  (7]).  The  transition  is  perhaps  made  allow(*d  trough 
mixture  with  the  exciton  state  originated  from  the  F;  valence  band.  This  transition 
could  be  detected  in  some  of  t)ur  samples  (figure  3). 

A  further  splitting  was  also  detected  for  the  line  (6|  identified  as  an  exciton 
recombination  at  a  neutral  acceptor  (figure  4).  The  two  lines  and  at  2.5464eV’ 
and  at  2.5468 eV  are  separated  by  energy  of  .4meV  and  therinalize  (figure  4  ) 
according  to  a  Boltzmann  distribution  law. 


If,/ If,  =  ocjrp{-AE/KT) 


(2)- 


We  suggest  that  the  .splitting  may  be  due  to  hole-hole  interaction.  However  more  work 
needs  to  bo  done  before  discussing  this  assignemont  in  more  detail. 


Figure  4;  la)  I  he  /j  aii.l  /;  liii.  ~  r.-i-.mleil  in  1>I,  at  difTemil  temp.-. alures  (l))l,ogarillliii  of  III. 
nu.  nsily  ratio  of  /:,//;  line  ai  a  fiiiirlioii  of  reri|»^,K-al  leiiiperatiire  Solid  lino  ripreaents  Ki|  (2) 
using  Ah  =  .1«r,TiioV  and  ,>  =  1  r>  rlios..  valiK-r  are  II, e  lano  lit  values  in  a  ieasl-s,|uares  sense 


.jr.-. 
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CONCLUSIONS 

In  this  paper  we  have  shown  that  good  crystal  quality  CdS  can  be  grown  onto  CdTe 
(111)  fare  by  CVD.  The  quEJity  is  demonstrated  by  the  photoluminescence  obtained 
from  the  samples. 

We  have  also  detected  a  previously  unreported  zero  field  splitting  of  a  acceptor 
bound  exciton  transition  and  ascribed  it  to  jj  coupling.  Further  work  is  under  way  to 
clarify  this  point. 
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VAPOR-PHASE  GROWTH  OF  EPITAXIAL  AND  BULK  ZnSe 

W.L.  AHLGREN,  S.  SEN,  S.M.  JOHNSON,  W.H.  KONKEL,  J.A.  VIGIL,  AND  R.P.  RUTH 
Santa  Barbara  Research  Center,  75  Coromar  Drive,  Goleta,  CA  93117 


ABSTRACT 

Epitaxial  and  bulk  ZnSe  of  good  structural  perfection  have  been  grown  by 
vapor-phase  techniques.  Epitaxial  undoped  ZnSe  layers  were  grown  by  metal- 
organic  chemical  vapor  deposition  (MOCVD)  on  GaAs  llOOJ  substrates  in  a  hori¬ 
zontal-flow  quartz  reactor  chamber.  Conventional  pyrolytic  growth  at  450*^0 
was  used,  with  diethyl  zinc  (DEZn)  and  diethyl  selenium  (DESe)  reactants 
transported  in  hydrogen  carrier  gas. 

Layers  with  smooth  surface  morphology  and  very  good  crystal  structure 
were  obtained,  with  no  evidence  of  gas-phase  pre-reaction.  Sharp  electron 
channeling  patterns  produced  in  the  scanning  electron  microscope  (SEM)  indi¬ 
cated  that  i 100 Horiented  ZnSe  layers  were  grown  on  llOOl  GaAs  surfaces,  as 
expected.  X-ray  rocking-curve  analysis  with  a  silicon  four-crystal  monochrom¬ 
ator  gave  full-width  at  half-maximum  (FWHM)  line  widths  of  165  to  180  arc-sec 
for  layers  2.5  to  3.0  pm  thick,  better  than  values  for  MOCVD-grown  ZnSe/GaAs 
reported  to  date  in  the  literature  known  to  us.  Cathodoiuminescence  {CD 
imaging  in  the  SEM  showed  significant  defect  substructure  in  the  layers,  pro¬ 
bably  due  to  lattice-misfit  dislocations  in  the  interface  region.  Bright  blue 
CL  emission  from  the  layers  was  observed  in  the  SEM  at  both  77K  and  room  tem¬ 
perature,  indicating  the  dominance  of  radiative  recombination  in  the  matetiai. 

Bulk  ZnSe  crystals  were  grown  using  a  physical  vapor  transport  technique. 
The  crystals,  a  few  millimeters  on  a  side,  had  fully  developed  crystal  facets, 
predominantly  i 110 1-otiented.  X-ray  rocking-curve  analysis  gave  FWHM  values 
of  about  19  arc-sec,  indicating  excellent  structural  perfection. 


INTRODUCTION 

ZnSe  is  a  maturiai  of  interest  for  the  production  of  blue-emitting  laser 
diodes,  provided  p-type  material  of  high  conductivity  can  be  prepared.  In 
recent  years,  substantial  progress  has  been  made  toward  solving  this  long¬ 
standing  problem.  P-type  doping  has  now  been  achieved  by  MBE,  MOMBE,  and 
MOCVD  techniques  (for  MOCVD  see  Yasuda,  Mitsuishi,  and  Kukimoto  (1)  and  Khar, 
et  al.  [2]).  Low-temperature  epitaxial  growth  (around  3bO'^C>  appears  to  be 
important.  Low  growth  temperature  should  (1)  minimize  point  defect  formation 
during  growth;  (2)  aid  dopant  incorporation  during  growth;  and  (3)  minimize 
formation  of  misfit  dislocations  during  cool-down,  due  to  differences  in 
thermal  expansion  coefficient  between  substrate  and  epitaxial  layers.  Photo- 
assisted  growth  may  also  be  important  to  achieve  high  doping  levels  and  low 
growth  temperature . 

Choice  of  substrate  for  epitaxy  is  important.  GaAs  is  attractive  because 
of  its  highly  developed  technology,  ready  availabi 1 ity,  and  close  lattice 
match  to  ZnSe.  Nevertheless,  there  are  potential  problems  with  GaAs  as  a  sub¬ 
strate  for  ZnSe  epitaxy;  (1)  Ga  and  As  from  the  substrate  may  diffuse  or  be 
vapor-t ransported  into  the  II-VI  epitaxial  layer,  unfavorably  affecting  its 
electrical  properties.  I2i  Exact  lattice-matching  of  the  II-VI  epitaxial 
layer  to  the  GaAs  substrate  at  the  growth  temperature,  although  achievable 
principle  using  ZnSSe  alloys,  may  be  difficult  initially,  when  II-VI  alloy 
composition  and  uniformity  are  not  well  controlled.  Lattice-mismatch  will 
lead  to  the  formation  of  defects  in  the  epitaxial  layers  that  will  unfavorably 
affect  the  electrical  properties  and  the  long-term  stability  of  devices  pro¬ 
duced  using  the  material.  (3)  The  lattice  parameter  of  the  II-VT  epitaxial 
layer  can  be  exactly  matched  to  that  of  GaAs  at  only  one  temperature  because 
the  two  materials  have  different  thermal  expansion  coefficients.  Even  if  the 
layer  is  perfectly  matched  to  the  substrate  at  the  growth  temperature,  lattice 
defect.*?  may  be  generated  in  the  layer  when  it  is  cooled  to  room  temperature. 
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Because  of  these  problems,  it  is  desirable  to  also  have  available  high-quality 
ZnSe  substrates  as  an  alternative  to  GaAs. 

In  this  paper  we  report  initial  experiments  in  the  growth  of  both  epitax¬ 
ial  and  bulk  ZnSe  by  vapor  phase  techniques.  The  objective  of  this  prelimi¬ 
nary  work  was  to  establish  a  baseline  for  epitaxial  growth  of  ZnSe  on  GaAs  and 
for  bulk  growth  of  ZnSe. 


EPITAXIAL  GROWTH  OF  ZnSe  ON  GaAs 

ZnSe  epitaxial  layers  of  good  surface  morphology  and  crystal  lattice  per¬ 
fection  were  grown  by  conventional  pyrolytic  MOCVD  on  GaAs  substrates.  The 
growth  conditions  and  characteristics  of  the  epitaxial  layers  are  discussed  in 
this  section.  The  results  provide  a  baseline  upon  which  future  improvements 
will  be  made. 


MOCVD  Growth  Conditions 

A  horizontal  quartz  reactor  with  a  tilted  graphite  susceptor  heated  from 
below  by  a  focused  quartz-halogen  lamp  was  used.  The  reactor  configuration  is 
shown  in  Figure  1.  Alkyl  reactants  were  chosen  for  both  the  zinc  and  the 
selenium  sources  to  avoid  the  gas  phase  pre-reaction  associated  with  the  use 
of  hydrogen  seienide.  The  reactants  used  were  diethyl  zinc  (DEZn)  and  diethyl 
selenium  (DESe) .  This  particular  combination  of  reactants  has  been  previously 
used  by  Mitsuhashi,  Mitsuishi,  and  Kukimoto  (3]  A  similar  system,  dimethyl 
zinc  (DMZn)  and  DESe,  has  been  used  by  a  number  of  groups,  including 
Mitsuhashi  et  al.(4]  and  Giapis  et  al.  (S). 

Prior  to  growth,  the  GaAs  UOO)  or  llOOl  2®  to  <110>  substrates  were 
etched  in  15:1:1  H2SO4 : HjOj : H2O  solution  at  20  to  30*’C  for  20  seconds,  rinsed 
in  DI  water  and  dried  with  N2,  and  then  baked  in-situ  in  the  reactor,  in 
flowing  hydrogen,  at  600®C  for  15  minutes.  The  substrate  temperature  during 
growth  was  450®C.  The  reactor  pressure  was  304  Torr  (0.4  atm).  In  the  major¬ 
ity  of  the  experiments,  the  total  gas  flow  was  1.29  x  10"^  mol  min’^  and  the 
reactant  flows  were  1.81  x  10"^  mol  min*^  (DEZn)  and  7.27  x  10"^  mol  min"^. 
Thus,  the  total  reactant  mol  fraction  was  7  x  10"^,  and  the  VI:II  reactant 
ratio  was  4. 

Growth  rates  were  typically  about  0.7  |im  (corresponding  to  a  deposi¬ 

tion  efficiency  of  1.6%),  and  growth  runs  were  typically  about  4  hours  in 
duration,  leading  to  layers  about  2.5  to  3.0  Um  thick.  A  total  of  eight 
growth  experiments  were  carried  out.  Most  layers  grown  were  specular,  as 
shown  in  Figure  2.  There  was  no  direct  evidence  of  gas-phase  pre-reaction, 
such  as  powdery  deposits.  The  low  overall  deposition  efficiency,  however, 
could  be  indicative  of  a  competing  reaction;  alternatively,  it  may  simply 
reflect  inefficient  pyrolysis  of  one  of  the  reactants  under  the  deposition 
conditions  employed,  which  were  not  optimized. 


Epitaxial  Materials  Characterisrica 

The  layers  were  characterized  to  determine  structural  perfection,  im¬ 
purity  content,  and  Luminescence  properties. 

Stri^ctural  Perfection.  The  layers  had  good  structural  oerfection,  as 
indicated  by  their  electron  channeling  patterns  and  by  x-ray  rocking-curve 
analysis.  Very  sharp  electron  channeling  patterns  were  obtained  in  the  scan¬ 
ning  electron  microscope  (SEN),  showing  that  epitaxial  ZnSe  (100)  was  grown  on 
GaAs  (100).  X-ray  rocking-curve  analysis  carried  out  with  a  four-crystal  Si 
monochromator  and  Cu  Kai  radiation  gave  a  FWHM  in  the  range  165  to  190  arc- 
sec,  better  than  available  literature  reports  for  ZnSe  on  GaAs,  but  still 
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capable  of  improvement.  Typical  results  are  shown  in  Figure  3.  The  separa¬ 
tion  between  the  ZnSe  and  GaAs  |400|  x-ray  reflections  is  somewhat  anomalous. 
A  separation  in  the  neighborhood  of  300  arc-sec  was  typically  observed/ 
whereas  the  theoretical  separation  is  342  arc-sec.  This  may  be  indicative  of 
strain  or  tilt  in  the  epitaxial  layer. 


Figure  3.  Lattice-structural  perfection  of  epitaxial  ZnSe,  2."^  4m  thick, 
grown  on  GaAs  HOO)  substrate,  (a)  Electron-channeling  pattern; 
(b)  X-ray  rocking  curve 


Cathodoluminescence  imaging  in  the  SEM  showed  a  substantial  defect  sub¬ 
structure  in  the  layerst  which  can  tentatively  be  ascribed  to  misfit  dislcea- 
tions.  These  results  are  consistent  with  the  expectation  that  structural  im¬ 
provement  can  be  expected  by  growing  ZnSi-ySey  alloys  lattice-marched  to 
at  the  growth  temperature,  as  reported  in  the  literature. 

Impurity  Content.  Key  to  the  p-type  doping  of  ZnSe  is  the  production  of 
pure  material,  free  of  residual  n-type  donors,  into  which  acceptor  impurities 
can  be  introduced  in  a  controlled  manner.  One  of  the  layers  was  analyzed 
first  by  laser-ionization  mass  spectrometry  (LIMS)  and  then  by  secondary-icr. 
mass  spectrometry  (SIMS) .  The  LIMS  analysis  indicated  that  in  the  main  parr 
of  the  layer,  the  principal  contaminants  were  Cd  and  Te,  but-that  in  hillocks 
the  Ga  and  As  concentrations  were  also  high.  This  suggests  that  the  hillocks 
and  the  Ga  contamination  may  be  associated  with  Ga  droplets  that  might  form 
the  GaAs  substrate  as  discussed  below.  SIMS  analysis  was  carried  cut  with 
both  O2  and  Cs  primary  beams,  and  confirmed  that  Cd,  Te,  Ga,  and  As  are  the 
primary  contaminants.  Significant  levels  of  Cl  were  also  found.  Significant 
levels  of  Cu,  C,  0,  and  S  were  recorded,  but  these  may  be  due  to  in-st  r  ument  a  1 
background . 

These  results  suggest  that  purity  improvement  can  be  achieved  by  takirio 
several  steps:  (1)  Cd  and  Te  contamination  comes  from  shared  lines  in  our 
II-VI  MOCVD  system,  which  is  also  used  to  grow  HgCdTe .  Apparatus  modifica¬ 
tions  have  been  carried  out  to  minimize  this  problem  in  the  future.  {<“)  Ga 
and  As  contamination  may  come  from  the  Ga-rich  surface  of  the  GaAs  substrate 
annealed  under  flowing  hydrogen  at  too  high  a  temperature,  causing  minute  Ga 
droplets  (with  dissolved  As)  to  form  on  the  surface.  Theso  can  be  eiimiriated 
by  a  lower-temperature,  better-controlled  anneal  of  the  GaAs  substrate. 

(3)  Cl  is  a  well-known  contaminant  in  diethyl  zinc,  arising  from  the  synthetio 
route  employed.  zinc  reactants  synthesized  by  a  Ci-free  process  are  now 
available,  and  can  be  used  in  future  work.  (4)  Further  development  of  analy¬ 
tical  techniques,  including  SIMS,  is  needed  to  eliminate  possible  instrumental 
background  effects  and  provide  adequate  quantitation. 
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Lu/ninescence  Properties.  Bright  blue  cathodoluminescence  was  observed  to 
emanate  from  the  ZnSe  layer  in  the  SEM  at  room  temperature  and  at  77k 
(brighter  at  the  lower  ten^erature) .  Spectral  analysis  of  the  cathodolumines¬ 
cence  (CL)  was  carried  out  at  the  University  of  California,  Santa  Barbara. 
Photoluminescence  (PL)  spectra  were  also  measured.  The  CL  and  PL  spectra, 
shown  in  Figure  4,  agree  well.  Note  that  the  CL  spectrum  was  measured  at 
iSK,  whereas  the  PL  spectrum  was  measured  at  1.4K.  The  spectra  show  a  weak 
peak  near  the  band  edge  and  a  strong,  broad,  sub-bandgap  band  that  may  be  due 
to  donor-acceptor  pair  recombination. 

Table  I  is  a  summary  of  the  ZnSe  bandgap  at  the  measurement  ttinperature, 
from  Gumlich,  Theis,  and  Tschierse  (6],  and  of  the  positions  of  the  observed 
CL  and  PL  near-edge  peaks  {the  position  of  a  similar  peak  observed  in  bulk- 
grown  material,  to  be  described  below,  is  also  included).  Fine  structure  in 
the  PL  near-edge  peak,  not  visible  in  Figure  4  but  observe:  at  higher  resolu¬ 
tion,  is  indicated  by  entries  in  the  table.  The  near-edge  peaks  in  the  epi¬ 
taxial  ZnSe  are  believed  to  be  associated  with  free  excitons,  which,  according 


Photon  tNtncv  «»v 


(b) 

Luminescence  spectra  of  ZnSe  epitaxial  layer,  (a)  Photo- 
Juminescence  at  1.4K;  (b)  Cathodoluminescence  at  15K 


Figure  4 . 
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to  the  cited  reference,  have  a  binding  energy  of  about  0.02ev,  consistent  with 
the  observations  sumEuarized  in  Table  I. 

Table  1.  ZnSe  bandgap  and  near-edge  CL  and  PL  data 


Ten^erature/K 

1.4 

15 

ZnSe  bandgap/eV 

2.82  . 

2.81 

Epi  ZnSe  near-edge  PL  peaks/eV 

First  principal  peak 

2.790 

Second  principal  peak 

2.793 

High-energy  shoulder 

2.799 

Epi  ZnSe  near-edge  CL  peak/eV 

2.79 

Bulk  ZnSe  near-edge  CL  peaks/eV 

Principal  peak 

2.781 

High-energy  shoulder 

2.790 

BULK  GROWTH  OF  ZnSe 

ZnSe  crystals  were  grown  by  a  close-spaced  physical  vapor  transport  tech¬ 
nique.  Single-crystals  of  small  size  but  excellent  structural  perfection  and 
good  purity  (as  indicated  by  luminescence  measurements)  were  obtained.  The 
growth  conditions  and  characteristics  of  the  materials  produced  are  discussed 
in  this  section. 


Vapor  Transport  Growth  Conditiona 

The  growth  technique  is  illustrated  in  Figure  5.  Stoichiometric  propor¬ 
tions  of  high-purity  <6  9s  giade>  elemental  2n  and  Se  from  Osa)ca/Asahi  were 
pre-reacted  and  multiply-sublimed  in  separate  ampoules  prior  to  growth.  This 


Figure  5.  Growth  of  ZnSe  by  the  close-spaced  physical  vapor  transport 
technique 


results  in  further  purification  by  separating  nonvolatile  and  low-vapor-pres¬ 
sure  impurities  from  the  ZnSe  sublimate.  To  bring  about  single-crystal 
growth,  the  multiply-sublimed  polycrystalline  ZnSe  charge  was  placed  in  one 
end  of  an  evacuated  quartz  ampoule  maintained  at  992®C,  while  the  other  end  of 
the  ampoule  was  maintained  at  90O*'C,  establishing  a  relatively  small  tempera¬ 
ture  gradient  of  0.3*C  cm"^  along  the  axis  of  the  growth  an^oule .  The  furnace 
was  then  slowly  translated  in  the  direction  pointing  from  the  cooler  to  the 
hotter  zone.  The  rate  of  furnace  travel  was  fixed  at  6  mm  per  day.  The 
single-crystal  growth  was  unseeded.  The  duration  of  the  growth  was  approxi¬ 
mately  four  weeks.  During  the  course  of  the  growth,  an  accidental  power  fail¬ 
ure  occurred  that  interrupted  the  transport  process. 


Bulk  Materials  Characteristics 

The  crystals  grown  were  a  few  millimeters  on  a  side.  This  small  single¬ 
crystal  size  is  probably  due  to  a  growth  interruption  caused  by  the  power 
failure  that  occurred  during  the  experiment.  The  crystals  had  fully  developed 
facets,  predominantly  { 1 10 |-oriented.  x-ray  rocking-curve  analysis  carried 
out  with  a  four-crystal  Si  monochromator  gave  a  FWHM  of  19  arc-sec,  indicating 
excellent  crystal  lattice  perfection.  Very  bright  cathodoluminescence  was  ob¬ 
served.  The  CL  spectrum  at  15K  is  shown  in  Figure  6.  As  discussed  in  connec¬ 
tion  with  Table  I,  the  sharp  peak  at  about  2.78  to  2.79  eV  can  be  associated 
with  free  excitons.  Phonon  replicas  at  lower  energies,  separated  by  about 
31  meV,  are  derived  from  this  peak.  The  brightness  of  the  free  exciton  emis¬ 
sion  indicates  excellent  crystal  lattice  perfection,  in  consonance  with  the 
very  narrow  X-ray  rocking  curve  linewidth  observed.  There  is  also  a  broad, 
very  bright,  emission  band  at  lower  energies  (2.3  to  2.5  eV) .  The  origin  of 
this  band  is  uncertain.  Its  presence  was  reflected  by  the  slightly  greenish 
appearance  of  the  as-grown  crystals. 


Figure  g,  Cathodoluminescence  spectrum  of  bulk  ZnSe  at  15K 
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SUMMARY  AND  CONCLUSION 

The  results  of  preliminary  experiments  in  vapor  phase  growth  of  ZnSe, 
both  epitaxial  and  bulk,  have  been  reported.  Epitaxial  layers  and  bulk  single 
crystals  of  good  crystal  lattice  perfection  were  obtained.  Impurities  in  the 
epitaxial  layers  were  determined  by  mass-spectroscopic  techniques,  and  their 
likely  sources  identified.  The  luminescence  properties  of  the  materials  were 
studied,  and  bright  emission  was  observed.  Both  epitaxial  and  bulk  material 
give  evidence  of  free  excitons  at  15K,  very  strong  in  the  bulk,  relatively 
weak  in  the  epitaxial  material.  Both  also  show  strong  sub-bandgap  bands  of 
unknown  origin,  presumed  to  related  to  the  presence  of  impurities  and/or  point 
defects . 

In  addition  to  eliminating  the  sources  of  the  principal  impurities  (Cd, 
Te,  Ga,  As,  and  Cl)  observed  in  the  epitaxial  material,  lowering  of  the  growth 
temperature  from  450‘’C  to  around  350*C  is  deemed  important  for  future  efforts 
to  achieve  high-conductivity  n-type  and  p-type  doping  of  ZnSe.  To  achieve 
this,  promising  approaches  are  the  use  of  photo-assisted  MOVPE  and/or  the  use 
of  new  reactants  designed  for  lower-tempera«-nre  decomposition  while  still 
avoiding  gas -phase  p re- react  ion . 

Future  work  on  bulk  growth  of  ZnSe  will  focus  on  increasing  the  single- 
crystal  size  while  still  maintaining  excellent  crystal  lattice  perfection. 

The  availability  of  high-quality  large-area  ZnSe  substrates  will  aid  the  de¬ 
velopment  and  understanding  of  high-purity  and  doped  epitaxial  ZnSe. 
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ABSTRACT 

Growth  of  ZnSe  on  GaAs  from  H2Se  and  Zn[N(TMS)2l2  precursors  has  been  demonstrated. 
When  Et2Zn  is  used  as  the  zinc  precursor  a  higher  quality  deposit  is  obtained.  Results  of 
experiments  employing  Et2Zn  as  the  main  zinc  source  with  Zn[N(TMS)2l2  introduced  at  a  dopant 
level  indicate  nitrogen  has  been  incorporated.  Final  thin  films  were  characterized  by  PL,  XRD,  SIMS, 
and  Raman. 


INTRODUCTION 

A  recent  report  by  workers  from  the  3M  Company  of  a  ZnSe-based  quantum  well  diode  laser 
operating  at  77K  in  a  pulsed  mode  has  motivated  researchers  to  develop  methods  for  producing  low 
resistivity,  p-type  ZnSe  with  nitrogen  doping.  The  main  interest  in  this  wide  band-gap  material 
stems  from  its  potential  to  operate  in  the  blue  end  region  of  the  visible  spectrum.  Several  current 
problems  exist  in  the  development  of  ZnSe-based  optoelectronic  devices,  including  the  lack  of  a 
commercially  available  lattice-matched  substrate  material,  a  suitable  cladding  material,  and  a 
reproducible  method  for  production  of  low  resistivity,  p-type  material.  This  last  problem  is  the  focus 
of  this  report. 

The  first  report  of  conductive  p-type  ZnSe  grown  by  MOVPE  was  in  1 986  by  Yasuda^  et  al. 
Lithium  nitride  (LisN)  was  the  dopant  source  in  a  low  pressure  reactor  utilizing  ZnMez  and  SeEtz 
precursors.  An  extremely  high  doping  level  of  9  x  10'^  cm-3,  determined  by  Hall  measurements, 
was  'eported.  PL  measurements  suggested  lithium  was  the  active  acceptor  element,  although 
nitrogen  could  not  be  excluded.  However,  this  report  has  not  been  duplicated  by  other  workers. 
Yoshikawa^  el  al.  demonstrated  lithium  incorporation  as  an  acceptor  when  cyclopentadienyl  lithium 
(CpLi)  was  used  as  a  source  in  conjunction  with  ZnMez  and  SeMez  at  500°C  in  an  atmospheric 
pressure  MOVPE  system.  Only  PL  results  were  given  and  the  CpLi  source  is  a  low  vapor  pressure 
solid  (like  LizN)  thus  making  it  difficult  to  control  transport  rates.  More  recently  workers  at 
Toshiba^  have  demonstrated  moderate  levels  of  p-type  doping  using  tertiary-butyllithium  {®uLi)  as 
the  lithium  source  and  ZnMez  and  SeMez  as  the  mam  element  sources.  Hall  measurements  were 
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performed  on  both  the  as-deposited  film  and  the  film  for  which  the  GaAs  substrate  was  removed. 
The  results  of  the  Hall  measurements  were  nearly  identical,  indicating  minimal  p-type  conversion  of 
the  underlying  S.  I.  GaAs  substrate  by  2inc  diffusion. 

In  addition  to  lithium  doping,  marginal  success  has  been  achieved  with  nitrogen  doping  during 
MOVPE  growth  of  ZnSe,  Stutius^  first  reported  the  incorporafon  of  nitrogen  in  MOVPE  ZnSe  u^ 
NH3  as  the  dopant  source.  Similar  results  were  reported  more  recently  by  researchers  at  NTT® 
and  Chiba  University^  using  NH3  as  the  dopant  and  ZnEt2  and  ZnMe2/H2Se  as  the  main  element 
precursors.  Suemune®  etal.  found  that  films  of  ZnSo.O6Seo.94  (lattice  matched  to  GaAs)  gave  ten 
times  larger  PL  efficiency  than  lattice  mismatched  ZnSe  films.  In  addition,  only  low  resistivity  p- 
type  behavior  was  observed  for  the  lattice  matched  material  (NH3  dopant  source).  Researchers  at 
Hitachi®  have  reported  successful  p-type  doping  with  NH3  by  MOMBE.  It  was  suggested  that  the 
efficient  incorporation  of  nitrogen  by  this  technique  was  due  to  growth  under  more  zinc-rich 
conditions.  In  each  of  these  studies  NH3  was  used  as  the  nitrogen  acceptor  source.  Significant 
incorporation  of  nitrogen  with  this  source  is  difficult  because  of  slow  thermal  decomposition  rales  at 
growth  temperature,  low  sticking  coefficients,  and  possible  adduct  formation  with  organometallic 
precursors. 

The  success  reported  by  the  3M  Company  was  based  on  achieving  significant  nitrogen 
incorporation  during  MBE  growth  using  a  ground  state,  free  radical  nitrogen  source.  This  success, 
and  the  difficulty  in  obtaining  atomic  nitrogen  at  higher  pressures,  motivated  us  to  examine 
alternative  precursors.  Keeping  in  mind  the  need  to  locate  the  nitrogen  atom  specifically  on  a 
selenium  site  in  the  lattice,  we  decided  to  examine  precursors  which  contained  a  Zn-N  bond. 
Realizing  that  zinc  prefers  the  native  site,  an  enhancement  in  site  selectivity  would  occur,  /f  the  Zn- 
N  bond  could  be  retained  during  the  deposition  experiment.  The  results  of  our  preliminary 
investigation  are  presented  here. 


RESULTS  AND  DISCUSSION 

To  have  a  reliable  baseline  against  which  to  judge  the  dopant  experiments,  nominally  undoped 
ZnSe  was  grown  first.  The  growth  conditions  for  ZnSe  were:  GaAs  substrate.  2°  to  nearest  (110); 
550°C,  H2,  10  minutes  (pre-cleaning);  3  sipm  (10'®  mol  fraction)  H2Se;  2  sipm  (10'^  mol  fraction) 
Et2Zn;  60°C  bubbler  temperature  (10  ®  mol  fraction)  Zn[N(TMS)2l2:  250  •  450°C  substrate 
temperature;  80  torr  reactor  pressure;  0,5  p/h  growth  rate.  A  PL  spectrum  of  such  nominally 
undoped  material  is  given  (Fig.  1),  Next,  growth  utilizing  only  Zn(N(Si(CH3)3j2)2  as  the  source  of 
Zinc  was  performed.  The  purpose  of  this  experiment  was  two-fold.  First,  to  determine  if  the  zinc 
amide  was  a  viable  transport  source  for  zinc.  Second,  to  ascertain  the  optimum  decomposition 
temperature  for  this  dopant  precursor,  XRD  (Fig.  2)  patterns  of  films  grown  using  EtzZn  (A)  and 
the  zinc  amide  (B)  are  virtually  identical,  thus  indicating  the  zinc  b/s-amide  compound  is  a  good 
source  for  deposition  of  zinc-containing  materials.  Downstream  monitoring  of  the  zinc  amide 
decomposition  pattern  by  capillary  sampling/mass  spectroscopy  (Fig.  3)  indicated  the  optimum 
region  of  thermal  decomposition  for  this  source  is  -•350“C  to  maintain  the  Zn-N  bond  while  eliminating 
SiMe4. 


Figure  3:  Arbitrary  strength  oi  post-substrate  mass  spectrum  signal  attributed  to  the 
ZnN2^  fragment  of  Zn[N(TMS)2l2  as  a  function  of  substrate  temperature. 
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Figure  4:  Raman  spectra  of  ZnSe  grown  from  H2Se  and  Et2Zn  (A)  or 
H2SeandZn(N(TMS)2}2(B). 
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Having  thus  demonstrated  both  the  capability  of  growing  nominally  undoped  ZnSe  and  the 
viability  of  Zn(N[Si(CH3)3j2)2  as  an  OMVPE  source  compound,  we  directed  our  efforts  at  the 
utilization  of  this  zinc  amide  as  a  dopant  precursor  for  growth  of  p  type  films.  The  basic  idea  was 
to  enforce  retention  of  the  Zn-N  bond  under  growth  conditions.  Previously,  we  had  shown  that  gas 
phase  decomposition  of  the  zinc  amide  proceeded  by  expulsion  of  ■ZnN."’i>  Such  an  observation 
conflicts  with  known  bond  strengths."  Recently,  we  undertook  a  computational  project  aimed  at 
providing  some  insight  into  this  problem.’^  The  bulk  of  the  electron  density  in  the  top  five  occupied 
molecular  orbitals  resides  in  the  trimethylsilyl  groups,  thereby  rendering  both  the  Zn-N  and  Si-N 
bonds  somewhat  weakened.  Also,  we  have  prepared  Zn{N(C(CH3)3SI(CH3)3j)2,  determined  its 
solid  state  structure  by  single  crystal  x-ray  diffraction,  and  examined  both  its  vapor  phase 
decomposition  profile  and  molecular  orbital  bonding  arrangement.'^  just  like  the  b/s-silylamide,  the 
carbido-silylamide  exhibits  a  strong  peak  in  the  MS  attributable  to  the  parent-{ZnN).  The  MO 
scheme  for  this  unsymmetrical  metal  amide  also  indicates  strong  organic  fragment  bonding  at  the 
lop  of  the  filled  levels.  All  of  these  results  point  to  the  potential  for  zinc  amides  to  serve  as  dopant 
sources  lor  electronically  active  nitrogen  incorporation  to  produce  p-type  ZnSe. 

Preliminary  SIMS  data  show  a  strong  peak  assigned  to  SeN,  identical  to  the  one  observed  for 
lon-implanted  (N)  pure  ZnSe.  Raman  spectra  of  nominally  undoped  films  and  films  grown  with 
Zn(NlSi(CH3')3l2}2  as  the  zinc  source  show  several  features  of  interest  (Fig.  4).  As  observed,  the 
intensity  decrease  of  the  longitudinal  optical  phonon  frequency  at  253  cm  '  is  coupled  to  an  intensity 
increase  evident  at  267  cm  '.  Figure  4A  is  a  Raman  spectrum  for  a  film  deposited  only  from  EtzZn 
and  HzSe.  Comparable  data  were  observed  lor  higher  deposition  temperatures.  The  assignment  of 
the  vibration  at  267  cm-',  which  increases  in  intensity  as  the  concentration  of  Zn{N(TMS)2)2  is 
increased,  is  attributed  to  the  coupled  plasmon  LO  phonon  mode  of  pure  ZnSe.  Combining  these 
observations  with  those  of  the  thermal  decomposition  studies  (Fig.  3)  suggests  an  optimum  growth 
temperature  from  the  Zn|N[Si(CH3)3)2)2  of  SSO'C.  This  was  identified  as  the  temperature  for 
maximum  production  of  ZnN.  This  correlation  of  flux  of  species  possessing  a  zmc-nitrogen  bond 
with  the  observed  changes  in  the  Raman  spectrum  gives  confirmation  to  our  suggestion  that 
nitrogen  incorporation  is  occurring  in  the  films.  Future  work  is  aimed  at  obtaining  additional 
supporting  evidence  for  the  "designer  dopant"  approach. 
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ABSTRACT 

Among  II-VI  semiconductors  CdTe  is  the  one  that  can  be  grown  in  better 
crystal  quality.  However  most  of  the  edge  and  near  edge  luminescence 
properties  are  still  to  be  clarified.  CdTe  can  be  obtained  in  both  ^  and 
£  type  and  conductivity  type  conversion  is  obtained  under  heat  treatment. 

In  this  work  we  studied  the  behaviour  of  a  batch  of  CdTe  samples  under 
annealing  in  different  conditions.  We  observed  the  growth  and  destruction 
of  the  1.47  eV  band  and  separated  the  1.47  eV  and  1.43  eV  bands.  We  also 
show  that  these  bands  are  strongly  related  with  the  chemical  stoichiometry. 


INTRODUCTION 

Among  II-VI  semiconductors  CdTe  has  received  a  great  deal  of  attention 
partially  because  of  its  extensive  use  as  a  substrate  in  HgCdTe  infrared 
detectors  among  other  applications  in  solar  cells,  nuclear  detectors [1] 
and  the  growth  of  epilayers.  It  is  also  an  interesting  material  for  use 
in  diluted  magnetic  superlattices  and  optoelectronic  devices.  All  these 
applications  are  very  sensitive  on  the  quality  of  starting  material.  Although 
a  great  deal  of  work  has  already  been  published  few  precise  results  are 
availabe[2,3,4]  and  a  correct  identification  of  most  donor  and  acceptor 
levels  is  still  under  controversy.  This  is  partially  due  to  the  fact  that 
the  quality  of  the  crystals  available  was  in  general  poor  and  frequently 
polycrystals  were  employed.  The  study  of  this  material  is  also  important 
from  the  physical  point  of  view.  It  is  one  of  the  few  II-VIs  that  can  be 
grown  in  both  £  and  £  conductivity  type  and  type  conversion  can  be 
experimentally  induced  and  monitored,  thus  providing  insight  for  the  true 
role  of  intrinsic  defects  in  this  process. 


EXPERIMENTAL  DETAILS 

Low  temperature  (4  -  70  K)  photoluminescence  was  used  to  study  the 
emission  of  CdTe  crystals.  Above  gap  excitation  was  achieved  either  by 
an  argon  laser  (5145  A)  or  with  a  Xe  lamp  followed  by  a  monocromator.  The 
luminescence  was  caught  in  a  90°  geometry,  dispersed  by  a  1700  SPEX  machine 
and  detected  by  a  photomultiplier  tube  with  an  extended  red  cathode.  The 
samples  were  prepared  from  single  CdTe  crystals  grown  by  a  Bridgman  process 
in  different  crystals  orientations,  conductivity  and  sires.  A  batch  of 
more  than  30  crystals  was  available.  The  samples  were  cut  and  mechanically 
polished  or  etched.  The  density  of  etch  pits  was  in  the  order  of  lO^/cm^. 
Annealing  treatments  were  performed  either  in  open  tubes  in  inert  atmosphere 
or  in  closed  quartz  ampoules  and  excess  high  purity  cadmium  overpressure. 
In  all  measurements  a  control  sample  was  kept  for  monitoring  the  experimental 
results. 
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AS  GROWN  CdTe 


Fig.  1  shows  the  spectrum  of  CdTe  at  two  different  temperatures.  It 
is  clearly  seen  the  contribution  of  3  acceptors  to  a  donor-acceptor 
transition  and  a  band-acceptor  transition.  An  impurity  bound  exciton  is 
also  observed  at  60  meV  from  the  conduction  band  edge  as  measured 
spectroscopically  from  the  free  to  bound  transition  energy 

h  u  =  Eg  -  Ea  +  ^  (1) 
and  taking  the  electron  temperature  as  the  lattice  temperature. 


Fig.  1  -  Edge  luminescence  from  CdTe 
a)  4  K;  b)  12  K 


At  higher  temperatures  (Fig.  lb)  the  free  to  bound  transition  dominates 
the  spectrum.  The  energy  of  the  shallow  donor  can  be  estimated  from  the 
separation  of  the  donor-acceptor  band-acceptor  transition  and  the  pair 
mean  separation 

hv  d-A  '  1*  vg-A  -  Eg  +  A 


as  15  meV.  These  results  are  in  accordance  with  previous  publications [5,6] , 
apart  from  the  greater  detail  shown  in  our  low  temperature  spectrum. 


NEAR  EDGE  LUMINESCENCE 

Fig.  2  shows  typical  12  K  luminescence  spectra  of  p  type  CdTe  samples. 
The  spectral  structure  shown  varies  strongly  with  the  resistivity  of  the 
sample  and  within  the  same  sample  the  face  from  which  the  luminescence 
is  colected.  Namely  the  spectra  of  the  same  (111)  sample  with  uniform  EPD 
are  very  different  when  collected  from  face  A  (Cd)  and  face  B  (Te).  The 
spectrum  is  dominated  by  the  donor-acceptor  and  band-acceptor  transitions 
at  1.54  eV  (8061  A)  and  1.55  eV  (8024  A)  followed  by  their  phonon  side 
band  separated  by  s.  21  meV  (the  LO  phonon  energy  is  quoted  as  21.3  meV 
in  CdTe).  In  some  samples  a  line  at  1.59  eV  normaly  identified  as  an  exciton 
bound  to  the  Cu  acceptor]?]  is  also  present.  This  system  is  followed  by 
a  broad  band  that  can  be  deconvoluted  in  two  separate  bands,  one  with  its 
stronger  intensity  at  1.47  eV  with  a  halfwidth  of  "v  8  meV  and  the  other 
peaking  at  1.43  eV  and  -v.  60  meV  wide.  The  zero-phonon  lines  of  these  bands 
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<100> 


Fig,  2  -  Edge  and  near  edge  luminescence  from  as  grown  CdTe 


are  not  clearly  identified.  The  broad  structure  of  these  bands  suggests 
their  origin  as  the  spectral  convolution  of  different  but  closely  related 
defect  clusters.  This  idea  is  supported,,  by  the  experimental  fact  that  the 
phonon  structure  of  the  1.43  eV  (8700  A)  band  could  always  be  evidenced 
by  selectively  exciting  some  defect  clusters  by  varying  the  excitation 
wavelength.  The  1.43  eV  band  has  been  frequently  assigned  to  a  DAP  (Donor 
Acceptor  Pair)  band [5]  while  it  has  recently  been  argued  that  the  1.47  eV 
(8400  A)  band  is  related  with  the  etch  pit  dislocation  density [8]. 


HEAT  TREATMENTS 

Heat  treatments  of  CdTe  are  of  particular  importance  since  the 
stoichiometry  of  the  crystal  can  be  overall  changed  and  it  is  known  that 
higher  temperature  annealing  always  results  in  conversion  of  CdTe  to  n 
conductivity  type,  although  this  process  is  still  not  completely  understood 
specially  due  to  the  fact  that  the  role  of  the  intrinsic  defects  in  the 
process  has  been  most  probably  over  emphasized. 

We  have  performed  a  few  annealing  experiments  under  different  conditions 
to  evaluate  the  behaviour  of  the  broad  near  edge  luminescence  bands.  The 
results  are  shown  in  Figs.  3a)  and  b).  The  results  show  that  the  1.47  eV 
band  can  be  created  by  annealing  in  an  excess  cadmium  atmosphere.  It  was 
also  observed  that  in  samples  containing  the  1.47  eV  band  at  the  starting 
point  the  annealing  of  the  1.47  eV  band  occurs  at  300  C  in  argon  atmosphere 
and  only  at  -u  700  C  in  cadmium  atmosphere. 
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Fig.  3  -  Annealing  behaviour  of  near  edge  broad  bands  in  CdTe 
a)  in  Cd  overpressure;  b)  in  inert  atmosphere 


The  DAP  band  grows  fast  under  annealing  in  argon  atmosphere.  This 
could  work  as  an  argument  in  favour  of  a  Cd  vacancy  related  band.  But  a 
similar  growth  is  also  obtained  in  an  excess  cadmium  overpressure.  In  Fig.  4 
we  show  how  these  two  bands  can  be  separated  by  spectral  subtraction.  So 
the  presence  of  the  donor  species  Cdi  does  not  affect  greatly  the  DAP  1.43  eV 
band. 


Fig.  4  -  The  1.47  eV  (8400  A)  band 
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CONCLUSIONS 

We  have  shown  in  this  paper  that  the  edge  and  near  edge  luminescence 
of  CdTe,  specially  the  presence  of  broad  bands  is  strongly  dependent  on 
the  chemical  stoichiometry,  this  is  specially  clear  comparing  the  sistematic 
differences  shown  by  the  spectra  of  faces  A  and  B  of  (111)  samples.  We 
also  were  able  to  create  the  1.47  eV  band  by  annealing  of  a  p  type  crystal 
in  an  Cd  overpressure  environment.  This  questions  the  idea  that  this  band 
is  correlated  with  EPO  apart  from  the  fact  that  these  extensive  defects 
could  act  as  good  trapping  centres  for  the  Cdi  species  acting  as  a  donor. 
The  1.43  eV  DAP  band  could  not  be  correlated  with  the  presence  of  excess 
cadmium  atoms  and  so  its  assignement  to  intrinsic  defects  is  not  obvious. 
Its  annealing  behaviour  could  equally  well  be  interpreted  in  the  basis 
of  the  native  defects,  this  would  explain  the  raise  of  the  1.43  eV  band 
obtained  by  Taguchi  et  al  [7]  near  the  interface  of  epilayers  CdTe/GaAs. 
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ABSTRACT 

High  quality  epitaxial  fdms  of  ZnSe  and  ZnSe/ZnS  strained  layer  superlattices  (SLS)  have 
been  grown  on  (100)  GaAs  substrates  using  diethylZinc,  diniethylSelenide,  diethylSelenide, 
and  propyleneSulfide  as  reagents  in  both  atmospheric  and  low'  pressure  environment.  This 
source  combination  produces  the  results  showing  the  inOuence  of  process  conditions,  such  as 
reagent  flow  ratio  (fvi/f|i)  and  substrate  temperature,  on  the  film  stoichiometry,  surface 
morphology,  and  crystalline  quality.  1  ow  temperature  photoluminescence  (PL),  Rutherford 
backscattering  spectrometry  (RBS),  cross-sectional  TEM,  and  x-ray  diffraction  have  been  used 
to  chttracterize  the  films.  Photoluminescence  studies  at  2.8  K  on  samples  of  ZnSe/ZnS  strained 
layer  superlatlices;  10  periods  ZnSe(l  .5  nm)/ZnS(8.5  nni),  have  shown  quantum  size  effect 
with  the  peak  energy  blue-shifted  to  3.03  eV  with  the  FWHM=73  meV.  Atomic  force 
microscopy  (AFM)  was  applied  to  study  surface  morphology  of  multilayer  samples. 


INTRODUCTION 

In  the  past  decade,  the  improvements  in  epitaxial  growth  of  ll-Vl  compounds  by  MCX^VD 
and  MBE  techniimes  (l-ll  have  generated  vivid  interests  in  the  application  of  these  materials  to 
optoelectronics  devices,  i.e.,  mainly  visible  laser  diodes  and  non-linear  devices  like  second 
harmonic  generators.  Some  recent  success  |5-7|  in  prototype  devices  based  on  superlattices  and 
multiple  quantum  wells  of  ZnSe/ZnS.  ZnSSe/ZnS,  and  CdZnSe/ZnS  has  shown  great  potential 
of  this  family  of  materials  in  device  applications. 

Crystal  growth  of  these  materials  is  still  not  perfect.  The  strains  between  different  layers 
due  to  lattice  mismatch  often  pose  an  instability  concern.  Rough  surface  morphology  is  of  great 
concern  in  the  growth  of  ll-Vl  compounds  |l|.  The  rough  growth  front  causes  the  usually 
observed  wavy  interfaces  in  ll-Vl  superlatlices.  which  causes  the  broadening  of  luminescence 
emission  peak  |8-9|  and  weak  x-ray  satellite  peaks  The  present  study  is  focused  on  the 
epitaxial  growth  of  stoichiometric  nim  and  the  influence  of  process  conditions  on  the  surface 
morphology  and  interlace  abruptness. 


EXPERIMENTAL 

Samples  were  grown  in  a  horizontal  quart/,  reactor  using  diethylZinc.  diniethylSelenide, 
diethylSelenide,  and  propyleneSulfide  as  reagents  in  bolh  atmospheric  and  low  pressure 
environment.  1  he  range  of  growth  temperatures  varied  from  4(K)"C  to  475°C.  The  pressure 
was  kept  at  94  torr  for  the  ZnSe/ZnS  SLS  growth.  Reagents  were  mixed  in  a  fast  switching  unit 
before  facing  the  substrate.  GaAs  substrate  was  prepared  by  standard  solvent  cleaning,  then 
etched  for  2  minutes  in  a  mixture  of  I  pan  Dl  water,  1  pan  hydrogen  peroxide,  and  5  parts 
sulfuric  acid.  Before  growth,  substrate  was  thermally  treated  at  54()‘’C  for  10  minutes  in 
hydrogen  environment. 

The  PL  was  excited  by  the  UV  line  of  a  He-Cd  laser  and  delected  with  a  Spex  double 
monochromator,  and  the  liquid  helium  dewar  temperature  was  maintained  at  2.8  K  through 
pumping.  A  Picker  full-circle  single  crystal  diffractometer  was  used  to  obtain  x-ray  diffraction 
curve.  The  alignment  of  diffractometer  was  achieved  by  maximizing  the  GaAs  (400)  reflection 
intensity.  Study  on  small-scale  surface  morphology  used  a  Nanoscope  II  by  Digital  Instruments 
to  .scan  1  pm  x  Ipm  area  on  the  .sample. 
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RESULTS  AND  DISCUSSIONS 


Growth  of  ZnSe 

PL  measurements  at  2.8  K  of  ZnSe 
layers  (Fig.  I  (a))  showed  a  strong  near 
band  edge  (NBE)  peak  at  2.802  eV  and 
relatively  weak  deep  level  (DL)  emission 
band  between  2.0  and  2.2  eV,  which  is 
characteristic  of  a  good  quality  ZnSe  film 
[10].  The  detailed  structure  of  NBE  peaks 
was  resolved  by  performing  a  narrow  PL 
scan  on  the  same  film  (  Fig.  1  (b)).  The 
peak  identities  were  assigned  based  on  peak 
energies,  which  were  very  close  to  the 
values  people  reported  earlier  [11-12].  The 
relatively  strong  free  excitonic  peak  is  at 
2.802  eV.  The  strongest  peak  at  2.798  eV  is 
due  to  bound  exciton  with  neutral  donor,  as 
neutral  donor  is  shallower  in  bandgap  than  (b)|| 
neutral  acceptor.  No  transition  due  to  bound 
exciton  with  neutral  acceptor  was  observed 
from  this  sample.  A  weak  emission  peak  at 
2.787  eV  was  believed  to  be  associated  with 
bound  exciton  and  ionized  acceptor. 

The  donor-acceptor  pair  (DAP)  is 
clearly  shown  on  the  spectrum  with  the  peak 
energy  of  2.702  eV,  and  also  three  phonon 
replicas  associated  with  it,  each  of  31  meV 
[1  Ij.  Since  no  dopants  were  added  during 
growth,  it  is  believed  the  donor  is  associated 
with  Gazn.  and  the  acceptor  is  due  to  Asse 
[13|.  From  this,  it  is  obvious  interdiffusion 
had  occurred  at  the  interface  between  film 
and  substrate,  whitb  people  observed  before 
[llj. 

The  result  of  Rutherford  backscaltering  spectrometry.  Fig.  2,  gave  a  5.2%  minimum  yield 
on  the  same  film,  which  is  lower  than  the  value  reported  by  Ohmi  et  al,  [14].  The  x-ray 
diffraction  curve  in  Fig.  3  of  a  4(X)nm-thick  film  showed  a  narrow  (4(X))  ZnSe  film  peak  and 
two  substrate  peaks,  indicative  of  good  epitaxy  and  crystallinity.  The  FWHM  of  the  ZnSe  (400) 
peak  was  measured  to  be  0. 1  degree,  and  the  FWHM  of  the  substrate  peak  was  0.06  degree. 


ttAVSLCNOTn. 


Hg.  1  (a)  A  phoioluininescence  specinun  of  a 
good  quality  ZnSe  film  showing  NBE 
and  DL  peaks,  (b)  Narrow  scan  of  the 
same  film. 


Fig.Z  An  RBS  ipectrum  gave  5.2%  minimum  yield  of  a 
good  quality  ZnSe/GaAs. 


Fig.  3  An  x-ray  diffraction  curve  showing  ZnSe  (400) 
reflection  al  Z-theta  u  66.13°. 
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A  cross-sectional  transmission  electron  micrograph  (Fig.  4)  showed  coherent  growth  of 
ZnSe  on  the  substrate.  Some  stacking  faults  appeared  in  the  film  and  the  interface  seemed 
smooth. 


f'. 

ZnSe 

1 — 1 

1.3  nm 

GaAs 

Fig.  4  A  aaiismtssion  electron  micrograph  showing  the  cross  section  of  ZnSc  grown  on  (100)  GaAs. 


The  surface  morphology  of  a  good  quality  ZnSe  film  was  usually  faceted  and  textured,  and 
the  degree  of  facetedness  depended  on  fsc/fzn  The  texture  was  usually  toward  <01 1>  direction, 
as  also  observed  by  the  other  researchers  [15|.  A  schematic  diagram  shown  in  Fig.  5  (a)  was 
adopted  to  explain  the  facet  formation  on  the  surface.  The  scanning  elecnon  micrograph  in  Fig. 
5  (b)  is  a  typical  cross-sectional  view  of  a  crystalline  ZnSe  film. 
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Fig.  5  Cross-scciional  view  of  faceted  surface  morphology  of  ZnSc  (a)  a  schcmalic  (b)  SEM. 


The  effect  of  fse/fzn  on  surface  morphology  is  shown  in  Figure  6;  fse/fzn=8  yielded  the 
smoothest  surface,  while  fsc/fzn=4  yielded  the  roughest  surface  among  the  ll^ee  samples.  It  was 
pondered  that  since  diethylZinc  and  dimelhylSelenide  were  used  as  precursors  in  the  film 
growth,  and  ethyl  molecules  decomposed  easier  than  methyl  molecules,  the  Zn  atoms  left  on  the 
growth  front  quickly  settled  down  due  to  its  lower  vapor  pressure  (larger  .sticking  coefficient) 
in  the  growth  conditions  of  small  .  thus  enhanced  facet  formation.  The  observation  of 
increased  growth  rates  with  decreased  fsoff/n  also  suppons  this  argument. 


Fig  6  Errctl  of  fsc/f/n  "n  ZnSs  surfKC  moiphology  (»  fSc/tZn=<  (b)  fSe/fZn=5  (c)  fSt/fZn=8.  Growth 
tcmperaiure  is  450*^0. 
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Growth  of  ZnSe/ZnS  SLS 

Low  temperature  PL 
measurements  performed  on 
ZnSe/ZnS  SLS  yielded  very  strong 
blue  emission.  A  typical  luminescence 
spectrum  is  shown  in  Fig.  7(,a), 
which  was  obtained  from  a  sample  of 
single  quantum  well  grown  at  450’C. 
The  peak  energy  is  3.025  eV  and  (he 
ZnSe  well  thickness  is  estimated  to  be 
1.5  nm  (31.  The  red  shift  of  peak 
energy  due  to  increased  well 
thickness  is  observed  in  Fig.  7(b), 
which  was  obtained  from  a  sample 
grown  at  the  same  conditions  as  (a), 
except  that  the  growth  time  of  well 
layer  was  increased  from  75  sec  to  95 
sec.  The  peak  energy  in  (b)  is  2.924 
eV  and  the  corresponding  well 
thickness  is  estimated  to  he  .3  nm  1 3|. 
The  quantum  size  effect  is  cleaiK 
obsersed  on  the  ivso  samples. 

We  also  investigated  the  issue  of 
interface  roughness  |9|  by  growing 
multiple  quantum  wells  (MQW) 
structures  (Fig,  7(e).t,  'rhere  were  10 
periods  ZnSe  (1.5  nm}/ZnS  (H.5  nm) 
in  this  sample  and  the  growth 
conditions  were  the  same  as  (a),  'fhe 
peak  energy  of  (c)  is  3.075  eV.  but 
the  FWUM  is  increased  from  bX.7 
meV  (in  (a))  to  1 16.S  meV,  which  is 
a  sign  of  increased  interface 
roughness  between  Zn.Se  and  ZtuS 
layers.  In  order  to  soKe  this  problem, 
a  brief  iruerrupiutn  of  the  laser 
growth  with  group  V!  overpressure  m 
the  growth  chanilxT  was  applied. 

The  pnK'edure  was  that  instead 
of  only  hydrogen  purge  between 
different  layer  growth,  ilte  group  VI 
source  continuously  flowed  for  a 
brief  momeni  after  the  growth,  then 
followed  b\  pure  hydri>gen  purge.  It 
was  in  the  hope  that  during  the  step  of 
th'wing  gri)up  VI  source,  the 
inierfaee  would  be  smoothened  out. 
riic  prelirninarv  resull  is  shown  in 
l  ig.  7(d).  which  was  obtained  from 
a  sample  of  10  periods  /nSc/Zn.S 
with  the  same  growth  conditions  as 
(c).  The  peak  energy  of  this  sample  is 
.V027  eV  and  the  FWHM  is  7>  mcV. 
And  both  values  arc  very  close  lo 
those  of  the  single  QW  sample  ta). 
which  is  a  very  encouraging  sign. 
'I  he  origin  of  fringes  on  this  emission 
peak  IS  not  clear  at  this  moment 


I  QW  of  ZnSe  (3  nm)/ZnS  (8.5  nm) 
Peak  energy  =  2.924  eV 
FWHM  =  68.3  meV 


98  »  44  b  &C  & 
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Fig.  7  Low  tcmpcraiure  PL  showing  excitonic 

emission  peaks  of  4  cases  of  ZnSe/ZnS  SLS. 
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Atomic  torce  microscope  is  a  powertul  tool  to  investigate  minute  changes  of  surface 
morphology  ( 16],  which  are  too  important  information  in  crystal  growth  to  be  neglected.  The 
improvement  in  morphology  is  the  key  to  monolithic  integration  of  optoelectronic  devices 
consist  of  groups  IV,  III-V,  and  ll-Vl  semiconductors.  Some  lineplots  of  the  result  are  shown 
in  Fig.  8.  The  scanned  area  is  1  pm  by  1pm.  The  smiwihest  surface  was  (a)  among  the  three 
samples,  which  is  expected  tor  a  single  QW  sample.  Textures  or  hillocks  were  appeared  on  (b) 
and  (c).  I  he  influence  ot  growth  temperature  on  surface  morphology  was  also  observed. 


I  QW  ot  ZnSc  (3  «n)/ZnS  (8  5  nm) 
Growth  lenimiure  *  4S(X' 


»OOW>ofZf.5€/ZiiS 
Cn>»ih  <crT>per«ii,ir(  «  42l>C 


lOQWi  of  ZflSf  (I  5  nm>/Z/<S  t8  S  nmi 
Growth  lempcTWurc  *  450f<. 


Fig  S  AFM  lineplots  of  surface  morphologies  of  three  cases  of  ZnSe/ZnS  quantum  well 
sinictures. 
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CONCLUSIONS 

We  have  investigated  the  stoichiometric  and  crystalline  properties  of  epitaxial  ZnSe  film  on 
GaAs  substrate.  Interdiffusion  between  film  and  substrate  was  observed.  With  proper  control 
of  group  VI  to  II  ratio  in  the  growth  process,  it  is  possible  to  grow  smooth  films  of  good 
quality.  The  quantum  size  effect  was  confimied  on  7.nSe/ZnS  SLS  and  the  interface  abruptness 
could  be  improved  with  growth  interruption  under  the  overpressure  of  group  VI  source.  Atomic 
force  microscopy  reveals  very  small-scale  variations  of  surface  morphology,  which  can  give 
some  insight  of  growth  kinetics. 
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THE  APPLICATION  OF  LAMMA-1000  TO  THE  ELEMENTAL  ANALYSIS 
OF  CdTe  COMPOUND. 
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Institute  of  Rare  Metals,  B . To Inachevsky  per.,  5,  109017  Moscow, 

Russ  i  a 


ABSTRACT 

Data  from  nunerous  LMMS  analysis  of  specinens  of  a  polished 
sample  of  CdTe  crystal  are  treated  statistically  to  estimate  the 
accuracy  and  reproducibility  of  quantitative  analysis.  The  data 
are  consistent  with  the  instrument  producing  a  fixed  condition 
in  plasma  for  a  given  laser  power.  The  plasma  chemistry  is  shown 
to  control  the  conditions  reached  in  the  plasma  for  a  given 
powe  r . 


INTRODUCTION 

The  aim  of  current  work  is  to  establish  methods  for  dealing 
with  the  data  relating  to  major  element  concentrations  in  a 
compound,  and  to  provide  some  idea  of  the  accuracy  and 
reproducibility  achievable.  The  results  are  also  used  to  provide 
an  insight  into  the  effects  of  specimen  composition,  and  hence 
plasma  chemistry,  on  the  behaviour  of  plasma. 


MATERIALS  AND  METHODS 

Two  kinds  of  CdTe  crystals,  which  were  as-grown  undoped  p- 
type  and  annealed  n-type  crystals,  used  in  the  present  research, 
were  grown  from  Te-rich  melt  by  the  Bridgmen  method.  Polished 
1  X  1  X  0.1  cm^  samples  with  resistivity  (0.5-2. 5)  10^  Ohm  cm, 
mobility  (40-80)  cm^V'^s'*  and  carrier  concentration  10^^- 
-10^®  cm’2  at  room  temperature  were  used  by  us.  The  polished 
surfaces  were  (III)  faces. 

The  work  was  carried  out  on  a  Leybold  AG  LAMMA-1000 
Instrument.  Each  specimen  was  analysed  using  a  series  of 
increasing  laser  powers  with  analyses  taken  at  ten  locations  to 
reduce  variability  due  to  surface  roughness. 

Peak  areas  were  measured  using  the  LAMMA  software,  with  a 
correction  to  allow  for  electron  multiplier  saturation  at  high 
signal  levels  [Ij.  Peak  areas  of  elements  were  plotted  against 
total  area  as  in  Fig.l.  The  measured  percentage  could  be  found 
from  the  slope  of  the  line  so  produced. 


RESULTS  AND  DISCUSSION 

Strong  correlation  was  found  between  the  various  elemental 
ion  yields  (peak  areas).  This  can  be  shown  both  by  simple  error 
analysis  and  also  by  plots  of  the  type  shown  in  Fig.  1.  This 
figure  also  shows  that,  at  a  given  power,  there  is  a  linear 
relationship  between  the  elemental  area  and  the  total  ion  yield. 
It  appears  that,  within  experimental  error,  the  measured 
percentage  of  any  element  is  constant  at  each  power. 

Mat.  Rat.  Soc.  Symp.  Proc.  Vot.  242.  <  1992  Malarialt  Raaearch  Society 
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Fig.  1.:  Variation  in  eleaental  ion  yields  with  total  ion  yield 
for  the  elements  in  CdTe  at  a  laser  power  of  3  (respect  to 
threshold  power). 


The  elemental  percentages  derived  from  the  slopes  in  such 
plots  (calculated  by  least -squares  analysis)  can  have  standard 
errors  typically  0.5-2%,  but  can  be  as  low  ns  0.3%.  The  error  is 
related  to  the  laser  power  and  hence  to  total  ion  yield;  larger 
number  of  ions  improve  the  statistics.  These  percentages  can  be 
used  to  establish  working  curves,  and  the  errors  indicate  that 
accurate  quantification  is  possible,  provided  sufficient  results 
are  obtained. 

The  above  measured  percentages  can  also  be  expressed  as 
correction  factors  for  a  given  elemental  ratio.  The  correction 
factor  is  the  multiplicative  factor  used  to  correct  an  ion  yield 
ratio  to  a  concentration  ratio. 

It  has  been  shown  that  the  temperature  is  a  function  of  the 
laser  power  dencity  [2,3],  and  so  it  can  be  assumed  that  the 
correction  factor  depends  on  laser  power  (4).  Hence,  it  appears 
that  a  given  incident  laser  power  produces  a  fixed  set  of  plasma 
condit ions . 

The  variation  of  the  correction  factor  for  CdTe  with  power 
is  shown  in  Fig. 2.  The  correction  derived  from  CdTe  increases 
and  asymptotically  approaches  a  value  close  to  0.4  at  relatively 
high  powers.  Growth  of  the  correction  factor  with  power  can  be 
explained  by  relationship  of  the  ionisation  potentials  of 
elements  (IP(Cd)  is  less  than  IP(Te)).  It  is  shown  in  Fig. 2  that 
correction  factor  is  constant  and  far  from  unity  at  high  laser 
power.  So  it  can  be  assumed  that  plasma  conditions  (principally 
the  electron  temperature  and  density)  are  not  varied  with  power 
and  charge-to-neutral  ratio  for  Te  is  also  considerably  less 
then  unity. 
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Fig.  2:  Relationship  between  Cd/Te  correction  factor  and  laser 
power  for  the  CdTe. 


CONCLUS  ION 

This  work  shows  that,  for  CdTe  investigated,  the  neasured 
ratio  of  the  elements  present  is  constant  for  a  given  incident 
laser  power.  This  ratio  can  be  measured  with  accuracy  as  high  as 
0.3%  standard  error,  indicating  that  quantification  with  good 
accuracy  is  possible.  The  plasma  chemistry  has  a  major  effect, 
but  only  as  the  plasma  conditions  produced  by  a  given  laser 
power  are  altered.  However  plasma  conditions  for  CdTe  slightly 
vary  beginning  from  some  given  laser  power.  The  relationship 
between  plasma  conditions  and  elemental  ratios  is  constant. 
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ABSTRACT 


The  semiconductors  of  zinc  blend  structure  are  promising 
candidate  materials  for  numerous  experimental  and  theoretical 
investigations.  In  recent  years,  considerable  effort  has  been 
made  to  study  the  lattice  infrared  absorption  spectrum  of  II-VI 
compounds,  renewed  interest  has  been  ta)cen  in  CdTe  owing  to  its 
relatively  high  electro  -  optic  coefficient  in  the  near 

infrared.  In  addition,  its  nonlinear  response  to  two-phonon 
absorption  in  the  infrared  region  is  of  interest  because  the 
material  is  transparent  in  this  spectral  region. 

A  high  quality  CdTe  bulk  crystal  is  a  very  promising 
semiconductor  for  gamma-ray  detectors  operating  at  room 
temperature  [1]  and  is  a  technologically  important  material 
with  applications  in  solar  cells  and  infrared  focal  plane 
technology.  In  the  latter  it  is  an  end-point  constituent  of  the 
HgTe-CdTe  alloy  system,  a  commonly  used  substrate  for  thin  film 
growth,  and  a  promising  passivating  overlayer  for  HgCdTe 
photodiodes.  The  electrical  properties  of  CdTe  are  dependent 

upon  the  growth  method  and  chemical  impurities.  Nominally 

undoped  material  is  generally  insulating  (  resistivity  > 
10'  Jl  ’em)  with  electrical  properties  controlled  by  deep  trap 
levels  associated  with  native  defects  and  defect-impurity 
complexes.  Added  dopants  may  yield  low-resistivity  n-  or  p- 

type  material  [2]  . 

The  CdTe  valence  band  consists  of  heavy  and  light  holes 
which  are  degenerated  in  the  center  of  Brillouin  zone,  P -point. 
In  this  case  we  can  expect  a  resonant  behaviour  of  dielectric 
function  caused  by  heavy-light-hole  subband  transitions 
VI -^V2  within  valence  band  E^.  It  takes  place  in  the  spectral 
region  corresponding  to  the  crossing  V1V2  with  Fermi  level 
energy. 

The  far-infrared  transmission  (TR)  spectra  were  measured 
with  BRUKER  -  113v  Four ier-transform  spectrometer.  The  spectral 
range  was  from  20  to  5000  cm  and  the  resolution  was  1  cm”^’ 
The  accuracy  for  determination  of  the  TR  coefficient  was  better 
than  0,2%.  All  samples  were  measured  in  the  temperature  range 
of  (4,2  -  500)  K.  The  more  interesting  was  the  fenomena  taking 
place  at  low  temperatures  when  the  electron  system  is  almost 
degenerated  but  we  must  take  into  account  the  finite  charge 
carrier  temperature. 

It  has  been  demonstrated  that  the  consideration  of  the 
influence  of  valence  band  isoenergetic  surface  corrugation 
on  £(u})  allowed  us  to  discribe  the  wavelenght  dependence  of 
absorption  coefficient  at(cj)  and  to  determine  the  optical 
effective  heavy-hole  /7Z*  mass. 

Htt 
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p-type  and  annealed  n-type  crystals,  used  in  this  work  were 
grown  from  Te-rich  melt  by  the  Bridgman  method.  Polished, 
1'1‘0,1  cm^  with  resistivity  (0, 5-2, 5)  •  10^  .^1  "cm,  mobility  (40- 
80)  cm^V~^s”^  and  carrier  concentration  -10^^  -  10^“  cm“^  at 

room  temperature  were  used  in  this  study.  The  polished  surfaces 
were  [111]  faces. 

Figure  1  shows  the  result  of  5K-temperature  optical 
transmission  measurements  on  the  samples  studies.  Samples  with 
low  carrier  concentration  are  more  transparent  in  FIR  up  to 
multiphonon  absorption.  The  second  sample  series  have  strong 
intersection  in  the  region  (500-2000)  cm"^. 

It  is  seen  from  the  figure  2  that,  at  temperatures  T=(5- 
400)  K,  all  curves  of  aL^({i),T)  are  crossing  practically  at  one 
point.  At  the  same  time  this  crossing  point  has  displaced 
according  degenerancy  varing.  We  thus  conclude  that  fact  should 
be  associated  with  the  heavy  holes  -  light  holes  interband 
absorption  which  can  be  calculated  according  to: 


^2 


(1) 


where  rrif  and  fTlg  are  effective  mass  of  light  and  heavy 
holes,  correspondently .  In  the  case  of  the  , 
where  Eq  is  the  characteristic  hole  energy:  EQ=kT  in  the  non¬ 
degenerate  case  (  k  is  the  Boltzmann  constant  )  and  Eq  is  equal 
Fermi  energy  Ej  in  degenerate  area  the  image  part  of 
can  be  expressed  as:  (((•>) 


Fig.l.  Transmittance  spectra  of  the  samples  with 
high  (2)  carrier  concentration  at  5K  temperature. 


low  ( 1 ) 


and 


Here  ^ (Jl )  is  the  integral  of  wave  function  overlapping: 

f  ■ 

li 

/f-rt./s  are  Luttinger  parameters. 

Note  that  if  we  neglect  the  valence  band  corrugation  and 
if  Ica.)--f  the  functional  dependence  of  Vl  ->V2  absorption 
coefficient  on  T  is  expressed: 


Here  CO  is  frequency,  ^  is  the  refractive 
index.  We  used  the  approximation  for  the  dependence  of  Ej  on 
T  given  by: 


£/c  ^ 


If  we  take  into  account  that  valence  band  corrugation  will 
lead  to  essential  change  of  high  frequency  edge 
of  Z rri  cO)  shape. 

On  the  condition  that  jx 

^  Jir£dLK^i£l± 

A-/ 

numerical  calculation  for  -/"-w  SfcJj  shows  that  in  the  case  of 
the  valence  band  isoenergetic  suface  corrugation  holes  are 
excited  from  states  in  the  direction  of  the  quasi-roomentum 
corresponding  the  largest  hole  masses. 
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edge. 

In  Fig. 3  are  shown  the  experimental  transmission  spectra 
of  CdTe  sample  at  various  temperatures.  In  the  presentn 
approach  (eg. 4)  we  made  numerical  calculations  using  following 
values  of  CdTe  crystal  parameters:  =9,0 '10'°  eVem  (the 

matrix  element  of  the  V-  and  C-  zones  interaction) , /7^'=0, 7 • m^ , 
Ejq  =  E  /25.  Here  rrtg  -  is  the  free  electron  mass,  Eg  -  is 

the  band  gap  energy.  For  the  above  parameters  we  got  the  best 
fit  with  experimental  spectra.  In  that  temperature  interval 
Fermi  level  has  taken  following  positions:  65  meV  at  T=5K  till 
39  meV  at  T=405K  from  the  valence  band  edge.  We  noted  that  the 
spectra  crossing  point  is  displaced  according  variation  E^q  at 
(5-400) K.  For  understanding  the  nature  of  that  physical 
phenomenon  we  must  calculate  free  charge  carrier  concentration. 
At  300K  we  find  the  heavy  hole  concentration  (HHC)  =  2,63  • 

10^®  cm“®  and  light  holes  1,42" IQI'  cm"®;  at  78K  this  values 
are:  HHC=1 , 53 ‘ lO®’  cm'®  and  8,80‘lol^  cm"®,  correspondently .  On 
the  other  hand,  we  can  verify  the  above  result  using 
reflectivity  spectra  and  obtained  plasma  freguency 
c/)fi  meaning.  It  must  be  equal  66  cm'®  and  2  cm  ®  at 

T=300K  and  T=78K,  correspodently .  From  experimental  optical 
reflection  spectra  we  have  found  cdp  predicted  by  the  theory. 


Fig. 2.  Calculated  spectra  of  VI  V2  absorption  at  T=5K  -  400K. 

The  theoretical  analysis  shows  that  two  crossing  points 
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The  theoretical  analysis  shows  that  two  crossing  points 
must  exist:  the  first  is  described  above  and  the  second  is 
within  spectral  region  it)  -350  cm~^.  Our  calculated  results 
agree  quite  well  with  the  experimental  data  from  transmittance 
spectra  of  some  cdTe  samples;  there  are  some  difficulties  in 
that  spectral  region  because  at  the  same  time  multiphonon 
processes  take  place  here.  So  the  obtained  calculation  results 
are  valid  for  description  the  phenomena  of  far  infrared 
spectral  and  temperature  absorption  coefficient 
dependences  of  crossing  point. 


Fig. 3. The  experimental  transmittance  spectra  of  CdTe 
crystals. 
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Abstract 

We  examine  native-defect  compensation,  solubility  limits,  and  dopant  self-compensation 
in  ZnSe.  Our  results  are  based  on  a  formalism,  using  first-principles  density-functional 
theory,  that  treats  dopant  atoms  and  native  defects  on  an  equal  footing.  For  the  rase  of 
acceptor  doping  of  ZnSe  with  Li,  we  find  that  compensation  due  to  interstitial  Li  donors  and 
to  native  donor  defects  can  be  reduced  to  a  tolerable  level  by  carefully  adjusting  the  growth 
conditions.  A  more  serious  impediment  to  Li  doping  comes  from  the  solubility  limit  of  Li  in 
ZfhSe. 


1.  Introduction 

Wide-band-gap  semiconductors  have  important  optoelectronic  applications.  ZnSe  (Eg 
=  2.6  cV),  for  example,  can  be  used  to  make  a  blue  semiconductor  laser.  Greater  use  of 
wide-band-gap  materials  has  been  hampered  by  doping  difficulties:  very  few  wide-band- 
gap  semiconductors  can  be  doped  both  n-type  and  p-type.[l.  2.  3]  For  instance,  ZnTe  and 
diamond  »  an  be  doped  p-type  much  more  easily  than  n-type,  while  other  wide  band-gap 
materials  can  be  readily  made  n-type  but  not  p-type.  In  spite  of  recent  reports  of  well¬ 
conducting  p-type  ZnSe, (4,  5|  the  causes  of  the  doping  problems  remain  unclear. 

In  the  past,  native-defect  comp^'i^sation  was  the  most  widely  accepted  explanation  of 
the  doping  problems  in  wide-band-gap  semiconductors. (6,  7)  According  to  the  native-defect 
mechanism,  when  acceptors  are  added  to  ZnSe,  the  dopants  arc  compensated  by  the  sponta¬ 
neous  formation  of  native  donor  defects.  The  energy  cost  to  form  the  native  defects  would  be 
offset  by  the  energy  gained  when  electrons  arc  transferred  from  the  donor  levels  of  the  native 
defects  to  the  Fermi  level  (which  is  near  the  valence  band  in  p-type  material).  If  the  native 
donor  defect  levels  are  near  the  conduction  band  edge,  then  the  energy  gained  by  electron 
transfer  would  almost  equal  the  width  of  the  band  gap  (Fig.  1 ).  Consequently,  native  defect 
compensation  wouhl  become  more  likely  a.s  the  band  gap  is  incrca.sed.  n-type  doping  of  ZnTe 
and  diamond  would  be  compensated  by  native  acceptor  defects  that  transfer  their  holes  to 
the  donor  dopant.s.  The  ap|>eal  of  native  defect  compensation  is  its  universality — it  applies 
to  all  wide-band-gap  materials,  all  growth  methods,  and  all  dopants.  Were  the  native  defect 
picture  correct,  there  would  be  little  room  for  optimism  about  the  doping  of  wide-band-gap 
materials:  compensation  would  be  a  fundamental  thermodynamic  process  that  would  be 
almost  impossible  to  avoid. 

We  present  a  theoretical  investigation  of  native-defect  compensation  In  ZnSe.  Using  first- 
principles  pseudopotentials  and  density  functional  theory,  wc  calculate  the  total  energies  of 
all  native  point  defects  in  ZnSe.  The  total  energies  are  used  to  determine  defect  concen¬ 
trations  as  a  function  of  the  chemical  environment  and  the  Fermi  level.  We  find  that  only 
minute  concentrations  of  native  defects  arc  induced  in  stoichiometric  p-type  ZnSe.  Poor 
control  of  stoichiometry  could  lead  to  significant  concentrations  of  compensating  defects. 
Some  of  tliese  results  were  publi.shed  previously. (8|  These  results  are  good  news  in  that  they 
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Coiuluction  hand 


Native  <iefect  lov(*l 


Fermi  level 


X'aience  han<l 


I'inun'  1;  Native  deffM  I  coinjx'nsat ion  in  a  \  ly|)<  soinicoiulnctor.  A<'<’or(ling  U>  llu'  nalivr 
t  m(‘<  lianisnK  native  donor  defects  ar<*  formed  in  \vided>aii<l*gap  semicondtictors.  These 
deh’cts  gain  hack  imiclt  of  their  energy  of  formation  hy  transferring  electrons  from  defect 
levels  near  th<*  cotidii<  lion  hand  to  tlie  l-'erini  level  near  the  valence  hatnl.  The  energy  gain 
line  to  el(‘ctron  traush'r  can  he  of  the  order  of  the  hand-gap  energy. 

“^liow  tliat  il  is  possible,  in  f>riticiph‘,  to  produce  wellMomliicting  p  tyj)e  ZnSe.  lint  they  still 
do  not  e.>;plain  why.  in  practice,  il  is  hard  to  make  p-type  /nSe. 

lo  examine  t  his  (juesi  ion.  we  go  h<*yond  the  results  for  native  <lefects  in  /nSe  and  exam- 
in<‘  t  he  Ix'havior  of  specific  doping  systems.  We  study  the  <loping  of  ZnSe  with  hi  acrt'piors. 
using  a  formalism  t  hat  applies  our  first -principles  calculations  to  hot  h  the  nat  ive  <lefefis  and 
tlie  dopant  atoms,  With  this  formalism  wo  ad<lress  thre<*  potential  problems:  (1)  <‘omp<'ti- 
safton  f)f  snhstitntiojial  Id  acceptors  by  iiit<’rstitial  hi  <l(>nors,  (2)  c<>mp<*nsat ioti  by  native 
defects  caused  by  deviatiotis  from  stoic huunetry.  and  (d)  the  solubility  liiitilsof  hi  in  /nSe.|d] 
Our  results  sljow  that  irilc-rstitial  hi  ami  native  defect  compensation  are  not  a  seriotis  prol)- 
iem  when  growth  conditions  are  o[>timized.  Solubility  limits,  however,  litnit  the  total  hi 
(oneenfration  t(;  the  10‘^  10’^  ctn'^  raiige. 

2.  Thermodynamic  Formalism 

III  this  section  we  present  a  ( hertnodynamir  formalism  lliat,  using  tlu'  results  of  first - 
))rinciples  total-energy  calculations,  delerinines  defect  and  dopant  concentrations,  the  Fermi 
level,  and  (lopant  s«iluhilit ies.  as  a  function  of  the  growth  conditions.  The  concentrations 
of  nativi*  defec  ts  in  a  comj>oimd  seinicondnctor.  and  of  dopants  in  any  semiconduclor,  are 
a  function  not  only  of  the  semiconductor  system  it.self,  hut  also  of  the  surrounding  envi¬ 
ronment.  rii<‘  formalism  provide.s  a  cpianlitative  way  of  dealing  with  the.se  environmental 
effec  Is.  Although  we  apply  it  here  to  the  specific  ras<‘of  hi  in  '/nS<\  the  formalism  is  general 
and  can  he  applic’cl  t(j  any  dctpanl  and  host  semiconductor. 

The  slrcMigtli  of  the  formalism  is  that  it  Ireat.s  both  the  native  point  defects  and  the 
dopants  on  atj  ecpial  footing.  We  will  give  a  preci.se  definition  of  the  formation  energies 
for  defec  ts  and  dojjants  and  show  how  they  depend  on  the  rheinical  environment,  using  hi 
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doping  of  ZnSe  as  a  concrete  example.  The  total  energies  of  both  native  and  dopant  defects 
are  calc\dated  using  a  supercell  approach,  using  separate  calculations  for  each  charge  state 
of  each  defect. 

While  the  total  energies  of  a  defect  supercell  can  be  calculated  directly,  determining 
defect  formation  energies  is  more  complicated.  Formation  energies  depend  on  the  relative 
abundance  of  Zn,  Se,  and  Li  atoms  in  the  environment.  These  dependences  are  handled  by 
introducing  the  chemical  potentials  of  Zn,  Se,  and  Li:  /izn»  and  pLj.  The  Zn  chemical 
potential  is  the  energy  of  a  reservoir  of  Zn  atoms  in  equilibrium  with  the  system.  Zn  atom 
statCvS  with  energy  more  than  a  few  below  will  be  filled,  while  those  more  than  a 
few  k'^T  above  pzn  will  be  empty.  Thus  a  high  value  of  pzn  will  correspond  to  a  Zn-rich 
environment,  and  a  low’  value  to  a  Zn-poor  environment.  The  formation  energies  of  the 
native  defects  are  also  functions  of  the  Zn  and  Se  chemical  potentials.  For  example,  raising 
the  Zn  chemical  potential  lowers  the  formation  ''nergies  of  defects  that  introduce  excess  Zn 
atoms,  such  as  Zn,  and  Vzn-  1  formation  energies  of  Li  impurities  will  be  a  function  of  the 
Id  chemical  potential,  as  well.  For  charged  defects,  the  formation  energy  will  also  depend 
on  the  Fermi  level,  which  is  the  chemical  potential  for  the  electrons.  U  is  important  to 
understaml  that  pzn  and  are  not  intrinsic  properties  of  ZnSe;  then  values  will  change  as 
the  environment  changes.  For  example,  ZnSe  in  equilibrium  with  Zn  metal  will  have  a  higher 
/<Zn  than  ZnSe  in  equilibrium  with  bulk  Se.  However,  pzn  Pse  are  not  independent  of  one 
another:  lliey  are  constrained  by  the  condition  that,  in  equilibrium,  their  sum  must  equal 
tlic  total  energy  of  a  two-atom  unit  of  perfect  ZnSe,  f^ZnSe  =  PZn  +  PSe-  (We  use  the  total 
energy  of  a  perfect  ZnSe  cell  at  T  =  0  K  for  E’znSt  ) 

(liven  the  chemical  potentials,  tiie  formation  energy  of  each  native  defect  is  well  defined 
anti  can  be  derived  from  a  supercell  calculation  as  follows.  The  total  energy.  of  the 

i*'’  defect.  f)i,  is  calculated  using  a  siiporcell  containing nf"  Zn  atoms,  nf*  Se  atoms,  and  n]' 
l.i  atoms.  I’he  defect  formation  energy,  /^/crm(Di).  is  then 

/'.'/ormini)  =  -  "f'V'Zn  -  0) 

=  fil),)  -  Aii./izn  - 

,<•(!),)=  ( 1), )  -  - /v'znS.,  =  ( •> ) 

where  n'  is  the  charge  state  of  the  dcf<*ct.  and  -\n,  is  the  number  of  extra  Zn  atoms  that 
must  b<'  added  to  form  thi-  defect  (+ 1  for  Zn,  and  -2  for  Sezn,  etc.).  Here,  we  treat  /izn 
as  an  independent  variable  and  remove  from  the  expression  for  alternatively, 

we  couhl  treat  as  indeprmlent  and  eliminate  /izn-  b*  terms  of  its  formation  energy  and 
entropy.  S,.  each  ilefect’s  equilibrium  concentration  is 

[l>.|  = 

wliere  is  the  site  concentration  for  each  species,  which  is  2.2  x  10^^  cin'^  for  ZnSe.  The 
Fermi  level  is  determined  by  the  charge  conservation  condition: 

.\et  charge  =  0  =  p  —  «  — 

where  p  and  n  are  the  hole  and  electron  densities,  re.spcrtively.  The  charge  conservation 
equation  provides  for  an  indirect  interaction  between  the  concentrations  of  all  charged  defects 
t  lirougli  their  influence  on  the  Fermi  level.  For  example,  a  positively  charged  defect  produces 
extra  free  electrons  that  raise  the  Fermi  level;  the  higher  Fermi  level,  in  turn,  increases  the 
concent  rations  of  all  negatively  charged  defc*rts  and  lowers  the  concentrations  of  all  positively 
charged  defects.  Using  this  pn^scription,  all  of  the  defect  formation  energies,  and  hence  their 
concent  ration.s,  jl),].  are  unique  functions  of  pzn-  pu.  and  T. 
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I'lje  value  of  /i'/n  also  determines  the  stoichiometry  parameter,  X: 

y  ^  _  -E,An,lDi] 

'  Ns.  +  Afz„  2N^  ■ 

where  A’zn  and  Ns^  are  the  total  numbers  of  Zn  and  Se  atoms  in  the  crystal.  X  is  positive 
for  Se  rich  and  negative  for  Zn-rich.  In  this  equation,  X  refers  only  to  the  contributions 
to  the  stoichiometry  due  to  native  point  defects.  Deviations  from  stoichiometry  due  to 
higher  dimensional  defects,  such  as  surfaces,  are  not  included.  Also,  dopant  atoms  do  not 
contribute  to  A',  (i.c.,  a  substitutional  dopant  atom  is  counted  as  if  it  w’crc  the  same  species 
as  the  native  atom  tliat  it  replaces)  because  the  process  of  substituting  a  dopant  does  not 
necessarily  create  any  native  defects.  This  definition  of  .V  means  that  the  value  of  the 
.stoichiometry  parameter  measured  in  experiment  will  differ  from  .V  as  defined  here  if  the 
former  is  dominated  by  anything  other  than  the  native  defects. 

The  formalism  thus  far  provides  us  with  information  about  the  Fermi  level  and  the 
concentrations  of  both  native  and  dopant  defects.  Thermodynamics  also  provides  limits  to 
the  allowed  values  of  the  chemical  |>otential.s.  These  limits  determine  the  solubility  of  the 
dopant  in  the  host  semiconductor.  (9]  The  limits  exist  because  two  phases  of  the  same  material 
can  exist  in  equilibrium  only  if  the  chemical  potential  is  the  sante  in  both  phases.  Thus, 
in  oquilil)rium,  //•/„  must  be  the  same  in  both  the  ZnSc  and  the  external  Zn  source.  The 
chemical  potential  of  the  external  Zn  source,  however,  can  never  exceed  the  free  energy  of 
hulk  Zn  nu'tal.  if  it  did.  the  external  .source  would  be  unstable  against  the  formation  of 
/n  metal.  I  hus.  /e/n  <  //J/’n*'.  Similarly,  the  limit  for  the  Se  chemical  potential  is  psr  < 

As  already  mentioned,  we  have  the  additional  constraint  that 

f‘7.n  +  =  i-hns.  =  /iSS"*  +  +  A///(ZnSe),  (C>) 

wln  re  A///  (ZnSe)  is  the  heat  of  formation  of  ZnSe  (A///  is  negative  for  a  stable  compound). 
(’oml)ining  these  thre^*  conditions  .s«Hs  tin*  limits  for  the  allowed  range  of  fizn- 

/'Zn"  =  /'z,;"‘  +  .^///(ZnSo)  <  (?) 

l  iie  same  argumt'nts  provi<i('an  upper  bound  for  the  Li  chemical  potential;  pi.j  < 

(Since  ZnSe  can  exist  in  a  Li-free  environment,  there  is  no  lower  bound  to  the  Li  potential.) 
However,  a  mor<*  stringent  upfi'^r  bouinl  for  /lu  is  fouini  by  taking  into  aceount  all  possible 
compounds  tliat  contain  Li  with  either  Zn  or  Se  (or  both). (9)  The  actual  upper  bound  is  due 
to  the  compound  Li^Se,  whicli  leads  to  the  condition 

2/'l.,  +  /<S.  <  +  (8) 

I  his  condition  on  the  Li  ch«*mical  potential  liinit.s  the  maximum  Li  concentration  in  ZnSe 
because  It  provides  a  minimvim  valu<*  for  the  Ij  dopant  formation  energy  in  Fq.  (3).  Phys¬ 
ically.  this  solubility  limit  occurs  becau.se  the  configurational  entropy  for  Li  impurities  in 
ZnSe  depends  on  the  number  of  Li  atoms  already  present  in  the  crystal;  as  the  total  number 
of  Li  atoms  in  ibe  crystal  increases  from  m  to  m  +  1,  the  number  of  ways  to  distribute  the 
Li  atoms  over  A*  sites  decreases.  This  configurational  entropy  is  not  included  in  S,  defined 
|)reviously.  (See  Ref.  [10]  for  a  fuller  <lisciission  of  the  configurational  entropy  and  how  it  can 
be  used  to  derive  Kq.  (3).)  (’onsequently.  the  total  free  energy,  including  the  configurational 
<*ntropy  change,  for  adding  one  more  Li  atom  to  the  crystal  decreases  as  the  Li  concentration 
increases.  Hy  contrast,  the  free  energy  of  adding  one  more  unit  of  Li^Se  is  independent  of 
the  amount  of  Li;Se  already  present  (ignoring  surface  effects).  When  the  total  free  energy 
of  adding  one  more  Li  atom  to  the  ZnSe  rry.stal  exceeds  the  free  energy  to  form  Li2Se,  Li^Se 
will  form  instead  and  the  solubility  limit  is  reacInxL 
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3.  Methods 

In  this  section  we  describe  the  theoretical  niethods  used  to  calculate  total  energies.  First, 
a  word  of  caution:  although  the  defect  formation  energies  calculated  here  are  accurate, 
with  error  bars  O.l  eV,  the  defect  concen/ra/ions  derived  from  them  do  not  attain  the 
same  level  of  accuracy.  Because  the  concentrations  depend  exponentially  on  the  energies, 
a  0.1  eV  uncertainty  in  the  latter  becomes  a  seven-fold  multiplicative  factor  in  the  former. 
This  inherent  limitation  means  that  our  results  should  be  viewed  not  as  precise  numerical 
predictions,  but  as  predictions  of  the  important  physical  processes  and  trends. 

Our  calculations  use  density-functional  theory  in  the  local-density  approximation  (LD.A) 
and  norm-conserving  psoudopotcntials.[l  I,  12]  Supercells,  corresponding  to  32  atoms  of  pure 
'/nSo,  are  used  to  represent  the  defects.  These  methods,  combined  with  a  plane-wave  basis 
set.  have  been  used  very  successfully  in  the  past  for  studies  of  defects  in  Si  and  other 
semiconductors.  Tlie  II-VI  materials,  however,  present  a  problem  for  lliese  methods;  zinc 
contains  a  tightly  hound  set  of  3d  electrons  that  cannot  be  easily  represented  by  a  plane-wave 
basis  sot.  Those  d  electrons  may  be  treated  as  core  slates  of  the  pseudopotential,  but  this 
re.sults  in  a  vtTV  poor  description  of  ZnSe.  For  example,  the  lattice  constant  calculated  with 
a  “(i-in-lhe-coro'*  pscudopolential  is  5.19  A  compared  with  the  experimental  lattice  constant 
of  .5.07  A. 

To  treat  tljo  d  electrons  as  valence  slates,  we  use  an  all-new  mixed-basis  program,  wliich 
combines  loralize<l  functions  with  the  plane  waves.  The  program  was  carefully  optimized, 
allowing  <lefect  calculations  in  large  supercells.  We  use  the  Zn  3d  pseudo-wave  functions  as 
th(‘  localized  basis  binctions,  ainl  include  all  plane  waves  up  to  a  kinetic  energy  culolf  of 
9  Ry.  (  fhe  eigenvalue  problem  wa.s  solved  u.siiig  an  iterative  diagonalization  scheme. [13j) 
For  our  calculations  involving  Li,  we  implemented  a  nonlinear-core  correction  to  the  Li 
pscii()opot<'ntial.(l  1)  'I'liese  methods  provide  a  good  de.srription  of  the  lattice  constant,  bulk 
modulus,  and  transverse  optical  phonon  frequency  of  ZnSe  (and  other  materials).  Conver¬ 
gence  tests  were  performed  for  siipercell  size,  the  basis  set  and  other  calrulational  paramrt(Ts. 
assuring  that  our  results  are  well-converged. 

l)<Misity-functional  theory  used  with  the  LDA  consistently  predicts  band  gaps  that  arc 
too  small  compareci  witfi  experiment.  For  Zn.Se.  our  cal<  ulate<l  band-gap  is  about  1  eV.  This 
band-gap  error  will  affect  formation  energies  of  defects  that  hav  .'occupied  electron  states  in 
fh<'  baud  gap.  The  band-gap  error  will  not  afTecI  our  results  for  p-type  material,  where  the 
Fermi  level  is  near  the  valence  bami  edge,  because  defect  state.s  in  the  gap  will  be  empty 
and  will  not  contribute  to  the  total  energy  of  the  defect. 

We  use  these  methods  to  calculate  the  formation  energies  of  all  native  point  defects  in 
ZnSe;  two  types  of  interstitials  (Ziii  and  Sc,),  two  types  of  vacancies  (V’z,,  and  Vsp).  and 
two  lyjM’s  of  antisites  (Znsr  and  So/n).  In  addition,  we  calculate  the  formation  energies  of 
Li  imjjurities  on  the  substitutional  zinc  site  (Lizn)  <^”<1  at  five  different  interstitial  sites  (Lii). 
Of  the  interstitial  sites  we  examined,  the  tetrahedral  site  surrounded  by  four  .Se  atoms  lia.s 
the  lowest  energy,  and  we  include  only  this  site  when  referring  to  interstitial  Li.  The  total 
energy  of  each  defect  wa.s  calculated  in  each  relevant  charge  state,  except  for  the  neutral 
Li'/n,  which  contains  a  hole  in  a  shallow  level.  (This  level  merges  with  the  valence  band  in 
our  finite  supercell  calculation.)  The  formation  energy  for  the  neutral  Liz,,  is  derived  from 
the  calculated  value  of  Lizn  the  —I  charge  stale,  and  the  experimental  transition  level  of 
1 I  I  ineVL 

I’he  formation  energy  of  a  defect  may  be  lowered  by  (he  relaxation  of  nearby  host  atoms 
from  their  perfect  crystal  sites.  We  calculate  relaxation  energies  explicitly  for  the  dominant 
native  defects  in  p-type  ZnSe,  and  for  (he  substitutional  and  interstitial  Li  defects.  For 
interstitial  defects,  we  relax  the  first  and  second  nearest-neighbor  atoms  and  also  the  fourth 
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nearest  neighbors  that  are  bonded  directly  to  the  first  nearest  neighbors.  For  substitutional 
defects  we  relax  the  first  nearest  neighbors.  All  of  these  relaxations  are  small:  the  largest 
relaxation  that  we  found  was  0.2  A  with  a  relaxation  energy  of  0.6  eV.  For  the  remaining 
defects,  we  assume  a  relaxation  energy  of  1  eV;  our  conclusions  remain  unchanged  even  if 
we  allow  a  2  eV  relaxation  energy. 

Defect  concentrations  will  also  depend  on  the  formation  entropy  of  the  defect.  In  our 
work  we  allow  a  range  of  0-10  Atb  for  the  defect  formation  entropies.  By  comparison,  a  recent 
accurate  calculation[15,  16]  for  the  Si  self-interstitial  found  a  formation  entropy  of  5-6  ks  for 
the  ground  state.  The  Si  self-interstitial  represents  an  extreme  case  in  that  the  ground-state 
configuration  has  low  symmetry,  which  accounts  for  half  of  the  formation  entropy.  It  is 
therefore  highly  unlikely  that  the  entropies  for  native  defects  in  ZnSe  could  be  larger  than 
10  A'b-  The  results  are  presented  here  a.ssuming  an  entropy  of  5 

We  use  the  same  theoretical  techniques  to  calculate  the  energies  of  the  hulk  solid  phases 
of  ZnSe,  Zn,  Se,  Li  and  Li^Se.  We  calculate  the  heat  of  formation  for  ZnSe  as  —1.39  eV, 
while  the  experimental  value  i.s  —1.69  eV.[17]  For  Li2Se  we  find  —1.12  eV.  compared  to  the 
experimental  value  of  —3.96  eV.(17|  The  deviations  are  in  line  with  the  expected  accuracy 
of  the  methods  and  are  comparable  to  those  found  in  other  local-density  calculations.  (Note 
that  the  heats  of  formation  are  energy  dilTerences  between  solid  phases.  Cohesive  energies, 
by  contrast,  are  energy  differences  between  isolated  atoms  and  the  solid  phase.  Since  tlie 
LD.A  gives  worse  predictions  for  the  total  energies  of  individual  atoms,  calculated  cohesive 
energies  contain  systematic  errors  which  do  not  occur  for  heats  of  formation.)  Throughout 
this  work,  we  will  use  the  theoretical  values  for  the  heals  of  formation. 

4.  Native  Defects 

In  this  section  we  will  answer  the  question,  "Do  native  defects  automatically  compensate 
acceptor  doping  of  ZnSe?’'.  I'lie  native  defect  mechanism  is  by  its  very  nature  generic:  it 
claims  that  compensation  occurs  whenever  the  Fermi  level  is  brought  close  enough  to  the 
valence  hand  edge,  irrespective  of  tlie  dopant.  To  test  this  idea,  we  picture  a  ZnSe  crystal 
doped  with  an  "ideal"  acceptor,  by  which  we  mean  an  acceptor  that  fixes  the  Fermi  level 
witliout  clianging  the  crystal  in  any  other  way.  (In  the  next  section  wc  will  examine  a  real 
acceptor  in  ZnSe.)  .As  discussed  in  Section  2,  the  external  parameters  that  determine  native 
defect  concent  rations  are  the  temperature,  T,  the  Zn  chemical  potential,  pzn^  and  the  Fermi 
level,  f'f.'.  t  hroughout  this  article,  we  will  use  T  =  600  K,  the  typical  temperature  for  MBK 
growth  of  ZnSc.  We  will  use  our  "idear  dopant  to  fix  the  Fermi  level  at  0.13  eV  above  the 
valence  band  maximum,  corresponding  to  a  net  hole  concentration  of  p  =  2,9  x  10’*  cm”^. 
Having  fixed  the  teniporature  and  hole  concentration  in  our  ideal  sample,  tliere  is  only  one 
external  parameter  that  is  still  undetermined:  the  zinc  chemical  potential,  ;/■/„,  which  is 
determined  by  the  growth  environment.  (.As  discussed  in  Section  2,  wc  could  equally  well 
use  as  the  independent  parameter  instead  of  since  the  two  chemica)  potentials  are 
constrained  by  /'?Zns*  =  /<Zn  +  psr  ) 

Figure  2  shows  the  concentrations  of  electrons  produced  by  all  native  defects  in  p-type 
ZnSe,  as  a  function  of  fi'in-  L*  the  figure  /iz„  spans  its  thermodynamically  allowed  range- 
frorn  ZriSe  in  equilibrium  with  bulk  Se  on  the  left,  to  ZnSe  in  equilibrium  with  bulk  Zn 
on  the  right  (Fq.  7).  "I'he  stoichioim’lry  parameter,  .V,  is  determined  by  ft/,„  (Kq.  5).  In 
Fig.  2,  pzn  =  Pzn  corres|)onds  to  perfect  stoichiometry;  all  points  to  the  left  are  Se-rich, 
and  those  to  the  right  are  Zn-rich.  VVe  see  that  for  perfect  stoichiometry  the  concentrations 
of  native  defects  is  negligibly  small  10*  times  smaller  than  the  hole  concentration  p.  For 
material  grown  at  temperatures  higher  than  600  K,  excess  native  defects  will  recombine 
during  cooling,  unlr.ss  the  sample  is  rapidly  quenched.  (Native  defects  in  ZnSe  remain  mobile 
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Figure  2:  Concentration  of  electrons  produced  by  all  native  point  defects  in  f^-type  ZnSe, 
with  p  ~  2.9  X  10^*  cm“^  and  T  =  600  K.  Concentrations  are  shown  as  a  function  of  the 
chemjcai  potential  fizu  over  its  thermodynainically  allowed  range.  The  lower  limit  of  pza 
left-hand  axis)  corresponds  to  ZnSe  in  equilibrium  with  bulk  Se.  the  upper  limit  {right- 
hand  axis’*  to  ZnSe  in  equilibrium  with  bulk  Zn.  The  point  labelled  /i2o  corresponds  to 
perfectly  stoichiometric  ZnSe;  points  to  the  left  are  Se-rich,  to  the  right  Zn-rich.  SeJ*  is  the 

dominant  defect  on  the  Se-rich  side,  and  Zof"*"  on  the  Zn-rich  side.  ? 

!  r 

even  at  temperatures  of  400  K,(18!  so  that  kinetic  barriers  do  not  prevent  the  attainment  of 
thermal  equilibrium.) 

Native  defect  concentrations  start  to  increase  as  fizn  deviates  from  with  SeJ*  the  I 

dominant  defect  for  nza  <  t^zo'  Znj*’*  the  dominant  defect  for 
the  figure  that  native  defect  compensation  can  only  occur  for  extreme  values  of  fizn- 
the  limit  where  either  bulk  Zn  or  bulk  Se  are  formed  in  the  sample.  For  these  extreme  cases, 
the  level  of  compensation  by  native  defects  is  20%  for  and  70%  for  P 

2.9  X  10**,  the  ionized  acceptor  concentration  must  be  increased  to  3.6  x  10**  for  mzS”' 
to  9.7  X  10**  for  Using  Eq.  (5),  we  find  that  the  deviation  from  stoichiometr}-  due  to 

native  defects  is  X  =  2  x  10“^  for  and  X  =  — 8  x  10“^  for 

These  results  show  clearly  that  compensation  by  native  defects  is  not  an  intriosic  problem 
for  p-lype  ZnSe.  For  stoichiometric  material  native  defect  concentrations  are  truly  negligible; 

4  even  when  deviations  from  perfect  stoichiometry  occur,  the  level  of  native-defect  compen* 

^  satioD  is  less  than  3%  over  more  than  80%  of  the  allowed  range  of  the  chemical  potential. 

» 


i 
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Further  insight  into  the  relationship  between  the  width  of  the  band  gap  and  native-defect 
compensation  can  be  gained  by  comparing  the  energies  of  the  native  defects  in  ZnSe(£j  =  2.6 
eV)  and  in  GaAs  ( Eg  =  1.35  eV).  Zhang  and  Northrup[19j  recently  calculated  the  formation 
energies  of  native  defects  in  GaAs,  using  similar  theoretical  techniques  to  those  used  here. 
I  heir  calculated  formation  energies  for  the  dominant  native  defects  in  p-type  GaAs,  with 
the  Fermi  level  at  the  valence  band  maximum  (first  panel  of  Fig.  2  in  Ref.  [19]),  arc  —0.25 
e\  for  in  the  As-rich  limit,  and  0.55  eV  for  Gaf'*’  in  the  Ga-rich  limit.  Our  own  results 
for  p-type  ZnSe  are  0.57  eV  for  SeJ^  in  the  Se-rich  limit,  and  0.45  eV'  for  Znj*’'*'  in  the  Zn-rich 
limit.  The  native  defect  formation  energies  are  no  greater  in  ZnSe  than  they  are  in  GaAs. 
We  conclude  that  a  wider  band  gap  does  not  imply  more  native  defects.  Also,  since  Ga.As 
can  be  doped  p-type  without  compensation  by  the  native  defects,  the  same  should  be  true 
for  ZnSe. 


5.  Li  in  ZnSe 

Having  eliminated  native  defects  as  a  generic  source  of  compensation  in  wide  band-gap 
materials,  it  is  fruitful  to  identify  problems  associated  with  specific  dopants.  We  will  now 
examine  the  case  of  acceptor  doping  of  ZnSe  with  Li^n.  R<‘conlly.  significant  progress  lias 
been  made  with  Li  doping  of  ZnSe,  but  the  inaxinnim  hole  concentralion  attained  to  date 
is  a  few  times  10'"  cm‘^.[20]  It  is  unclear  what  makes  Li  doping  so  difficult. 

We  examine  the  issue  of  Li  doping  using  the  formalism  of  Section  2  and  the  calculated 
formation  energies  for  the  native  defects  and  for  interstitial  and  substitutional  Li.  The 
formali.sm  automatically  includes  all  possible  defect  reactions  belwet>n  Li  and  the  native 
(h'ferts.  Furthermore,  it  inclmh's  tlie  effects  of  the  relative  abundance  of  Zn  and  Sc  atoms 
and  (he  solubility  limit  Li.  The  results  for  Li  and  for  other  acceptors  in  ZnSr  are  discussed 
in  more  detail  elsewhere. [21] 

In  tfie  previous  section,  which  dealt  with  the  native  defects  alone,  the  two  independent 
parameters  were  and  Ey.  In  this  section,  where  the  presence  of  the  Li  dopants  is 

considered  explicitly,  LV  («>  longer  an  independent  parameter  because  it  is  determined 
f)y  the  charge  con.sorvation  condition  (Eq.  4).  Fermi  level  effects  are  still  important  becau.«:e 
they  allow  the  charged  native  defects  and  Li  impurities  to  affect  one  another  through  their 
mutual  effect  on  Ey.  .Although  we  have  now  eliminated  Ey  as  an  independent  variable,  wc 
must  intro<luce  the  Li  chemical  potential,  /qj.  as  a  new  second  variable.  When  applying  the 
formalism  to  Li  in  ZnSe,  we  provi<le  as  input  the  values  of  ^(Di)  for  all  of  the  native  defc'cts 
and  the  Li  impurities,  anci  the  relevant  range  of  ftzn  and  fn,,.  In  return  we  get  the  formation 
energies  and  concentrations  of  <*ach  def<*ct  and  the  Fermi  level,  each  as  a  two-dimensional 
function  of  the  chemical  potentials.  Since  a  vast  amount  of  information  is  produced,  we 
[>resenl  only  the  most  relevant  quantities. 

In  Fig.  3(a)  and  (b),  we  display  contour  plots  of  the  total  Li  concentralion,  [Li],  and 
tin*  Fermi  level.  [Lij  increases  with  increasing  //jj  because  it  is  more  favorable  for  the  Li  to 
dissolve  in  the  .semiconductor  as  the  energy  of  the  Li  reservoir  rise's.  Also.  [Lizn]  increases 
with  Hfcrrai*ing  which  is  the  energy  of  the  reservoir  to  which  Zn  atoms  are  removtxl  in 
order  to  accommodate  the  Li.  I'he  concentration  of  Lij,  on  the  other  hand,  does  not  depend 
explicitly  on  Therefore,  for  high  (Zn-rich  environment)  liij  is  favored  relative  to 

Liz,,.  The  presence  of  compensating  Lij  raises  Ey  in  the  upper  part  of  the  figure,  and  makes 
the  materia]  semi-insulating.  Compensation  by  Lii  can  be  avoided  by  lowering  which 
favors  Lizn  over  Lij.  Hut  if  is  lowore<l  too  far,  the  concentration  of  compensating  SeJ^ 
begins  to  increase.  This  is  why  the  Fermi  level  contours  bend  back  at  the  bottom  of  Fig.  3(b). 
It  is  only  for  these  very  low  values  of  that  the  native  defects  play  an  important  role. 
Comparing  to  Fig.  2,  we  see  that  the  native  defect  concentration  only  becomes  significant 
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when  /izn  reaches  its  thermodynamic  limit  (Figure  2  also  shows  that  native  defect 

concentrations  will  be  large  for  /izn  near  This,  however,  applies  only  when  Ep  is  near 
tlie  band  edge:  in  Fig.  3  Ep  is  far  from  the  valence  band  near  ft’in  =  Consequently, 

the  native  defects  are  not  important  when  /i2„  is  high  in  ZnSe:Li.)  We  can  therefore  expect 
a  small  amount  of  compensation  due  to  native  defects  near  the  line  in  the  figure.  This 
compensation  is  not  an  effect  of  the  native  defects  themselves,  but  instead  occurs  because 
the  Zn  chemical  potential  must  be  reduced  so  as  to  increase  [Li2nl  and  decrease  [Lij].  If  we 
could  find  a  dopant  that  could  be  incorporated  without  having  to  push  /izn  its  extreme 
values,  then  the  native  defects  would  not  appear  at  ail. 

Figure  3  also  shows  the  thermodynamic  limits  of  the  chemical  potentials  //'/„  and  //Li 
(Eqs.  7  and  8).  These  bounds  mean  that  the  Li  solubility  limit  in  ZnSe  is  a  few  times  10*^ 
cm“‘^.  The  lowest  value  of  f-V  (most  effect  p-type  doping)  is  about  0.13  c\^.  and  occurs  near 
the  point  labelled  //y  in  Fig.  3.  In  this  region  there  is  a  small  concentration  of  interstitial 
Li  and  compensating  native  defects.  But  doping  limits  imposed  by  interstitial  Li  or  native 
defects  can  be  avoided;  it  is  solubility  that  presents  ibe  most  stringent  limit  to  Li  doping. 


6.  Summary 

In  conclusion,  we  have  shown  that  native  defects  alone  cannot  be  responsible  for  diffi¬ 
culties  in  doping  ZnSe.  Native  defec  t  eoncenlrations  in  MBF-grown  stoichiometric  ZnSe  are 
loo  low  to  compensate.  Deviations  from  stoichiometry  in  ZnSe  can  produce  large  numbers 
of  native  defects  which,  however,  is  also  true  for  GaAs.  Therefore  native  defects  produced  liy 
<les  iations  from  stoichiometry  cannot  explain  why  it  is  so  hard  to  dope  ZnSe  p-lype.  Having 
eliminated  native  defects  as  the  source  of  doping  problems  in  ZnSe,  we  examine  specific 
dopant  systems.  Doping  problems  for  Li  acceptors  in  ZnSe  are  cause/!  by  limited  soiubitity 
of  l.i  in  ZnSe. 

We  have  greatly  honefited  from  collalx>rations  with  O  F.  Neumark  and  S.T.  Pantelides. 
Wv  are  very  grateful  to  P.  Blochl  for  many  fruitful  suggestions,  and  for  making  his  unpub- 
lishe<l  work  available  to  us.  Wcare  indebted  to  D.  Vanderbilt  for  his  iterative  diagonalizalion 
program.  We  acknowlr<lge  helpful  conversations  with  R.  Bhargava,  J.M.  DePuydt.  T.  Mar- 
sliall.  J.  'fersoff,  and  (l.D.  Watkins. 
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THEORY  OF  DOPING  OF  DIAMOND 
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ABSTRACT 

Electronic  applications  of  diamond  require  control  over  native  defects  as  well 
as  the  ability  to  dope  it  p-  and  n-type.  B  is  an  excellent  p-type  dopant,  but  n-type 
doping  has  proven  very  difficult.  Diamond  films  have  also  been  very  difficult  to 
anneal,  indicating  a  high  activation  energy  for  .self-diffusion.  We  have  investigated 
the  properties  of  native  defects  and  impurities  through  large-scale  band  structure 
and  Car-Parrinello  calculations.  We  indeed  find  that  the  activation  energy  for  self¬ 
diffusion  is  very  high  in  the  intrinsic  material,  but  it  decreases  by  as  much  as  3  eV 
in  either  p-  or  n-type  material.  P,  Li,  and  Na  are  shallow  donors,  but  their  solubili¬ 
ties  are  too  low  for  incorporation  into  diamond  through  in-diffusion.  It  is  energeti¬ 
cally  favorable  for  B  and  N  to  dissolve  in  diamond,  which  explains  their  prevalence 
in  natural  diamond.  The  calculations  explain  for  the  first  time  the  reasons  for  the 
distortion  of  atoms  around  N  from  the  fully  tetrahedral  site,  as  well  as  why  N  is  a 
deep  rather  than  a  shallow  donor.  We  also  consider  the  effects  of  simultaneous 
doping  with  N  and  B  on  the  themiodynamic  equilibrium  between  diamond  and 
graphite. 


INTRODUCTION 

The  electronic  and  optica!  properties  of  diamond  are  detemtined  to  a  large 
extent  by  the  number  and  types  of  impurities  and  defects  present  in  the  film.  For 
example,  shallow  impurities  control  the  majority  carrier  densities  and  make  it  dis¬ 
play  n-  or  p-type  conductivity.  Deep  impurities,  i.c.,  impurities  whose  energy  lev¬ 
els  are  far  from  the  conduction  and  valence  band  edges,  do  not  determine  the  car¬ 
rier  density,  since  their  electrons  or  holes  cannot  be  thermally  promoted  at  room 
temperature.  However,  both  deep  impurities  and  native  defects  act  as  recombina¬ 
tion  or  deep  trapping  centers,  as  well  as  light  absorbers.  Native  defects  also  govern 
diffusion  and  material  transport  in  semiconductors.  If  the  formation  energies  of  na- 
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live  defects  ate  large,  diffusion  is  slow  and  annealing  is  very  difficult.  This  is  the 
case  for  diamond  (see  below). 

Impurities  in  diamond  have  not  yet  been  well  characterized.  The  experimental 
data  are  sparse  [1]  and  the  only  impurities  that  have  been  studied  at  substantial 
length  are  boron  and  nitrogen.  Boron  is  a  p-type  dopant  with  an  energy  level  at 
Eval  +  370  meV.  Both  natural  and  synthetic  p-type  diamond  exists,  and  boron- 
doped  p-type  thin  films  have  also  been  made.  However,  the  making  of  n-type  dia¬ 
mond  is  much  more  difficult.  Nitrogen,  which  is  a  common  impurity  in  diamond, 
introduces  a  deep  level  1.7  eV  below  the  bottom  of  the  conduction  bands.  This  is 
very  unexpected,  because  an  impurity  atom  having  one  more  electron  than  the  host 
atom  should  be  a  shallow  donor  (cf.  P  in  Si).  Despite  a  number  of  theoretical  stud¬ 
ies  of  the  properties  of  N  in  diamond,  the  atomic  distortions  around  the  N  center 
have  not  been  explained. 

The  only  reports  of  successful  n-type  doping  of  diamond  to  date  [2,  3]  in¬ 
volved  ion  implantation  of  Li  into  bulk  diamond.  Due  to  the  damage  caused  by  the 
implantation,  the  quality  of  the  resulting  material  was  relatively  poor.  Furthermore, 
most  of  the  n-type  conductivity  was  lost  after  prolonged  annealing  [4].  However, 
Li  is  the  only  proven  shallow  donor  in  diamond.  Since  it  is  an  interstitial  dopant,  it 
is  believed  to  be  a  fast  diffuser  that  may  need  stabilization  in  high  temperature  ap¬ 
plications  by,  e.g.,  complexing. 

Although  N  is  a  deep  donor,  its  energy  level  is  still  -  4  eV  above  the  top  of  the 
valence  band  of  diamond.  A  N+  -  B-  pair  should  thus  be  bonded  by  a  substantial 
amount.  Since  both  N  and  B  are  highly  soluble  in  diamond  (see  below),  simultane¬ 
ous  doping  with  N  and  B  could  potentially  be  used  to  stabilize  the  diamond  phase. 
We  investigate  the  effects  of  this  doping  on  the  themiodynamic  balance  between 
diamond  and  graphite  below. 


CALCULATIONS 

The  calculations  use  the  plane  wave  pseudopotential  method.  The  native  de¬ 
fects  and  the  impurities  were  embedded  in  a  periodically  repeated  supercell.  Both 
symmetrized  band  structure  codes  and  the  Car-Parrinello  method  [5]  were  used. 
Calculations  with  relatively  low  plane  wave  cutoffs  were  possible  because  of  a 
previously  developed  soft-core  pseudopotential  for  carbon.  In  the  band  structure 
calculations  the  supercell  size  corresponded  to  32  atoms.  Plane  waves  up  to  14  Ry 
were  included  directly,  while  plane  waves  up  to  26  Ry  were  included  through  per¬ 
turbation  theory.  Two  special  k-points  in  the  irreducible  part  of  the  Brillouin  zone 
were  used  for  k-space  summauon.s.  The  details  of  the  bund  structure  calculations 
for  the  native  defects  are  de.scribed  in  Ref.  6. 
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Table  I.  Calculated  formation  energies  of  neutral  point  defects  and  the  saddle 
point  energy  for  the  concerted  exchange  in  diamond  (eVJ. 


vacancy  tetrahedral  <100>  split-  bond-centered  concerted 

interstitial  interstitial  interstitial  exchange 

7.2  23.6  16.7  15.8  13.2 

The  Car-Parrinello  calculations  for  isolated  impurities  were  carried  out  in  a 
64-atom  unit  cell.  N,  Li,  Na,  and  P  were  considered.  The  plane  wave  cutoff  was  26 
Ry,  except  for  the  case  of  N,  where  30  Ry  were  used.  Due  to  the  size  of  the  cell 
only  the  F  point  was  used.  A  test  for  N  that  utilized  the  Baldereschi  point  resulted 
in  a  change  in  the  relaxation  energy  of  only  0. 1  eV,  compared  to  the  F  point  case 
(see  below).  For  N,  Li,  and  Na,  all  atoms  were  relaxed  using  ah  initio  forces.  For 
substitutional  P,  radial  relaxations  were  computed  for  the  nearest  neighbors,  while 
the  relaxations  of  the  more  distant  neighbors  were  obtained  employing  a  Keating 
force  field.  The  details  of  the  calculations  are  described  in  Ref.  [7|. 

Because  diamond  has  a  relatively  small  lattice  spacing,  the  non-local  parts  of 
the  standard  Bachelet-Hamann-Schliiter  pseudopoteniials  for  Li  and  Na  |8,  91 
overlap  the  bonding  region  in  the  diamond  lattice.  Special,  harder  pseudopotentials 
were  constructed  and  it  was  verified  that  the  results  were  insensitive  to  variations 
in  the  matching  radii  of  those  potentials. 

In  calculating  the  formation  energies,  we  have  used  the  computed  cohesive 
energy  of  diamond  [6]  and  the  experimental  bulk  cohesive  energies  for  the  impuri¬ 
ties.  The  solubility  of  an  impurity  at  a  given  site  is  related  to  the  formation  energy 
by  the  Boltzmann  factor,  i.e.  Solubility  ==  Cone,  x  exp(-Ef/kT)  [10],  where  Cone,  is 
the  concentration  of  the  site  per  unit  volume. 

The  calculations  involving  comparisons  between  diamond  and  graphite  uti¬ 
lized  64-  and  48-atom  unit  cells  for  diamond  and  graphite,  respectively.  All  atoms 
in  the  supercells  were  fully  relaxed  by  ah  initio  forces.  In  order  to  increase  the  ac¬ 
curacy  of  the  comparison  we  used  a  slightly  harder  pseudopoiential  for  diamond, 
which  was  previously  used  in  the  studies  of  buckyballs  111).  The  plane  wave  cutoff 
was  35  Ry  for  both  diamond  and  graphite. 


NATIVE  DEFECTS  AND  SELF-DIFFUSION  IN  DIAMOND 

The  energies  of  the  various  neutral  native  defects  and  the  activation  energy  of 
the  concerted  exchange  mechanism  are  quoted  in  Table  I.  Clearly,  the  contributions 
of  other  diffusion  mechanisms  should  be  negligible  under  equilibrium  conditions. 
In  particular,  the  formation  energies  of  .self-interstitials  are  very  high.  This  is  due  to 
the  lack  of  d-orbitals  in  diamond  (which  makes  overcoordination  unfavorable). 
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high  electronic  density,  and  a  large  band  gap.  In  the  case  of  the  tetrahedral  intersti¬ 
tial,  which  has  a  doubly  occupied  level  near  the  bottom  of  >he  conduction  bands, 
the  formation  energy  is  particularly  high.  The  energies  of  interstitial  impurities  are 
high  for  similar  reasons. 


The  migration  energy 
of  the  vacancy  is  substantial 
and  ranges  from  1.7  to  1.9 
eV,  depending  on  its  charge 
state  |6].  The  activation 
energy  for  sell  'iffusion, 
which  is  the  jm  of  the 
formation  and  migration 
energy,  is  9.1  eV  in  intrnsic 
diamond.  However,  p-  or  n- 
type  doping  lowers  the 
formation  energy  of  the 
vacancy  by  about  3  eV  (see 
fig.  1)  thereby  leading  to 
enhanced  self-diffusion  and 
vacancy-assisted  impurity 
diffusion.  It  was  predicted 
16|  that  doping  during 
growtit  should  thus  lead  to 
better  annealing  of  defect  .structures  due  to  the  lowering  of  the  self-diffusion 
activation  energies.  This  effect  was  sub.sequently  ob.served  in  growth  of  B-doped 
thin  films  on  non-diamond  [12|  and  natural  diamond  substrates  113).  However,  the 
observed  enhancement  could  also  be  due  to  an  increase  in  surface  diffusivity  upon 
doping,  or  to  surface  reactions  involving  B. 


Fig.  1.  The  formation  energy  of  the  carbon  vacancy 
in  diamond  in  its  various  charge  states  as  a  func¬ 
tion  of  the  Fermi  level. 


DONOR  IMPURITIES 

In  the  present  work,  P,  Li  and  Na  are  considered  as  potential  shallow  dopants. 
Since  the  position  of  the  impurity  is  critical  for  its  doping  action,  we  have  earned 
out  total  energy  calculations  of  the  impurities  at  substitutional  and  interstitial  sites. 
As  expected,  P  prefers  the  substitutional  site  whereas  Li  and  Na  prefer  interstitial 
positions. 

For  P,  which  is  larger  than  C.  the  nearest  neighbors  relax  radially  outward  by 
0.15  A,  but  the  carbon-phosphorus  bond  length  is  still  substantially  smaller  than 
the  sum  of  the  C  and  P  covalent  radii.  This  is  a  con.sequence  of  the  stiffness  of  the 
diamond  lattice.  The  P  level  is  shallow.  -0.2  eV  below  the  bottom  of  the  conduc- 
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tion  band.  Sub.stitutional  P  would  ihu.s  be  a  good  candidate  for  a  shallow  donor. 
However,  the  calculated  formation  energy  of  P,  defined  a.s  the  energy  of  the  P  atom 
in  diamond  with  respect  to  C  and  P  bulk  reservoirs,  is  10.4  eV.  The  equilibrium 
solubility  of  P  in  diamond  is  thus  very  low  even  at  high  temperatures. 

Both  Li  and  Na  prefer  the  tetrahedral  interstitial  site  over  the  hexagonal  inter¬ 
stitial  site  and  are  indeed  shallow  dopants,  with  their  donor  levels  at  -0.1  and  ~03 
eV  below  the  conduction  band  minimum.  The  nearest  neighbor  radial  relaxations  at 
both  the  tetrahedral  and  hexagonal  sites  are  outwards  and  are  of  course  dependent 
on  the  size  of  the  dopant  atom.  At  the  tetrahedral  site  they  are  0.05  and  0.19  A  for 
Li  and  Na,  respectively.  At  the  hexagonal  site  the  relaxations  are  0.06  and  0.26  A. 
The  formation  energies  at  the  tetrahedral  site  are  5.5  and  15.3  eV,  measured  with 
respect  to  experimental  cohesive  energies  of  bulk  Li  and  Na.  Since  the  relative  sol¬ 
ubility  is  given  by  exp(-E|/kT).  the  solubilities  of  the  shallow  interstitial  dopants 
are  very  low  as  well. 

Three  methods  are  commonly  used  to  incorporate  impurities  in  semiconduc¬ 
tors:  in-diffusion,  doping  during  growth,  and  ion  implatttation.  In  cases  where  the 
formation  energy  is  small,  high  temperature  in-diffusion  is  often  a  very  convenient 
alternative.  However,  due  to  the  very  low-  .solubilities  of  P,  Li,  and  Na,  in-diffusion 
would  result  in  a  negligible  coitcentration  of  dopants.  If  doping  during  growth  is 
selected,  the  impurities  will  have  to  lx*  kinetically  trapped  in  diamond,  since  their 
energies  of  formation  are  very  high.  The  successful  doping  with  B  during  growth 
of  diamond  films  by  a  number  of  workers  is  due  to  the  fact  that  the  formation  en¬ 
ergy  of  the  B  substitutional  acceptor  in  diamond  is  negative  (see  Table  II),  which 
provides  a  thermodytiamic  force  for  its  incttrporation. 

Ion  implantation  is  a  particularly  viable  alierttative  for  impurities  with  high 
formation  energies.  In  diamond,  ion  implantation  of  impurities  has  been  .studied  by 
a  number  of  workers  (.see,  c.g..  Ref.  2  and  3).  In  fact,  the  only  n-type  diamond 
samples  to  date  were  made  by  ion  implantation  of  Li  into  natural  diamond  |2). 
Further  studies  of  ion  implantation  were  carried  out  by  Braunstein  and  Kalish  [3], 
who  investigated  ion  implantation  i)f  '-'Sb.  ^■‘Ge.  "P.  '-C.  and  t’Li  into  hot  dia¬ 
mond  and  found  only  small  variations  in  ion  implantation  damage  caused  by  heavy 

Table  II.  Calculated  fomiation  energies  of  neutral  impurities  in  diamond  measured 
relative  to  the  respective  bulk  reseivoirs  tdiamond  and  bulk  impurities). 


boron 

-0.5  eV 

nitrogen 

-0.6  eV 

phosphorus 

10.4  eV 

lithium 

5.5  eV 

sodium 

15.3  eV 
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and  light  atoms.  More  recently,  Prins  |14|  and  Sandhu,  Swanson,  and  Chu  [15], 
showed  that  ion  implantation  at  liquid  nitrogen  temperature  followed  by  annealing 
has  substantial  advantages,  because  the  mobile  C  self-iniersiitials  are  trapped  dur¬ 
ing  implantation  and  do  not  escape  to  the  surface.  The  annealed  samples  turned  out 
to  have  much  better  electrical  characteristics  than  the  ones  implanted  at  room  or  el¬ 
evated  temperatures.  So  far,  only  ion  implantation  of  B  has  been  successfully 
achieved,  resulting  in  a  p-type  diamond.  However,  in  order  to  provide  lattice  sites 
for  the  substitutional  B  acceptor,  it  was  necessary  also  to  co-implant  C.  For 
interstitial  dopants  the  last  step  should  not  be  needed,  which  should  lead  to  less 
implantation  damage.  Since  Li  and  Na  prefer  the  interstitial  site  by  a  substantial 
energetic  margin,  they  would  not  compete  with  C  atoms  displaced  durini  lik 
implantation  for  the  vacant  substitutional  sites.  Subsequent  annealing  .should  thus 
result  in  a  better  quality  material. 

The  mechanism  of  impurity  diffusion  is  also  important  in  the  consideration  of 
prospective  dopants,  since  diffusion  of  the  impurity  to  the  surface  or  complexing 
with  structural  defects  leads  to  inactivation.  For  substitutional  impurities.  Table  I 
suggests  that  the  their  diffusion  will  be  dominated  by  the  vacancy  mechanism. 
Since  the  formation  energy  of  the  vacancy  varies  between  4  and  7  eV  (depending 
on  the  Fermi  level  position),  and  its  migration  energy  is  1.7- 1.9  eV.  the  vacancy- 
assisted  diffusion  will  have  a  high  activation  energy  and  substitutional  impurities 
should  remain  stationary  even  at  high  temperatures.  However,  if  growth  and/or 
processing  of  diamond  results  in  injection  of  vacancies,  the  activation  energy  be¬ 
comes  equal  to  the  migration  energy.  If  the  substitutional  impurity  has  a  high  for¬ 
mation  energy,  segregation  is  energetically  favorable  and  may  occur  if  vacancies 
are  injected  at  a  high  teiTiperature. 

The  simplest  mechanism  for  the  diffusion  of  interstitial  impurities  involves 
jumps  between  adjacent  tetrahedral  sites,  the  saddle  point  for  the  motion  being  the 
hexagonal  site.  We  carried  out  studies  of  this  path  for  both  Li  and  Na.  Total  energy 
calculations,  which  included  relaxation  of  all  atoms  in  the  cell  at  both  the  tetrahe¬ 
dral  and  the  hexagonal  interstitial  sites,  predict  O.S.S  and  1 .4  eV  for  the  activation 
energies  for  Li  and  Na  diffusion,  respectively.  The  low  activation  energy  for  Li  is 
in  agreement  with  experimental  data  |4|,  since  Li-doped  samples  become  deacti¬ 
vated  after  prolonged  annealing.  Na,  however,  has  a  sub.stantially  larger  activation 
energy  and  should  be  immobile  up  to  moderate  temperatures.  It  is  therefore  more 
suitable  than  Li  for  n-type  doping  of  diamond.  However,  due  to  the  high  formation 
energy  of  the  Na  interstitial,  Na  will  have  to  be  introduced  into  diamond  by  ion 
implantation  or  possibly  kinetically  trapped  during  growth. 
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Fig.  2.  a)  A  schematic  model  of  the  origin  of  the  distortions  around  N  in 
diamond,  b)  Contour  plot  of  the  N  lone  pair  state,  c)  Contour  plot  of  the 
gap  state  associated  with  N  in  diamond.  See  text. 


NITROGEN  IN  DIAMOND 

Nitrogen  is  known  from  EPR  data  to  distort  in  the  (  1  ,  1  ,  1  )  direction.  This 
distortion  was  first  thought  to  be  a  result  of  a  Jahn-Tellcr  effect  [17,  18,  19]  but 
later  work  has  shown  that  the  state  in  the  gap  is  non-degenerate  [20].  Furthermore, 
recent  cluster  calculations  [21 1  revealed  that  the  ideal  ^bstitutional  N  is  stable 
against  the  displacements  of  only  the  N  atom  in  the  (1.1.1)  direction,  showing 
that  N  motion  is  due  to  a  more  complicated  effect. 

Our  calculations  were  started  assuming  a  simple  zero'l’-order  model  shown  in 
fig.  2a.  The  figure  .shows  the  N  atom  forming  three  bonds  with  its  nearest-neighbor 
C  atoms.  This  results  in  the  N  lone  pair  state  being  directed  towards  the  fourth 
nearest-neighbor  C  atom.  Since  the  lone  pair  state  is  fully  occupied  and  the  dan¬ 
gling  bond  contains  one  electron,  the  Pauli  repulsion  results  in  both  the  N  atom  and 
the  ( 1 1 1 )  C  atom  moving  away  from  each  other. 

Car-Parrinello  calculations  starting  from  this  geometry  and  utilizing  first-prin¬ 
ciples  forces  indeed  converge  to  a  distorted  geometry  in  which  the  C  -  N  distance 
has  been  lengthened  by  23%.  However,  I'able  III  .shows  that  the  radial  relaxations 
and  the  motion  of  other  atoms  are  also  important,  and  that  both  effects  contribute 
an  approximately  equal  amount  to  the  total  gain  in  energy,  which  is  0.76  eV.  The 
calculated  bond  lengthening  is  in  good  agreement  with  the  values  deduced  from  the 
EPR  data,  which  range  between  1 0  and  .36%  . 

One  should  note  that  the  calculated  distortion  is  somewhat  similar  to  the  one 
attributed  to  the  EL2  center  in  GaAs  [22[.  For  EL2,  however,  the  distorted  configu¬ 
ration  is  metastable  and  is  accessible  only  following  an  electronic  excitation.  For  N 
in  diamond,  on  the  other  hand,  the  distorted  state  is  the  ground  state.  Furthermore, 
our  search  utilizing  equal  but  opposite  displacements  of  the  N  and  the  (111)  C 


atom  did  not  find  any  barriers  separating  the  distorted  and  the  undistorted  configu¬ 
rations. 

In  fig.  2b  we  show  the  contour  plot  of  the  lone  pair  orbital,  which  is  very  near 
the  top  of  the  valence  bands  and  therefore  contains  a  substantial  admixture  of  va¬ 
lence  band  states.  The  gap  state  (fig.  2c).  which  is  occupied  by  one  electron,  is  an 
antibonding  combination  of  the  lone  pair  orbital  and  the  carbon  dangling  bond.  It 
has  most  of  its  amplitude  on  the  carbon  atom,  which  is  in  very  good  agreement 
with  EPR  data.  The  energy  level  of  this  .state  has  dropped  from  Ec  -  0.7  eV  for 
undistorted  substitutional  N  to  Ec  -  1.5  eV.  The  experimentally  measured  level  as¬ 
sociated  with  N  in  diamond  is  at  Ec  -  1.7  eV  |2.'1|. 


N  -  B  PAIRS  IN  DIAMOND  AND  GRAPHITE 

Electron  transfer  between  N  and  B  in  diamond  relea.ses  several  eV  of  energy. 
Since  both  N  and  B  have  negative  formation  energies  in  the  dilute  limit,  heavy 
doping  and  possibly  even  alloying  are  feasible.  This  raises  a  prospect  of  altering 
the  thermodynamic  balance  between  diamond  and  graphite  by  simultaneous  doping 
with  nitrogen  and  boron,  since  the  energetic  difference  between  the  two  phases  is 
only  0.02  eV  per  atom.  This  idea  is  distantly  related  to  that  of  Bar-Yam  and 
Moustakas  [24|,  who  propose  that  low  pressure  growth  of  thin  film  diamond  is  due 
to  a  large,  non-equilibrium  concentration  of  vacancies,  which  have  a  lower  forma¬ 
tion  energy  in  diamond  than  in  graphite  |cf.  6  and  25 1. 

We  have  carried  out  calculations  for  both  distant  N-B  pairs  (as  far  apart  as 
possible  given  the  size  of  the  .supercell)  and  nearest  neighbor  pairs.  Although  one 
could  consider  very  distant  pairs  by  computing  separately  the  formation  energies  of 
N+  and  B-,  we  cho.se  not  to  do  so.  since  the  treatment  of  charged  states  in  periodic 
systems  involves  additional  approximations  due  to  the  infinite  range  of  the 
Coulomb  potential.  For  diamond,  the  formation  energies  of  the  distant  and  nearest 
neighbor  pairs  are  calculated  to  be  -4.0  and  -5..^  eV,  respectively.  Since  the  forma¬ 
tion  energies  of  isolated  N  and  B  are  -0.6  and  -0.5  eV.  respectively,  the  charge 

Table  III.  Total  energy  gains  for  various  distortion  modes  around  substitutional  N 
in  diamond  using  a  64-atom  unit  cell.  For  all  but  the  last  row  only  the  F  point  was 
used  for  k-space  sampling.  See  text. 


unrelaxed  substitutional  N  0.00  eV 

full  radial  relaxation  around  N  -0.36  eV 

distortion  of  N  and  C  along  (111)  only  -0.32  eV 

distortion  of  N  and  C  and  full  relaxation  -0.63  eV 

distortion  of  N  and  C  and  full  relaxation  (Baldereschi  point) _ -0.76  eV 
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transfer  and  bonding  effects  are  sizable  for  this  pair.  In  graphite,  however,  these 
formation  energies  are  even  lower,  -5.6  and  -6.2  eV  for  the  distant  and  nearest 
neighbor  pairs,  respectively.  These  results  indicate  thus  that  simultaneous  N  and  B 
doping  will  increase  rather  than  reduce  the  themiodynamic  preference  for  graphite. 

However,  before  dismissing  the  above  idea,  one  should  point  out  that  the 
bonding  in  diamond  and  graphite  is  quite  different.  Also,  the  respective  supercells 
differ  substantially  in  shape  and  size.  Tliis  may  affect  the  accuracy  of  the  calcula¬ 
tions  and  thereby  of  the  above  comparison.  Other  potential  sources  of  error  are  the 
plane  wave  cutoffs,  which  may  have  to  be  even  higher  if  structures  with  very  dif¬ 
ferent  bonding  properties  are  compared,  and  the  local  density  theory.  Clearly,  more 
calculations  and  convergence  tests  are  needed  in  order  to  as.sess  the  accuracy  of  the 
results.  There  are  also  experimental  indications  that  N  is  difficult  to  incorporate 
into  graphite,  possibly  for  kinetic  reasons,  which  may  lead  to  a  preference  for  the 
formation  of  diamond.  It  may  thus  still  be  useful  to  carry  out  the  appropriate  exper¬ 
iments. 


SUMMARY  AND  CONCLUSIONS 

The  energetics  and  electronic  properties  of  native  defects  and  impurities  in  di¬ 
amond  were  investigated  through  large  scale  band  structure  and  Car-Parrinello  cal¬ 
culations.  Among  the  native  defects  in  diamond,  it  was  found  that  the  vacancy  has 
the  lowest  formation  energy,  and,  as  such,  governs  self-diffusion  in  diamond.  The 
activation  energy  for  .self-diffusion  in  intrinsic  diamond  is  very  high  (9.1  eV), 
which  explains  the  well-known  difficulties  in  annealing  diamond  during  growth 
and/or  processing.  However,  the  formatioti  energy  of  the  vacancy  decreases  by  ~ 
eV  in  p-  and  n-type  diamond.  Doping  during  growth  (c.,t;.,  with  B)  .should  thus  lead 
to  an  increase  in  self-diffusion  and  thereby  in  annealing  rates,  possibly  resulting  in 
a  better  quality  material.  This  effect  was  indeed  observed  in  diamond  growth  on 
both  non-diamond  1 12|  and  diamond  1 1.^|  surfaces. 

Our  calculations  for  the  potential  shallow  donors  found  that  Li.  Na,  and  P 
would  dope  diamond.  As  expected,  P  strongly  prefers  the  substitutional  site,  while 
Li  and  Na  are  interstitial  donors.  However,  since  their  solubilities  are  very  low, 
they  cannot  be  introduced  into  diamond  by  in-diffusion,  which  is  an  equilibrium 
process.  The  alternatives  are  kinetic  trapping  during  growth  or  ion  implantation. 
Ion  implantation  is  particularly  suitable  for  interstitial  impurities,  since  no  host 
atoms  need  to  be  di.splaced  and  co-implamaiion  with  C.  nece.s.sary  for  substitutional 
impurities,  can  be  avoided.  Ion  implantation  has  already  been  successful  at  n-type 
doping  of  natural  diamond  with  Li,  although  the  .samples  lost  their  n-typte  conduc¬ 
tivity  after  prolonged  annealing.  The  ion  implantation  method  of  Refs.  14  and  15  is 
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particularly  promising,  since  it  minimizes  the  number  of  self-interstitials  escaping 
to  the  surface. 

The  suitability  of  a  particular  shallow  dopant  is  also  dependent  on  its  stability 
at  the  dopant  site.  Substitutional  impurities  are  likely  to  diffuse  by  the  vacancy 
mechanism,  by  analogy  to  the  self-diffusion  mechanism  |6].  Since  the  activation 
energy  for  self-diffusion  in  diamond  is  very  high,  the  activation  energies  for  the 
diffusion  of  substitutional  impurities  are  also  likely  to  be  high.  Substitutional  impu¬ 
rities  would  thus  be  suitable  for  high  temperature  applications.  For  interstitial  im¬ 
purities,  interstitial  channel  diffusion  is  most  likely.  For  Li  and  Na,  the  activation 
energies  for  diffusion  through  this  path  are  0.85  and  1.4  eV,  respectively.  Li  is 
therefore  a  fast  diffuser  that  may  become  inactive  after  prolonged  annealing  or 
even  extended  storage.  Na-doped  .samples,  however,  should  remain  active  up  to 
moderate  temperatures. 

Nitrogen  occupies  a  distorted  substitutional  site.  The  distortion  occurs  in  the 
(111)  direction  with  the  N  atom  and  the  ( 1 1 1 )  C  atom  moving  away  from  each 
other.  It  is  due  to  the  interaction  of  the  fully  occupied  N  lone  pair  with  the  dangling 
bond  of  the  (1 1 1)  C  atom.  The  single  electron  a.s.sociated  with  the  center  resides  in 
an  antibonding  orbital  formed  from  the  dangling  hybrid  and  the  N  lone  pair.  This 
orbital  has  most  of  its  amplitude  on  the  C  atom.  The.se  results  provide  the  first  con¬ 
sistent  explanation  of  the  properties  of  the  N  center,  which  was  first  ob.served  and 
identified  by  EPR  over  20  years  ago. 

The  formation  of  N-B  pairs  in  diamond  results  in  the  relea.se  of  3-4  eV  of  en¬ 
ergy.  We  investigated  whether  this  effect  can  be  used  to  alter  the  thermodynamic 
balance  between  diamond  and  graphite  at  low  pres.sures.  Unfortunately,  the  calcu¬ 
lations  indicate  that  the  formation  energies  of  these  pairs  in  graphite  are  even 
lower.  However,  additional  calculations  are  needed  in  order  to  assess  the  accuracy 
of  these  results,  since  different  sizes  and  shapes  of  the  supercells,  as  well  as  the 
very  different  bonding  environments  in  diamond  and  graphite,  may  have  intro¬ 
duced  significant  errors.  Furthermore,  experiments  have  .shown  that  it  is  difficult  to 
incorporate  N  into  graphite.  It  may  thus  still  be  worthwhile  to  test  this  idea  experi¬ 
mentally. 
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ABSTRACT 

.Material  growth  is  an  inherently  non-equilibrium  process.  However,  (hcrmodynamic 
considerations  often  provide  important  insight  into  material  growth,  the  structure  of  grown 
materials,  and  process  control  parameters.  In  essence,  thermodynamic  considerations  are 
important  when  activated  processes  are  either  slow  or  fast  on  the  time  scale  of  the  growth. 
Activated  kinetic  processes  are  important  when  their  lime  «:ale  is  the  same  as  that  of  growth. 
Realistic  ah-iniiio  calculations  of  material  structure  and  dynamics  can  provide  a  microscopic 
understanding  of  both  thermodynamics  and  the  kinetics  of  material  growth.  The  pnmaiy  focus  of 
this  article  is  a  recently  proposed  defect-assisted  multiple-rcgrowth  stabilization  of  cubic- 
phases.^’-  In  this  theory'  the  incorporation  of  vacancies  at  the  growth  face  changes  the  relative 
binding  energy  of  cubic  versus  hexagonal  phases  so  that  diamond  and  cubic  boron  nitride  can 
nucleate  and  grow.  This  theory  predicts  that  diamond  nucleation  and  growth  is  enhanced  under 
electron  rich  or  positive  ion  conditions.  Experimental  results  on  growth  of  both  diamond  and 
cubic  boron  nitnde  that  motivate  and  support  theoretical  predictions  are  described.  Cubic  boron- 
nitndc  grows  under  off-.'^toichiomeinc  conditions.  The  nucleation  rate  of  diamond  is  increased  by 
many  orders  of  magnitude  when  a  flux  of  electrons  impinges  upon  the  surface.  Raman  line 
broadening  and  HSR  measurements  indicate  the  presence  of  significant  concentrations  of  point 
defects.  FYediciion>  and  expenmenial  evidence  for  both  n  and  p  typie  doping  will  be  discussed. 
Ah’initio  calculations  of  key  kinetic  processes  and  ihermtxiynamic  quantities  for  diamond  and 
boron  nitride  growth  are  descnhcd. 

fSTRor.H  Cf  fON' 

Ttie  ertmth  o\  diamond  under  vapt'r  conditions  which  are  substantially  in  the  stability  regime 
of  graphite  presents  us  with  a  theoretical  purric.  One  way  to  resolve  this  puzzle  is  to  discuss  the 
gr<’u  ih  entirel)  as  j  kinetic  pnve.ss.  ( irowih  is  a  non-equilibnum  process  so  cquilibniim  slahiliiy 
ci»nMdcration>  need  not  apply.  However,  often  equilibnum  considerations  Jo  apply.  Thus  we 
chivoNC  to  take  the  oppoMic  approach  and  explain  why  we  should  consider  ihai  :qinlibnum 
ciinsiderations  niav  applv  to  the  growth  of  diamond.  Having  thus  confounded  the  original 
invstcrv  a  resolimon  will  he  proposed  in  terms  of  the  quasi -equilibrium  theory  of  defect  assisted 
multiple  regrowth  stabdi/aiuMi  ‘  • 

K[m;tics<)[  (iHOvvni  wuTm  R\n>i)VNAMi<.'i-:gni  ibrilm 

(irowih  is  an  inhereniK  non-equilibrium  priKCss.  Au>ms  move  from  one  phase  (vapor  or 
plionij )  !t>  another  (so/jdi.  In  vapor  phase  gn>w th  of  sohds  the  kinetics  of  growth  genericalJv 
inviilves  several  processes. 

(a I  .Atom  amval,  controlled  by  the  sticking  probability  of  vanous  vapor  species. 

(hi  .Atom  motion  /  diffusion,  controlled  by  the  hopping  rate  on  the  surtace, 

<c;  Atom  removal.  sonirollcJ  by  the  cmi.ssion  or  etching  rate  of  surface  atoms. 

Despite  the  kinetic  nature  of  these  processes,  equilibnum  solids  often  are  gniwn.  Generally, 
(he  equilibnum  solid  is  simply  the  lowest  energy  structure  of  the  matcnal.  A  first  explanation  for 
the  growth  of  equilibrium  solids  which  might  be  given  is  the  formal  reason  given  for  equilibrium 
in  any  system:  Equilibrium  (Kcurs  because  the  kinetics  arc  fast  enough  to  explore  the  available 
phase  space  Low  energy  structures  grow  because  kinetics  are  fast  enough  to  explore  all  the 
possible  arrangements  ot  .atoms.  This  is  not  a  sufftcicni  answer  because  materials  do  not  mally 
have  the  time  to  explore  all  of  the  phase  space.  If  they  did  have  sufficient  time,  on  realistic  lime 
scales,  then  atoms  of  the  same  matcnal  originally  in  any  arrangement  would  spontaneously 
rearrange  to  form  an  ideal  equilibrium  .solid  if  heated  to  the  temperature  of  growth.  In  reality,  a 
more  limited  phase  space  exploration  (KCurs  at  the  surface  during  growth.  This  means  that  we 
actually  rely  for  the  growth  of  equilibrium  solids  upon  two  other  conditions: 
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(a)  Fast  surface  kinetics  compared  to  growth  time. 

(b)  Sunace  energetics  which  are  similar  to  bulk  energetics. 

While  (a)  is  not  necessarily  true,  it  is  not  surprising  since  it  seems  intuitive  that  atom  motion  at 
the  surface  proceeds  faster  because  of  fewer  constraints  due  to  fewer  bonds.  The  second 
statement  is  more  surprising  than  the  first  since  surface  rcconsmicbons  occur  and  the  structure  and 
energetics  of  the  surface  therefore  appear  very  different  from  the  bulk.  However,  one  or  two 
layers  beneath  the  surface  the  energetics  appear  generally  to  be  very  similar  to  the  bulk.  Step 
edges  are  an  environment  which  is  more  similar  to  the  bulk  than  the  surface  itself.  The  use  of 
island  growth  by  addition  of  atoms  to  step  edges  enables  this  environment  to  control  the  structure 
of  the  growing  solid. 

Finally,  while  (a)  and  (b)  are  necessary,  it  is  also  important  to  note  that  the  growth  rate  is 
controlled  (typically  through  the  arrival  rate  of  atoms)  to  limit  the  growth  rate  so  that  the  surface 
kinetics  are  indeed  fast  enough  to  enable  sufficient  atom  motion  to  give  rise  to  the  equilibrium 
structure.  This  brings  us  to  a  discus.sion  of  conventional  Ultra-High  vacuum  MBE  growth. 

CONVENTIONAL  MBE 

In  conventional  Molecular  Beam  Epitaxy  (MBE),  materials  are  grown  under  ultra-high 
vacuum,  and  low  temperature.  The  arrival  rate  of  atoms  at  the  surface  is  kept  low  enough  to 
ensure  that  atoms  can  migrate  along  the  surface  to  a  surface  step  and  be  incorporated. 

In  this  picture  there  are  two  fast  processes:  atom  migration  on  the  surface  and  atom  in 
corporation  at  a  step.  These  processes  are  fast  enough  so  that  equilibrium  considerations  apply 
and  high  quality  low  defect  concentration  "equilibrium”  solids  can  be  grown.  But  it  is  equally 
important  to  recognize  that  there  is  a  slow  process  which  is  characteristic  of  this  type  of  growth  - 
interlayer  mixing  of  atoms.  Because  this  is  a  slow  process  it  is  possible  also  to  grow  non- 
equilihrium  solids  in  the  form  of  multilayers  which  arc  another  feature  of  this  type  of  growth 
which  can  be  used  for  technological  applicabons. 

This  well  known  example  illustrates  the  importance  of  both  fast  and  slow  processes  in 
characterizing  the  kinetics  of  growth.  Fast  processes  enable  equilibration  and  equilibrium  solids 
to  grow,  while  slow  processes  can  either  prevent  equilibration  or  equivalently  enable  non- 
equilibrium  solids  to  grow  .  Using  this  as  a  guide  it  is  possible  to  inquire  whether  there  are  fast 
and  slow  prevesses  which  characterize  the  growth  of  diamond. 


Fig.  1 :  Illustration  of  conventional  MBE  growth  where  atoms  arrive  on  the  surface, 
stick  and  move  and  attach  rapidly  to  surface  steps.  The  rapid  process  of  motion  along  the 
surface  results  in  equilibrium  within  the  layer.  However,  the  slow  interlayer  mixing 
enables  non-equilibrium  supcrlallices  to  be  grown. 
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Fig.  2:  Illustration  of  multiple  regrowth  theory  of  diamond  growth  where  atoms  are 
added  and  removed  rapidly  from  the  surface  and  do  not  move  easily  along  the  surface  or 
in  the  bulk  so  that  many  vacancies  are  to  be  found  in  layers  of  material  near  the  growth 
face. 


Diamond  Growth 

The  growth  of  diamond  occurs  under  conditions  quite  different  from  conventional  MBE. 
Diamonds  are  conventionally  grown  under  a  hydrogen  pressure  of  100  torr  and  a  carbon  species 
pressure  of  1  torn.  In  order  to  develop  an  understanding  of  this  growth  it  is  important  to  generally 
compare  the  rates  of  processes  which  are  relevant.  It  is  possible  to  consider  a  kinetic  picture 
involving  a  variety  of  molecular  species,  their  sticking  probabilities  and  migration  rates. 
However,  we  begin  by  considering  what  processes  might  be  fast  or  slow  in  these  circumstances 
so  as  to  simplify  the  discussion.  An  indication  of  the  migration  rate  of  carbon  atoms  may  be 
obtained  from  bulk  calculations  in  diamond. 

Ab-initio  theoretical  studies  by  Bemholc  et  al  5  indicate  that  migration  of  atoms  in  the  bulk  of 
diamond  occun  by  vacancy  hopping  and  requires  overcoming  a  barrier  of  l.9eV.  This  result  has 
also  been  confirmed  by  experiment^  Using  this  barrier  an  estimate  of  the  hopping  rate  at  1000  C 
is  only  about  10*-Vsec.  This  may  be  compared  with  the  barrier  to  vacancy  motion  in  silicon 
which  is  0.3eV,  In  graphite  vacancy  motion  is  only  slightly  faster.  Ab-initio  calculations^  give  a 
migration  barrier  of  1  .^V.  While  this  is  only  an  estimate  of  the  rate  at  a  surface,  migration  is  not 
a  naturally  fast  process  in  this  system  and  can  be  expected  to  be  many  orders  of  magnitude  slower 
than  in  materials  which  are  typically  grown  in  MBE  systems. 

The  unusual  growth  conditions  however  suggest  another  process  to  be  fast  compared  to  the 
growth  rate.  The  growth  rate  of  diamond  is  about  1  pm  /  Hour,  which  is  1 .5  monolayers/sec.  If 
we  were  to  estimate  the  growth  rate  from  the  flux  of  carbon  species  the  number  should  be  more 
like  10^  monolayt'is  /sec.  It  is  conceivable  that  only  one  species  of  carbon  with  a  relative 
concentration  of  10  *  may  be  active  in  the  growth.  However,  it  is  also  possible  to  suggest  that 
many  atoms  arc  added  and  removed  from  the  surface  for  each  atom  which  eventually  remains  and 
is  incorporated.  This  gives  rise  to  the  picture  of  "Multiple-regrowth"  where  layers  are  added  and 
etched  many  times  during  the  growth  process.  The  importance  of  hydrogen  as  an  etchant  (and 
more  recently  of  oxygen  as  a  low  temperature  etching  agent)  in  the  growth  of  diamond  has  already 
been  emphasized  by  others.*’’ 

This  picture  of  multiple  regrowth  suggests  that  layers  or  areas  of  cither  diamond  or  graphite 
could  grow,  and  be  removed  in  this  process.  The  active  dynamic  competition  between  diamond 
and  graphite  would  suggest,  that  the  lower  energy  structure  would  win.®  This  argument  indicates 
that  equilibrium  considerations  should  apply,  confounding  the  original  puzzle  of  the  successful 
non-equilibrium  growth  of  diamond.  The  observation  that  both  fast  and  slow  processes  are 
present,  however,  suggests  a  mechanism  for  diamond  stabilization. 

Defect  Stabilization  of  Cubic  Phases 

The  slow  process  of  atom  modon  on  the  surface  of  diamond  and  graphite  suggests  that  the 
growth  process  of  these  materials  under  the  multiple  regrowth  conditions  does  not  result  in  the 
same  type  of  surface  growth  as  conventional  MBE,  instead  atoms  arrive  on  the  surface  and  do  not 


move  around  to  fill  in  vacancies  so  that  the  surface  is  foimed  out  of  only  partially  completed  layers 
with  large  concentrations  of  vacancies.  Thus  in  order  to  correctly  compare  the  relative  stability  of 
diamond  and  graphite  under  the  growth  conditions  we  have  to  consider  defective  diamond  and 
similarly  defective  graphite.  The  comparison  of  these  materials  proceeds  then  by  using  the 
formula  for  the  formation  energy  of  a  solid  with  a  concentration  n  of  vacancies:’ 

F=FB  +  nFD  (I) 

where  ffl  is  the  binding  energy  of  the  materials  with  negligible  defect  concentrations  and  Fp  is 
the  free  energy  of  formation  of  a  vacancy.  If  we  consider  that  both  materials  should  have  roughly 
comparable  vacancy  concentrarions  then,  as  Fig.  3  indicates,  the  formation  energy  of  graphite  may 
be  raised  above  that  of  diamond  if  the  formation  energy  of  vacancies  is  higher  than  that  of 
diamond.  It  is  important  to  recognize  that  in  this  picture  the  slow  process  of  vacancy  motion 
freezes  a  non-equilibrium  concentration  of  vacancies  but  the  rapid  multiple  regrowth  process 
enables  a  direct  energetic  comparison  of  defective  graphite  with  the  defective  diamond. 

By  comparing  two  expressions  for  the  formation  energy  of  defective  diamond  and  graphite  it 
may  be  seen  that  a  transition  to  diamond  will  occur  if  the  formation  energy  of  vacancies  is  smaller 
in  diamond  and  the  number  of  defects  is  greater  than: 

n  >  f  F Bidiamond)  -  F B( graphite) )  /  (F[)( graphite)  -  F Didiamond))  (2 ) 

Ab-initio  calculations  of  the  formation  energy  of  vacancies  in  diamond^  7.2  eV  and  graphite^ 
7.6  eV  yield  only  a  small  difference  between  the  formation  energy  of  vacancies  in  these  materials 
so  that  iamond  with  more  than  8%  vacancies  is  stable  compared  with  similarly  defective  graphite. 
This  is  a  rather  large  concentration  of  vacancies.  However,  since  diamond  is  a  insulator  the  defect 
in  diamond  can  be  charged.  The  formation  energy  of  charged  defects  changes  with  the  position  of 
the  Fermi  energy.  Graphite  is  metallic  so  the  defects  can  not  be  charged  and  their  formation 
energy  can  not  be  changed  by  varying  the  Fermi  energy.  Figure  4  indicates  how  the  formation 
energy  of  vacancies  in  efiamond  and  graphite  can  be  compared  including  the  possible  variation  in 
Fermi  energy  of  diamond.  The  formation  energy  of  charged  defects  varies  linearly  with  a  shift  in 
the  Fermi  energy  because  the  energy  of  electrons  moved  to  the  electron  reservoir  from  the  defect 
arc  raised  by  shifting  the  Fermi  energy  up  or  lowered  by  shifting  the  Fermi  energy  down  as 
follows: 


Fig.  3:  Illustration  of  defect  stabilization  of  diamond.  The  formation  energy  of 
diamond  and  graphite  is  schematically  shown  as  a  function  of  vacancy  concentration. 
The  slope  of  each  line  is  the  formation  energy  of  a  vacancy.  Due  to  multiple  regrowth  a 
non-equilibrium  concentration  of  vacancies  is  frozen  at  the  growth  face  but  competition  is 
present  between  defective  diamond  and  defective  graphite.  Since  the  formation  energy  of 
vacancies  is  larger  in  graphite  than  in  diamond  a  sufficiently  high  concentration  of 
vacancies  can  stabilize  the  growth  of  diamond  over  graphite. 
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where  q  is  the  charge  of  the  defect  and  Ji,  |I0  are  the  Fermi  energy  and  reference  Fermi  energy 
respectively.'®  The  second  term  arises  from  the  energy  of  the  electron  added  to  or  taken  from  the 
electron  reservoir  with  an  energy  p. 

Because  it  is  possible  to  have  both  positive  and  negatively  charged  vacancies,  shifting  the 
Fermi  energy  either  up  or  down  lowers  die  energy  of  the  diamond  vacancy  relative  to  the  graphite 
vacancy.  For  extreme  Fermi  energy  shifts  a  concentration  of  less  than  one  percent  would  stabilize 
diamond  over  graphite.  The  growth  of  diamond  is  presently  performed  under  electron  rich 
conditions.  We  can  extend  our  quasi-equilibrium  picture  to  include  an  effective  Fermi  energy 
which  describes  the  electron  rich  conditions.  Thus  the  comparison  of  diamond  and  graphite  under 
current  growth  conditions  should  include  both  a  substantial  concentration  of  vacancies  and  a 
Fermi  energy  shift  which  lowers  the  energy  of  negative  diamond  vacancies. 

Nucleation  and  Epetaxial  Growth 

An  advantage  of  the  quasi-equilibrium  nature  of  the  multiple-regrowth  picture  is  that  it 
accounts  both  for  the  nucleation  and  continued  growth  of  diamond.  Kinetic  theories  which  rely 
heavily  on  a  preexisting  diamond  surface  do  not  easily  generalize  to  explain  nucleation.  It  is 
reasonable  to  assume  that  homo-epitaxial  growth  proceeds  more  easily  than  the  nucleation  itself. 
Thus  one  would  expect  a  wider  range  of  conditions  would  be  consistent  with  homo-epitaxial 
growth  than  with  the  nucleation  step.  Nevertheless  the  well  known  instability  of  diamond 
surfaces  to  graphitization  suggests  that  the  importance  of  the  diamond  surface  as  a  substrate  to 
growth  is  not  as  great  for  the  growth  as  in  many  other  materials.  Thus  that  multiple-regrowih  is 
likely  to  be  important  both  for  nucleation  and  continued  growth  under  conventional  conditions. 


Fig.  4:  Vacancy  formation  energy  in  diamond  as  a  function  of  Fermi  energy  and 
graphite  vacancy  formation  energy.  By  varying  the  Fermi  energy  it  is  possible  to  lower 
the  energy  of  the  diamond  vacancy  so  as  to  enable  the  vacancy  assisted  stabilization  of 
diamond  during  growth. 


Table  I:  A  comparison  of  conventional  MBE  growth  and  Diamond  growth.  In  each 
case  the  conditions  of  growth  provide  fast  and  slow  processes.  The  fast  processes  ensure 
a  high  quality  single  phase  material  while  the  slow  processes  enable  quasi-equilibrium 
solids  to  grow.  In  the  case  of  conventional  MBE  growth  layered  materials  are  grown. 
While  under  the  conditions  of  diamond  growth  slow  processes  stabilize  the  diamond. 


Conventional  MBE 

Diamond  Growth 

Fast  processes 

Atom  migration  on  surface 

Atom  incorporation  at  step 

Atom  addition  and  removal 

Slow  processes 

Interlayer  mixing 

Atom  migration 

Results 

High-quality  “equilibrium”  solids 
Multilayers  (non-equilibrium) 

Low  defect  concentrations 

Growth  of  Metastable  diamond 
Polycrysialline  growth 

Residual  defect  densities 

PREDICTIONS  OF  MULTIPLE  REGROWTH  VACANCY  STABILIZATION 

Residual  defect  concentrations  -  The  theory  of  multiple  regrowth  induced  vacancy  stabilization 
of  diamond  simplifies  the  consideration  of  the  growth  parameters  for  diamond  and  suggests 
several  predictions  which  can  be  compared  with  experimental  results.  The  first  prediction  is 
simply  the  association  of  defects  with  diamond  growth.  It  is  important  to  recognize  that  defects 
still  move  and  therefore  anneal  on  the  time  scale  of  the  complete  growth  of  the  film.  Only  near  the 
active  growth  face  are  defects  effectively  frozen.  At  the  growth  face  the  rate  of  vacancy  motion  is 
slower  than  the  addition  and  removal  of  layers.  However,  far  away  from  the  growth  face  layers 
are  no  longer  being  actively  added  and  removed,  and  the  vacancy  moves  at  a  rate  which  is  fasi 
compared  to  the  eventual  rate  of  layer  addition.  It  can  therefore  move  toward  grain  boundarie  -  or 
dislocations  which  act  as  defect  sinks  and  anneal.  However,  it  may  be  expected  that  vacancies 
will  cluster  into  less  mobile  aggregates  and  be  found  in  the  eventual  diamond.  The  final 
concentration  of  these  vacancies  or  vacancy  clusters  may  be  quite  sensitive  to  the  temperature  of 
growth  (the  higher  the  temperature  the  more  they  will  anneal),  the  thickness  of  the  grown  film  (the 
longer  the  growth  prtxess  the  more  annealing  will  occui).  the  density  of  grain  boundaries  and 
disIcKations  (the  higher  the  grain  boundary  or  dislocation  density  the  lower  the  vacancy 
concentration!,  or  other  conditions  of  growth.  The  concentration  of  vacancies  would  be  expected 
to  vary  w  ith  depth  in  the  grow  n  film  with  a  larger  concentration  near  the  surface. 

Several  experimen:..!  results  are  now  consistent  with  the  predictions  of  this  theory.  These 
experiments  attempt  to  observe  a  correlation  between  defect  concentrations  and  the  growth  of  high 
.juality  diamond  films.  In  conventional  growth  it  would  be  expected  that  conditions  which  lead  to 
higher  percentage  of  diamond  in  the  film  would  also  lead  to  higher  quality  -  lower  defect 
concentration  -  diamond.  In  the  defect  assisted  growth  picture,  the  opposite  would  be  expected 
since  the  vacancies  are  assisting  in  the  stabilization  of  diamond. 

An  experiment  which  tests  the  association  of  diamond  growth  with  defects  was  performed  by 
varying  the  total  pressure  of  the  growth  a  series  of  films.  The  films  were  found  to  contain  varying 
concentrations  of  diamond  and  graphite.  Two  measurements  on  diamond  films  were  performed 
■vhich  can  be  sensitive  to  defect  concentrations:  Raman  spectroscopy  and  ESR  measurements. 
The  Raman  spectrum^  ''  was  found  to  show  that  t^e  width  of  the  diamond  Raman  line  increased 
for  films  which  were  of  higher  diamond  purity.  The  increasing  width  of  the  Raman  line  is 
consistent  with  a  higher  concentration  of  point  defects.  The  ESR  signal  provides  a  quantitative 
measure  of  paramagnetic  defect  centers  and  is  reported  by  Fanciuli  et  al.'‘  The  ESR  signal  is 
found  to  increase  dramatically  for  higher  purity  diamond  films  from  a  concentration  of  10'^  to  a 
concentration  of  10''*  spins  per  cm^. 

Fermi  energy  and  growth  ■  A  second  prediction  of  the  multiple-regrowth  theory  pertains  to 
the  role  of  the  Fermi  energy  shift  in  the  growth.  Based  on  Fig.  5,  a  prediction  is  made  that  the 
case  of  growth  of  diamond  should  follow  the  energy  dependence  of  the  vacancies  with  the 
effective  Fermi  energy  at  the  growth  face.  In  its  simplest  from  this  means  that  both  positive  ion 
conditions  (plasmas  containing  high  concentrations  of  positive  ions)  and  electron  rich  conditions 
should  enhance  the  growth  of  diamond. 

A  test  of  this  prediction  may  be  made  by  controlled  addition  of  electrons  by  biasing  the 
substrate  or  using  an  electron  beam.  It  is  important  to  emphasize  that  the  results  which  are 
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achieved  funher  depend  on  the  other  conditions  of  growth.  A  shift  in  the  Fermi  energy  which 
lowers  the  formation  energy  of  vacancies  indicates  that  diamond  with  the  same  concentration  of 
vacancies  is  now  lower  in  energy  and  the  purity  of  films  will  be  higher  and  the  nucleation  of 
diamond  is  easier.  However  it  also  indicates  that  diamond  may  be  grown  with  fewer  vacancies  so 
that  conditions  of  growth  may  be  varied  to  achieve  faster  or  higher  quality  diamond  growth 
without  lowering  the  purity  of  diamond  films.  The  same  conditions  without  the  addition  of 
electrons  could  result  in  graphitic  rather  than  diamond  growth. 

Two  experimental  results  have  been  achieved  which  are  suggestive  of  the  predicted  results. 
Biasing  the  substrate  without  changing  the  conditions  has  been  shown  to  lead  to  many  orders  of 
magnitude  change  (e.g.  over  10'®)  in  the  nucleation  rate  of  diamonds.  For  typical  growth 
conditions  diamond  does  not  nucleate  at  an  experimentally  viable  rate  on  polished  sibcon  surfaces, 
only  on  roughened  surfaces.  Under  biased  conditions  which  enhance  the  electron  concentration 
incident  on  the  surface,  diamond  nucleates  on  polished  silicon  substrates.^  '^  This  result  is 
obtained  by  consistent  substrate  bia.'mg  during  growth  so  that  the  current  through  the  surface  is 
maintained  at  a  constant  value  throughout  the  growth.  Another  experimental  result  suggests  that 
diamond  growth  rates  may  be  increased  by  an  order  of  n  .ignitude  when  electrons  are  added  to  the 
growth  environment.''* 

Another  way  to  vary  the  Fermi  energy  of  the  growth  is  by  doping.  A  proper  consideration  of 
the  effect  of  dopants  must  include  the  dopants  themselves  in  the  ouasi-equilibrium  picture.  This 
leads  to  a  separate  prediction  regarding  the  conditions  for  optimal  doping. 

Doping  -  A  central  problem  in  the  growth  of  diamond  is  not  just  achieving  high  quality  solids, 
but  also  incorporating  dopants  in  desired  quantities.  An  area  of  investigation  which  has  not  yet 
been  extensively  utilized  experimentally  is  the  ability  of  the  grow  th  conditions  to  enhance  dopant 
incorporation  by  controlling  the  surface  conditions.  Generally  growth  is  optimized  for  the 
intrinsic  material  and  the  parameters  are  not  changed  for  dopant  incorporation.  However,  it  can  he 
shown  that  control  over  the  effective  Fermi  energy  during  growth  may  have  significant  impact  on 
dopant  incorporation  and  activity.  The  energy  of  dopant  incorporation  directly  depends  on  the 
value  of  the  Fermi  energy.  Consisiem  with  Equation  (3),  a  donor  will  have  its  energy  of 
incorporation  raised  if  the  Fermi  energy  is  raised.  This  suggests  that  for  successful  dopant 
incorporation,  the  Fermi  energy  during  growth  should  be  moved  opposite  to  the  direction  of 
desired  esenlual  doping.  The  Fermi  energy  should  be  moved  down  for  n-iype  doping  and  up  for 
p-type  doping.  The  temporary  Fermi  energy  shift  during  growth  may  be  achieved  by  electron  rich 
conditions  for  p-type  doping  or  by  incident  positive  ions  for  n-t\  pe  doping. 

A  further  complication  occurs  in  many  ca.ses  where  dopants  may  be  incorporated  in  several 
different  configurations,  some  active  and  some  inactive  or  even  causing  counter  doping.  In  this 
case  the  counter  Fermi  motion  during  growth  also  enhances  the  doping  efficiency  defined  as  the 
ratio  of  active  to  total  dopant  concentration.  This  enhancement  of  doping  efficiency  will  survive 
beyond  the  time  of  the  grow  th  if  the  equilibration  in  the  bulk  is  slow,  as  it  would  be  in  diamond  or 
in  many  other  .solids. 

These  ctmsideralions  »re  quite  general;"’  however,  in  diamond  growth  an  experimental  result 
lends  support  to  these  qualitative  predictions,  p-type  doping  of  diamond  has  been  achieved  for 
diamond  grown  in  an  electron  rich  environment.  There  is  no  n  type  doping  which  has  been 
achie-ed  for  electron  rich  environment.  It  remains  to  be  .seen  whether  n-type  doping  may  be 
achieved  under  positive  ion  conditions.  Ab-iniiio  calculations  relevant  to  the  consideration  of 
doping  may  be  found  in  the  work  of  Kajihara  et  al.'*  While  ihese  calculations  sugge.-t  that  n-type 
doping  is  difficult,  the  advantage  of  shifting  the  Fermi  energy  may  be  sufficient  to  enable  the 
dojiing  to  (xteur. 

CUBIC  BORON  NlTRlDt  GROWTH 

Cubic  Boron  Nitride,  similtir  to  diamond,  is  unstable  to  the  formation  of  a  graphite-like  form 
of  Boron  Nitride.  It  is  thus  possible  to  ask  whether  a  similar  defect  induced  stabilization  may  also 
apply  to  the  growth  of  Boron  Nitride.  An  essential  difference  for  BN  is  that  the  defect 
concentration  may  be  controlled  by  variation  of  the  stoichiometry.  Different  stoichiometries  may 
be  attainable  by  the  control  of  vai  or  pri  -sures  of  gas  species  under  conditions  of  conventional 
low  pressure  MBE  growth  where  surface  migration  is  the  dominant  fast"  process  and  sticking 
coefficients  control  the  rate  of  cyowth.  The  departure  from  stoichiometry  may  be  used  to  stabilize 
growth  of  the  cubic-BN 

In  ihe  same  spirit  as  for  diamond  growth,  we  begin  with  the  simplest  .set  of  a  umptions 
enabling  a  comparison  of  off-stoichiometric  materials  during  growth.  TTiese  are  interpreted  with 
the  aid  of  accurate  ab  initin  calculations  to  provide  guidance  as  to  systematic  trends  which  may  he 
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expected  in  actual  growth.  Departures  from  stoichiometry  may  be  considered  in  two  limits:  the 
first  assumes  that  cubic  and  graphitic  materials  are  in  equilibrium  and  share  the  same  chemical 
potentials,  the  second  assumes  that  sticking  coefficients  which  control  the  off-stoichiometry  are 
approximately  similar  and  thus  materials  with  similar  stoichiometries  should  be  compared.  We 
adopt  the  latter  approach.  For  simplicity,  each  material  is  assumed  to  be  in  equilibrium  internally, 
so  that  defect  concentrations  are  determined  by  equilibrium  formation  energies.  The  comparison 
of  material  formation  energies  may  then  be  considered  equivalently  either  in  the  grand-canonical  or 
canonical  ensemble.  In  the  former  we  would  write  the  free  energy  per  atom  of  the  solid  as 

F=  (N(B)tiB  +  A/YN;M’  1W=  112  ^bn  +  ^12  (FB-M  (4) 

Where  N(B).  N(N)  are  the  number  of  Boron  and  Nitrogen  atoms  respectively,  N  is  the  total 
number  of  atoms  and  s=N(Bj-N(N)  measures  the  stoichiometry.  The  two  expressions  in 
Equation  4  are  related  by  the  assumption  of  equilibrium  in  the  bulk  solid  so  that  the  sum  of  N  and 
B  chemical  potentials  is  equal  to  the  binding  energy  of  a  pair  in  the  solid:  tin+fiB=UBN-  The  other 
chemical  potential  adjusts  to  achieve  the  desired  stoichiometry.  The  chemical  potential  may  then 
be  thought  of  as  being  determined  by  the  formation  energy  of  the  defects  responsible  for  the  off- 
stoichiometry.  Con.sequently,  the  chemical  potentials  of  the  two  different  materials  are  not  the 
same. 

For  the  purpose  of  comparison  of  equal  stoichiometry  materials  we  can  equivalently  consider 
the  more  intuitive  canonical  ensemble  and  write  the  difference  between  the  free  energies  per  atom 
of  the  two  solids  by  using  a  reference  value  for  pfl-/i,v  : 

Flc-BNhF(n-BN)=  !l2  (tiss  (c  BNFubn  (g-BN)  Is  \(Fd(c-BN)  -  Fpig-BN))  <}) 

In  this  expression  the  defect  formation  energies  appear  explicitly  but  are  to  be  understood  as  taken 
for  a  panicular  reference  chemical  potential,  and  are  of  the  dominant  defect  w  hich  is  responsible 
for  the  off-stoichiometry.  As  written  it  is  for  defects  such  as  vacancies,  where  the  difference  in  s 
of  a  single  defect  is±l.  The  generalization  to  antisites  where  the  difference  in  s  of  a  single  defect 
ts  ±2  is  straightforward.  The  relative  concentrations  of  vacancies  and  antisites  is  established  bv 
assuming  a  chemical  potential  consistent  with  the  off-stoichiometry. 

In  order  to  include  the  possibility  of  charged  defects,  for  each  material  a  quasi-equilibrium 
Fermt  energy  is  assumed.  Expenmentally.  the  Fermi  energy  may  often  be  adjusted  for  optimal 
grow  th  using  subsoate  bias  or  ionic  condttions  of  the  plasma  at  the  grow  th  face.  Unlike  the  case 
of  diamond  and  graphite,  both  cubic  and  graphitic  BN  are  insulators.  Fermi  energy  variations  and 
charged  defects  are  present  in  both  materials. 

In  addressing  the  defect  induced  off-stoichiometry  in  both  cubic  and  graphitic  BN,  it  appears 
reasonable  lo  neglect  interstitials  and  restrict  our  attention  to  vacancies  and  anti-site  defects.  Thts 
was  justified  by  detailed  calculations  for  the  case  of  diamond  which  showed  a  much  larger 
fonna'ion  energy  for  interstitial  defects.^ 

AB-  Initio  Calculations  of  Dkftct  Form.ation  energies  in  boron  Nitride 

We  have  performed  ah  iniuo  theoretical  studies  of  the  formation  energies  of  vacancies  and 
.iiiti-siie  defects  in  cubic  and  graphitic  BN.  The  calculations  employed  the  Pseiidopotcntial  L<x;al- 
Density  Functional  (l.DA)  formalism  and  a  recently  developed  conjugate  gradient  algorithm.'^ 
Charged  states  were  considered  by  using  a  neutralizing  background.*'  The  plane  wave  "expansion 
used  has  a  kinetic  energy  cutoff  of  15  Hanrees.  Detailed  descriptions  of  the  calculation 
methodology  and  results  will  be  presented  elsewhere.***  These  theoretical  studies  parallel 
experimental  work  on  the  growth  of  BN  that  are  summarized  below  and  loe  presented  separately 
III  greater  detail-’'* 

In  Fig  5  we  show  the  formation  energies  of  the  four  defects  in  both  materials  as  a  function  of 
Fenni  energy  Consistent  with  EDA  calculations  in  general,  the  calculated  semiconductor  gaps  arc 
significantly  smaller  than  experimental  ones.  The  gaps  of  cubic  and  graphitic  BN  ;ue  calculated  to 
be  similar  (3  S5cV  vs.  4.12cV),  so  the  formation  energies  for  both  materials  are  shown  on  the 
same  figures.  The  reference  chemical  potential  of  Bb  FN  is  chosen  so  that  bb  is  the  chemical 
potential  of  metallic  boron. 

Systematically  it  may  be  seen  that  there  are  more  charge  stales  of  the  defects  in  cubic-BN 
I  his  means  that  shifting  the  Fermi  energy  is  more  effective  at  reducing  the  formation  energy  of 
defects  in  cubic  BN  below  those  of  graphitic  BN.  It  is  interesting  to  note  that  for  three  of  four 
defects,  the  formation  energy  of  the  neutral  defect  is  lower  in  graphitic  material,  and  for  the  boron 
vacancy,  they  are  approximately  equal.  It  is  only  with  the  inclusion  of  the  charged  defects  that 
lower  energy  defects  in  cubic  material  and  defect  stabilization  is  possible. 
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Fermi  Energy  (eV) 

Fig.  6:  Minimum  energy  defects  as  a  function  of  Fermi  energy  for  cubic-BN  (solid 
line)  and  graphiric-BN  (dashed  line).  The  reference  chemical  potentials  are  taken  to  be 
those  appropriate  for  equilibrium  with  bulk  B  metal.  The  minimum  energy  defect  and 
charge  state  are  identified  on  each  line  segment.  Direct  implications  for  defect  induced 
stabilization  of  cubic-BN  are  discussed  in  the  text. 

In  Fig.  6  we  show  the  minimum  energy  defects  as  a  function  of  fermi  energy  in  the  two 
materials.  This  figure  provides  the  simplest  comparison  for  our  purposes.  It  may  be  seen  that  for 
all  values  of  the  Feuni  energy  the  cubic-BN  defects  are  substantially  lower  in  energy  than  the 
graphitic-BN.  This  suggests  that  defect  induced  stabilization  is  possible  for  cubic  BN.  A 
systematic  consideration  (Table  II)  of  boron-rich  and  nitrogen-rich  growth  for  different  values  of 
the  Fermi  energy  leads  to  the  following  conclusions,  most  of  which  may  be  directly  deduced  from 
this  figure.  For  p-type  or  positive-ion  conditions  of  growth,  the  defect  formation  energies  predict 
that  stabilization  is  possible  for  boron-rich  material,  with  nitrogen  vacancies  as  the  dominant 
defect.  Nitrogen  rich  material  is  stable  in  the  graphitic  structure.  On  the  other  hand,  under  n-type 
or  electron  rich  conditions  of  growth  defect  stabilization  is  predicted  to  be  possible  for  nitrogen 
rich  material  and  nitrogen  poor  material.  The  dominant  defect  is  the  boron  vacancy  or  boron 
antisite  respectively.  However,  under  n-type  conditions  there  is  a  strong  tendency  to  nitrogen  rich 
material.  Even  though  the  reference  chemical  potential  is  for  boron  solid,  which  would  lead  to  the 
most  boron  rich  solid  in  equilibrium,  nevertheless,  the  boron  vacancy  is  still  the  lowest  energy 
defect  in  cubic-BN  for  electron  rich  conditions.  Thus,  it  is  concluded  that  under  p-type  conditions 
boron-rich  cubic-BN.  and  under  n-type  conditions  nitrogen-rich  cubic-BN  may  be  stabilized. 

Table  11:  Summary  of  theoretical  predictions  for  the  growth  conditions  where 
stabilization  of  cubic-BN  may  be  possible  in  the  quasi-equilibrium  picture.  The  variation 
of  stoichiometry  and  the  ionic  charge  of  the  growth  are  experimentally  tunable  parameters. 

The  dominant  defect  under  each  conditions  is  indicated.  It  is  believed  from  experiment 
that  graphitic-BN  is  stable  in  stoichiometric  conditions.  Experimental  growth  of  boron- 
rich  cubic-BN  under  positive-ion  conditions  (*)  is  described  in  Table  III  and  the 
accompanying  text.  The  question  mark  for  boron-rich  BN  under  electron-rich  conditions 
is  included  to  indicate  the  strong  preference  of  the  growth  for  nitrogen-rich  material  under 
electron-rich  conditions. 


Boron  rich 

Stoichiometric 

Nitrogen  rich 

electron  rich 

?  cubic-BN 

graphitic-BN 

cubic-BN 

B  antisite 

B  vacancy 

positive  ion 

•  cubic-BN 

graphitic-BN 

graphitic-BN 

N  vacancy 

N  anti  site 
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It  should  be  emphasized  that  the  theoretical  calculations  suggest  that  the  limit  of  off- 
stoichiometry  which  may  be  achieved  in  true  equilibrium  is  small.  Off-stoichiometric  material  is 
generally  unstable  to  phase  separation.  For  a  boron  rich  solid,  the  limit  of  boron  excess  is 
established  by  setting  the  boron  chemical  potential  to  the  chemical  potential  of  boron  solid  as  is 
indicated  in  Figs.  5  and  6.  A  1%  excess  of  boron  would  then  require  a  defect  formation  energy 
(either  nitrogen  vacancy  or  boron  antisite,  the  difference  is  not  significant)  of  0.5  eV.  Except 
possibly  for  the  boron  antisite  in  highly  n-type  material  this  condition  is  not  realized.  Moreover, 
in  equilibrium,  in  the  bulk,  unless  an  equivalent  concentradon  of  dopants  is  included,  the  defects 
are  not  stable  in  their  charged  states  since  the  material  must  be  locally  neutral.  Two  interesting 
consequences  may  be  inferred.  First,  that  the  materia]  may  be  grown  boron-rich  only  if  phase- 
separadon  is  inhibited  by  slow  atomic  migradon.  Generally,  phase-separadon  is  a  slow  dynamical 
process  so  this  may  not  be  a  concern  for  nearly  stoichiometric  material.  Equivalently  we  may  say 
that  the  effective  boron  chemical  potential  may  be  significantly  lower  than  that  of  metallic  toron 
before  pha,se  separation  occurs  during  growth.  Second,  following  growth,  the  intrinsic  instability 
to  phase  separation  may  play  an  important  role  in  the  stability  of  cubic-BN.  This  is  particularly 
true  because  in  otherwise  undoped  material  the  defects  must  become  on  average  neutral  and  the 
Fermi  energy  will  shift  to  the  position  of  the  defect-electron-transition  raising  dramatically  the 
energy  of  the  defects  causing  the  off-stoichiometry.  It  may  be  possible  that  the  instability  to 
phase-separation  results  in  material  which  gradually  undergoes  phase  separation  on  experimental 
time  scales.  It  may  be  possible  to  overcome  this  instability  to  phase  separadon  (or  graphitizadon) 
of  the  cubic  BN  after  growth  by  post  processing  to  restore  the  stoichiometry  of  the  material.  An 
intriguing  though  speculative  possibility  for  achieving  stoichiomendc  cubic-BN  material  is  through 
growth  alternately  in  p-type  and  n-type  conditions  resulting  in  layered  boron-rich  and  nitrogen- 
rich  materials  which  may  interdiffuse  to  form  stoichiometric  material. 

Finally,  it  may  be  mentioned  that  N  vacancies  and  B  vacancies  are  intrinsic  donors  and 
acceptors  respectively  and  thus  an  effective  doping  of  cubic  BN  may  be  achieved  only  through 
careful  control  of  stoichiometry.  Moreover,  the  stoichiometry  itself  may  serve,  at  least  in  pan,  for 
achieving  p-type  and  n-type  materials.  Material  which  is  nitrogen-rich  grown  under  n-type 
conditions  will  be  found  to  be  p-type  after  growth,  and  conversely  for  boron-rich  material. 
Limitations  to  doping  efficiencies  may  be  derived  from  the  results  described  above. 

Growth  of  Cubic  boron  nitride 

The  experimental  growth  of  cubic  BN  is  reponed  in  detail  separately.!®  Preliminary  results  of 
the  experimental  effort  were  the  primary  motivation  for  the  theoretical  studies  described  above. 
Growth  of  cubic  material  was  performed  by  sputtering  of  high-purity  (pyrolitic)  BN  in  an  argon 
plasma.  The  sticking  coefficient  of  nitrogen  is  much  lower  than  that  of  boron,  so  that  in  a  pure 
argon  plasma  the  film  has  a  B:N  ratio  of  5:1  and  is  phase  separated  into  metallic  boron  and  BN. 
To  increase  the  nitrogen  in  the  film,  N2  gas  was  added  to  the  plasma  and  adjusted  to  achieve 
optimal  growth.  The  plasma  conditions  cause  the  substrate  to  be  negatively  biased  attracting 
positive  N2''’  ions  from  the  plasma  to  the  surface  and  causing  an  electron  depleted  surface.  This 
may  be  taken  to  correspond  to  the  theoretical  discussion  of  cubic  BN  growth  in  a  p-lype 
environment. 

The  conditions  of  growth  and  the  resulting  materials  are  summarized  in  Table  III.  The  optimal 
hardness  of  the  films  (3,500  kg/mm^)  was  obtained  with  10%  N2  pressure  in  the  plasma.  Films 
grown  under  these  conditions  were  characterized  by  in-plane  X-ray  diffraction  and  electron 
diffraction  as  cubic-BN.  The  hardness  of  3,500  k^mm^  is  consistent  with  the  hardness  of 
synthetic  cubic-BN.  The  B:N  ratio  of  these  films  was  measured  directly  and  found  to  be  between 
1.01:1  and  1.02:1.  This  1-2%  off-stoichiometry  is  consistent  with  the  results  of  ESR 
measurements  which  find  a  spin  density  of  \(fi^  -  1%  of  atomic  sites.^®  The  ESR  line  shape  and 
g-value  measured  is  consistent  with  other  measurements  of  nitrogen  depleted  BN  which  have  been 
associated  with  the  nitrogen  vacancy.  When  the  N2  pressure  is  increased  to  50%  the  films 
become  very  soft  and  are  stoichiometric  to  the  accuracy  of  the  measurements. 

The.se  results  appear  to  be  consistent  with  the  theoretical  predictions  linking  the  nitrogen 
vacancy  with  the  off-stoichiometry  induced  stabilization  of  cubic-BN  under  p-type  conditions. 
The  observation  of  spins  from  the  nitrogen  vacancy  may  be  understood  in  detail  as  follows. 
During  growth  the  nitrogen  vacancy  is  expected  to  be  positively  charged.  Once  the  growth  has 
proceeded  and  the  vacancy  is  away  from  the  surface,  the  materia]  must  bwome  on  average  neutral. 
This  occurs  through  capture  by  the  nitrogen  vacancy  of  electrons.  A  single  electron  on  a  nitrogen 
vacancy  neutralizes  the  vacancies  and  is  expected  to  give  an  ESR  signal  since  it  only  half  occupies 
a  gap  state. 
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Table  111:  Plasma  pressures  of  N2  in  an  argon  plasma  during  BN  films  and  the 
resultant  properties  and  stoichiometry  of  BN  films.  See  text  and  Ref.  1 8  for  details. 


N?  pressure 

Film  oropettv 

Stoichiomeirv:  B;N 

0% 

phase  separation 

-5:1 

10% 

cubic-BN  (see  text) 

1.01:1  to  1.02:1 

50% 

soft  like  eraphite 

1:1 

The  theoretically  predicted  possibility  of  cubic-BN  growth  under  electron  rich  conditions 
remains  to  be  tested. 
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ABSTRACT 

We  present  a  theoretical  formalism  to  investigate  doping  efficiencies  of  impurities  in 
semiconductors,  and  show  results  for  various  acceptor  impurities  (Li,  Na  and  N)  in  ZnSe. 
These  results,  obtained  from  first-principles  calculations,  yield  important  insights  in  the 
mechanisms  that  govern  impurity  formation  energies  and  solubilities. 

INTRODUCTION 

Doping  of  ZnSe  has  been  the  subject  of  intense  investigations  for  many  years.  The  belief 
was  widely  held  that  p-type  doping  could  not  be  achieved  due  to  some  intrinsic  limitation, 
often  attributed  to  self-compensation  by  native  defects.  We  have  recently  shown,  based  on 
state-of-the-art  first-principles  calculations,  that  under  appropriate  growth  conditions  the 
concentration  of  native  defects  in  ZnSe  is  quite  low,  and  will  not  cause  self-compensation.^ 
Recent  experimental  achievements  have  also  conclusively  established  that  p-type  doping 
of  ZnSe  is  indeed  feasible. However,  high  doping  levels  are  still  hard  to  obtain,  and  a 
comprehensive  understanding  of  the  doping  difficulties  has  been  lacking. 

The  theoretical  approach  presented  in  this  paper  shows  that  two  mechanisms  play  an 
important  role  in  the  doping  limitations.  One  is  a  competition  between  various  configu¬ 
rations  that  the  dopant  impurity  can  assume  in  the  lattice.  The  second  mechanism  is  a 
solubility  limit,  imposed  the  coexistence  of  other  phases  that  can  be  formed  out  of  the 
constituents.  In  this  paper  we  briefly  sketch  the  theoretical  approach,  and  then  present 
detailed  results  for  Li  and  other  impurities.  We  find  that  Li  suffers  from  a  competition 
between  substitutional  and  interstitial  lattice  sites.  More  importantly,  the  total  solubility 
is  limited  by  formation  of  the  compound  Li2Se.  For  Na,  we  find  the  solubility  to  be  much 
lower  than  for  Li,  rendering  .\a  useless  as  a  dopant.  Nitrogen  turns  out  to  be  the  best  candi¬ 
date  among  the  elements  examined  here.  These  results  can  serve  to  guide  experiments,  not 
only  regarding  the  choice  of  dopant,  but  also  with  respect  to  establishing  optimal  growth 
conditions. 

FORMALISM 

The  equilibrium  concentration  of  an  impurity  in  a  j^miconduclor  is  given  by 

C  =  .v..„expf-  ( I ) 

kl 

NaitM  is  the  appropriate  site  concentration,  e.g.,  for  substitutional  Li  (Lizn)  this  is  the 
number  of  Zn  sites  per  unit  volume.  Efom  is  the  formation  energy,  and  Sfonn  the  formation 
entropy.  The  pressure-dependent  term  in  the  Gibbs  free  energy  can  be  neglected  for  the 
solid  phase.  Entropy  contributions  have  been  estimated  to  be  small^;  they  also  tend  to 
cancel  when  comparing  relative  free  energies.^ 

The  key  quantity  for  determining  impurity  concentrations  is  thus  the  formation  energ.v. 
Its  value  must  be  determined  from  first-principles  total  energy  calculations.  We  carry  out 
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these  calculations  based  on  density-functional  theory,  using  ab  initw  pseudopotentials,  and 
a  mixed  basis  set  to  ensure  an  adequate  description  of  the  Zn  d  orbitals.*  ®  A  superceli 
geometry  is  used,  in  which  the  impurity  is  surrounded  by  a  sufficiently  large  volume  of  the 
host  crystal.  A  general  definition  of  formation  energy  is  given  in  Eq.  (1)  of  Ref.  1.  Here 
we  discuss  the  specific  example  of  an  ionized^  substitutional  Li  atom: 

Efonn(  Ei^n)  =  Li2n)  "h  /*2n  Ep .  ( 2 ) 

^(Eizn)  is  the  calculated  energy  of  a  superceli  containing  the  Li£„  impurity,  minus  the 
energy  of  a  reference  cell  containing  the  pure  bulk  semiconductor,  /xl*  ^d  fizn  are  the 
chemical  potentials  of  Li  and  Zn  atoms;  they  represent  the  energies  of  the  reservoirs  with 
which  these  atoms  are  exchanged.  Ep  is  the  Fermi  level,  i.e.  the  energy  of  the  reservoir 
delivering  the  electron  that  is  responsible  for  the  negative  charge  on  the  impurity. 

Equations  similar  to  Eq.  (2)  can  be  w'ritten  down  for  all  configurations  of  all  impurities 
to  be  examined,  in  their  various  charge  states.  In  addition,  we  take  all  intrinsic  point  defects 
into  account,  thereby  ensuring  that  reactions  involving  different  impurity  configurations  can 
take  place.  For  instance,  a  substitutional  Li  atom  can  leave  its  site  and  become  interstitial, 
lea.ing  a  Zn  vacancy  behind.  This  leads  to  a  long  list  of  formation  energies  for  various 
impurity  and  defect  configurations.  The  corresponding  concentrations  are  coupled  through 
the  condition  of  charge  neutrality,  as  described  in  Ref.  1.  These  concentrations  are  still  a 
function  of  the  chemical  potentials  of  the  constituents;  we  therefore  present  our  results  in 
the  form  of  contour  plots,  with  and  /in  as  the  variables  (as  explained  above,  /ise  is  not 
an  independent  variable  since  it  is  determined  by  /ise  =#*ZnS*  -  ^<2n)-  Other  details  about 
the  formalism  are  discussed  in  Ref.  1. 


RESULTS 

LLtiuujn 

Fig.  I  shows  some  of  our  results  for  Li  in  ZnSe.  The  total  concentration  of  Li  impurities 
is  displayed  in  Fig.  l.a.  Not  all  Li  atoms  reside  on  suli^titutional  sites,  however.  As  pointed 
out  by  Neumark,®  Li  can  also  go  interstitially,  where  it  behaves  as  a  donor.  Our  calculations 
indicate  that  Li*  has  its  lowest  energy  at  the  Ta  site  surrounded  by  Se  atoms  (T^),  which 
is  0.2  eV  lower  in  energy  than  the  Tj“  site.  Analogous  to  Eq.  (2),  we  can  write  down  an 
expression  for  the  formation  energy  of  the  interstitial  species: 

Eforn.(Li*)  =  ^(Li*)-/iu+EF.  1 

The  individual  concentrations  of  the  substitutional  and  interstitial  species  are  given  in 
Figs,  l.c  and  l.d.  Inspection  of  Eqns.  (2)  and  (3)  reveals  that  the  formation  energy  of  the 
substitutional  impurity  (acceptor)  rises  as  the  Fermi  level  goes  dova  (increasingly  p-type 
material),  whereas  the  formation  energy  of  the  interstitial  (donor)  becomes  lower.  As  the 
material  becomes  more  p-type,  it  becomes  increasingly  favorable  to  form  interstitials.  For 
some  limiting  position  of  the  Fermi  level,  the  formation  energies  of  the  two  species  actually 
become  equal.  It  is  then  impossible  to  push  the  Fermi  level  any  lower;  indeed,  doing  so 
would  make  the  formation  energy  of  interstitials  lower  than  that  of  substitutionals,  thu.c 
creating  more  donors  than  acceptors,  which  would  push  the  Fermi  level  back  up.  Eqns.  (2) 
and  (3)  show  that  this  limiting  Fermi  level  position  is  still  a  function  of  the  Zn  chemical 
potential,  as  can  be  seen  in  Fig.  l.b:  for  a  given  value  of  p2„  (along  a  horizontal  line), 
the  Fermi  level  first  decreases  as  pu  *8  increased  (increasing  Li  concentration,  mostly  as 
acceptors),  until  eventually  it  saturates;  at  that  point,  each  Li  has  an  equal  chance  of  being 
incorporated  as  an  interstitial  or  as  a  substitutional. 
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Figure  1:  Contour  plots  describing  the  behavior  ofVi  impurities  tn  ZnSe.  at  600  A.  ns  fl 
function  of  Zn  and  Li  chemical  potentiab.  Solid  lines  indicate  bounds  on  pzn  and  /xti 
text),  (a)  logio  [Li],  where  [Li]  is  the  total  Lt  concentration  in  cm"^;  (b)  Fermi  level  (in 
fl.  referred  to  the  top  of  the  valence  band):  (c)  log^o  [Lizn).  the  concentration  of  Li  on 
substitutional  sites;  (d)  logio  (Lii).  the  concentration  of  Li  on  interstitial  sites. 


The  chemical  potentials  are  subject  to  strict  constraints,  imposed  by  the  energies  of 
other  phases  that  can  be  formed  from  the  constituents.’  These  bounds  are  indicated  b> 
solid  lines  in  Fig.  I  The  formation  of  bulk  Zn  puts  an  upper  bound  on  pzn'  =  Pzn(buiii)- 
Similarly,  formation  of  bulk  Se  puts  a  lower  bound  on  p2n'>  since 

/'Zn  =/'ZnS«  =  /'Zii*ba!k)  + /'Sejbulk)  +  '^^/(ZnSe)  (4) 

where  AHf  (ZnSe)  is  the  heat  of  formation  of  ZnSe  (A///  is  negative  for  a  stable  com¬ 
pound).  It  follows  that  =  /izn(buik»  +  (ZnSe).  Calculated  heats  of  formation  are 
listed  in  Table  1. 

To  find  an  upper  bound  on  the  Li  chemical  potential,  one  may  consider  Li  bulk,  but  it 
turns  out  that  a  much  more  stringent  construnt  is  imposed  by  formation  of  the  compound 
LijSc,  leading  to  a  bound  defined  by  the  equation: 

+  PS*  ~  +  //S«(buik)+*^^/(l-'i2Se)  (5) 


- 
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Table  1:  Theoretical  and  experimental  (Ref.  9)  heats  of  formation  (in  eV  per  formula 
unit)  for  various  materials  containing  Zn,  Se,  Li,  Na,  and  N.  Also  listed  is  the  minimum 
formation  energy  (corresponding  to  maximum  eoncentrotionj  for  the  neutral  substitutional 
acceptor  in  ZnSe,  and  the  corresponding  minimum  Fermi  level  position  (in  eV,  referred  to 
the  top  of  the  valence  band),  at  600  K. 


solubility-limiting  compound 
A//}*  AflfP 

Ef 

pmiD 

^forni 

ZnSe 

-1.39  -1.69 

ZnSe:Li 

LijSe  -4.12  -3.96 

0.13 

0.46 

ZnSe:Na 

NajSe  -3.13  -3.54 

0.44 

1.08 

ZnSe:N 

ZnaN,  -  -0.24 

0.09 

0.38 

The  point  where  this  line  intersects  the  lower  bound  on  pzn  Is  given  by  pJi  —  /^Li(buH)  + 
jA///{Li2Se).  The  corresponding  formation  energy  of  the  neutral  acceptor,  and  the  self- 
consistently  determined  Fermi  level  are  also  listed  in  Table  1. 

These  contour  plots,  along  with  the  bounds  on  the  chemical  potentials,  provide  impor¬ 
tant  insights  regarding  the  solubility  of  Li  in  ZnSe.  Our  results  indicate  that  Li  incorpo¬ 
ration  strongly  depends  on  the  growth  conditions;  in  particular,  the  ratio  of  interstitials 
to  substitutionals  can  be  suppressed  by  towering  Pin  Figs,  l.c  and  I  d).  This  simul¬ 
taneously  increases  the  total  Li  concentration,  which  reaches  its  maximum  in  the  lower 
right-hand  corner  of  the  accessible  region,  where  =s  pjj"  and  pu  =  mL*  These  results 
are  in  good  agreement  with  experimental  observations  on  MBE-grown  Li-doped  samples, 
in  which  the  Li  solubility  was  found  to  be  limited,  and  the  concentration  of  Li  interstitials 
varied  from  sample  to  sample  (indicating  the  dependence  on  growth  conditions). ” 

Sodium 

Figure  2  summarizes  our  results  for  Na  in  ZnSe.  The  qualitative  behavior  of  Na  is  quite 
similar  to  Li:  both  substitutional  and  interstitial  configurations  occur,  and  the  solubility 
is  limited  by  the  formation  of  the  compound  Na2Se.  There  is  a  pronounced  quantitati\e 
difference,  however,  in  the  value  for  the  solubility:  Fig.  2. a  indicates  that  total  Na  incorpo¬ 
ration  is  limited  to  10‘®  cm"^,  i.e.  three  orders  of  magnitude  lower  than  Li.  These  results 
explain  the  experimental  failure  of  doping  attempts  with  Na.*^ 

Nitrogen 

We  have  found  that  N  does  not  suffer  from  the  substitutional/interstitiaJ  competition 
associated  with  the  column  !  elements.  Nitrogen  on  a  substitutional  Se  site  is  a  shallow 
acceptor;  N  on  a  substitutional  Zn  site  is  a  donor,  but  has  a  very  large  formation  energy'. 
The  bounds  on  the  N  chemical  potential  arise  in  this  case  from  the  ZnsNj  compound, 
as  well  as  from  N^  molecules.  The  contour  plots  for  ZnSe:N  (not  shown  here)  indicate 
that  N  has  the  highest  solubility  of  the  dopants  investigated  here.  Under  optimum  growth 
conditions,  the  hole  concentrations  that  can  be  obtained  are  high  enough  for  useful  device 
applications,  making  nitrogen  the  most  promising  among  the  dopants  studied  here. 


Figure  2:  Contour  plots  describing  the  behavior  o/Na  impurtties  in  ZnSe,  at  600  h,  as  a 
function  o/Zn  and  Na  chemical  potentials.  Solid  lines  indicate  bounds  on  p2n  (^^d  (see 
text),  (a)  Ioqxq  [NaJ.  where  [Na)  is  the  total  Sa  concentration  in  cm"^ :  (b)  Fermi  level  (in 
eV,  referred  to  the  top  of  the  valence  band);  The  concentration  o/Nai  is  muck  lower  than 
that  ^>/Naz„  over  the  whole  of  the  accessible  range. 

CONCLUSION 

We  have  presented  a  theoretical  investigation  of  acceptor  dopants  in  ZnSe,  based  upon 
a  thermodynamic  formalism  and  state-of-the-art  first-principles  calculations.  Our  results 
not  only  provide  quantitative  information  upon  impurity  incorporation,  but  can  also  serve 
as  a  guide  in  exploring  optimum  growth  conditions. 
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INTERSTITIAL  IMPURITIES  IN  WURTZITE  VS. 
ZINCBLENDE  SEMICONDUCTORS:  THE  CASE  OF  H  IN  SiC 
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ABSTRACT 

Most  compound  semiconductors  crystallize  in  the  zincblende  or  the  wurtzite  struc¬ 
tures.  In  both  cases,  all  the  host  atoms  are  tetrahedraily  coordinated.  However,  the  two 
lattices  have  no  high  symmetry  interstitial  sites  in  common.  As  a  result,  the  stability, 
lowest-energy  configuration,  electronic  structures,  and  barriers  for  diffusion  of  interstitial 
impurities  cire  in  general  very  different.  This  situation  is  illustrated  here  in  the  case  of 
interstitial  H  in  3C  (zincblende)  and  2H  (wurtzite)  SiC.  The  results  can  be  used  to 
obtain  the  properties  of  H  in  other  hexagonal  polytypes,  in  particular  6H'5iC. 


INTRODUCTION 

Nearly  all  the  theoretical  studies  of  properties  of  impurities  and  defects  in  semicon¬ 
ductors  deal  with  hosts  that  crystallize  in  the  diamond  or  zincblende  structures  and  of 
those,  most  of  the  research  focuses  on  Si  and  (?nAs.  There  is  less  impetus  to  conduct 
similar  extensive  studies  in  compounds  that  have  the  wurtzite  structure.  This  is  due  at 
least  in  part  to  the  fact  that  it  is  often  difficult  to  dope  them  both  n-  and  p-type,  i.e.. 
easily  make  devices  with  tlicm. 

However,  as  this  ver>’  symposium  suggests,  there  is  an  increasing  interest  in  more 
exotic  semiconductors,  wlicrc  “exotic"  refers  to  materials  that  have  extreme  properties, 
such  as  the  ability  to  withstand  high  temperatures  or  large  doses  of  radiation.  Further, 
considerable  improvements  in  the  growth  and  purity  of  films  and  single  crystals  makes 
thc.se  materials  more  readily  available  than  ever  before. 

Among  these  semiconductors,  SiC  is  special  because  it  is  foimd  in  a  large  number  of 
polytypes.*’^  As  discussed  in  Ref.  1,  a  set  of  50  layers  of  SiC  can  theoretically  crystallize 
in  93,813,507  different  ways,  with  cubic,  hexagonal,  rhombohcdral,  or  trigonal  structures. 
Further,  many  polytypes  can  be  doped  n-  and  p-type.^ 

Although  some  properties  of  intrinsic  defects  have  been  studied  in  several  wide  band- 
gap  semiconductors,'*  little  is  known  about  tlie  basic  properties  of  impurities:  diffusion 
of  shallow  dopants,  structure  of  deep-level  impuriti<*s,  interactions  w-ith  hydrogen,  etc. 
In  most  cases,  the  problems  themselves  have  yet  to  be  clearly  formulated.  For  example, 
does  atomic  H  passivate  shallow  acceptors  or  donors  in  SiC  as  it  docs  in  Si?  Direct 
extrapolation  of  the  known  properties  of  H  in  Si  or  GaAs  to  materials  such  as  cubic  DN 
or  6H-5iC  are  not  necessarily  correct,  and  there  is  little  doubt  that  experimental  and 
theoretical  studies  will  bring  new  and  micxpected  results. 

In  this  paper,  wc  will  briefly  discuss  the  different  stnicturcs  of  SiC,  the  key  charac¬ 
teristics  of  the  ^'a^ious  interstitial  sites,  and  summarize  the  results  of  our  calculations  for 
interstitial  H  in  the  cubic  form  of  SiC  (3C,  zincblende,  or  i3-SiC)  and  in  the  hexagonal 
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polytype  which  is  the  most  different  from  it  (2H,  wurtzite,  or  one  of  the  a-SiC).  These 
results  can  he  used  to  determine  the  properties  of  H  in  other  hexagonai  polytypes. 

Our  calculations  were  done  in  large  clusters®*®  near  the  ab  initio  Hartrec-Fock  level, 
with  the  method  of  PRDDOJ  To  study  3C-SiC,  we  used  5*22C'22^42*  and 

Si4Ciffi6  to  convince  ourselves  that  cluster  size  effects  are  small.  For  2H-5iC,  we  used 
>^<26^26^50  and  5i24C24/f46-  The  smallest  cluster  that  contains  all  the  interstitial  sites 
of  6H-5iC,  the  most  stable  of  all  polytypes,  is  This  cluster  is  too  large  for 

the  current  version  of  the  code.  However,  the  properties  of  H  in  6H-5iC  can  be  obtained 
from  our  results. 


STACKING  SEQUENCES  AND  INTERSTITIAL  SITES 

The  ^’arious  polytypcs  of  StC  differ  by  the  way  the  Si  —  C  pairs  are  stacked  along 
the  c-axis  (Fig.l).  In  the  familiar  zincblendc  (or  3C)  structure,  the  sequence  involves 
three  layers  which  are  repeated  periodically  {ADC  ABC  ABC  . .  .)•  All  the  Si  —  C  bond 
lengths  are  the  same,  and  the  angles  are  exactly  tetrahedral. 

In  the  wurtzite  (or  2H)  structure,  only  two  layers  arc  repeated  {AB  AB  AB  ...). 
The  Si  -  C  bond  length  along  the  stacking  direction  (Ljj)  is  not  equal  to  that  which  is 
approximately  perpendicular  to  it  (Lx),  and  tne  angles  are  not  exactly  tetrahedral.  In 
the  6H  polytype,  the  basic  sequence  involves  6  layers  {ABCACBABCACB  . . .). 


3C  2H  6H 


FIGURE  1;  Stacking  scquencea  in  3C-,  211',  and  6H-5»C  »nd  high-symmetry  interstitial  sites 
(see  text).  The  crosses  show  the  locsl  minims  of  the  potential  energy  surface  for  interstitial 
H.  the  open  circles  are  saddle  points,  and  the  full  circles  are  not  stationary  points. 
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The  various  high-symmetry  interstitial  sites  are  shown  in  Fig.l.  The  bond-centered 
(BC)  sites  differ  from  each  other  by  the  amount  of  relaxation  which  can  be  achieved,  that 
is  mainly  by  how  much  room  is  available  for  the  bond  to  expand.  The  bond-centered 
site  that  can  stretch  the  most  is  BCx  in  2H-5iC:  The  C  and  Si  atoms  are  2.32  A  away 
from  the  nearest  high-symmetry  interstitial  site  (denoted  R  in  Fig.l).  Next  comes  BC 
(in  3C-SiC),  where  the  C  and  Si  atoms  are  1.84  A  away  from  T  sites.  Finally,  BC||  is 
the  most  crowded,  with  its  nearest  neighbors  (NNs)  only  1.23  A  away  from  T^  sites.  It 
can  be  seen  in  Fig.l  that  intermediate  situations  are  realized  in  6H-5iC. 

The  tetrahedral  interstitial  (T)  sites  have  a  subscript  which  refers  to  their  4  NNs, 
The  differences  between  T  (in  ZC-SiC)  and  T'  (in  2H-SiC)  are  readily  visible  in  Fig.l. 
However,  in  6H-5/C’,  there  are  two  T5,  (and  two  Tc)  sites  i.wiich  have  the  same  NNs  as 
the  T  sites  in  ZC-SiC,  but  differ  from  them  by  further  shells. 

The  hexagonal  polytypes  have  two  interstitial  sites  with  no  counterpart  in  the  cubic 
structure.  We  labeled  them  R  and  E.  Finally,  the  hexagonal  interstitial  (H)  sites  are 
almost  identical  in  all  the  polytypc-s.  They  are  near  the  saddle  points  of  the  potential 
encrg\’  surfaces  (PES)  for  light  interstitials  such  as  H . 


INTERSTITIAL  HYDROGEN 

In  the  past  ten  years,  interest  in  the  properties  of  H  in  semiconductors  has  grown 
enormously.*  Hydrogen  passivates  the  electrical  activity  of  a  number  of  shallow  and  deep 
centers,  activates  some  normail>  inactive  impurities,  enhances  the  diffusivity  of  interstitial 
O,  ajid  forms  a  variety  of  extendc<l  complexes  which  arc  still  poorly  understood.  Because 
it  i.s  light,  H  dif^ '«cs  rather  easily.  Since  the  presence  of  most  impurities  results  in 
incompletely  sat.4  .4.cd  bonds,  H  interacts  with  many  defect  centers  by  saturating  weak 
bonds,  rearranging  the  local  structure,  thus  shifting  energy  levels. 

Hydrogen  is  so  active  that  in  fact  much  less  is  known  about  isolated  H  in  the  perfect 
lattice  than  about  complexes  such  as  [H.X]  pairs,  where  .Y  is  a  donor  or  an  acceptor. 
Much  of  thr  experimental  information  about  isolated  hydrogen  stems  from  muon  spin 
rotation  (pSR)  spectroscopy,*  i.c.,  the  information  is  about  the  positive  muons,  a  light 
isotope  of  the  proton. 


Summary  of  nSR  data 

At  low  temperatures,  throe  centers  are  observed  in  diamond  and  silicon,  with  relative 
abundances  largely  independent  of  the  doping.*  The  most  abundant  center  (about  65% 
of  incoming  muons)  is  called  norma!  muonium  (JV/u)  and  is  characterized  by  an  isotropic 
hyperfinc  tensor  witli  a  delocalized  but  still  mostly  atomic  wavefunclion.  Then  comes 
anomalous  muonium  (A/n*),  which  has  a  highlj'  anisotropic  hyperfine  tensor,  with  most 
of  the  unpaired  electron  localized  on  two  NNs  to  the  muon,  and  a  nearly  zero  value  of 
the  Fermi  contact  density.  In  diamond  and,  to  a  lesser  extent,  in  Si  there  i?  experimental 
evidence  of  a  Mu  — »  Mu*  transition  at  higher  temperatures,  showing  that  Mu*  is 
the  more  stable  of  the  two  paramagnetic  species.  Finally,  less  than  10%  of  incoming 
muons  form  p'*",  which  is  not  paramagnetic.  In  5i,  both  paramagnetic  species  undergo 
transitions  to  p**"  as  the  temperature  is  increased  to  room  temperature,  but  in  diamond, 
Mu*  is  stable  ^and  immobile)  up  to  at  least  1,000  A'. 
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The  basic  chemistry  of  these  centers  was  proposed  by  Symons  and  Cox  and  Symons.’” 
The  models  they  proposed  for  Mu  and  Mu*  were  later  confirmed  by  more  rigorous 
theoretical  studies.”  It  is  now  accepted  that  Mu  corresponds  to  located  on  the 

average  at  the  T  site,  and  Mu*  to  at  a  relaxed  bond-centered  site,  with  the  odd 

electron  in  a  non-bonding  orbital  primarily  localized  on  the  two  NNs  to  the  muon.  Finedly, 
is  A/ii*'*’,  the  ionized  version  of  bond-centered  muonium.  However,  the  possibility  of 
a  Mu~  species  cannot  be  ruled  out  by  the  av'ailable  experimental  data. 

A  few  ^SR  experiments'^  were  performed  in  6H-  and  SC-SjC.  and  the  results  show 
qualitative  differences  between  SiC  and  diamond  or  Si.  First,  no  Mu*  signal  is  seen 
in  SiC  at  any  temperature.  Then,  in  CH-SiC,  at  low  temperatures,  the  /iSR  spectrum 
consists  of  three  Mu  signals,  labeled  Mu'^^ ,  and  Mu^.  At  room  temperature. 

Mu  '^^  and  merge  into  A/u'^,  and  only  two  signals  remain.  Finally,  in  ZC  SiC. 

Mu  aiid  iC  are  present  at  low  temperature,  but  undergoes  a  transition  to  Mu  as  the 
teinperatvue  is  increased. 


Theoretical  predictions 


Wo  have  calculated  the  potential  cnergv'  surface  (PES)  for  H  in  3C-  and  2H-5?(r’. 
At  the  local  minima,  both  first  and  second  NN  atom  shells  were  allowed  to  relax,  and  the 
electronic  configurations  obtaino<l.  Finally,  the  barriers  for  diffusion  between  the  various 
minima  were  estimated. 

Figure  2  shows  the  relative  energie.s  of  H  at  various  sites  in  diamond.  Si.  3C-.  2H-. 
and  CH-5iC.  .All  these  values  have  been  obtaine<l  with  PRDDO  in  otir  largest  clusters, 
after  relaxation  of  the  first  and  second  NN  atoms  around  H  (with  the  exception  of  E 
sife.s.  which  are  v<‘ry  shallow  minima  ami  v<‘ry  high  in  encrg>).  Figure  3  shows  upper 
limit.s  for  tin*  barriers  for  diffusion  of  H  between  the  various  minima. 
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2.  Kiu-rgy  for  //  at  vanoiiK  sites  in  tlianiontl,  St,  an«J  3C*-,  2M-,  anti  6U-5ir'.  TKe 
dasht'il  linos  show  flu-  energy  of  the  perfecl  chistor  am!  //  far  away.  The  zero  of  the  energy 
r«>rresj>omls  to  //  at  tfie  R  site. 
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riGl  RI'  3:  Barriors  for  diffusion  for  H  in  3C-  and  2H-5i<?. 


Dtscussion 


It  is  clear  from  Fig. 2  that  both  interstitial  sites  in  Si  arc  much  more  stable  than 
any  .site  in  SiC.  Tims,  if  a  StC  film  is  grown  on  a  Si  substrate,  interstitial  H  will  not 
spontaneously  diffuse  from  Si  towards  5iC,  but  remain  in  the  Si  lattice. 

Hydrogen  passivation  is  efficient  in  Si  becaus<?  H  diffuse's  readily  at  temperatures  at 
which  most  {A*.  //}  complexes  (A*  =  donor  or  acceptor)  arc  stable.  In  SiC,  the  barriers 
for  diffusion  of  H  are  very  high,  which  suggests  slow  diffusion.  Thus,  unless  {.Y.  H)  pairs 
are.  for  some  rea.son.  much  more  stable  in  SiC  than  in  5? ,  wc  expect  hydrogen  passivation 
to  be  qtiite  difficult  to  achieve  in  SiC. 

W  hile  the  DC  sites  are  the  most  stable  for  H  in  diamond  and  5^  they  arc  not  the 
lowest-energy  sites  in  SiC.  VVe  propose  the  following  identification  of  the  /iSR  species. 

In  th<’  3C  polytype.  T5,  is  preferred,  altliough  not  by  much.  The  high  barrier  between 
BC  and  T.«,i  suggests  tliat  both  sites  could  he  populated  at  low  temperatures.  Since  Tc 
is  much  higher  in  energy,  only  one  Mu  signal  should  be  seen,  associated  with  Tsi-  Mu* 
and  f.C  correspond  to  the  BC  .site.  Which  of  the  two  is  observed  may  depend  on  the 
(l<i])ing  of  the  sample  and  other  factors.  However,  at  higher  temperatures,  a  |i'*‘  — ►  A/u 
(or  Mu*  — *  Mu)  conversion  should  occur. 

In  2H-5iC,  the  R  site  is  the  lowest  in  energy'.  Adjacent  R  sites  arc  separated  by  a 
high  harrier  and  ar<*  far  apart.  This  suggests  that  H  or  Mu  should  be  strongly  localized 
there.  Some  population  of  BCj.  is  possible  at  low  temperatures,  but  Mu*  or  should 
readily  convert  to  Mu  as  the  temperature  is  increased.  Thus,  the  pSR.  spectrum  of 
2H-5iC  should  be  very  .simple. 

In  6H-SiC,  we  <  xpec{  the  barriers  to  he  of  comparable  height  to  those  in  the  other 
polytypes  of  SiC,  thus  allowing  three  local  minima  of  the  PES  to  be  popiilatf'd  at  low 
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temperatures.*^  R  (for  Afu^)  and  the  two  slightly  inequivalent  T5i  sites  (for  and 

A  small  contribution  of  the  BC  site  cannot  be  ruled  out,  but  the  corresponding 
signed  should  convert  to  Afu®  at  higher  temperatures.  Rapid  thermal  diffusion  between 
the  two  T5,  sites  could  be  responsible  for  the  conversion  of  and  to  A/«"^ 

at  room  temperature. 
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ABSTRACT 

Potential  energ}'  surfaces  and  electronic  structures  of  interstial  oxygen  (Oi)  in  cubic  C. 
Si,  AlP^  SiC.  and  BN  have  been  calculated.  The  equilibrium  site  is  a  bent-bridged 
bond.  In  compound  semiconductors,  O,  has  a  larger  degree  of  bonding  with  the  most 
electronegative  of  the  host  atoms  (P.  C,  or  .V)  than  with  the  least  electronegative  one.  In 
addition  to  the  barrier  for  rotation  of  O,  about  the  <  111  >  axis,  which  does  not  involve 
breaking  a  bond,  we  calculated  tlie  barriers  for  migration  between  adjacent  bond-centered 
sites.  There  are  two  such  barriers  in  c<)mi)ound  semiconductors.  In  order  to  estimate  the 
relative  stability  of  O,  in  the  various  hosts,  we  calculated  the  energies  involved  in  inserting 
O2  into  the  lattice  and  dissociating  it  into  two  isolated  0,'s. 


INTRODUCTION 

Oxygen  is  one  of  the  most  common  impurities  in  many  semiconductors.  In  Czochralski 
Si.  it  can  reach  concentrations  of  10'**  The  properties  of  oxygen  in  Si  have  been 

studied'  since  the  early  lOoO’s.  The  most  stable  configuration  for  isolated  interstitial 
oxygen  (O,)  is  a  bent  St  -  O  -  Si  bond^"^  with  bond  length  Si  -  O  ^  1.6  A  and  bond 
angl<‘  SiOSi  2r  ICO®.  In  this  configuration.  O,  can  rotate  almost  freely  about  the  <  111  > 
axis. '  The  barrier  for  diffusion  b<*twren  adjacent  equilibrhim  sites,  which  we  label  bond- 
centered  (BC)  for  convenience,  is  2.56  rl'  from  stress-induced  dichroism  experiments.^ 
Dc.spitc  this  high  liarrier.  O,  becomes  mobile  around  450  ®C.  and  oxygen-related  thermal 
donors  arc  fonned.®  in  addition  to  other  aggregates  which  are  not  electrically  active. 
Finally,  O  is  also  fo\md  at  vacancies  (A  center^).  Interstitial  oxygen  and  the  A-center  in 
Si  have  hoon  st\idicd  theoretically.'  but  recent  work  has  concentrated  on  0-relatcd  pairs 
aiui  models  for  TD  formations.'’** 

In  this  paper,  we  r<.'j>ort  studies  of  O,  in  several  group  IV  and  group  III-V  cubic 
semiconductors:  C  (<liarnond).  Si,  DP,  AlP,  SiC,  and  DN.  Our  calculations  include  the 
equilibrium  structtires,  the  barriers  for  rotation  and  diffusion,  the  relative  stability  of  O, 
in  various  host.s.  and  a  search  for  trends.  A  siiniliar  investigation®  of  interstitial  H  in  the 
.same  six  basts  ha.s  rev<  ale<l  a  number  of  general  features  which  influence  the  stability  of 
//  in  cul)ic  semiconductors. 

The  calculations  were  j)rrforme<l  in  molecular  clusters'®  at  and  near  the  ab  ini- 
tio  Hartree-Fock  (HF)  level.  Final  geometries  were  obtained  in  clusters  of  the  form 
OA22B2-2Pi-2  using  the  method  of  partial  retention  of  diatomic  differential  overlap" 
(PRDDO).  Geometry  optimizations  involved  relaxations  of  the  first  and  second  near¬ 
est  neighbors  (NNs)  of  O,.  Symmetry  constraints  were  applied  to  reduce  the  mimbcr  of 
degrees  of  freedom.  The  barriers  for  diffusion  were  also  calculated  in  smaller  clusters  at 
the  ab  iniiio  HF  level  using  split-valence  polarized  !)asis  sets.  A  complete  report  of  our 
re.siilt.s  will  })e  pnhli.slied  cksewhere,'^ 
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EQUILIBRIUM  STRUCTURES,  ROTATION,  AND  STABILITY 

Interstitial  oxygen  cannot  remain  at  the  tetrahedral  interstitial  (T)  site  in  cubic  semi¬ 
conductors  because  O,  is  an  orbital  triplet  at  the  T  sitc^  and  is  therefore  Jahn- Teller 
\mstable.  It  moves  off-center  towards  a  BC  site  and  strongly  binds  to  the  lattice.  The 
equilibrium  configuration  was  obteuned  by  relaxing  Oi  both  parallel  and  perpendicular 
to  the  bond,  and  allowing  its  first  and  second  NNs  to  relax  as  well.  This  process  was 
repeated  with  the  0|  oriented  at  various  angles  around  the  <  111  >  direction.  This  not 
only  produced  the  most  stable  BC  configuration,  but  also  gave  the  barrier  for  rotation  of 
oxygen  around  the  axis. 

•  Equilibrium  Configuration:  In  group  IV  hosts,  O,  remeuns  in  the  plane  bisecting 
the  original  host-host  bond  and  forms  an  equally  strong  bond  with  its  two  NNs.  In  III-V 
hosts,  Oi  moves  off  the  bisecting  plane  and  forms  a  bond  with  a  larger  degree  of  bonding^^ 
with  the  most  electronegative  (ME)  of  its  two  NNs,  and  a  bond  with  a  smaller  degree 
of  bonding  with  the  least  electronegative  (LE)  one.  This  is  illustrated  in  figure  1  in  the 
cases  of  Si  and  AlP. 


riGl'HK  I :  Calculated  e<{iittibriutn  ronfigurations  for  O,  in  Si  and  AlP.  In  rlciiiental  hosts. 

O,  ha.s  a  synunetpic  configiiratioti.  while  in  coinponnds  the  degree  of  bonding  to  the  ME  atom 
ts  larger  The  figure  gives  tlic  bond  lengths  (.^).  the  degrees  of  bonding,  and  the  O,  bond 
angle  ’I'lic  dashed  circles  show  the  iindisliirbed  locations  of  the  host  atoms. 

In  compound  hosts,  tlic  puckered  bond  is  oriented  in  a  way  that  optimizes  the  overlap 
between  O,  and  one  of  its  second  NNs:  Oxygen  is  always  closest  to  one  of  the  three  second 
NN  host  atoms  with  the  largest  covalent  radius.’^  The  calculated*^  dipole  moments  of 
O,  are  much  larger  in  compound  than  in  elentental  semiconductors. 


•  Barrier  for  Rotation:  The  barrier  for  rotation  of  O,  about  the  <  111  >  axis  does  not 
involw  breaking  a  covalent  bon<l,  except  for  the  (small)  overKap  with  one  of  the  second 
NNs  to  O,.  VVe  obtained  this  barrier  by  reoptimizing  the  geometry  (first  and  second  NNs) 
for  various  orientations  of  O,  about  the  <  111  >  axis.  This  procedure  assumes  that  the 
lattice  has  enough  time  to  fully  relax  as  O,  rotates,  and  therefore  tends  to  underestimate 
the  barrier.  The  calculated  barriers  for  rotation  arc  shown  in  figure  2.  The  barrier  heights 
correlate  with  the  Pauling  ionic  character’*  of  the  host. 


FIGUIIL  2;  Calculated  barriers  for  rotation 
of  Of  about  the  <  111  >  axis  as  a  function 
of  the  Pauling  ionic  character  /,  of  the  host. 
'I ho  arrows  show  where  6’a.ls  and  Cap  are 
located  on  this  scale, 
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•  Relative  Stability:  In  order  to  determine  the  relative  stability  of  O,  in  the  various 
hosts,  \vc  needed  to  evaluate  the  energies  relative  to  a  common  zero.  We  defined  the 
reference  point  as  that  of  free  0■i^  far  outside  the  undisturbed  cluster  (‘'Ol®”).  Then,  we 
optimized  the  geometry  of  the  Oj  molecule  near  the  T  site  in  the  clusters  Finally. 

\vc  compared  those  energies  to  that  of  two  isolated  0/s  in  the  same  host.  For  example, 
in  the  case  of  Si.  wo  compared  the  following  ener^cs:  E\  =  2E{Siu^42)  +  EiOf^), 
Ei  =  E(Si\.\HA2)  +  E{Sii\H\2  +  O^),  and  E^  =  2E{Si\\H42  +  O,).  Figure  3  shows 
£2  -*  £i  and  £2  -  £3  as  functions  of  the  lattice  constant.  For  hosts  with  a  small  lattice 
constant,  these  energy  differences  depend  on  the  volume  available.  However,  other  factors 
include  the  strengths  of  the  host  atom-0  bond,  as  \vcll  as  the  overall  stability  of  O2  and 
of  0,  in  various  ho.sts.  For  large  lattice  constants,  these  other  factors  dominate  and  the 
trend  is  lost. 

In  all  cases.  Oj  is  ttnstable.  While  the  0  —  0  bond  in  0|®  is  a  double  bond,  it 
becomes  a  single  bond  when  the  molecule  is  inserted  into  the  lattice,  at  a  great  cost  in 
energy.  Our  results  are  consistent  with  Oj  dissociating  readily  and  forming  two  O/s  in 
all  the  hosts, 

FIGURE  3:  Upper  curve: 

E'i  —  E\  IS  the  amount  of 
energy  needed  to  insert  a 
free  O2  molecule  into  the 
cluster  near  the  T  site  as  a 
function  of  the  lattice  con¬ 
stant  ai . 

Lower  curve:  E^  -  E3  is 
the  energy  gained  by  dis¬ 
sociating  O2  at  the  T  site 
and  forming  two  Isolated 
0.'.s. 
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BARRIERS  FOR  DIFFUSION 

In  compound  semiconductors^  there  are  two  inequivalent  ways  for  Oi  to  go  from  one 
configuration  to  another:  The  diffusion  can  be  described  as  a  rotation  about  the  ME  or 
the  LE  host  atom  to  which  it  is  attached.  Diffusion  will  result  only  from  overcoming  the 
largest  of  the  two  barriers.  In  our  notation,  the  “A-barTier”  refers  to  0|  moving  from  one 
BC  site  to  the  next  while  preserving  the  Oi  —  A  bond,  where  A  is  one  of  the  host  atoms. 
For  all  the  diffusion  barriers  studied,  the  atom  about  which  O,  was  rotating  maintained 
approximately  the  same  bond  distance  and  degree  of  bonding  with  0,.  It  is  the  other 
bond  which  affects  the  barrier  height  the  most. 

We  experienced  a  number  of  difficulties  when  calculating  these  barriers.  One  problem 
is  that  the  bonds  involving  O,  are  strong,  and  breaking  them  costs  a  lot  of  energv’.  At  the 
transition  point,  the  electronic  structures  are  difficult  to  describe  w’ith  one-determinant 
wavofunctions,  .since  stretched  or  broken  bonds  involve  much  more  electron  correlation 
than  the  equilibrium  configuration.  Further,  some  of  the  barriers  are  very  high  and  very 
narrow  while  others  involve  very  large  displacements  of  the  atoms.  Finally,  there  arc 
at  least  IS  degrees  of  freedom  that  should  be  considered  when  optimizing  the  transition 
point  geometry.  We  used  .symmetry  to  lower  the  number  of  degrees  of  freedom. 

We  have  painstakingly  optimized  the  geometries  at  the  saddle  points  with  PRDDO. 
and  calculated  the  barrier  heights  using  closed-shell  and  unrestricted  open-shell  wavcfunc- 
tions  (PRDDO),  as  well  as  polarized  split-valence  basis  sets  {ah  initio  HF).  The  PRDDO 
calculations  were  done  in  otir  largest  clusters  (DA22ll22^i2 )  inirio  calculations 

it!  Suprisingly.  in  many  cases,  the  barriers  obatined  with  all  three  methods 

were  within  a  few  tenths  of  an  cV'  of  each  other.  In  a  few  cases,  however,  large  discrepen- 
cies  occtircd,  cau.sed  by  a  dcpeudcucc  on  basis  set,  clcclion  correlation,  and/or  cluster 
size.  Some  of  tlie  factors  which  affect  the  barriers  are  the  bond  strengths*®  between  the 
various  atoms  involved,  the  degree  to  which  the  bonds  are  stretched  at  the  saddle  points, 
the  distance  that  O,  actually  moves  and,  if  there  are  broken  bonds  at  the  transition  point. 
th(‘  stability  of  o<l<l  electrons  on  the  variotis  atoms.  Wo  stress  tliat  these  barriers  arc  the 
weakest  part  of  our  results  an<l  should  be  interpretated  with  caution. 

•  Diamond:  The  calculated  barrier  for  diffusion  is  3.2c\*  with  PRDDO  and  3.Gr\’  at 
the  ab  xmtto  level.  At  the  barrier,  the  two  C  —  O  bonds  are  stretched  by  some  259^.  The 
seperation  betwern  adjacent  BC  sites  is  0-64  .4.  The  calculated  barrier  is  only  slightly 
lower  than  the  3.7  (V  of  the  C  -  O  single  bond  strengtli. 

•  Si:  The  distance  O,  has  to  travel  in  or<Ier  to  move  from  one  BC  site  to  the  next  is  l.S  A. 
the  largest  distance  of  all  the  hosts  w'c  considered.  At  tlic  transition  point,  the  Si  —  O 
bonds  arc  stretched  by  soitjo  34%  and  arc  nearly  broken.  As  a  result  electron  correlation 
effects  are  larger  at  tlie  transition  point  in  Si  than  in  most  other  hosts,  where  the  bonds 
arc  strctchc<l  mmh  less.  It  is  therefore  not  suprising  that  the  barrier  for  diffusion  in 
Si  shows  a  strong  basis  set  dependence.  We  found  the  barrier  to  be  over  4  cl’  in  large 
cliistrrs  with  PRDDO,  only  a  little  lower  than  the  Si  —  O  bond  strength  (4.7  r V').  If  the 
same  geometiy  is  used  in  smaller  rhi.sters  with  a6  insrio  HF  and  a  6-31G*  basis  set.  the 
barrk’r  drops  to  2.5cl’.  However,  when  second  order  Moilcr-Plesset  corrections  (MP2)  in 
<*lertroii  correlation  are  added,  the  barrier  increases  to  2.7  cl’. 

•  BP:  The  O  —  D  arul  O  —  P  bond  strengths  arc  5.5  rV’  and  3.9  cV',  respectively.  The 
calculated  R-barrier  is  3.5  rV,  with  the  O  ~  P  bonds  stretched  by  17%.  The  calculated 
P-barrier  is  3.8  cl'  and  the  D  —  O  bonds  are  stretched  by  25%.  Both  barriers  are  about 
the  same  at  the  PRDDO  and  ab  tniUo  HF  levels.  The  distance  between  neighboring  BC 
sites  is  about  1.0  A  for  both  barriers. 


•  AlP:  The  bond  strengths  are  Al-0  =  4.6el^  and  P  —  O  =  3.9 cV.  As  in  Si,  the  lattice 
constant  of  AlP  is  large,  the  distance  between  BC  sites  is  substantial,  and  the  bonds  are 
nearly  broken  at  the  transition  point.  The  barrier  height  varies  again  with  basis  set.  Our 
best  estimate  is  2.0  cV  for  the  AZ-barrier.  The  P-barrier  is  still  under  study. 

•  SiC:  The  O  —  Si  and  O  —  C  bond  strengths  arc  4.9  eV  and  3.7  eV,  rcpcctively.  The 
calculated  C-barricr  is  4.7  cV  and  the  5i*barricr  is  about  1.0  eV. 

•  BN:  The  case  of  DN  combines  the  weakest  and  strongest  oxygen-host  bonds;  O  —  = 

2.1  cV',  O  —  D  —  5.47  cV,  while  D  —  N  is  intermediate  (4.0  cV'),  the  only  such  occurence 
for  the  hosts  studied  here.  Further,  O,  is  heavier  than  each  of  the  host  atoms.  In  the 
lowest-encrgy  configuration,  O,  i.s  nearest  to  a  N  host  atom  and  strongly  overlaps  with 
two  B  atoms.  This  “BC”  configuration  is  actually  almost  at  the  “A'-barrier”  transition 
j)oint,  and  the  only  barrier  for  diffusion  is  the  B-barrier.  In  order  to  migrate.  O,  must  first 
rotate  by  60®  (which  requires  over  0.7 cl').  Then,  its  configuration  changes  to  a  puckered 
BC  hon<l  similiar  to  configurations  foiincl  in  other  hosts.  From  this  configuration,  the 
B-barrier  is  an  ad<litional  1  fV. 


DISCUSSION 

The  lowest  onorgj*  configuration  for  isolated  O,  in  cubic  C,  Si.  DP.  AlP,  SiC.  and 
B.V  is  a  p\ickerod  BC  bond.  The  bond  angle  is  167®  in  Si.  and  mtich  smaller  in  the 
other  hosts.  Th<'  bond  p\ickers  owar<l  the  st*coiul  NN  to  0,  which  has  the  larger  covalent 
ra<hus. 

In  elemental  hosts.  O,  is  symmetrically  located  between  its  two  N.Vs.  In  compound 
hosts.  O,  has  a  large  r  degn'c  of  bonding  with  the  ME  host  atom  than  with  the  LE  one. 
The  calculated  <lipoIe  moiin'iit  of  the  defect  is  much  larger  in  compound  than  in  elemental 
hosts. 

The  barrier  for  rotation  of  O,  increases  linearly  with  the  Pauling  ionic  character  of 
tlic  host,  the  lowest  barriers  of  rotation  corresponding  to  C  and  Si. 

It  costs  from  about  loci’  to  oOrV  to  insert  an  0/  molecule  into  the  variotis  hosts.  The 
largest  amount  of  energy  is  required  in  semiconductors  with  the  shortest  lattice  constant. 
Near  the  T  site,  the  O  —  O  bond  is  a  .nngU  bond,  not  the  doxiblc  bond  characteristic  of 
an  Oi  molecule.  The  energy  gaine<l  in  forming  two  isolated  0,’s  is  shown  in  Fig. 3.  We 
did  not  investigate  th<'  possible  combinations  involving  two  O/s  near  each  other. 

BecaiLse  (7,  forms  two  unecpial  bonds  with  the  host  atoms  in  compound  hosts,  there 
are  in  general  two  ways  for  O,  to  go  from  one  BC  site  to  tlic  n(*xt,  with  two  different 
barriers.  The  calculation  of  barriers  for  diffusion  of  O,  are  tricky,  in  particular  when  O, 
must  move  by  a  large  distance  when  going  from  one  BC  site  to  the  next.  The  more  the 
l)ond.s  are  stretched,  the  larger  the  correlation  effects,  and  the  more  uncertain  the  result. 
In  Si  and  AlP.  (),  must  move  by  a  larger  <listanee  than  in  other  hosts.  This  results  in 
strongly  stretche<l  bon<ls  and  horrible  electronic  configurations  at  the  transition  point. 
Our  best  barri<T  for  tiie  diffusion  of  O,  in  Si  is  2.7rl'.  This  number  was  obtained  from  oft 
initin  cnlctjlations  with  a  split  valence  basis  set  followed  Uv  MP2  treatments.  B\it  even 
this  numfxT  may  not  be  that  reliable  .siriee  if  wna  obtainre!  i/j  a  small  cJu.stcr. 
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A  COMPARISON  OF  THE  WURTZITE  AND  ZINCBLENDE  BAND 
STRUCTURES  FOR  SiC,  AIN  AND  GaN 

\V.  R.  L.  LAMBRECHT  and  B.  SEGALL 

Department  of  Physics,  (‘ase  Western  Reserve  Unixersity,  Cleveland.  011  44100-7079 

ABSTRACT 

'lotal  energy  and  hand  structure  results  of  linear-miiffiu-tin  orbital  calculations  within  the 
atoinir-sphero-approximattoii  are  presented  for  SiC’.  C«aN  and  AIN  in  the  zincbleiule  ami  liie 
wnrtzite  structure.  We  discuss  the  origin  of  the  directness  or  indirectness  and  the  relative  mag- 
uitmles  of  the  baud  gaps. 

INTRODUCTION 

In  order  to  dexelop  applications  based  on  the  electronic  and  optical  properties  of  t  he  promising 
wi<le  ban<l-ga/»  semiconductors  SK’.  (JaN  aud  AIN.  a  thorough  knowledge  of  their  bulk  band- 
structures  ami  e(piilibriuiii  pro|M*rties  is  retpiired.  While  some  of  this  iiifoniiatiun  is  already 
available,  it  appears  that  there  has  not  yet  been  a  systematic  study  of  the  baml-structiires  of 
this  class  of  materials  using  the  same  approach.  Such  a  study,  which  has  the  adxantage  that 
a  uiiibHMily  accurate  comparison  between  the  various  materials  aud  structures  can  be  made,  is 
pres<>ule<l  here. 

.An  important  aspect  of  these  materials  is  the  polymorphism.  While  SiC  has  a  large  number 
<»f  p<»lytypes,  the  nitrides  CiaN  aud  AIN  occur  naturally  only  in  the  wurtzite  (WZ)  structure, 
riiey  may.  lumever.  be  stabilized  in  the  zincbleiide  tZH)  structure  by  epitaxial  growlli.  While 
this  possibility  has  already  been  demonstrated  for  (iaN  [I],  it  is  still  a  challeuge  for  AIN.  1  he  only 
repori  of  ZB  .Al.N  refers  to  .AIN  precipitates  forme<l  inside  an  fee  .Al  matrix  by  N-iou  implantation 
(Jj.  obviously  a  iioii-e<|uilii>rium  situation. 

I  or  ttptical  applications,  the  question  whether  the  bandgap  is  direct  or  indirect  is  very  impor- 
lani.  We  will  thus  pay  special  attention  to  this  issue. 

COMPUTATIONAL  METHOD 

1  lie  uM<ler!viiig  computational  framework  used  in  this  work  is  the  density  functional  theory 
jd]  in  the  local  density  approximation  (M).\).  The  linear  mufiin  tin  orbital  (LM'IO)  method  (•’>) 
is  used  ill  the  atomic  sphere  approxiiiialioii  (.ASA)  with  the  so-rallwl  rombiuetl  correction. 

In  oriler  to  apply  this  approach  to  open  structures  such  as  ZB  and  WZ.  so-calles!  empty  spheres 
must  be  Introduced  in  order  to  appropriately  describe  the  charge  density  and  wave  functions  in  the 
iiiiersiitial  region.  In  the  ZB  rase,  the  empty  spheres  are  positioned  al  the  tetrahedral  interstitial 
sill's.  Eipial  sphere  radii  are  use<l  on  all  spheres  in  order  to  reduce  the  overlap  betw«*en  the 
spheres  as  much  as  possible.  For  the  WZ  structure,  we  introilucetl  small  empty  spheres  of  radius 
•"/ 1  I  Cs ^  being  the  atomic  sphere  radius)  in  between  the  atoms  along  the  r-«lirection  and 

large  empty  spheres  <if  sizp  ^  l.l<».«4  in  the  rhaniiel  regions.  The  Brilluiiin  zone  summations 
were  r<iiiverged  i<j  <  I  me\‘  accuracy  in  the  total  energx  results. 

RESULTS 


III  this  section,  we  present  oiir  results  for  the  eiierg.v  as  a  function  of  volume,  i.e.  the  eipiat ions 
of  stale.  We  used  a  fit  of  the  calciilateil  results  to  the  Rose-Smith-Ferraiite  H|ualion  of  state  [li|  in 
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Experimental  values  in  parentheses. 

a.  Wyckoff  [7] 

b.  From  enthalpies  of  formation  ^ven  in  CRC  Handbook  [8] 
f.  Carnahan,  [9] 

d.  Wettling  and  Windscheif  [10] 

e.  Gerlich  et  al.  [11]  * 

\ 

i 

order  to  extrart  the  equilibrium  volume/moiecule.  V;  the  cohesive  energy,  the  bulk  modulus.  3 

B;  and  the  pressure  derivative,  B\  of  the  latter.  Table  1  summarizes  the  results. 

The  overall  agreement  with  the  experimental  values  (giveu  in  parentheses)  is  satisfarlury. 

We  note  that  our  calculations  may  slightly  overestimate  the  bulk  modulus  in  the  W2  striiciure 
because  we  did  not  luinimize  the  energy  with  respect  to  the  c/a  ratio  and  internal  degree  of 

freedom  ii.  We  did  not  attempt  this  since  it  is  w^  known  from  work  on  phonon-distortions  i 

in  Si  [12]  that  the  ASA  is  not  sufficiently  accurate  for  studying  the  effects  of  small  structural  t 

relaxations.  The  required  accuracy  can,  however,  be  achieved  by  means  of  the  full-potential  IFP)  I 

version  [12]  of  the  LMTO-method.  We  recently  carried  out  FP  calculations  of  cubic  SiC  in  order  \ 

to  determine  its  elastic  constants  [13],  Similar  work  on  the  nitrides  and  on  the  WZ  structures  is 

in  progress.  The  above  calculations  predict  the  WZ  structure  to  be  stable  with  res|>ect  to  the  Zl)  1 

in  all  cases  by  about  0.2-0.3  eV/atom.  Cheng  et  al-'s  work  [14],  however,  indicates  that  for  SiC.  t 

the  ZB  structure  is  lower  In  energy  than  the  WZ  by  ^  5  meV/atom.  For  CaN,  Munoz  and  Kune 

[15]  using  pseudopotential  calculations  have  mrently  found  WZ  to  be  stable  with  respect  to  ZB  * 

by  only  13  meV/atoni.  To  pin  down  these  small  structural  eueigy  differences,  it  appears  to  be 
essential  to  go  beyond  the  ASA. 


Table  1;  Equinbnum  properties  of  SiC,  AIN,  GaN. 


V/molecule(A’) 

Ee(eV  /  molecule) 

B(MBar) 

b' 

SiC  ZB 

20.2  (20.7*) 

14.1  (12.7*) 

2.3  (2.2") 

3.8 

WZ 

19.9  (20.7*) 

14.6 

2.4 

3.9 

AIN  ZB 

20.3 

12.6 

2.2 

3.9 

WZ 

20.1  (20.8-) 

13.1 (ll.S‘o) 

2.2  (2.1'') 

3.9 

GaN  ZB 

22.« 

9.9 

2.0 

4.4 

WZ 

21.7(22.6") 

10.2  (8.9*) 

2.2  (1.9") 

4.4 

i 

? 


i 

i 

f 

i 


Band  structures 

To  facilitate  the  comparison  between  the  band  structures  in  the  ZB  and  the  WZ  structures,  we 
follow  the  approach  of  Salehpour  and  Satpathy  (16).  The  ZB  band  structures  are  thus  displayed 
ill  a  double  unit  cell  along  axes  in  reciprocal  space  which  are  relevant  for  the  hexagonal  system. 
We  refer  to  Ref.  [16]  for  a  complete  discussion  of  the  relationships  between  the  k-points  in  the 
two  crystal  structures.  In  particular,  we  note  that  the  point  .V/cr  of  ZB  lies  at  2/3  of  the  way 
l>eiween  the  M  and  L  points  of  the  hexagonal  Brillouiu  zone  if  the  c/a  ratio  is  ideal  and  is  here 
indicated  as  .V.  The  symmetry  labels  of  the  ZB  band  structures  indicated  in  the  Figs.  1-3  are 
those  for  the  fee  BriHouin  zone.  The  minimum  bandgaps  are  given  in  Table  II. 

The  overall  features  of  the  band  structures  agree  well  with  previous  calculations  for  SiC’[18] 
and  GaN  in  both  structures  [19]  and  for  WZ  AIN  [20j.  There  are  differences,  however,  in  the 
magnitudes  of  the  band  gaps  obtained  with  the  earlier  empirical  pseudopotential  calculatbns 
[19,  18]  in  which  the  gaps  were  adjusted  to  experimental  data.  As  is  well  known,  the  gaps  are 
underestimated  in  the  LDA  Kohn-Sham  eigenvalue  spectrum.  We  have  calculated  a  correctioti 
to  the  LDA  gap  following  the  approach  of  Beebstedt  and  Del  Sole  [21].  Their  method  provides 
essentially  a  tight-binding  estimate  of  the  correction  ^gw  to  the  quaaipartide  energy  in  Hedins 
many-l>ody  perturbation  theory  [22].  We  see  that  typically  their  procedure  slightly  overestimates 
the  correction.  We  note  that  our  bandgaps  were  calculated  at  the  theoretical  equilibrium  lattice 
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(b) 


Figure  3:  Baud  structure  of  GaN  in  (a)  ziucblende  and  (b)  wurtzite  structure 


Table  fl:  Minimum  l)and  gaps  of  SiC.  AIN  and  GaN  in  ziucblende  and  wurtzite  structures  (in 
eV) 


ZB 

WZ 

SiC 

r- A' 

r  -  A 

LDA 

1.47 

2.67 

LDA+Acik 

2.7 

3.9 

Expt. 

2.416“ 

3.330* 

AIN 

r-.v 

r-r 

LDA 

3.32 

4.94 

LDA+*^gh' 

Expt. 

5.1 

6.7 

6.28“ 

GaN 

r-r 

r-r 

LDA 

2.09 

2.75 

LDA+iXgh* 

Expt. 

3.6 

4.2 

3.6‘ 

a.  LandoU  and  Bornstein  Tables,  [17] 

b.  Bloom  et  al.  (19J 
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constant  using  the  experimental  eja  ratio  and  the  ideal  value  of  u,  namely  0.375.  This  partially 
explains  the  discrepancy  from  Ching  and  Harmon's  value  (4.4  eV)  for  the  LOA  gap  of  AIN 
which  was  calculated  at  the  slightly  larger  experimental  lattice  constant.  At  the  experimental 
lattice  constant  and  the  non-ideal  experimental  valne  u  »  0.385,  we  obtain  4.6  eV.  For  GaN.  the 
calculations  of  Bloon,  et  al.  [19]  obtained  the  bandgap  for  ZB  only  0.1  eV  lower  than  that  for  WZ 
GaN.  They,  however,  used  the  same  form  factors  for  their  pseudopotential  calculation,  instead  of 
self-consistent  quantities  for  each  of  the  structures. 

Next,  we  consider  a  number  of  aspects  of  the  band  edges,  including  the  directness  or  indirect¬ 
ness  of  the  baiidgaps.  First  of  all,  one  may  notice  that  the  energy  of  the  A’f  conduction  band 
minima  are  lower  in  ZB  than  the  corresponding  states  in  WZ  in  all  three  compounds.  This  is  in 
part  a  result  of  the  fact  that  in  ZB  the  only  state  of  the  same  A')  symmetry,  with  which  it  can 
interact,  lies  quite  deep.  In  a  tight-binding  picture,  the  A'l  valence  and  conduction  band  states 
are  bonding  and  antibonding  combinations  of  the  anion  s-orbital  with  a  cation  p-orbital.  In  WZ, 
on  the  other  hand,  this  point  has  a  lower  symmetry  and  the  state  can  interact  with  several  closer 
lying  states.  The  interaction  with  the  upper  valence  band  states  of  the  same  symmetry  tends  to 
push  the  WZ  conduction  band  state  to  higher  energies.  There  is  no  interaction  with  the  nearest 
conduction  baud  state  above  the  minimum  because  this  state  has  a  different  symmetry.  In  ad¬ 
dition,  the  eigenvalues  along  the  M  ^  L  axis  must  approach  each  other  to  become  degenerate  at 
L  on  the  face  of  the  Brillouin  zone,  because  the  spacegroup  (CJ^)  is  non-symmorphic.  This  also 
tends  to  push  up  the  conduction  band  edge  at  A*  in  WZ. 

Ill  AIN,  the  competing  level  for  the  conduction  band  minimum  is  the  Ft  state.  Thus,  that 
state  liecomes  the  conduction  band  minimum  in  WZ.  and,  although  it  falls  just  barely  below  the 
lowest  conduction  band  state  at  the  A'-point,  the  gap  becomes  direct.  In  the  case  of  SiC\  however, 
the  Fi  conduction  band  state  is  higher  in  energy  relative  to  the  ei^nvalues  at  the  other  k-poiuts 
and  thus  does  not  become  the  miMimum  in  WZ.  Rather,  it  is  the  A'-point  where  the  minimum 
occurs,  followetl  closely  (at  0.12  eV  higher)  by  the  A/-point.  This  leaves  the  band  gap  indirect. 
The  energies  of  the  conduction  band  minimum  at  the  Af -point  are  practically  the  same  in  the  ZB 
and  WZ  structures,  but  the  A'-point  is  lowered  by  about  1  eV.  The  fact  that  the  conduction  band 
miniiuum  changes  character  because  of  these  symmetry  effects,  explains  why  there  is  a  signihcaot 
difference  in  band  gap  (by  about  1  eV)  bets^n  the  cubic  and  hexagonal  SiC  polytypes. 

Finally,  we  may  inquire  as  to  why  the  t\  state  is  relatively  higher  ( with  respect  to  conduction 
band  states  at  other  k-points)  in  SIC  and  lower  in  GaN  compared  to  AIN.  Those  facts  prevent 
SiC  from  becoming  direct  even  in  WZ  and  makes  GaN  direct  even  in  ZB.  The  F]  state  is  basically 
an  aiitibonding  combination  of  cation  and  anion  s-orbitals.  As  such  it  is  quite  sensitive  to  the 
depth  of  the  potential  well  near  the  nucleus.  Obviously,  Ga,  being  the  atom  ^ith  the  highest 
atomic  number,  has  the  strongest  potential  at  the  nucleus.  The  key  factor  in  the  comparison 
between  SiC  and  AIN  is  the  stronger  lonicity  of  the  latter.  This  is  confirmed  by  a  partial  wave 
analysis  of  the  F^  state  which  shows  a  smaller  admixture  of  N  2s  in  AIN  than  of  C  28  in  SiC. 
Since  the  cation  of  these  compounds  have  a  larger  Z  than  the  anions,  the  higher  cation  content 
in  AIN  more  than  compensates  for  the  slightly  stronger  Si  potential  at  the  nucleus. 

We  note  that  for  GaN,  it  is  important  to  treat  the  Ga  3d  semicore  state  as  a  band  state.  It 
overlaps  in  energy  with  Che  N  28  band  and  hybridizes  significantly  with  it  at  most  k-points  except 
F.  We  found  that  omission  of  this  state  leads  to  a  larger  equilibrium  lattice  constant,  and.  as  a 
result  to  a  lower  bandgi^  (1.8  «V  in  the  LDA). 

Finally,  w«  And  that  the  densitiet  of  atate,  (DOS)  in  the  WZ  and  the  ZB  •trnctnrea  ahow 
ayateraatic  differencea  which  are  very  aimilar  in  SiC,  AIN  and  GaN,  The  valence  band  DOS  ia 
more  |>eaked  near  the  top  of  the  band  in  WZ,  These  differencee  ahoald  be  observable  in  XPS 
or  UPS  photoeniiaaion  or  in  soft  X-ray  emiaakn  spectra  of  the  valence  band  and  may  also  be 
identiAable  in  the  CVV  (core-valence-valeace)  Anger  electron  apectm  of  theee  materials.  The 
latter  eaaentiaily  corresponds  to  an  anto-coovolntion  of  the  valence  band  density  of  states.  This 
may  be  naefnl  for  the  experimental  characterization  of  the  cnbic  veiana  the  hexagonal  atmetnre. 


375> 


CONCLUSIONS 

Using  the  LMTO'ASA  method  we  have  calculated  the  band  structures  and  equilibrium  prop¬ 
erties  of  SiC,  AIN  and  GaN  in  the  zincbleitde  and  wurtzite  structures.  We  have  discussed  the 
origin  of  the  dirertness  and  indirectnes  of  their  handgaps. 

Tliis  work  was  supported  ly  ONR  aud  the  N.A.S.A.  Lewis  Research  Center. 
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ABSTRACT 

We  study  the  Bursteln-Moss  shift  (BMS)  in  quantum  wlss  and 
quantum  dots  of  wide-gap  semiconductors,  taking  ce  as  an 
exanple.  It  is  found  that  the  fl;4S  increases  with  increasing 
electron  concentration  in  a  ladder  like  manner.  Itie  numerical 
values  of  the  B.1S  is  greatest  in  quantum  dots  ani  least  in 
quantum  wells.  The  theoretical  analysis  is  in  agreement  with 
the  experimental  results  as  given  elsewhere. 


With  the  advent  of  FLL,  mBE,  Mocvd  and  other  experimental 
techniques,  quantum  wires  (Qws )  and  quantum  dots  (QDs )  have  in 
the  last  few  years  attracted  much  attention  not  only  for 
their  potential  in  uncovering  new  phenomena  in  material  science 
but  also  for  their  interesting  device  applications,  in  Jws 
the  motions  of  the  electrons  are  quantized  in  the  two  perpen¬ 
dicular  directions  in  wave  vector  space  ang,  the  carriers  can 
move  only  in  the  single  free  direction  in  jds,  the  dimen¬ 

sions  of  the  quantum  well  increases  from  Id  to  3D  and  the  den- 
sity-of-states  function  is  changed_from  Heaviside  step  func¬ 
tion  to  Dirac's  delta  function  ^2 _/.  Though  considerable  work 
has  already  been  done,  nevertheless  it  appears  from  tlie  ‘  itera- 
ture  that  the  Burstein-MJSs  shift  (BMli)  in  such  quantum  confi¬ 
ned  wide  gap  materials  has  yet  to  be  studied.  This  is  done  in 
what  follows,  taking  ce  as  an  example  of  wide  gap  sei'lconduc- 
tors . 


The  energy  spectrum  of  the  conduction  electrons  in  wide  gap 
semiconductors  can  be  expressed  ^3_/  as 

T.<.E^2)e('tr^k  (E^2)^+Egk^^(t^/2m  )J7  (1) 

where  the  notations  are  defined  in  the  above  reference. 


The  modified  electron  dispersion  low  in  jws  can  be  written 
using  (1)  as 


“2  2  2 

■"jXV2m2)<S/d2) 


(E.n)  - 

where  ,C(E,  n)-£“E  (!♦  d^E  )-D(n)  (l+2e<  E  )■*■  o<(D  (n )  )*■_;/ 


(2) 


2  T 
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»<>=l/E^,D(n)  r^/2fn^)  (H/dj)^.n-l,2.  3 .  o“1.2.3 . 

‘"3'  )~  ,  ni2”  (in^+2mj^  )/3,  and  d^  and  dj  are 

film  thickness  along  y  and  z  directions  respectively  .using  (2). 
the  electron  concentration  per  unit  length  can  be  expressed  as 


J  Zray/n'i^)  ^  /~Aj  +  A2V 


where  g^  is  the  v^l^y  degeneracy.  A^  =  /~C  V2ni2^ 

.  A2  -  ^  A3  ^.-2  .(kgT)^^(l-2^"^^) 

i^2r  _  _ 

Q(2r)  - ZAj_/,  kg  is  Boltzmann  constant.  T  is  temperature 

J  P,t 

t  =  1  and  3,  r  is  the  set  of  real  positive  integer  where_upper 
limit  is  k  ,  C  (2r)  is  the  Zeta  function  of  order  2r  ^4_/  and 
is  the  Perrai  energy  in  gw  case.  The  heavy  hole  energy 
car/be  written  /&_/  as 

Ej,  <=  (A  .  B)k^  (4) 

where  the  notations  are  defined  in  .  Therefore  the  a>lii  in 

jws  can  be  written  as 


■^Fl  *  ^g  *  h 


where  501  1  g' 

Z'Ej-  ( A-B)  7t  (V  +d2*‘’)_7^i-Br  (h" 


/2mi)SCltj5l)- 


2m2  d2 


Similarly  the  BNS  in  QDS  can  be  expressed  aS 

^3D  '  ^F3  "  S  *  ^3 

where-  is  ti  e  permi  energy  in  qds  and  can  be  rciated  through 

the  electron  concentration  per  unit  volume  as 

"gp  ‘  Z~gv/‘^gd2d3_7  Z~l+«*P<-g)_7. 

g=ik^Tr- CEp3-E^).C(L^.n)-|^^j^—  .(t/dj  Jl  Vzmj  ^ '*^2 

t=l,2,5 . .  dj  is  the  film  thickness  along  x-direction  and 

E3=(A-B)n^ 


_uslng  the  appropriate  eqi^tions  together  with  tl.e  parameters 
A=4.28 ‘n^/2m  ,  B“0.75  T!^/2in  ,  m,»1.5ee  m  ,  m_j*O.OH  )  "'q>  E 
»2.2ev,  the  normalized  Biiz  in  C5e  as  a° function  of 

electron  concentration  per  unit  length  has  shown  in  plot  a  of 
Fig  1  where  the  circular  plot  exhibits  the  same  dependence  i.n_ 
accordance  with  the  experimental  dates  as  giver,  ejsewhere  ^b_/ . 
The  plot  b  of  Flg.l  has  been  drawn  by  using  the  parabolic 
energy  band  structures  jf  de  for  the  purpose  of  assessing  the 
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Fig.l  plot  of  noimallzed  versus  n,  in  jws  of  Ge  in 
acceptance  with  (a)  generaiiztd'^Band  model  and  (b) 
parabolic  model.  The  circular  plots  correspond  to 
experimental  results.  i  ;  4  O 


Fig. 2.  Plot  of  normalized  SMS  versuslft,  in  jDs  oC  Ge  in 

accordance  with  (a)  general! zed'^^band  model  and  (b) 
parabolic  model  .  The  circular  plots  correspond  to 
experimental  results.  cL ,  a  dr  c  d-j  =  ^  d  7n  J 
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influence  of  energy  band  models.  iVie  Fig.  2  exhibits  the  all 
cases  of  Fig.  1  for  gos  of  oe. 

It  appears  from  both  the  Figs,  that  the  flrtt  increases  with 
increasing  carrier  degeneracy  in  non-ideal  steps  for  both  QWs 
and  ODs  of  ge.  The  numerical  values  of  thtBMi  are  oreatest  in 
QDS  and  the  least  in  jWs.  In  JDs  the  width  of  the  steps  is 
smaller  and  the  influence  of  guantization  of  band  states  is 
immediately  apparent  from  the  Pigs  .Finally  we  wish  to  note 
that  though  the  many-body  effects  and  the  influence  of  surface 
states  and  charges  should  be  considered  alongwith  a  self  consis 
tent  procedure,  this  simplified  analysis  exh.ibits  the  basic 
features  of  B'lb  in  quantum  confined  wide  gap  seal  conductors 
and  the  agreement  between  the  theoretical  results  and  the 
experimental  latas  is  significant. 
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ABSTRACT 


m  this  paper  we  study  the  Einstein  relation  in  superlattices 
of  wlde>band  gap  semiconductors  under  crossfleid  configuration 
and  the  forming  materials  Incorporating  spin  and  broadening  of 
Landau  levels,  it  Is  found,  taking  GaAs/A&As  superlattice  as  an 
example  that  the  diffusivity— mobility  ratio  increases  with 
increasing  electron  concentration  and  oscillates  with  inverse 
quantizing  magnetic  field  due  to  SdH  effect.  Ihe  theoretical 
analysis  is  in  agreement  with  the  suggested  experimental  method 
of  determining  the  same  ratio  in  degenerate  materials  having 
arbitrary  '-"Isnersion  laws. 


The  semiconductor  superlattices  (S’.s )  as  originally  proposed 
by  Esaki  and  Tsu,  has  found  wide  applications  in  many  new 
device  structures  such  as  photodiodes,  transistors,  ii*t  emi¬ 
tters  etc.^i Though  extensive  work  has  already  been  done  on 
the  various  electronic  properties  of  such  semiconductor  hctc- 
rostructures,  it  appears  from  the  literature  that  the  Einstein 
relation  for  the  diffuaivlt y-.mobi  1  it y  ratio  of  -Ls  has  relative¬ 
ly  been  less  investigated  A  /.  The  connection  of  the  Hi’*  with 
the  velocity  autocorrelation  function,  its  relation  with  the 
Screening  length  and  the  various  formulation  of  the_UMR  has 
been  studied  under  different  physical  condit-ons  ^3 In  this 
connection  we  wish,  to  note  that  the  cross-field  configuration 
is  £,undamental  for  classical  and  quantum  transport  in  solids 
^4 _/.  In  what  follows  we  shall  study  the  Einstein  relation  In 
SLs  of  wide  bandgap  semiconductors  under  crossfield  configurat.- 
Ion,  taking  GaAS/AlAS  SL  as  an  example. 


in  the  presence  of  a  quantizing  magnetic  f^ld  B  along  the 
6L  direction  and  the  crossed  electric  field  along  the  x-axis, 
the  Haimlltunlan  H  assumes  the  form 

H  • 'p^V2ni*+($'y-e^)  V2m*+E^j-Ej^Cos  (2(T^^/ilk^)-eEjj'^  U) 

hats  denote  the  £espective  operators  and  the  other  notations 
are  defined  In  ^ _/.  The  modified  electron  energy  spectrum  for 
SLs,  Including  spin,  reads 
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1>  ®  1 

2flfc^%f  O 

O 

where  £  is  the  electron  energy  under  cross-field  configuration, 
n.  Wq,  g  and/u  are  the  Landau  quantum  number,  cyclotron  fre¬ 
quency  ,”spectroscopic  splitting  factor  at  the  band  edge  and 
the  Bohr  magneton  respectively.  Considering  only  the  lowest 
minikiand,  since  in  an  actual  SL  only  this  miniband  is  signifi¬ 
cantly  populated  at  low  temperatures  where  the  quantum  effects 
become  prominent,  the  electron  statistics  can  be  expressed  as 


Z  p  (Eq)  +  0  <E^)V 


n*0 

where  A  *  m*w_E,  'll 

1/2  ®  ® 

+  bcj  -|^aj-b 


jrt^d^^,  P(Eo)=.R.P-  L -L  {^-*l‘' 


+  b  c  J  Oos*  /  l-a^^  +  bdj^/ 

+  (aj^-  bdj^)  Cos'^  (a^  -  bdj^)V  /Tin*  ^  -tp 

^2=2  _  ^ _ 

-  - “-j - _/,  *-F  •  R_  +  iP  »  E  is  the  fermi  energy,  i«V^l, 

2m*w^ 

P is  broadening  parameter,  b  «  eE  'JC'm*vE, , ,  o=d,  *eBdjn~^ . 

I  ^  O  O  X  X  X  9 

d,  =  -m»E  /2ph,  Q(E.)  '  ^  _  /”P  (S-q)./,  r  is  the  set  of 

*  w  V  2r 

real  positive  integers,  V  ^  •  2(k  T)^'^(l-2^"^^)  C(2r)^-— 

J  dE„ 

andy(2r)  is  the  zeta  function  of_order  2r.  .jince  the  DMR 
can,  in  general  be  expressed  as  ^  3_y‘ 

o 

we  can  conbxne  (3)  and  (4)  tj  gi^  expression  of  the  same 

ratios  in  f^ide  gap  under  cross-field  configuration  as 
nax 

SZl  P«Ejj)ej(Eo)_7  (5) 
n“0  n»0 

wliere  the  primes  denote  the  differentiation  w.r.t,  E  .  For  the 
purpose  of  comparison,  the  expressions  of  n  and  DMR^in  the 
corresponding  wl  ic  gap  bulk  materials  having  parabolic  energy 
bands  can  be  expressed  under  cross-field  configuration  as 

^  Z“eUo)  +  S  (E  )_7  (6) 

n«0  ° 

and  "max 

£  2r  R<E„)+S(E„)_7,^~  2r  R(E_)+s'e_)_7 


^  tiZo)  +  S  (E^)_/ 


^  R< 


Eo)+S<Eo>^^ 


R(EoHS(Ej,)_/ 


n-0 


(7; 


Mornalized  JW  un-iar  cross-fiel-l  configuration  versus 
n  in  (a)  gaAs/AlAs  SL,  (*>)  oaAs  and  (c)  AlAs. 
circuiar  plots  exhibit  the  experimeital  suggestion  for 
ineasurlng  the  DMR  in  degenerate  materials  having  arbi¬ 
trary  dispersion  laws. 
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where 
direction. 


■ni'x. 


1,  is  the  sample  length  along  x. 


rection,  R(E^)^.P.  of  ^  (tj  +  ,  tj 

^"Ej.  -  (n  +  e  i  g^/i^  B  ♦  me  E^^(2B^r\  tj-E^I/B. 

._  -t-l  _  .  and  S(Ejj)  «  sr 


,3/2 


9'gi 


■^eBL 


.91* 


r»l 


assume; 

the 

well-kro«m  forms  as  /5/ 

”o 

ma^ 

1 1 

(7') 

(kgT/e) 

r 

n»0 

"max 

4 

!i 

n=0 

2 

(8) 


I  _-l 


(9) 


n^O 


where  the  notations  are  defined  in  if>_/  • 


using  (3)  and  (5)  and  talcing  the  parameters  /!_/  E„2“0,05ev, 
BFl.S  Tesla,  E,,  •  0.01  ev,  rae'-O-OO?  m  .  d  =  6  nm  “V‘4.2k, 

r  *  2.3  X  10“  e\/,  go“2  and  E<j«10  \^/m  as  valid  for  GaAs-AlAS 
SLs  we  have  plotted  the  normalized  D.-®  versus  no  as  shown  in 
plot  a  of  Fig.  1  in  which  the  plots  b  and  c  exhibit  the  same 
dependence  for  GaAS  and  AlAs,  respectively.  Taking  the  same 
para.T.  ters  as  used  in  obtaining  Pig.l  we  have  plotted  the  nor¬ 
malized  DMR  versus  1/B  in  all  the  above  mentioned  cases  in 
Fig.  2.  The  thermoelectric  power  can  be  written  in  the  present 
case  as  'a//>x  “  Jl''kg  T/3Ge'*’  vrtiere  G  is  the  thermoelectric  power^ 
By  taking  the  experinnental  values  of(h  as  given  elsewhere  ^  _/ 
we  have  plotted  in  Fig.  1  the  circular  points,  i'he  dmr  oscila- 
tes  with  1/B  due  to  sdH  effect. 


Finally,  it  may  be  noted  that  the  conclusi  Jns  made  here  would 
be  of  particular  significance  in  view  of  the  fact  that  the  swit¬ 
ching  speed  and  the  performance  of  the  semicondugtar  devices  at 
the  device  terminals  can  be  related  to  the  liHt  /3 _/. 
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OONDUCTIYiTY  CONTROL  OF  AIGaN, 

FABRICATION  OF  AIGaN/GaN  MULTI -HETERKTRUCTURE 
AND 

THEIR  APPLICATION  TO  UV/BLUE  LIGHT  EMITTING  DEVICES 
I.  AKASAKI  AND  H.  AMANO 

Nagoya  University,  Department  of  Electronics,  Furo-cho 
Nagoya  464-01,  Japan 

Abstract 

The  method  for  controlling  the  electricai  properties  of  n- 
type  GaN  and  AiGaN  have  been  established.  Both  GaN  and  AIGaN 
films  having  p-type  conduction  have  been  realized  lor  the 
first  time.  High  quality  AIGaN/GaN  mu  1 1 i - he t eros t r uc t ur e  show¬ 
ing  clear  quantum  size  effect  has  been  fabricated.  P-n  junc¬ 
tion  type  UV/blue  LED  with  double  he  I  er os t r uc t ure  have  been 
developed  for  the  first  time. 

t.  Introduction 


In  the  last  few  years,  the  demand  for  the  fabrication  of 
compact  and  high-power  short  wavelength  light  emitter  in  the 
blue,  violet  and  ultraviolet  (UV)  region,  such  as  light  emit¬ 
ting  diode  (LED)  and  laser  diode  (LD)  has  been  increasing.  Ap¬ 
plications  of  such  devices  include  a  new  compact  and  high- 
density  optical  storage  system,  a  new  full  color  display  sys¬ 
tem  and  a  new  medical  engineering  system.  For  the  achievement 
and  fabrication  of  these  new  systems,  the  research  and 
development  of  semiconductors  having  large  band  gaps,  the  so 
called  wide-gap  semiconductors  should  be  necessary. 

Aluminum  gallium  nitride  (AI.Ga^-.N;  0<z)  as  well  as  gal¬ 
lium  nitride  (GaN)  are  the  promising  candidate  as  the 
material  for  fabrication  of  such  a  short  wavelength  light 
emitter,  because  they  have  direct  transition  type  band  struc¬ 
ture  with  the  band  gap  energy  from  about  3.39eV  to  6.2eV  at 
room  temperature  (RT).  In  contrast  with  other  UI  -  V  compounds 
such  as  GaAs  and  InP,  however,  it  had  been  fairly  difficult  to 
grow  high  quality  epitaxial  film  with  a  flat  surface  free  from 
cracks,  because  of  the  large  lattice  mismatch  and  the  large 
difference  in  thermal  expansion  coefficient  between  epitaxial 
film  and  sapphire  substrate. 

In  1986,  we  succeeded  to  overcome  these  problems  and  to 
grow  high  quality  GaN  film  with  a  specular  surface  free  from 
cracka  by  fha  prior  depoaition  of  a  thin  AIN  buffer  layer  in 
MOVPE  growth  of  GaN.  The  electrical  and  optical  properties  as 
well  as  the  crystalline  qualify  can  be  remarkably  improved  at 
the  same  time  (t-3|.  By  using  such  a  GaN  film,  we  achieved  the 
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UV  stimulated  Cfnisaion  at  RT  by  optical  pumping  for  the  first 
time.  We  achieved  also  the  successful  growth  of  AI.Gai-»N  with 
X  up  to  0.4,  having  smooth  surface  free  from  cracks  on  the 
sapphire  substrate  in  the  same  way  (3,4]. 

Silicon  was  found  to  act  as  donor  in  both  GaN  and  AIGaN, 
and  free  electron  concentration  has  been  controlled  from  the 
undoped  level  up  to  mid  to**  cm-*  to  10"  cm-*.  It  has  been 
well  known  that  undoped  GaN  shows  n-type  conduction,  and  p- 
type  GaN  had  never  been  realized.  In  1989,  we  succeeded  for 
the  first  time  to  produce  p-type  GaN  (51  and  recently  p-type 
AIGaN  by  low  energy  electron  beam  irradiation  (LEEBI)  treat¬ 
ment  of  Hg-doped  film. 

Furthermore,  we  have  succeeded  to  fabricate  AIGaN/GaN 
mu  1 1 1 -he t er os t r uc t ures  with  good  crystalline  quality  (6),  from 
which  quantum  size  effect  has  been  clearly  observed  [7].  On 
the  basis  of  these  results,  we  develop  the  first  p-n  junction 
type  UV/blue  LEDs  with  AIGaN/GaN  double  heterostructure.  In 
this  paper,  (1)  conductivity  control  of  GaN  and  AIGaN  for  both 
n-type  and  p-type,  (2)  fabrication  and  properties  of  AIGaN/GaN 
mul t i -helerosiructure  and  (3)  performance  of  the  UV/btue  LED 
consisted  of  AIGaN/GaN  double  heterostructure  will  be 
descr ibed. 

2.  MDVPE  growth  ol  hloh-oualltv  GaN  and  AIGaN  thin  films  on 
the  sapphire  substrate  using  AIN  bulfer  layer  and  their 
proper  1 1 es 

A  horizontal  type  MOVPE  reactor  operated  at  an  atmospheric 
pressure  was  used  lor  the  growth  of  both  GaN  and  AIGaN  film. 
Tr  ime  t  hy  I  ga  I  I  i  lan  (TMGa),  t  r  imet  hy  I  a  I  umi  num  (TMAI)  and  ammonia 
(NH>)  were  used  as  source  gases  and  hydrogen  as  a  carrier  gas. 

Polished  and  etched  sapphire  crystals  were  used  as  sub¬ 
strate.  The  mi  sor  i  ent  at  ion  was  less  than  1'.  In  our  process, 
before  GaN  growth,  a  thin  AIN  layer  about  50nm  thick  was 
deposited  at  600'C  by  feeding  TMAI  and  NH>  diluted  with  . 
Then  the  tenqierature  was  raised  to  1050'C,  and  single  crystal¬ 
line  GaN  film  ol  several  fim  thick  was  grown. 

The  surface  morphology  ol  GaN  film  could  be  remarkably  im¬ 
proved  by  the  preceding  deposition  of  the  AIN  as  a  butler 
layer.  GaN  film  with  optically  flat  surface  could  be  grown  on 
the  sapphire  substrate  covered  with  AIN  butter  layer.  On  the 
contrary,  the  island  growth  occurred  in  the  growth  ol  GaN  on 
the  bare  sapphire  substrate  surface. 

X-ray  rocking  curves  (XRC)  measurement  also  revealed  tliat 
GaN  grown  using  the  AIN  buffer  layer  has  high-quality.  The 
lull  width  at  half  maximum  of  the  GaN  film  grown  with  the  AIN 
layer  is  about  tto  arcscc,  which  is  the  narrowest  up  to  date 
in  this  material.  While,  that  of  the  GaN  film  grown  directly 
on  the  sapphire  substrate  Is  more  than  1000  arcsec. 


HALL  MOBILITY  (cm^  V'  a" ')  ELECTRON  CONCENTRATION  (cm'^) 


TEMPERATURE  (K) 

Fig. 1(8)  Temperature  depen¬ 
dence  of  the  electron  conc¬ 
entration  of  undoped  GaN 
film  grown  uaing  the  AIN 
buffer  layer(a)  and  the 
GaN  film  grown  directly  on 
the  aapphire  subs t r a t e( O )  . 


TEMPERATURE  (K) 

Fig. 1(b)  Temperature  depen¬ 
dence  of  the  Hat  I  mobility 
of  undoped  GaN  film  grown 
using  the  AIN  buffer  layer 
(•)  and  the  GaN  film  grown 
directly  on  the  sapphire 
substrate! O ) . 


Pho t o I  urn i ne a cence  (PL)  measurement  also  showed  that 
luminescence  property  of  the  GaN  film  can  be  in^roved  by  using 
AIN  buffer  layer.  In  the  PL  spectrum  at  4.2  K  of  GaN  grown 
with  the  buffer  layer,  free  exciton  line  (E.)  and  the  donor- 
bound  exciton  line  (Is)  clearly  appear,  while  emission  bands 
in  long  wavelength  region,  which  may  be  due  to  deep-level 
defects,  are  scarcely  observed.  On  the  other  hand,  emission 
bands  in  long  wavelengths  dominated  in  the  spectrum  of  the  GaN 
film  grown  directly  on  the  sapphire  substrate.  Therefore,  the 
deep  level  defects  in  our  GaN  film  could  be  reduced. 

Figure  1  shows  the  electrical  properties  of  GaN  film 
measured  by  Hall  effect  using  van  der  Pauw  method.  The  GaN 
film  grown  with  the  AIN  buffer  layer  has  n-type  conductivity 
with  an  electron  concentration  of  about  10'^  cm*^  or  8x10'* 
cm'*  at  RT ,  which  is  two  or  three  orders  of  magnitude  lower 
than  that  of  GaN  film  grown  directly  on  the  sapphire  sub¬ 
strate.  The  electron  mobility  is  about  500  cm*/V‘S  at  RT , 
which  is  one  order  of  magnitude  higher  than  that  of  directly 
grown  film. 

All  these  results  (surface  morphology.  XRC,  PL  and 
electrical  properties)  clearly  show  that  by  the  preceding 
deposition  of  the  AIN  buffer  layer,  the  electrical  and  optical 
properties  as  well  as  the  crystalline  quality  of  GaN  film  can 
be  remarkably  irrproved. 

The  effectiveness  of  the  AIN  buffer  layer  on  the  intprove- 
ment  of  crystalline  quality  of  AIGaN  film  has  recently  been 
proved  (3.4],  and  the  role  of  the  buffer  layer  was  discussed 
e I sewher e  (2,3]. 

We  have  also  succeeded  in  observing  the  first  RT  stimu¬ 
lated  emission  from  a  GaN  film  grown  using  the  AIN  Luffer 
layer,  which  was  cleaved  in  a  2  nvn  stripe  and  excited  by  a 
pulsed  nitrogen  laser.  The  threshold  power  for  stimulated 
emission  was  found  to  be  around  0.7  MW/cm*  at  RT.  The  detailed 
characteristics  of  this  emission  was  reported  elsewhere  (8,9]. 


Conductivity  control  for  n-tvpe  GaN  and  AIGaN  films 


The  electron  concentrations  and  resistivities  of  GaN  and 
AIGaN  can  be  easily  controlled  by  changing  silane  flow  rate. 
The  figure  2(a)  shows  the  results  on  GaN  film,  and  figure  2(b) 
for  Alo  «Gao  .N  film.  In  both  cases,  the  linear  dependence  of 
electron  concentration  on  the  source  flow  rate  can  be  clearly 
observed,  although  only  about  one  third  of  incorporated 
silicoa  IS  activated.  The  intensity  of  cathodoluminescence, 
which  may  be  due  to  near  band-edge  emission  increased  with  the 
increase  of  doping  level  of  Si  in  both  GaN  and  AIGaN  films. 
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Fig. 2(a)  Dependence  of  the 
electron  concentration  and 
resistivity  of  GaN  film 
at  RT  on  the  s i I ane 
flow  rate  during  growth. 


Fig. 2(b)  Dependence  of  the 
electron  concentration  and 
resistivity  of  Alo.«Gao  »N  film 
at  RT  on  the  s  i  I  ane 
flow  rale  during  growth. 


4.  Realization  of  o-tvoc  GaW  and  AIGaN  films 


Doping  of  Magnesium  (Mg)  was  carried  out  during  the  growth 
of  GaN  film  by  supplying  biscycropentadieny  Imagnesi  urn  (Cp^Mg) 
as  a  Mg  source  gas.  Compared  to  Zn>  the  vapor  pressure  of  Mg 
is  rather  low,  and/or  the  sticking  coefficient  of  Mg  at  GaN 
surface  is  rather  high.  Therefore,  Mg  concentration  in  GaN 
changed  linearly  according  as  the  supply  flow  rate  of  Cp>Mg. 
And.  this  relationship  was  almost  independent  of  the  substrate 
temperature  (10|.  Thus,  we  can  easily  obtain  the  desired  Mg 
concentration  and  its  profile  in  GaN  by  controlling  the 
supply  flow  rate  of  Cp;>Mg. 

It  is  difficult  to  determine  the  type  of  conductivity  of 
as-grown  Mg-doped  GaN,  because  the  resistivity  is  too  high 
(about  10*  O  cm).  The  Hg-doped  GaN  tended  to  become  low 
resistivity  by  low  energy  electron  beam  irradiation  treatment. 
(We  call  this  treatment  as  LEEB I  - 1  r  ea  Imen  t  for  short  [5]). 
And  it  is  rather  easy  to  measure  the  Hall  effect.  It  was  found 
that  the  film  tends  to  show  p-type  conduction  by  the  LEEBI 
treatment.  The  treatment  condition  is  summarized  in  Table  T 
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Table  1  LEEBI  treatment  condition 


Accelerating  voltage: 3~30KV 
Emission  current:120  pA 
Beam  spot  sizeiSO 
Sample  temperature  :RT 


An  ohmic  contact  to  the  LEEBI  treated  Mg-doped  GaN  layer  was 
achieved  by  depositing  Au.  RT  hole  concentration  up  to  about 
1.4x10'^  cm-^  could  be  achieved.  Therefore,  it  can  be  said 
that  Mg  behaves  as  an  acceptor  impurity  in  GaN.  For  the  reason 
of  the  change  of  the  electrical  properties,  we  speculate  that 
some  interstitial  Mg  atoms  replace  Ga  atoms  at  lattice  sites 
by  the  LEEBI  treatment,  although  the  detailed  mechanism  is  not 
clear  at  present . 

In  the  PL  spectrum  at  4.2  K  of  the  Mg-doped  GaN  with  Mg 
concentration  less  than  2x10**cm'^.  O-A  pair  emission  and  its 
LO-phonon  replica  can  be  clearly  observed.  On  the  contrary,  in 
the  spectrum  of  undoped  GaN.  0-A  pair  emission  did  not  appear, 
and  E.-line  and  la-line  appeared.  Therefore,  the  origin  of  the 
D-A  pair  emission  is  thought  to  be  residual  donor  (O)  and 
doped  Mg  acceptor  (A).  This  also  shows  that  Mg  acts  as  an  ac¬ 
ceptor  impurity  in  GaN. 

The  activation  energy  of  Mg  acceptor  was  found  to  be 
about  isS'-'iesmeV.  which  is  somewhat  shallower  than  that  of  Zn 
(210meV)  [11|. 

As  seen  in  the  spectra  of  Mg-doped  GaN  with  Mg  concen  t  r  a  - 
tion  higher  than  5x10**  cm  *,  a  strong  blue  emission  appears 
even  at  RT.  Therefore,  it  should  be  emphasized  that  Mg  forms 
the  blue  luminescence  centers  as  well  as  acts  as  an  acceptor 
in  GaN. 

By  the  LEEBI  treatment,  the  intensity  is  remarkably  en¬ 
hanced  keeping  the  shape  of  the  spectrum.  The  Enhancement  of 
blue  luminescence  intensity  suggests  the  increase  of  Mg- 
related  blue  luminescence  centers,  which  may  be  due  to  the 
redistribution  of  Mg  atoms  by  the  LEEBI  treatment.  The 
detailed  mechanism  for  such  effects  of  the  LEEBI  treatment  on 
the  electrical  and  luminescence  properties  of  Mg-doped  GaN  is 
not  clarified  at  present. 

Figure  3  shows  that  "the  LEEBI  effect"  really  appears  in 
Mg-doped  Alo.iGao.vN  film.  The  intensity  of  purple-blue  emis¬ 
sion  becomes  about  twenty-times  stronger  than  that  of  as- 
grown  sample. 


For  the  fabrication  of  AIGaN/GaN  heterostructure,  we 
studied  widely  the  growth  of  AIGaN  on  GaN  film  grown  on  sap¬ 
phire  covered  with  fhe  AIN  buffer  layer.  As  an  important 
result,  we  found  that  high  quality  AIGaN/GaN  heterostructure 
with  smooth  surface  free  from  cracks  can  be  successfully 
grown,  when  the  thickness  of  AIGaN  layer  is  thinner  than  0.3 
um  and  its  molar  fraction  of  AIN  is  less  than  O.t  [6,7]. 

Figure  4  shows  X-ray  rocking  curve  of  (0004)  dillraction 
of  Alo  tGao  •N/GaN  I  ay e r ed - s t r uc t u r e  with  thickness  20  nm 
each.  The  main  GaN  peak  is  associated  with  the  GaN  under¬ 
layer,  and  others  are  with  the  I ayer ed - s t r uc t u r e .  This  ex¬ 
perimental  result  indicated  by  solid  line  agrees  well  with  the 
calculated  one,  which  is  shown  by  broken  line.  The  line  width 
of  the  zero-order  peak  is  nearly  the  same  as  that  of  the  GaN 
underlayer  (that  is  2-3  arcmin).  This  indicates  that  the  crys¬ 
talline  qualify  of  the  layered-structure  is  as  good  as  that  of 
the  GaN  underlayer. 

The  PL  measurement  showed  the  first  observation  of  the 
quantian  size  effect  from  n i t r ide -based  heterostructure.  In  the 
relationship  between  the  shift  of  the  emission  peak  energy 
and  the  GaN  well  width,  experimental  results  are  in  good 
agreement  with  the  estinwted  quantian  energy  levels,  which  was 
calculated  using  Kronig-Penny  model,  assuming  that  m.=0.22mo 
and  iiin^O.Onio.  Band  discontinuities  were  estimated  according  to 
Harrison's  mode  I  (  AEc  :  168  meV,AEv;i2  meV)(l21. 
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Fig. 4  XRC  of  the  AlGaN/GaN  multi- 
heterostructure  with  each  thickness  of  20  ran. 


6.  Deveiooment  and  characteristics  of  p-n  junction  tvoe 
UV/blue  light  emittino  devices  with  AIGaN/GaN  double 
heterostructures 


By  using  double  heterostructure,  the  threshold  power  for 
UV  stimulated  emission  by  optical  pumping  can  be  decreased 
markedly  about  one  siith  by  carrier  confinement  as  shown  in 
f i gur e  5 . 

Figure  6  shows  the  schematic  structure  of  the  newly 
developed  p-n  junction  type  AIGaN/GaN  double  heterostructure 
diode.  Typical  OC-EL  spectrum  at  RT  observed  from  the  newly 
developed  double  heterostructure  is  shown  in  figure  7.  The 
blue  emission  peaking  at  423  nm  is  due  to  the  transition  in 
Mg-related  centers  in  the  p-AIGaN  layer.  And  the  UV  emission 
peaking  at  372  ran  is  thought  to  originate  from  band  to  band 
transition  in  GaN.  With  the  increase  of  the  injection  current, 
the  intensity  of  the  latter  emission  may  overcome  that  of  the 
blue  one  in  the  same  way  of  the  homo- junct  i  on  GaN  p-n  diode 
[13|.  Typical  I -V  characteristic  of  these  diodes  is  shown  in 
figure  8.  As  shown  in  the  figure,  large  current  density  of  850 
A/cm*  can  be  obtained. 
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7.  Sumnarv 

By  MOVPE  using  the  AIN  buffer  layer,  crystalline  quality 
as  well  as  the  electrical  and  optical  properties  of  GaN  and 
AIGaN  films  was  remarkably  improved.  Conductivity  control 
for  n-type  GaN  and  AIGaN  films  has  been  achieved.  Both  GaN 
and  AIGaN  films  having  distinct  p>type  conduction  have  been 
realized  for  the  first  time  (by  Mg  doping  and  following  LEEBI 
treatment).  High  quality  AIGaN/GaN  mu  1 1 • - he t eros t r uc t ur e  show¬ 
ing  quantum  size  effect  have  been  fabricated.  This  is  the 
first  time  observation  of  quantum  size  effect  from  nitride- 
based  wur t z i t e - t ype  quantum  well  structure.  P-n  junction  type 
UV/blue  light  emitting  devices  with  AIGaN/GaN  double 
heterostructure  have  been  developed. 
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Abstract. 

The  nitrides  of  Al,  Ga  and  In  are  III-V  compound  semiconductors  with  properties 
more  closely  akin  to  those  of  the  II-VI  system  and  applications  problems  of  similar 
type.  All  three  have  wide,  direct  band  gaps  and  relatively  light,  therefore  mobile, 
electrons.  Less  encouragingly,  native  point  defects  appear  to  play  a  significant  role 
in  both  optical  and  electronic  properties. 

Both  experiment  and  theory  point  to  a  triplet  of  donor  states  associated  with  the 
nitrogen  vacancy,  with  deep  compensating  centres  deriving  from  antisite  defects. 
The  ionic  radius  of  the  metal  then  seems  to  determine  the  conductivity  of  as-grown 
material,  indium  is  reluctant  to  occupy  nitrogen  sites  while  aluminium  does  so 
readily  and  gallium  is  equivocal.  Thus  the  upper  donor  level  of  InN  is  not  depleted 
and  n-type  behaviour  is  always  observed,  the  equivalent  level  in  AIN  is  always 
overcompensated  and  the  remaining  donor  levels  are  too  deep  to  contribute  free 
electrons  at  normal  temperatures  so  that  the  material  is  consistently  insulating. 
GaN  may  be  n-type  or  semi-insulating  since  compensation  ratios  either  side  of 
unity  appear  to  be  possible,  depending  on  the  method  of  growth. 

In  this  paper  we  review  the  evidence,  both  optical  and  electrical,  for  the 
existence,  nature  and  energetic  location  of  the  four  basic  point  defects  in  each 
nitride,  noting  in  particular  that  all  four  broad  luminescence  bands  in  GaN:Zn  can 
be  accounted  for  by  the  presence  of  nitrogen  on  gallium  sites  and  of  nitrogen 
vacancies. 


f.  Introduction 

The  nitrides  of  the  three  group  III  metals  Al,  Ga  and  In  have  received  attention 
varying  between  the  sporadic  and  the  sustained,  as  specific  applications  have  been 
promoted,  and  as  a  sequence  of  material  growth  and  processing  strategies  have 
emerged. 

Indium  nitride  is  an  n-type  semiconductor  with  a  band  gap  in  pure  material  of 
1.95  oV’’,  often  Moss-Burstein  shifted  to  about  2.05eV  in  the  more  commonly 
produced  samples  of  high  electron  concentration*^®’.  The  low  conduction  band 
density  of  states  responsible  for  this  shift  suggests  that  the  conduction  electron  is 
light  and  its  mobility  therefore  high,  an  inference  substantiated  in  experimental 
values*’*  as  high  as  4  x  10®  cm®  V  '  s  '  in  relatively  poor  polycrystalline  samples  of 
n-10'’  cm  ® .  This  combination  of  wide  gap  and  high  electron  mobility  suggests  that 
useful  devices,  including  those  luminescent  in  the  orange  spectral  region,  can  be 
constructed  eventually,  although  we  are  unaware  of  any  reports  of  efficient  photon- 
emission  or  of  successful  counter-doping  of  this  compoimd. 
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The  blue  electroluminescence  characteristic  of  gallium  nitride  has  been  of 
interest  over  a  number  of  years*®"'®',  revived  more  recently  as  viable  vapour  phase 
epitaxial  growth  methods  have  been  developed* .  Although  direct  band-to-band 
recombination  delivers  an  ultraviolet  (365nm)  photon  of  3.39eV  ,  broad-band 
emission  is  found  over  much  of  the  visible  spectrum*'®'  depending  upon  a 
combination  of  extrinsic  influences  including  choice  of  dopant  and  growth  method. 
As-grown  material  may  be  semi-insulating  or  n-type,  although  doping  with 
magnesium  is  reported*"  '®'  to  produce  genuinely  p-type  material. 

Aluminium  nitride,  in  common  with  the  gallium  compound,  has  attracted 
interest  as  a  result  of  both  insulating  and  piezoelectric  properties"®' .  The  band  gap 
is  5.9  eV  ,  although  this  may  be  reduced  by  a  few  percent  if  stoichiometry  is  not 
maintained,  or  increased  by  a  similar  margin  when  oxygen  is  present  as  the 
oxynitride**''  AIN  has  excellent  insulating  properties,  low  dielectric  loss  and 
dispersion  of  permittivity*®",  and  can  be  prepared  at  low  temperature  on  GaAs 
substrates*®®'  leading  to  the  possibility  of  metal-insulator-semiconductor  structures 
entirely  within  the  III-V  system*®®"®®'. 

Each  of  these  potential  applications  requires,  amongst  other  factors,  an 
understanding  of  the  nature  of  native  defects  in  each  material  and  in  particular  the 
charge  states  and  energies  of  electron  levels  generated  by  the  four  residual  point 
defects  (metal  vacancy  Vm  ,  nitrogen  vacancy  and  antisite  defects  and  N^, ) 
likely  to  persist  even  under  optimal  growth  conditions.  Such  states  may  trap 
carriers,  either  presenting  a  space-charge  particularly  undesirable  in  MIS 
structures  or  increasing  the  density  of  point  charges  with  a  consequent  degradation 
of  mobility  in  conductive  material.  Deep  levels,  particularly  these  close  to  mid-gap 
offer  preferential  recombination  routes,  frequently  non-radiative  and  thus  inimical 
to  luminescent  devices.  Since  autocompensation,  involving  the  interaction  between 
dopant  atoms  and  doping-generated  point  defect  compensators,  has  limited  the 
range  of  applications  of  direct  wide-gap  II-VI  compound  semiconductors,  it  is 
possible  that  similar  interactions  may  be  influential  in  the  III-N  system.  It  is 
therefore  germane  to  examine  the  substantial  amount  of  experimental  evidence  for 
the  existence  and  nature  of  point  defect  levels  in  these  compounds,  in  the  light  of 
theoretical  guidance  provided  by  Jenkins  and  Dow*®®'. 

Since  calculated  electronic  structures  show  the  same  commonality  of  features 
across  all  three  compounds  as  do  a  broader  range  of  properties*®",  we  remark  first, 
on  general  theoretical  and  experimental  approaches. 

IL _ Theoretical  Considerations 

11. 1  Hydrogenic  centres 

Where  the  potential  surrounding  the  defect  varies  only  slowly,  an  effective  mass 
treatment  can  be  employed.  The  energy  levels  are  given  in  terms  of  the  effective 
Rydberg  energy  by: 

£  =  /?„/«',  where  ...(1) 

This  result  is  valid  only  for  shallow,  single  donors  or  acceptors  in  non-polar 
semiconductors  with  spherical  constant  energy  surfaces  close  to  the  band  extrema. 
Only  the  last  of  these  conditions  is  met  in  III-N  compounds  and  only  the  nitrogen 
vacancy,  Vn,  ,  is  sufficiently  shallow  in  all  three  to  be  susceptible  to  a  hydrogenic 
treatment.  Substituting  Zq  for  q  for  a  multiple  donor  of  degeneracy  Z  extends  the 
model  successfully  to  excited  states  while  underestimating  the  ground  state 
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energy‘s'  .  Extension  to  polar  materials  requires  the  inclusion  of  the  coupling 
between  electron  and  optical  phonon  modes.  The  collective,  polaron,  excitation  has 

mass  m‘  given,  in  the  usual  nomenclature,  by: 

=  ( 1+  a  /  12)/(1-  a  /  12)  ,  where  a  =  / 4ice^hJ(e~‘  -  / 2fio))^  ...(2) 

Here  £«  and  e.  are  the  high  and  low  frequency  relative  permittivities  respectively. 

Table  I  brings  together  calculated  hydrogenic  ground  and  first  excited  energies 
for  hydrogenic  donors  in  the  III-N  compounds  and  relevant  parameters.  Equivalent 
data  for  GaAs  and  InP  are  included  for  comparison.  The  correct  choice  of  a  value 
for  permittivity,  e,. ,  in  equation  1  is  made,  following  Ridleyt™',  by  observing  that 

for  all  three  nitrides  so  that  e,=  e_ 

The  photoionisation  process  which  takes  an  electron  from  a  neutral  hydrogenic 
donor  into  a  parabolic  conduction  band  is  characterised  by  an  absorption  coefficient 
a„  which  depends  on  photon  energy  Aco  as: 

a ^  (ha>  -  E ^  ...(3) 

where  E„  is  the  excitation  threshold  energy. 

Equation  (3)  represents  a  narrow  absorption  peak  whose  maximum  is  at  an 
energy  5Ej,/4  .  In  a  typical  experiment,  the  threshold  is  much  more  sensitive  than 
the  peak  to  thermal  broadening,  so  the  latter  is  used  to  estimate  the  former. 

In  most  semiconductors  the  mobility  of  a  thermally  generated  free  electron  is 
sufficiently  insensitive  to  temperature  to  allow  a  direct  interpretation  of  donor 
depth  from  temperature  dependence  of  conductivity  <7(T),  since: 

a  (T1  =  a,  exp  (■  Eg  /  kT)  ...(4) 

The  value  of  Eg  obtained  experimentally  from  equations  (3)  and  (4)  may  not 
coincide  since  the  techniques  do  not  measure  the  same  quantity.  There  may  be  a 
significant  difference  in  the  strongly  polar  lattices  of  the  nitrides,  for  which 
available  experimental  data  are  discussed  in  section  III  . 


TABLE  I  Data  for  modified-hvdrogenic  calculations 


All  energies  are  in  meV.  Suffixes  to  Rydberg  constants  are:  1  and  2,  singly  and 
multiply  charged  donor  states;  O  and  P,  unmodified  and  polaron-modified  values. 


Coo 

e. 

m*/m 

HIP 

a 

InN 

8.4 

15.3 

0.12 

89 

57 

23 

90 

24 

94 

0.24 

1.04 

GaN 

5.5 

10 

0.20 

79 

70 

90 

360 

97 

390 

0.48 

1.083 

AIN 

4.7 

8.5 

0.33 

97 

82 

200 

800 

216 

890 

0.65 

1.114 

GaAs 

10.9 

13.18 

0.067 

30 

32 

5.24 

- 

5.33 

- 

0.088 

1.015 

InP 

9.5 

12.35 
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11.2  Quantum  defects  and  deep  levels 

Even  if  core  effects  cannot  be  ignored,  an  effective  mass  approach  may  still  be 
appropriate  provided  a  quantum  defect  ground  state  wavefiinction  is  used.  Here  the 
absorption  coefficient,  ,  for  a  neutral  centre,  a  deeper  occupied  donor  for 
example,  becomes: 

a, -(file- £■<,)% /(ftief  ,..(5) 

A  significant  feature  of  this  result  is  that  the  energy  at  the  absorption  peak  is 
twice  that  at  the  threshold  . 

The  energies  associated  with  deep  levels,  where  the  effective  mass  approximation 
breaks  down  completely,  can  be  determined  using  techniques  not  unlike  band 
structure  calculations.  Jenkins  and  Dowi^l  and  others'i”®”  have  employed  a 
technique  attributed  to  Hjalmarson  et  al.f^il  in  which  empirical  tight-binding 
theory  is  used  to  determine  an  effective  defect  potential  V,  but  the  effects  of  long- 
range  coulombic  potentials  and  charge  splitting  of  the  levels  are  neglected.  It  is  said 
that  uncertainties  of  a  few  tenths  of  an  eV  result""',  clearly  of  experimental 
significance  in  the  case  of  levels  in  the  proximity  of  the  band  edges. 

Cross  sections  for  the  photoionisation  of  deep  levels  depend  upon  whether  the 
impurity  state  is  |s>-like  or  lp>-like.  The  relevant  absorption  coefficients  take 
the  form: 

“os  “  ^  ...(6b) 

Since;  a)  deep-level  threshold  energies  are  large,  by  definition,  and  b)  densities 
of  states  away  from  the  band  extrema  cease  to  be  parabolic,  the  likely  range  of 
usefulness  of  (6)  is  confined  to  the  vicinity  of  the  experimental  absorption  edge. 

lU _ Experimental  Data 

In  comparison  with  other  III-V  compounds,  basic  data  on  the  optical  and 
electronic  properties  of  InN  and  AIN  are  sparse  while  GaN  has  been  more  widely 
studied.  Much  of  the  experimental  work  has  involved  polycrystalline  thin  films  with 
large  surface  area  to  volume  ratios  in  which  surface  states  play  an  important  role. 
Single  crystal  GaN  and  AIN  have  been  studied  but  not  specifically  for  defect 
properties.  Recent  advances  in  deposition  of  GaN  films''®  *®-^^”-®^' .  in  particular  by 
molecular  beam  epitaxy  (MBE),  and  metalorganic  chemical  vapor  deposition 
(MOCVD)  may  permit  the  resolution  of  some  of  the  features  of  defect  behaviour. 

In  the  following  discussion  of  experimental  results,  data  are  quoted  for  material 
prepared  by  a  variety  of  techniques,  often  with  little  detail  reported  on  either  the 
method  or  the  micromorphology  of  the  product.  Since  these  are  crucial  to  the 
determination  of  defect  content,  it  is  not  possible  to  speculate  in  many  cases 
whether  the  defects  ascribed  to  particular  energy  levels  are  plausible.  Our 
previously  published  results"-''.2ti  have  all  been  obtained  on  radio  frequency 
reactively  sputtered  (RFRS),  polycrystalline  films.  New  results  appearing  here  are 
from  films  grown  by  either  RFRS  or  laser  activated  chemical  vapour  deposition 
(LCVD)™. 
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Each  of  the  nitrides  is  also  susceptible  W  oxygen  contamination  on  exposure  to 
atmosphere.  In  the  case  of  InN  a  few  surface  monolayers  are  converted  to  the 
oxide™  while  absorption  bands  at  4.45  and  4.95  eV  in  AIN  have  been  ascribed  to 
oxygen™'  .  The  problems  are  most  acute  in  AIN  where  an  oxygen  solubility  limit  of 
89c  is  reported™  and  both  the  oxide  and  oxynitride  may  occur  during  growth  unless 
strict  precautions  are  taken  for  the  exclusion  of  the  impurity  from  both  deposition 
system  and  precursors™™ 

A  survey  of  the  room  temperature  optical  absorption  spectra  of  InN,  GaN  and 
rt.lN  in  the  energy  range  40  meV  to  6  eV  shows  the  three  compounds  to  have  a 
number  of  features  in  common:  a)  direct  band-to-band  absorption  edges,  b)  band 
edge  tails  and  mid-gap  absorption  features  of  extrinsic  origin  and  associated  with 
crystal  defects,  and  c)  optical  phonon  absorption  structure  in  the  infrared. 

Each  of  the  compounds  additionally  shows  at  least  one  electron  trap  capable  of 
thermal  excitation  into  the  conduction  band  over  some  temperature  range. 

Band-to-band  absorption  in  polycrystalline  RFRS  film  samples'™  is  typical  of 

direct  T  (  P  I .  r‘  in  this  case)  transitions  and  yields  minimum  transition  energies 
of  1.94  eV  ,  3.40  eV  and  .5.94  eV  for  InN  ,  GaN  and  AIN  respectively.  The  value  for 
InN  ,  which  shows  a  significant  Moss-Burstein  shift  above  the  low  electron 
concentration  limit  of  1.89  eV'"  ,  is  for  a  sample  of  n=  10'*  cm'’.  We  now  discuss  the 
levels  introduced  by  the  native  defects  in  each  of  the  nitrides. 

III.I  Indium  nitride 

InN  has  received  very  little  attention  because  of  the  difficulty  inherent  in  the 
prep,  ration  of  stoichiometric  samples.  High  mobility  material  with  electron 
concentrations  below  10''  cm  '  at  room  temperature  has  been  prepared  by  RFRS 
with  balanced  target  nitridation>**L  Figure  1  identifies  the  five  distinguishable 
energy  Ijvels  obsert'ed  in  the  gap  and  further  includes  the  result  of  the  hydrogenic 
calculation  from  table  I  and  the  deep-level  calculations  of  Jenkins  and  Dow. 

.A  shallow  level  appears  as  a  shoulder  at  50  meV  on  the  60  meV  infrared 
ab.sorption  peak  associated  with  the  LO  phonon'-’i.  The  threshold  energy  of  40 
meV  agrees  well  with  the  45-50  meV  thermal  activation  energy  measured  in 
.samples  with  carrier  concentration  between  TylC'cm’  and  10'’cm'’  at  room 
temperature  '’’’1  This  group  of  samples  reached  an  exhaustion  region  below  150  K 
with  n  in  the  range  2.5  to  7  x  10“  cm  ’.  No  further  variation  in  concentration  was 
observed  down  to  25  K,  a  temperature  at  which  kT=2  meV  ,  the  absence  of  carrier 
freeze-out  implying  an  additional  donor-like  level  very  close  to  ,  or  resonant  with, 
the  band  edge. 

An  important  feature  in  the  absorption  spectrum  of  InN  is  a  broad  band  centred 
at  about  0.2eV,  and  with  a  full  width  at  half  maximum  (FWHM)  of  about  0.25 
eV  ’'*',  which  has  been  interpreted  as  either  a  deeper  donor  level  or  a  compensating 
acceptoP*'”-”' .  The  width  of  this  peak  precludes  detailed  analysis  as  a  strictly 
hydrogenic  state  whilst  its  shallowness  suggests  that  a  deep-level  approach  is 
equally  inappropriate.  Excitation  thresholds  are  obtained  by  plotting  the  quantity 

vs  ft  CO  in  accrordance  with  equation  5  we  have  found  excitation  thresholds 
of  0.155,  0.215  and  0.255  eV  in  three  samples  of  room  temperature  electron 
concentration  5  x  lO'*,  1  x  10“  and  1  x  10”  cm-"  respectively.  The  energies  of  peak 
absorption,  are  0.31,  0.37  and  0.41  eV  respectively  and  threshold  and  peak  energies 
both  increase  with  electron  concentration  at  a  rate  compatible  with  the  filling  of 
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conduction  band  states.  The  shift  in  absorption  edge  indicates  a  low-concentration 
limit  of  about  0.15  eV  for  the  threshold  energy. 


Figure  1  Distribution  of  defect 
levels  in  the  band  gap  of  InN.  The 
states  in  column  I  are  those 
reported  from  experimental  studies 
and  fall  into  five  groups,  A  to  E. 
Column  2  shows  the  result  of 
donor-level  calculations  in  the 
modified-hydrogenic  approximation 
from  Table  I.  Column  3  data  are 
the  electron  states  calculated  in 
reference  26  for  the  following 
defects:  I=V^.  ,  II=In,,.  ,  III=N^  , 

IV=V.„  . 


Evidence  thus  points  to  a  relatively  deep  donor  level  at  about  150  meV  below 
the  conduction  band  with  a  second  level  at  40  me\'.  The  energy  of  the  former  is 

close  to  the  predicted  hydrogenic  ground  state  for  the  double  done  associated  with 

the  nitrogen  vacancy  and  within  the  range  predicted  by  deep-level  calculations^' 
Details  of  its  absorption  line  shape  are  better  described,  however,  by  a  quantum- 
defect  analysis  intermediate  between  these  two  approaches.  The  shallower  level 
becomes  identifiable  as  elevated  by  coulomb  interaction  when  the  donor  is  doubly 
occupied. 

The  persistence  of  a  significant  electron  concentration  down  to  temperatures 
where  kT  is  of  the  order  of  2  meV  indicates  that  the  prediction  of  a  third  donor 
level,  resonant  with  the  conduction  band,  is  also  correct.  Finally  we  note  that 
absorption  strength  within  this  band  increases  with  electron,  and  therefore  donor, 
concentration'^®'  as  the  above  interpretation  would  require. 

When  free  carriers  are  excited  in  n-InN,  charge  balance  requires  n  = 
However,  mobility  measurements  indicate  that  ionised  impurity  scattering  involves 
a  component  due  to  charged,  compensating  acceptors.  Compensation  ratios  No  / 
Ni  between  about  1.3  and  3  have  been  inferred'”  .  This  evidence  suggests  the 
involvement  of  the  ln„  ,  and  N^,  defects,  each  of  which  includes  hole  states 
which  would  be  empty  (of  holes)  and  therefore  carry  a  negative  charge  when  the 
fermi  level  lies  close  to  the  conduction  band  edge.  Two  absorption  features, 
appearing  as  longer  wavelength  tails  on  the  band-to-band  absorption  edge,  can  be 
identified  as  follows. 

In  low-doped  material,  n  <  2  x  10"  cm-’  plots  of  a*  vs  ft  to  yield  straight  lines'™ 
with  thresholds  Enp  between  0.9  and  1.2  eV  in  accordance  with  the  prediction  for 

Enp  I  p>  like  states  of  equation  (6b).  The  apparent  threshold  energy  varies  strongly 
with  electron  concentration  for  this  group  of  samples  with  the  shallowest  (0.9  eV) 
occuring  in  n  =  2.3  x  10'’ cm^  material  and  the  deepest  (1.2  eV)  in  our  lightest 
doped  sample  at  n  =  1.1  x  10"  cm^. 
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Figure  2  Absorption  data  for  deep 
levels  in  InN,  GaN  and  AIN.  In 
accordance  with  equation  6a,  the 
absorption  coefficient  a  is  plotted  as 
a?Hhu>)  against  h(a  and  yields  threshold 
energies  of  about  2/3  E,.  in  each  case. 


12  3  4  5  6 

Energy  (eV) 

In  higher  doped  samples,  n>5x  10” cm^  ,  an  absorption  tail  with  threshold 
energies  between  1.35  and  1.65  eV  ,  and  no  systematic  variation  with  electron 

concentration,  is  observed.  This  result  is  obtained  from  linear  plots  of  a^’(Tiu>)vs, 
%co  ,  an  example  with  E^  =  1.5  eV  is  shown  in  figure  2  along  with  similar  levels  in 

GaN  and  AIN,  and  indicates  the  involvement  of  |s>  -like  states  as  shown  by 
equation  6a. 

These  two  defect  bands  may  be  associated  with  the  calculated'*'  ln„.  levels  at 
about  0.8  eV  and  deeper  N,,,  levels  at  about  1.5  eV.  We  note,  however,  that  low 
electron  concentrations  are  obtained  experimentally  by  increasing  nitrogen  content 
in  order  to  minimise  donor  concentrations,  at  the  same  time  increasing  N^,  . 
Similarly,  reduced  nitrogen  concentration  yields  higher  electron  concentrations 
brought  about  by  the  increase  in  Vf,  while  commensurate  with  this  would  be  an 
increase  in  .  The  experimental  leV  level  in  low-doped  material  is  therefore 
more  plausibly  associated  with  the  presence  of  N,„  while  the  deeper  1.5eV  level  can 
be  associated  with  its  converse  In^. 

III.2  Gallium  Nitride 

GaN,  with  a  bandgap  of  3.4  eV  has  proven  to  be  rather  easier  to  prepare  than 
InN  and  a  good  deal  of  information  on  defect  levels  has  been  gathered.  This  is 
collected  with  relevant  calculated  values  in  figure  3.  Shallow  donor  levels  have 
been  reported  in  GaN  with  energies  10-40  meV'*”"!  (group  A)  and  110-115  meV'''”.”! 
(group  B)  both  from  the  temperature  dependence  of  carrier  concentration  and 
optically.  Single  reports  of  miscellaneous  energy  levels  in  this  region  also  exist 
although,  in  general,  their  nature  has  not  been  posited.  Vavilov  et  al.'’®'  suggest 
either  impurities  or  native  defects  to  be  responsible  for  the  llOmeV  level, 
considering  also  the  possibility  of  absorption  by  excitons  although  these  are  now 
known  to  be  considerably  shallower.  Tansley  et  al.®o  ascribed  these  levels  to 
nitrogen  vacancies.  Thermal  activation  analysis  of  their  insulating  GaN  reveals  a 
donor  (group  C  of  fig.  3)  the  depth  of  which  varies  between  0.23  eV<"'  and  0.39  eV'“' 
and  is  generally  coincident  with  a  modified  hydrogenic  estimate  of  about 
0.39  eV  (table  I).  We  therefore  suggest  that  the  three  electron  states  associated 
with  V,  in  GaN  are  located  at  about  30  meV,  100  meV  and  0.4  eV  below  the 
conduction  band. 
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A  deep  level  is  observed  in  thermal  activation  to  be  between  0.8  eV  and  1.1  eV 
below  the  conduction  band  edge'*'".**."!  (group  D  of  fig.  3)  and  has  been  variously 
attributed  to  gallium  vacancies  or  carbon  impurities.  A  better  interpretation  is  that 
the  level  represents  the  nitrogen  antisite  defect  predicted  by  Jenkins  and  Dow. 

The  deep  trap  (group  E  of  fig.  3)  which  we  observe  as  a  band  tail  absorption 
feature“^  has  a  threshold  in  the  range  2.3-2.7  eV  when  plotted  as  an  |  s>like  level. 
An  example  is  included  in  figure  2.  The  proximity  of  the  level  to  the  2.8  eV 
prediction  for  Ga^  of  Jenkins  and  Dow  suggests  a  correspondence. 

A  level  at  3.264  eV  (F)  has  been  identifiedi'^4J.48i  (by  photoluminescence  of  doped 
single  crystal  GaN)  to  be  a  result  of  gallium  vacancies  and  agrees  well  with  the 
location  predicted  by  Jenkins  and  Dow. 

Much  of  the  detail  available  from  luminescence  spectroscopy  of  GaN  is  concerned 
with  samples  including  at  least  one  of;  i)  heavy  doping,  ii)  high  compensation  levels 
and  iii)  non-ideal  crystallinity.  It  is  clear  from  a  survey  of  the  published  data  that 
many  spectral  features  are  independent  of  the  introduced  species  and  therefore 
involve  native  defects. 

Edge  emission  at  room  temperature  and  in  undoped  material  is  at  365nm 
(3.39eV),  an  excitonic  photoluminescence  peak  displaced  by  about  30meV  from  the 
direct  band  to  band  transition  energy.  Study  of  this  feature  at  lower  temperature 
has  furnished  much  detail  on  exciton  structure  in  GaNi^'^^s) 

The  introduction  of  zinc  as  a  compensating  centre  generates  a  broad  blue 
emission  peak  centred  at  about  2.92eVi<'’i,  indicating  a  recombination  centre  at 
about  470meV  above  the  valence  band.  Extinction  of  this  peak  at  higher 
temperatures  has  a  dependence  suggesting  a  relaxation  energy  of  about  330meV  for 
this  centre  acting  as  a  hole  trap  in  thermal  exhaustion.  Coincidentally,  the 
introduction  of  phosphorus  as  an  alternative  compensator  to  zinc  yields  almost 
identical  photon  and  hole  emission  energies'®''. 


Figure  3  Distribution  of  defect 
levels  in  the  band  gap  of  GaN. 
The  states  in  column  I  are  those 
reported  from  experimental 
studies  and  fall  into  six  groups 
A  to  F.  The  gallium  vacancy,  F, 
at  En -3.264  eV  is  often  seen  in 
luminescence  studies.  Column  2 
shows  the  result  of  donor  level 
calculations  in  the  modified 
hydrogenic  approximation  from 
Table  I.  Column  3  are  the 
electron  states  calculated  in 
reference  26  for  the  following 
point  defects:  I=V, ,  II=N5, , 
in=Ga,.  rv=v<^ . 


Gallium  Nitride 
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In  addition  to  the  blue  peak,  GaN.Zn  emits  broad  bands  in  the  green  (centred  at 
about  2.6eV),  orange-yellow  (2.2eV)  and  red  (l.SeV)  regionsf'®’“'.  Whilst  the  2.6eV 
band  requires  Zn  (or  other  similar)  compensation,  the  2.2eV  emission  occurs  in  VPE 
grown  material  in  which  carbon  has  precipitated<“>.  Most  significantly,  this  band 
has  been  observed  in  samples  implanted  with  no  less  than  thirty  five  atomic 
species’®^'  ,  clear  evidence  of  its  defect-related  nature.  The  red  emission  band  is 
variously  reported  as  centred  between  1.65  and  1.85eV,  is  also  certainly  defect- 
related  but  appears  to  have  some  dependence  upon  the  impurity  species 
introduced!*^'  . 

A  possible  scheme  for  the  involvement  of  the  defects  identified  in  figure  3,  and  in 
view  of  the  above  discussion,  is  suggested  in  figure  4.  Band  to  band  emission  at 
3.39eV  (transition  I)  is  superseded  by  preferential  recombination  via  the 
compensator  when  zinc  is  introduced  (II),  yielding  blue  2.92eV  luminescence  and 
locating  the  zinc  level  at  about  Ev+470meV.  Since  the  nonstoichiometric  nitrogen 
vacancy  is  always  likely  to  present,  donor-acceptor  recombination  is  an  obvious 
candidate  for  green  emission  (III).  A  peak  centred  at  2.56  eV  would  require  Vj;  to 
be  located  about  360meV  below  the  conduction  band  and  this  correlates  well  with 
both  calculated  and  measured  values  for  donor  ground  state  energy. 

The  independence  of  orange-yellow  emission  (IV)  of  extrinsic  dopants  suggests 
the  participation  of  a  defect  level  at  a  depth  of  about  leV  and  the  experimentally 
observed  centre,  which  we  have  suggested  is  associated  with  the  N(-,,  antisite  defect, 
(figure  3)  is  an  obvious  candidate.  Finally,  we  point  out  that  the  energy  difference 
between  this  centre  and  those  induced  by  a  group  of  impurities,  including  P  and  Zn 
is  about  1.75  eV.  The  location  of  this  energy  within  the  red  emission  band  leads  us 
to  the  tentative  allocation  (V)  of  red  emission  to  a  Nq,-  acceptor  transition. 

Figure  4  Suggested  scheme  for 
the  involvement  of  native  defects 
in  the  four  principal  luminescence 
bands  (II:blue,  Illigreen, 

IV:orange-yellow,  V;red)  in  GaN, 
either  Zn  compensated  or 
undoped.  The  ultraviolet 

emission  (I)  is  direct  band-to-band 
recombination-emission. 


III.3  Aluminium  nitride 

A  surprising  volume  of  information  is  available  on  AIN  although  its  popularity 
stems  from  its  use  in  tribological  and  diffusion-resistant  coatings  rather  than  its 
semiconducting  properties.  Thus  while  it  is  relatively  simple  to  prepare,  until 
recently  material  quality  has  not  been  optimised  for  electronic  properties  and  the 
values  available  are  many  and  varied.  Those  attracting  some  concensus  are 
collected  in  figure  5,  along  with  the  modified  hydrogenic  result  and  the  predictions 
of  Jenkins  and  Dow.  Again  the  range  of  values  reported  for  the  donor  excitation 
falls  into  three  groups  at  about  170,  500  and  800- 1000  meV  iumm]  Recently,  we 
have  reported  a  study  of  thermally  activated  conductivity  in  AIN™ ,  identifying  a 
deep  donor  level  at  790  meV.  This  agrees  surprisingly  well  with  the  values 
predicted  from  the  hydrogenic  (800  meV)  and  deep  level  (500  and  1000  meV) 
approaches  in  view  of  the  shortcomings  of  each  in  this  energy  range.  By  analogy 
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with  InN  and  GaN  it  is  therefore  reasonable  to  assume  that  a  dcnor  triplet  at  about 
200  meV,  500  meV  and  900  eV  is  associated  with  in  AIN. 

A  deeper  level  with  threshold  1.4-1.85  has  been  repeatedly  observed 

and  can  be  identified  with  the  calculated  level  of  1.6  eV  for  N,, . 

Deep  level  excitations  have  been  observed  with  a  range  of  thresholds.  The  band 
tail  absorption  analysed  in  the  same  way  as  for  InN  and  GaN  is  included  in  figure  2 
and  has  a  range  of  thresholds  between  3.4  and  4.5  eV.  An  example  at  4.5  eV  is 
shown,  while  other  workers  have  reported  3.45  eV™,  3.1  to  3.7  eV™  and  4.2  eV""'. 
Although  the  levels  are  predicted  to  lie  within  this  range,  the  similarity  of 

behaviotir  to  the  metal  antisite  defects  in  InN  and  GaN  suggest  that  Al.,.  is 
responsible. 


Figure  5  Distribution  of  deep  levels 
in  the  band  gap  of  AIN.  The  states 
in  column  1  are  those  reported  from 
experimental  studies  and  fall  into 
five  groups  A  to  E.  Column  2  shows 
the  results  of  donor  level 
calculations  in  the  modified 
hydrogenic  approximation  from 
Table  I.  Column  3  data  are  the 
electron  states  calculated  in 
reference  26  for  the  following  point 
defects:  I=V,,  II=V,,  I1I=N„, 

rv=v,„,  V=V„,  V1=A1^. 


IV  Summary  and  Conclusions 

Median  values  of  experimentally  reported  defect-related  levels  in  the  three  group 
III  metal  nitrides  are  brought  together  in  table  II.  A  common  feature  is  the  presence 
of  a  triplet  of  shallow,  donor-like  levels  associated  with  nitrogen  vacancies  the 
depth  of  which  increases  for  lighter  occupants  of  the  metal  site. 

The  presence  of  deeper,  compensating  antisite  defects  becomes 
thermodynamically  less  probable'^'  as  the  atomic  mass  difference  between  gpIII 
and  gpV  components  increases.  Thus  InN,  with  very  shallow  and  uncompensated 
donors  is  invariably  an  n-type  semiconductor,  while  AIN,  with  a  much  deeper  donor 
and  high  compensation  levels,  is  invariably  an  insulator.  GaN  lies  between  these 
extremes  of  behaviour,  as  might  be  expected  from  a  combination  of  a  donor  of 
moderate  depth  and  some  tendency  to  compensation,  and  the  selection  of  growth 
method  dictates  the  conductivity  obtainable.  It  is  worth  noting  that  the  available 
level  of  control  in  as-grown  GaN  is  commensurate  with  the  much  greater  eSbrt  thus 
far  devoted  to  it. 
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TABLE  II  Probable  Assignment  of  Experimental  Data  (median  values) 


Nitride 

V„,  donor  triplet  (meV) 

N,,  (eV) 

M„(eV) 

V„(eV) 

E^(eV) 

InN 

0  40  150 

1.05 

1.5 

- 

1.89 

GaN 

30  110  390 

0.9 

2.3 

3.264 

3.4 

AIN 

170  500  900 

1.7 

4.5 

3.8 

5.9 

Because  it  is  a)  heavily  occupied  and  b)  sufficiently  shallow  to  have  a  large 
optical  cross  section  for  excitation  to  the  conduction  band,  the  ISOmeV  donor  level 
in  InN  provides  a  significant  spectral  absorption  feature.  Examination  of  this  level 
in  quantum-defect  terms  is  fruitful  and  a  revised  threshold  value'"  is  obtained. 

Threshold  energy  varies  with  electron  concentration  in  the  conduction  band  in  a  • 

way  entirely  compatible  with  the  band-filling  process  responsible  for  the  Moss- 
Burstein  shift  in  optical  band  gap.  A  low-electron-concentration  limit  of  ISOmeV 
is  deduced. 

A  hydrogcnic  treatment  of  donor  levels  yields  results  close  to  those  obtained 
experimentally,  surprisingly  since  both  depth  and  complexity  would  suggest  the 
approach  to  be  inappropriate. 

Deep  levels  in  gallium  and  aluminium  nitrides,  in  most  respects,  appear  to  have  j 

the  general  features  predicted  by  Jenkins  and  Dow.  The  location  of  the  antisite  | 

defect  at  about  1.7eV  is  well  substantiated  by  a  number  of  reports  in  the  range  1.4- 
1.8eV  whil.st  the  prediction  of  about  0.45eV  is  somewhat  shallower  than 
experimental  data  between  0.8  and  0.9  eV.  The  antisite  and  V^,  vacancy  defects 

all  lie  within  the  bottom  half  of  the  respective  bands  and  are  manifest  as  absorption  j 

tails  on  direct  band  to  band  spectral  edges.  Here  additional  information  on  the  |  s> 
or  I  p>  like  character  of  the  defect  helps  in  identification. 

The  gallium  vacancy  observed  in  studies  of  GaN  luminescence  is  at  3.26eV  below 
the  conduction  band  and  close  to  the  calculated  value  of  about  3.3eV.  The  GaN 
band  tail,  and  1  s>  like  absorption  feature  with  threshold  in  the  2.2-2.5eV  range, 
can  therefore  be  attnbuted  to  the  Ga^  antisite  defect  with  some  confidence.  Similar 
i  s>  like  features  appear  in  .AIN  between  3.4  and  4.5eV.  a  range  embracing  the 

predicted  Vj^j  antisite  defect,  while  its  converse,  Al^  ,  is  calculated  to  lie  somewhat  t 

deeper  at  about  5.2eV.  Studies  of  the  effect  on  optical  properties  of  the  in-diffusion  ' 

of  excess  aluminium  strongly  suggest  that  the  )  s>  like  feature  is  associated  with 
Al^  rather  than  .  a  view  supported  by  its  similarity  to  GaN. 

The  situation  in  InN  is  less  clearly  related  to  the  predicted  levels  for  Inyj  at  0.8eV  ^ 

and  N,„  at  l.SeV.  We  find,  in  a  large  number  of  reactively  sputtered  samples  which 
we  will  call  type  I,  an  |  s>  like  level  between  1.35  and  1.65eV  experimentally 
similar  to  the  Mj,  antisite  defect  in  both  gallium  and  aluminium  nitrides  and  also  at 
about  2/3  bandgap.  Present  in  other  samples  is  a  type  II  feature,  rather  shallower 
at  0.9  to  1.2eV  and  of  |  p>  like  character  which,  if  the  above  allocation  is  correct,  is 
associated  wdth  N,„.  These  allocations  are  the  reverse  of  the  theoretical 
predictions^'.  Whether  a  sample  is  of  type  I  or  II  depends  upon  the  circumstances  of 

its  growth.  Type  I  are  typically  prepared  at  higher  growth  rates  and  lower  nitrogen  ,• 

pressure  from  less-nitrided  targets,  conditions  which  3deld  high  nitrogen  vacancies 
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concentrations  evident  in  high  electron  densities,  (n>5  x  10”  cm-^)  and  more 
favourable  to  the  generation  of  In^  antisite  defects.  Type  II,  on  the  other  hand,  are 
grown  at  lower  rates,  with  higher  nitrogen  pressures  and  from  fully  nitrided 
targets.  These  conditions  yield  low  Vjj  concentrations  (n<2  x  10”  cm-^)  and  are 
conducive  to  N|„  antisite  formation.  Accordingly  we  conclude  that  the  levels 
associated  with  nitrogen  occupancy  of  indium  sites  is  shallower,  at  about  leV,  than 
its  converse  at  about  l.SeV. 
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ABSTRACT 

Extensive  and  systematic  studies  on  reactive  magnetron  sputtering  of  InN  thin 
films  are  summarized.  The  films  have  been  deposited  onto  several  types  of  substrates, 
with  variations  in  such  process  parameters  as  deposition  temperature,  partial  pressures 
of  reactive  and  inert  gases,  sputtering  power  and  gas  flowrs.  These  films  have  been 
characterized  by  measuring  their  electrical,  optical,  structural  and  morphological 
properties.  It  has  been  shown  that  epitaxial  growth  of  InN  occurs  on  the  basal  plane 
of  single-crystal  (00.1)  sapphire  and  (001)  mica  substrates  and  on  the  (111)  face  of 
cubic  substrates  such  as  silicon  and  zirconia. 

Two  principal  problems  currently  limit  the  usefulness  of  thin  films  of  InN.  First, 
although  epitaxy  can  be  attained  with  the  proper  choice  of  substrate  type  and 
deposition  temperature,  the  resulting  film  is  an  agglomerate  of  epitaxial  grains  -  not  a 
single  crystal.  Second,  all  magnetron  sputtered  InN  films  prepared  to  date  have  low 
mobility  and  high  carrier  concentration  (likely  due  to  nitrogen  vacancies).  In  an  attempt 
to  address  these  problems,  experiments  on  the  growth  and  characterization  of 
sputtered  InN  films  have  been  carried  out  and  are  discussed  here  vrith  particular 
emphasis  on  seeded  heteroepitaxial  growth  and  the  effects  of  film  deposition 
temperature. 

For  example,  it  was  found  early  that  the  growth  of  InN  on  the  bare  surface  of 
several  crystalline  substrates  at  growth  temperatures  near  350°C  results  in  a 
morphological  transition  that  causes  a  degradation  of  semiconducting  properties.  The 
predeposition  of  an  AIN  seed  layer  inhibits  this  morphological  transition  and  stabilizes 
a  relatively  high  mobility  state,  but  a  still  too  high  carrier  concentration  obtains.  Further 
progress  critically  depends  on  optimizing  the  seeded  heteroepitaxial  growth  technique 
in  conjunction  with  the  achievement  of  InN  films  viiith  lower  density  of  nitrogen 
vacancies. 

INTRODUCTION 

The  Group  IIIA  nitrides  (AIN,  GaN  and  InN)  are  an  isostructural  family  of 
semiconductors  that  hold  great  promise  for  optoelectronic  applications  in  the  visible 
and  ultraviolet  regions  of  the  spectrum  owing  to  their  wide,  direct  bandgaps  (6  eV,  3.4 
eV  and  2  eV  respectively).  The  potential  for  high  efficiency  optoelectronic  devices 
based  on  these  semiconductors  can  be  realized  by  optimizing  the  growth  of  each 
family  member,  controlling  doping  type  and  forming  alloys  (e.g.,  Alj,ln,  ^N)  to  be  used 
in  heterostructures.  The  growth  of  InN  is  particularly  important  for  visible  light  photonic 
applications  as  it  Is  the  member  of  the  family  with  the  smallest  energy  gap.  By  alloying 
InN  into  either  AIN  or  GaN  the  bandgap  can  be  lowered  to  the  2-3  eV  range,  a  critical 
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range  for  making  high  efficiency  visible  light  sources  and  detectors. 

The  early  report  [1]  of  deposition  of  InN  by  reactive  sputtering  with  carrier 
concentration  of  7x10^®  cm  ®  and  mobility  of  250  cm®/V  sec,  followed  later  by  the 
report  [2]  of  growth  of  polycmtalllne  films  with  carrier  concentration  of  10’®-10^ '  cm' 
®  and  mobility  of  *^4000  cm®/V  sec  by  reactive  rf-diode  sputtering  pointed  out  the 
efficacy  of  sputtering  for  the  deposition  of  this  semiconductor.  Although  the 
semiconducting  properties  of  these  films  were  very  promising,  the  extremely  long  pre¬ 
sputtering  and  sputtering  times,  the  polycrystalline  structure  of  the  films  and  the  glass 
substrates  employed  were  not  compatible  with  the  fabrication  of  modem  devices, 
including  those  based  on  heterostructures  and  quantum  wells.  One  of  the  long-range 
goals  of  the  research  reported  on  here  is  the  preparation  of  single  crystal  films  of  InN 
by  reactive  magnetron  sputtering  for  the  investigation  of  intrinsic  semiconducting 
properties  and  for  eventual  device  applicatbns.  Unfortunately  InN  prepared  in  other 
laboratories,  [3-7]  including  ours  [8]  universally  has  high  carrier  concentration 
cm'®  with  concomitant  low  mobility  <  100  cm®/V  sec. 

The  high  carrier  concentrations  exhibited  by  InN  films  are  believed  to  arise  from 
nitrogen  vacancies  created  during  the  growth  process  or  from  unintentional  oxygen 
doping  either  during  growth  or  following  exposure  to  atmosphere.  It  is  also  quite 
conceivable  that  these  two  mechanisms  could  act  cooperatively  with  the  nitrogen 
vacancies  making  the  material  even  more  susceptible  to  oxidation.  Unfortunately, 
severe  experimental  constraints  arise  from  attempting  to  resolve  these  concerns. 
Oxygen  must  be  rigorously  excluded  from  the  growth  chamber  and  exposure  of  the 
sample  to  air  prior  to  characterization  should  be  avoided  if  possible.  Also,  in  order  fo’’ 
stoichiometric  films  to  be  grown,  a  high  density  of  atomic  nitrogen  is  necessary  at  the 
reaction  site  and  high  growth  temperatures  should  be  avoided  (given  the  thermal 
instability  of  InN). 

The  difficulties  associated  with  the  growth  of  single  crystal  films  of  InN  anse 
from  this  low  temperature  deposition  constraint,  the  unavailability  of  bulk  single  crystals 
of  the  semiconductor  (due  to  thermodynamic  considerations),  and  a  lack  of  substrates 
sufficiently  lattice  matched  to  allow  unstrained  heteroepitaxial  growth.  In  this  context. 
Table  1  presents  the  variety  of  substrates  employed  in  our  studies  along  with  their 
calculated  lattice  mismatch  with  InN. 


Table  1 


Substrate 

Crystal  Face 

Lattice  Mismatch 

AljOg 

(00.1) 

28.8% 

Mica 

(001) 

17.9% 

Zr02 

(111) 

3.0% 

Si 

(111) 

7.8% 

GaAs 

(111) 

11.5% 

The  approach  taken  here  to  optimize  the  growth  and  semiconducting  properties 
of  InN  thin  films  entails;  (1)  depositing  under  a  carefully  chosen  set  of  process 
conditions  (substrate,  temperature,  sputtering  power,  reactive  gas  mix,  etc.);  (2) 
measuring  and  interpreting  the  structural,  compositional,  morphological,  electrical  and 
optical  properties;  and,  (3)  feeding  this  information  back  by  altering  the  process 
parameters  based  on  the  interpreted  data.  This  optimization  process  develops  most 
intelligently  when  taking  advantage  of  breakthroughs  such  as  that  recently  found  for 
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seeded-heteroepitaxial  growth  of  GaN  on  sapphire  [9J. 

In  what  follows,  the  results  and  interpretations  engendered  through  this 
approach  to  the  growth  of  single-crystal  InN  films  are  recounted. 

EXPERIMENTAL 

The  magnetron  sputtering  system  used  to  deposit  these  films  has  been 
previously  described.  [8]  It  is  built  on  a  liquid  nitrogen  trapped,  diffusion  pumped 
vacuum  station  capable  of  pressures  on  the  order  of  5x10"®  Torr  with  a  pumping  speed 
of  2000  I/s.  Within  the  limitations  of  high  vacuum  technology,  two  measures  are  taken 
to  lower  the  risk  of  oxygen  contamination  of  the  film  during  growth;  a  high  efficiency 
organic  resin  gas  purifier  is  in  the  inlet  gas  line  and  a  Meissner  trap,  that  surrounds  the 
growth  area,  is  maintained  at  liquid  nitrogen  temperature  while  sputtering.  Dual 
magnetron  sputtering  guns  are  mounted  below  a  rotatable  arm  carrying  a  variable 
temperature  substrate  fixture. 

One  gun  Is  fitted  with  an  indium  metal  target  of  purity  greater  than  99.999%  for 
the  deposition  of  InN.  The  second  gun  is  used  primarily  for  the  dep>osition  of  the 
nucleation  and  buffer  layers  employed  in  seeded  heteroepitaxy  studies  but  could  also 
be  used  for  preparing  multilayer  films.  A  wide  variety  of  substrates  are  employed 
including  single-crystals  of  sapphire,  silicon,  gallium  arsenide,  mica  and  zirconia  and 
amorphous  substrates  such  as  glass  and  fused  quartz.  Process  parameters  (such  as 
substrate  temperature,  sputtering  gas  pressure  and  sputtering  rate)  are  varied  to 
optimize  growth. 

Samples  are  characterized  by  the  measurement  of  their  structural, 
compositional,  morphological,  electrical  and  optical  properties.  Microstructure  and 
crystallographic  texture  are  determined  by  X-ray  scattering  methods  using  a  Read 
camera  (CrKa  radiation),  in  reflection,  and  a  Buerger  precession  camera  (MoKo 
radiation), in  transmission.  Most  compositional  analysis  has  been  performed  using 
scanning  Auger  electron  spectroscopy.  On  a  coarse  scale,  film  thickness  and  surface 
roughness  are  measured  with  a  stylus  profiler.  A  scanning  tunnelling  microscope 
(STM)  is  employed  to  determine  the  micro-topography  of  the  samples  which,  under 
favorable  conditions,  can  be  related  to  the  grain  structure.  In  addition,  textural, 
structural  coherence,  and  interlayer  diffusion  measurements  are  carried  out  by 
transmission  and  scanning  electron  microscopy.  Electrical  resistivity  and  Hall  effect  are 
measured  over  a  wide  range  of  temperature  (1.4-320  K)  and  magnetic  field  (0-7T). 
Finally,  the  optical  properties  of  the  films  measured  over  a  large  wavelength  range  (0.1 
fim  to  50  urn)  using  a  variety  of  double  beam  spectrometers. 

RESULTS  AND  DISCUSSION 

The  results  of  a  succession  of  experiments  on  the  growth  and  characterization 
of  sputtered  InN  films  are  discussed  here  with  particular  emphasis  on  seeded 
heteroepitaxial  growth  techniques. 

Initial  Experiments 

Initial  experiments  focused  on  targeting  a  set  of  process  parameters  that 
produced  characteristic  magnetron  sputtered  InN  on  amorphous  substrates  at  room 
temperature.  InN  films  were  deposited  onto  fused  quartz  substrates  with  variations  in 
process  parameters  such  as  sputtering  power,  total  gas  pressure,  reactive  gas  partial 
pressure.  The  optimal  process  conditions  that  resulted  from  this  procedure  are  given 
in  Table  2. 
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Table  2 


Sputtering  Power 

SOW  at  13.56  MHz 

Sputtering  Gas 

Pure  Nitrogen 

Sputtering  Pressure 

SxlO'-’  Torr 

Target 

Indium  Metal 

Presputter  Time 

30  Minutes 

Sputtering  Time 

60  Minutes 

These  general  experimental  conditions  were  used  in  the  following  sets  of  experiments 
with  changes  as  noted. 

Higher  Temperature  Growth  on  Fused  Quartz  and  (00.1)  Sapphire 

The  first  set  of  experiments  aimed  to  elucidate  the  effect  of  deposition 
temperature  on  the  properties  of  InN  thin  films.  A  series  of  InN  films  were  sputtered 
onto  quartz  and  sapphire  substrates  at  temperatures  from  50-600°C  [8].  In  addition, 
two  different  sets  of  (00.1)  oriented  sapphire  crystals  were  employed:  one  had  a 
somewhat  rough  surface  prepared  by  mechanical  polishing;  and  the  second  set  had 
a  much  smoother,  chemically  polished  surface.  For  all  films  the  carrier  concentration 
had  a  relatively  independent  value  of  »10^  cm'®.  The  temperature  dependence  of  the 
carrier  mobility  for  samples  deposited  on  the  three  substrate  types  are  displayed  in 
Figure  1 .  Films  deposited  on  fused  quartz  have  generally  lower  mobility,  higher  carrier 
concentration  and  higher  resistivity  than  those  on  sapphire.  The  amorphous  nature  of 
the  substrate  leads  to  material  that  is  strongly  c-axis  textured  but  obviously  not 
epitaxial.  Presumably  this  lack  of  epitaxial  growth  is  responsible  for  the  poorer 
electrical  quality  of  these  samples. 


0  100  200  100  400  900  000  700 

r««9«r««ur»  <*C) 


Substrata  Taoiparatura  (°C) 


Figure  1  Electrical  mobility  of  InN  on 
quaitz(X)  and  sapphire:  chemically 
polished(a),  mechanically  polished(0). 


Figure  2  Film  thickness  of  InN 
deposited  onto  quartz(X)  and  sapphire: 
chemically  polished  (#),  mechanically 
polished{0). 
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Films  on  sapphire  show  electrical  behavior  that  is  strongly  deposition 
temperature  dependent.  In  the  low  temperature  regime  the  mobility  steadily  rises,  the 
carrier  concentration  generally  decreases  and  the  resistivity  is  virtually  constant  as  the 
temperature  is  increased.  X-Ray  diffraction  indicates  that  materials  in  this  regime 
smoothly  change  from  a  mixture  of  epitaxial  and  textured  grains  to  complete  epitaxy 
[10].  The  film  thickness  (Figure  2)  in  this  temperature  regime  is  relatively  constant  and 
the  grain  size  determined  by  STM  and  SEM  is  slowly  increasing  with  increasing  growth 
temperature. 

This  behavior  is  interrupted  above  300°C  on  mechanically  polished  sapphire  and 
above  400°C  on  the  chemically  polished  sapphire  when  the  mobility  experiences  a 
sharp  downturn  (Figure  1 )  concurrent  vnth  a  steep  increase  in  film  resistivity.  The 
mobility  falls  from  a  high  of  30  cm^/V-sec  on  mechanicaliy polished  sapphire  and  54 
cm^/V-sec  on  chemically  polished  sapphire  to  a  low  of  1  cmVV-sec  over  a  100  degree 
interval.  The  film  thickness  (Figure  2)  and  grain  size  each  show  a  relatively  sharp 
upturn  at  these  transition  temperatures. 

Extensive  studies  by  SEM,  STM  and  TEM  of  the  temperature  dependent 
microstructure  of  these  InN  films  have  been  conducted  and  results  are  schematically 
summarized  in  Figure  3.  Films  grown  at  low  temperature  are  relatively  smooth,  small 
grained  and  physically  continuous.  X-Ray  diffraction  studies  of  the  nanostructure  in 
this  range  indicate  that  the  films  are  a  mixture  of  c-axis  textured  and  epitaxial  grains. 
As  the  temperature  is  raised,  the  grains  grow  larger,  become  completely  epitaxially 
oriented  and  their  physical  properties  improve.  At  an  intermediate  temperature 
(determined  by  sample-substrate  interactions),  the  films  begin  to  roughen  and  start  to 
become  physically  disconnected.  In  large  measure,  the  electrical  transport  properties 
of  these  films  are  determined  by  the  degree  of  connectivity  between  grains.  As  the 
connectivity  decreases,  the  electronic  mobility  decreases  with  it.  At  high  deposition 
temperature,  the  grains  grow  quite  large  but  become  isolated.  The  electrical  transport 
across  such  a  film  is  extremely  limited  due  to  the  hopping  nature  of  the  conduction. 


Figure  3  Schematic  representation  of  the  growth  temperature  variation  of  film 
morphology  for  magnetron  sputtered  InN.  Primary  data  was  obtained  from  SEM,  STM 
and  TEM  measurements. 


414 


Deposition  onto  the  (001)  Surface  of  Mica 

The  aforementioned  study  indicated  that  heteroepitaxial  strain  and  substrate 
surface  finish  played  a  role  in  determining  how  the  properties  of  InN  were  affected  by 
growth  temperature.  For  example  the  temperature  at  which  the  electrical  properties 
sharply  deteriorated  was  clearly  dependent  upon  the  surface  roughness  of  the 
substrate.  Following  on  this  recognition,  mica  was  identified  as  a  substrate  with  a 
smaller  lattice  mismatch  (see  Table  1)  and  with  a  nearly  atomically  smooth  surface. 

The  measured  properties  of  the  reactively  sputtered  InN  films  grown  on  the 
pseudo-hexagonal  (001)  face  of  mica  as  a  function  of  deposition  temperature  were 
compared  to  and  contrasted  with  the  properties  of  InN  films  deposited  onto  the  (00.1) 
face  of  sapphire  [1?].  Despite  the  smaller  lattice  mismatch  and  smoother  surface  the 
physical  properties  of  these  films  were  quite  similar  to  those  prepared  on  sapphire. 
Similar  trends  were  seen  in  the  electrical  transport  and  morphology  with  a  transition 
temperature  to  a  low  mobility  state  of  300°C.  At  higher  deposition  temperatures  ( >  500 
°C),  however,  the  interconnection  between  grains  improves  and  the  high  mobility  state 
is  reestablished.  Unfortunately,  the  thermal  degradation  of  mica  above  550  °C  makes 
this  promising  result  somewhat  impractical. 

Deposition  onto  the  (111)  Face  of  Cubic  Crystals 

These  results  implied  that  the  main  cause  of  the  morphological  transition  in 
epitaxial  InN  is  due  to  lattice  strain.  As  evident  in  Table  1,  the  (111)  face  of  several 
cubic  substrates  have  a  decidedly  lower  lattice  mismatch  with  InN  than  either  e 

or  mica. 

The  structure,  morphology,  and  transport  properties  of  thin  films  of  InN 
deposited  onto  the  (111)  face  of  several  cubic  substrates  were  studied  as  a  function 
of  deposition  temperature  (13).  In  general,  the  film  structure  is  such  that  (00.1)|n,,j 
parallels  the  (ill)  plane  of  the  cubic  substrate  ?nd  the  in-plane  growth  coherence 
parallels  the  magnitude  of  the  lattice  mismatch  (Table  1),  m  that  fiinis  cn  GoAs  are 
textured  at  all  growth  temperatures,  while  pseudo  heteroepitaxial  growth  is  achieved 
at  elevated  deposition  temperatures  for  growth  onto  Si,  and  true  heteroepitaxy  is 
attained  above  for  deposition  onto  Zr02.  Using  the  X-ray  precession  technique 
the  secondary  heteroepitaxial  relationships  between  InN  and  the  cubic  substrates  were 
found  to  be  (2i.O)|„N//(220)c^j^ic  or  equivalently  (30.0),„N//(425)^ubjc 

The  semiconducting  substrates  (Si  and  GaAs)  used  in  this  study  did  not  allow 
the  measurement  of  the  electrical  properties  of  the  InN  films  due  to  the  sizable  parallel 
conductance  of  the  substrate  The  electrical  transport  properties  of  films  grown  on 
insulating  zirconia  were  measured  and  found  to  be  quite  similar  to  those  of  films 
deposited  on  sapphire.  The  carrier  concentration  was  still  =10^°  cm'^,  and  the  mobility 
had  the  same  strongly  peaked  behavior  as  depicted  in  Figure  1 .  The  film  thickness 
had  the  same  general  dependence  on  deposition  temperature  displayed  in  Figure  2 
and  morphological  investigations  identified  il-.e  same  trend  displayed  in  Figure  3  with 
a  transition  temperature  of  350°C, 

Seeded-Heteroepitaxial  Growth 

Since  the  (ill)  face  of  zirconia  has  the  smallest  calculated  degree  of  lattice 
mismatch  with  InN  of  any  commonly  available  substrate  (Table  1),  it  became  obvious 
that  other  means  of  achieving  single-crystal  growth  of  InN  would  need  to  be  explored. 
Recent  advances  have  been  made  in  the  techniques  of  achieving  heferoepitaxy  - 
driven  in  many  cases  by  the  desire  to  deposit  single  crystal  diamond  onto  substrates 
other  than  natural  diamond  [14].  These  techniques  are  generally  referred  to  as  seeded 
heteroepitaxy  and  a  particularly  germane  result  for  the  deposition  of  InN  was  the  effect 
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of  a  thin  nucleation  layer  of  AIN  on  the  MOCVD  growth  of  GaN  [9].  There  it  was  found 
that  the  use  of  a  thin  (a50  nm)  AIN  nucleation  layer  yielded  GaN  single  crystal  films 
with  optically  flat,  crack  free  surfaces.  The  AIN  seed  layer  serves  to  provide  a  supply 
of  nucleation  sites  with  the  same  heteroepitaxial  relationship  and  to  promote  lateral 
growth  by  decreasing  the  interfacial  free  energy  between  the  substrate  and  growing 
GaN  layer.  The  resulting  film  is  a  "mosaic"  single  crystal  with  a  carrier  concentration 
decreased  by  two  orders  of  magnitude  and  a  room  temperature  mobility  increased  by 
one  order  of  magnitude.  Given  the  similarities  in  the  crystal  physics  of  InN  and  GaN 
the  effects  of  thin  layers  of  AIN  on  the  magnetron  sputtering  growth  of  InN  were 
investigated.  Two  studies  were  conducted  to  assay  the  effects  of  a  thin  nucleation 
iayer  of  AIN  on  the  magnetron  sputtering  growth  of  InN. 

Deposition  onto  a  Hioh  Temperature  Nucleation  Laver 

A  nucleation  layer  was  deposited  on  the  (00.1)  face  of  sapphire  by  dc  sputtering 
for  30  min.  at  900  °C  using  a  50/50  mixture  of  nitrogen  and  argon  [15].  The  resulting 
AIN  layer  thickness  was  =50  nm.  A  sequence  of  InN  films  at  various  growth 
temperatures  (50-600  °C)  were  deposited  onto  such  a  seed  layer  using  magnetron 
sputtering  in  a  pure  nitrogen  atmosphere.  Full  physical  characterization  of  the  resulting 
films  was  carried  out. 

Microscopic  studies  show  that  at  low  growth  temperatures  the  agglomerate 
morphology  (average  grain  size  of  =8.5  nm)  of  the  seeded  films  is  essentially 
equivalent  to  that  found  for  films  deposited  onto  bare  sapphire.  As  the  substrate 
temperature  is  raised,  the  grain  size  for  the  seeded  films  is  nearly  temperature 
independent  while  that  of  the  single  layer  film  is  gradually  rising.  At  intermediate 
temperatures  the  grain  size  of  both  types  of  films  begins  to  increase  but  the  increase 
is  much  more  rapid  for  the  film  on  bare  sapphire.  At  stili  higher  temperatures,  the 
seeded  fiims  remain  granular,  with  the  details  of  grain  size  and  connectivity  varying 
only  marginally  with  deposition  temperature.  This  is  in  sharp  contrast  to  the 
morphology  of  unseeded  films,  where  a  large  grain  structure  with  significant  void  area 
between  the  grains  is  evident. 

Since  the  morphology  largely  determines  the  physical  properties  of  these  films, 
this  contrast  has  profound  effects  on  the  physical  properties  of  the  materials.  For 
example.  X-ray  scattering  from  these  films  using  the  precession  method  [16]  are 
reiterated  here.  Films  deposited  onto  the  AIN  buffer  layer  consist  nearly  exclusively  of 
epitaxial  grains  of  InN  at  all  temperatures  investigated.  In  contrast,  InN  films  deposited 
directly  onto  the  (00.1)  surface  of  sapphire  were  comprised  mainly  of  textured  grains 
below  200  °C  and  became  fully  epitaxial  above  this  temperature.  From  variations  in 
the  angular  dispersion  of  the  {1120}  X-ray  reflection  for  the  two  type  of  films,  the 
following  deductions  were  made'  (1)  For  unseeded  films  at  T<200°C,  there  is  a  weak 
azimuthal  correlation  between  the  InN  grains  and  the  sapphire  substrate;  (2)  This 
azimuthal  correlation  strengthens  considerably  with  the  disappearance  of  textured 
grains  and  remains  strong  until  the  onset  of  the  morphological  transition;  and  finally, 
(3)  The  azimuthal  correlation  restrengthens  at  the  highest  deposition  temperatures  as 
the  transition  progresses  and  the  large  grains  come  to  dominate  the  morphology.  By 
contrast,  the  films  deposited  with  an  AIN  seed  layer  are  fairly  strongly  correlated  even 
at  low  temperatures  -in  accord  with  the  observation  of  solely  epitaxial  films.  This 
correlation  strengthens  and  remains  strong  for  all  such  films  -  a  fact  consistent  with 
the  relatively  unchanging  morphology  of  these  films. 

In  a  similar  vein,  the  electrical  transport  properties  are  affected  by  these 
variations  in  morphology  (Figure  3).  While  the  carrier  concentration  (>10™  cm"^) 
remains  high  for  both  types  of  films,  the  dependence  of  carrier  concentration,  electrical 
resistivity  and  mobility  on  deposition  temperature  differ  significantly  for  the  two  types 
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of  films.  Firstly,  the  carrier  concentration  remains  relatively  constant  at  low  substrate 
temperatures  (<300  °C)  and  generally  decreases  monotonically  above  this 
temperature.  Secondly,  in  the  range  below  200  °C,  the  carrier  mobility  tor  the  epitaxial 
seeded  films  is  consistently  higher  than  found  for  the  unseeded  films  which  are  a 
mixture  of  epitaxial  and  textured  grains.  Thirdly,  the  general  variation  in  mobility  with 
deposition  temperature  is  the  same  for  both  types  of  films  in  the  transition  temperature 
regime,  300  °C  <  T  <  450  °C,  In  particular,  the  mobility  slowly  rises  as  the  substrate 
temperature  increases  up  to  the  point  where  the  grains  lose  connectivity  resulting  in 
a  precipitous  jump  in  resistivity  and  a  concomitant  sharp  drop  in  mobility. 

In  addition,  it  has  been  shown  that  the  evolution  of  the  physical  properties  of 
these  seeded  films  with  increased  substrate  temperature  is  dominated  by  subtle 
changes  in  the  granularity  of  the  film.  This  is  in  stark  contrast  to  unseeded  films  where 
the  physical  properties  are  dominated,  at  high  temperature,  by  the  formation  of  a  large 
grained  morphology  with  significant  Intergranular  voids.  Therefore,  the  use  of  a 
nucleation  layer  has  stabilized  the  film  morphology  and  muted  the  rapid  degradation 
of  film  properties  above  »400  °C  seen  here  and  elsewhere  for  growth  on  unseeded 
substrates.  This  quite  promising  result  followed  from  an  arbitrary  choice  of  growth 
conditions  for  the  AIN  nucleation  layer.  A  systematic  search  for  optimized  seed  layer 
growth  condition  are  discussed  next. 

Nucleation  and  Overlaver  Growth  Temperature  Effects 

In  this  study,  an  investigation  of  the  dependence  of  film  properties  on  the  growth 
temperatures  and  growth  times  of  the  nucleation  layer  and  the  InN  overlayer  (both 
sputtered  in  pure  nitrogen)  was  carried  out.  The  nucleation  layer  was  deposited  on  the 
(00.1)  face  of  sapphire  by  dc  sputtering  for  7.5-30  min.  at  temperatures  between  100 
°C  and  1000  °C.  The  resulting  AIN  layer  thickness  was  between  20  and  80  nm.  A 
sequence  of  InN  films  at  growth  temperatures  from  100  “C  to  500  °C  and  deposition 
times  between  14  sec,  and  6  hours  were  deposited  onto  the  nucleated  sapphire 
substrate  using  magnetron  sputtering. 

A  discussion  of  the  results  of  a  fixed  deposition  temperature  with  variable  time, 
giving  clear  evidence  of  a  crossover  from  a  two  dimensional  to  a  three  dimensional 
growth  mechanism,  appears  separately.  [17]  The  discussion  presented  in  this  paper 
will  focus  on  the  effects  of  growth  temperatures  for  fixed  times  for  the  nucleation  and 
overlayers  (15  min.  and  60  min.  respectively). 

The  carrier  concentrations  for  these  samples  remain  in  the  10^°  cm'®  range.  A 
plot  of  the  mobility  of  the  InN  films  as  a  dual  function  of  buffer  layer  and  film  growth 
temperature  is  shown  in  Figure  4.  At  low  buffer  layer  temperatures  (<300  °C),  all  film 
growth  temperatures  result  in  low  mobility.  In  parallel,  at  low  film  growth  temperatures, 
all  buffer  layer  temperatures  also  result  in  low  mobility  films.  It  is  also  evident  in  the 
plot  that  for  buffer  layer  growth  temperatures  >300  °C  and  for  film  growth  temperatures 
>400  °C  a  plateau  in  mobility  is  achieved.  This  plateau  extends  to  at  least  500  °C  in 
film  growth  temperature  and  1000  °C  in  buffer  layer  growth  temperature.  This  is  in 
contrast  to  films  deposited  onto  the  bare  surface  of  any  substrate  and  also  in  contrast 
to  films  deposited  onto  a  seeded  (00.1)  sapphire  substrate  where  the  AIN  layer  was 
sputtered  in  a  mixed  argon/nitrogen  atmosphere.  Although  the  morphology  of  these 
seeded  films  is  yet  to  be  completely  elucidated,  evidence  for  a  crossover  from  a  three- 
dimensional  growth  mode  to  a  two-dimensional  growth  mechanism  has  been 
presented  [17].  Most  importantly  for  future  device  applications,  the  AIN  seed  layer 
grown  in  pure  nitrogen  has  stabilized  the  InN  overlayer  to  the  transition  that  resulted 
in  the  loss  of  Intergrain  connectivity  and  the  dramatic  drop  in  electrical  mobility  for  the 
unseeded  films. 
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Figure  4  Electrical  mobility  of  InN  films  deposited  onto  a  seeded  (00.1)  sapphire 
substrate  as  a  dual  function  of  seed  layer  growth  temperature  and  film  growth 
temperature. 

Future  Directions 

Although  the  seeded  heteroepitaxial  growth  technique  has  yet  to  yield  extremely 
high  mobility  InN  films,  the  effect  is  clearly  positive.  The  properties  of  the  InN  films  are 
quite  sensitive  to  the  conditions  of  nucleation  layer  growth.  Further  optimization  of  the 
process  may  indeed  lead  to  films  with  vastly  superior  properties,  including  a  significant 
reduction  in  carrier  concentration  (as  was  found  for  the  seeded  MOCVD  growth  of  GaN 
[9]),  In  fact,  ongoing  investigations  are  focusing  on  reducing  the  high  concentration 
of  n-type  carriers  in  thin  films  of  InN. 

As  discussed  above,  the  properties  of  InN  are  degraded  by  the  presence  of 
oxygen  containing  species  during  growth  and  the  film  properties  may  be  further 
degraded  by  exposure  to  air.  In  order  to  address  these  concerns,  an  uttrahigh  vacuum 
sputtering  system,  working  at  base  pressures  of  5X10  ”  Torr  has  been  constructed. 
This  dual  magnetron  setup  is  quite  similar  to  the  high  vacuum  sputtering  system 
employed  above  with  three  distinct  advantages;  (1)  The  low  base  pressure  and 
bakeability  of  the  system  results  in  orders  of  magnitude  reduction  in  background 
oxygen  containing  species:  (2)  The  chamber  has  an  integral  load-lock  assembly  that 
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allows  exchange  of  samples  and  substrates  without  breaking  vacuum;  and,  (3)  An 
analysis  chamber  is  available  for  the  in  situ  measurement  of  temperature  dependent 
electrical  resistivity,  Hall  effect  and  optical  absorption. 

Initial  experiments  in  this  deposition  system  have  been  carried  out  by  reactively 
sputtering  InN  under  typical  process  conditions.  The  electrical  transport  properties  of 
these  films  have  been  measured  both  in  situ  and  ex  situ  and  the  measurements  reveal 
InN  thin  films  that  have  the  same  carrier  concentration  (alO^  cm'®)  and  mobility  {<60 
cm®/V  sec  as  films  deposited  in  the  high  vacuum  system  and  measured  in  air  [18]. 
Although  these  experiments  do  not  completely  rule  out  the  possibility  of  high  carrier 
concentration  due  to  oxygen  contamination,  the  probabilities  of  nitrogen  vacancies  as 
the  likely  unintentional  doping  mechanism  are  considerably  enhanced. 

As  a  means  of  following  up  on  this  deduction,  additional  sources  of  activated 
nitrogen  species  are  being  introduced  into  the  current  sputtering  systems  hopefully 
leading  to  a  drop  in  carrier  concentration.  Finally,  alternate  growth  techniques  with 
intrinsically  higher  atomic  nitrogen  concentrations  at  the  reaction  site  are  being 
investigated  and  implemented.  In  every  case,  seeded  heteroepitaxial  growth  is 
considered  crucial  to  the  achievement  of  single-crystal  InN  thin  films  of  device  quality 
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ABSTRACT 

The  low  temperature  deposition  (4(K)-650'C)  of  AI^Caj.^N  films  by  metalorganic 
chemical  vapor  deposition  (MOCVD)  was  characterized.  Triethylgallium  (TF.G), 
trimethylaluminum  (TMA),  and  ammonia  (NH3)  served  as  the  precursors  and  both 
sapphire  and  silicon  as  the  substrates  with  helium  as  the  carrier  gas.  The  deposition  was 
operated  at  the  atmospheric  pressure.  The  crystallinity  was  improved  even  at  low 
temperatures  when  AI,(Ga,  .)(N  was  grown  on  a  thin  buffer  layer  of  AIN  at  4(K)“  C.  With 
an  .AlyGa,  _xN/AIN  layered  structure,  epitaxial  growth  of  AljGa|.j,N  was  obtained  at 
650°  C  on  sapphire  substrates.  Auger  results  showed  that  the  Al  fraction  x  was  less  than 
0.1.  .X-ray  diffraction  indicated  a  strong  peak  at  2e  =34.9  degrees  for  the  (0(M)2)  planes 
from  the  film  on  sapphire  substrates.  The  electron  channelling  pattern  (ECP)  of  the  film 
produced  at  650°  C  revealed  a  6  fold  symmetry  contrast  pattern  indicating  the  epitaxial 
growth  of  the  film.  Photoluminescence  (PL)  showed  a  dominant  emission  at  353  nm  for 
the  film  on  sapphire  substrate.  Surface  morphology  examined  by  SEM  was  featureless  for 
the  film  produced  at  5(K)°C,  while  a  relatively  rough  surface  can  be  seen  on  the  film 
produced  at  650°  C  (5,000x).  The  band  gap  was  measured  us  3.56  eV.  The  Al  mole 
fraction  x  in  the  alloy  was  observed  to  be  lower  than  that  in  the  gas  phase. 


IMRODUCTION 

The  semiconductor  alloy  AI^Ga,  .^N  has  a  hand  gap  which  can  be  controlled  from 
3.4  e\’  to  6.2  eV  and  it  has  potential  applications  in  ultraviolet  light  emitting  diodes, 
detectors,  lasers  or  high  temperature  electronic  devices.  MOCVD  is  one  of  the  most 
widely  employed  method  for  producing  AI^Ga,  .,N  films.  The  dependence  of  the  energy 
band  gap  of  the  alloy  on  the  Al  mole  fraction  x  has  been  studied'  and  with  precise  control 
of  X.  it  is  possible  to  also  control  the  band  gap  width.  To  grow  an  epitaxial  layer  of 
AI;,Ga,.,N  on  sapphire  substrates,  depositions  were  typically  performed  in  the 
temperature  range  between  901)° -1 1511°  C'-’ .  Akasaki  et  tdl'  has  shown  that  by  first 
depositing  an  AIN  buffer  layer  at  6(K)°C,  the  quality  of  AI,Ga,_,N  is  greatly  improved, 
but  even  in  this  work,  the  deposition  temperature  used  was  in  the  range  of  900°  to 
1020°  C.  Based  on  the  results  of  our  previous  work  on  the  low  temperature  deposition  of 
GaN  '.  this  study  was  initiated  to  deposit  epitaxial  AI,Ga,  .^jN  at  lower  temperatures. 


EXPERIMENTAL 

A  horizontal  atmospheric-pressure  reactor  was  employed  to  deposit  Al^Gaj.^N 
alloy  films.  The  susceptor  surface  was  lilted  about  10”  with  respect  to  the  incoming  gas 
direction.  The  deposition  temperatures  ranged  from  4(K)”C  to  650”  C.  The  susceptor 
temperature  was  measured  hy  a  thermocouple.  The  substrates  were  AI2O3  (O(X)l),  Si 
( 100)  and  Si  (111).  The  gallium  and  aluminum  source  gases  were  triethylgallium  (TEG) 
and  trimethylaluminum  (TMA).  Ammonia  served  as  the  nitrogen  source  and  helium  as 
the  carrier  gas.  The  total  gas  flow  rate  was  about  1100  seem  with  13  umol/min  TEG,  5 
ymol/min  TMA  and  20.(XX)  umol/min  NH3.  A  mechanical  vacuum  pump  was  employed 
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for  evacuating  the  reactor  prior  to  purging  the  system  with  helium  after  loading  the  sample 
before  each  deposition.  The  substrates  were  cleaned  by  dipping  in  hydrofluoric  acid, 
rinsing  in  deionized  water,  and  then  blowing  dry  with  filtered  nitrogen.  The  thickness  of 
the  films  was  determined  by  measuring  the  mass  increase  of  the  samples  after  deposition 
with  a  microgram  balance.  Scanning  electron  microscopy  (SEM)  was  used  to  examine  the 
surface  morphology  and  to  make  electron  channelling  patterns  (ECP).  The  film 
composition  was  analyzed  by  Auger  electron  spectroscopy  (AES).  X-ray  diffraction  was 
used  to  analyze  the  crystal  structure  of  the  films. 


RESULT  AND  DISCUSSION 

An  epitaxial  film  of  Al^Ga,  .^N  was  obtained  on  the  .sapphire  substrate  at  b.SO"  C 
after  first  depositing  about  KXK)  A  of  AIN  at  400'’ C.  The  thickness  of  the  film  was  about 
0..'t-0.4  >jm  after  a  half  hour  deposition. 

The  composition  of  the  epitaxial  layer  with  sapphire  as  the  substrate  was  analyzed  by 
Auger  electron  spectroscopy  (AES).  The  AES  spectrum  is  shown  in  the  Fig.  1. 


KINETIC  ENERGY.  EV 

Fig.  1  Auger  electron  spectrum  of  AI,Ga ,  .^N 
deposited  at  b.SO'  C  on  sapphire. 


The  resulting  spectrum  shows  three  main  element  peaks,  corresponding  to  Al.  Ga  and  N. 
The  calculated  average  concentrations  for  three  main  elements  Ga.  Al  and  N  are  0.5R. 
0.06,  and  O.-TT  respectively  for  the  sample.  The  Al  mole  fraction  x  in  the  alloy  is  in  the 
vicinity  of  0.1.  Notice  that  the  ratio  of  nitrogen  to  group  III  elements  is  lower  than 
stoichiometric  material.  One  possible  explanation  for  this  is  that  the  ion  sputtering  of  the 
film  surface,  which  is  a  technique  to  clear  the  surface  contaminations  when  performing 
AES.  might  preferentially  remove  more  nitrogen  than  gallium  or  aluminum  from  the 
analyzed  surface.  Besides  the  three  main  element  peaks,  there  is  a  small  oxygen  (0.0,1) 
peak  possibly  originating  from  an  incomplete  purging  or  an  adsorbed  gas  layer  on  the  film 
surface.  The  composition  was  normally  found  to  be  a  function  of  the  sample  positions  on 
the  susceptor.  Fligher  aluminum  concentrations  were  oKserved  for  samples  set  on  the 
leading  edge.  The  difference  of  the  Al  fraction  x  between  the  gas  phase  (0.28)  and  the 
solid  phase  (0.1)  may  indicate  different  rates  of  dissociation  of  the  reactants  on  the  surface 
at  low  (emperature.s. 

X-ray  diffraction  was  used  for  crystal  structure  analysis.  The  diffraction  patterns 
from  films  produced  at  two  different  temperatures  are  shown  in  the  Fig.  2.  Fig.  2a  is  for 
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Fig.  2  X-ray  dirfractinii  palierns  <>f  AI^Ga ,  .^N 
deposited  at  (a)  O.sl)"  C  and  (h)  .M)t)° 

the  epita.\ial  film  produced  at  650° ('  and  Fig.  2b  for  film  produced  at  500°  C.  The  ((K)02) 
AI^Ga,  .jN  diffraction  peak  was  detected  at  a  diffraction  angle  20  in  the  vicinity  of  .^4.6° 
on  both  spectra.  The  (0002)  peak  intensity  for  epitaxial  film  in  Fig.  2a  is  stronger  and 
shaper  than  the  highly  oriented  crystal  film  in  the  Fig.  2b.  This  peak  position  is  close  to 
the  peak  position  of  GaN  (.44.6° ).  but  was  between  of  the  peak  positions  of  (0002)  GaN 
and  (IKMI2)  AIN.  The  peak  intensity  from  the  film  is  stronger  than  that  from  the  substrate 
for  an  cpitaxia/  layer.  Compared  (o  Koide  rrrr/s’  re.sults  for  an  Al  fraction  of  O.l.  the 
change  in  the  lattice  constant  is  similar  with  the  fraction  x  in  the  vicinity  of  0.1.  Under  the 
:.ame  expet iinenial  conditions  as  was  used  for  the  film  on  the  sapphire  substrate. 
.AI^Ga,  .^N  alloy  films  were  also  deposited  on  both  types  of  silicon  substrates.  However, 
the  X-ray  diffraction  patterns  of  those  films  were  identified  as  polycry  stalline. 

To  further  examine  whether  the  deposited  film  was  an  epitaxial  layer,  an  electron 


Fig.  .4  Electron  Channelling  pattern  of  Fig.  4  Photoluminescence  spectrum 
AljGa,  .^N  on  sapphire  for  AI^Ga,  .^N  on  sapphire 

deposited  at  650°  C.  deposited  at  650°  C. 
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channelling  pattern  was  made.  If  the  film  is  single  crystal,  when  e.vamined  under  the  SEM 
at  very  low  magnifications,  an  electron  channelling  contrast  pattern  will  be  observed. 
Otherwise,  for  a  polycrystalline  film,  only  regular  SEM  will  be  seen.  The  corresponding 
photograph  was  shown  in  the  Fig.  3.  It  showed  a  sbt  fold  symmetry  contrast,  which  is 
agreement  with  the  X-ray  diffraction  peak  from  (0002)  crystal  planes.  For  the  film 
deposited  at  500“  C,  no  channelling  contrast  was  observed. 

Photoluminescence  (PL)  spectrum  was  taken  for  the  epitaxial  layer  as  shown  in  Fig. 
4.  The  dominant  emission  was  oKserved  at  .350  nm  at  a  temperature  of  15  K.  This  is  the  so 
called  Ij  line  of  Al)(Ga,.xN,  the  donor-bound  exciton  line  as  previously  identified  by 
Khan  ei  al.‘  The  line  width  of  the  peak  at  half  height  was  about  135  meV. 

Optical  transmission  measurements  were  made  at  room  temperature  on  the  epitaxial 
layer.  The  result  is  given  in  Fig.  5.  A  rough  estimation  of  the  band  gap  for  the  film  is  about 
3..^b  eV.  This  is  similar  to  Koide  el  alV  result  for  a  film  with  an  aluminum  fraction  x  in 
vicinity  of  0.1.  It  also  seems,  in  some  degree,  in  agreement  with  the  photoluminescence 
result. 


Fig.  5  Optical  measurement  for  AI^Ga,  .^N 
deposited  on  sapphire  at  650”  C. 


Fig.  6  SEM  images  of  Alj,Ga,  .j,N  films 

deposited  at  (a)  650"  C  and  (b)  5(K)"  C'. 
(.SOOOx). 
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The  surface  morphology  was  examined  by  scanning  electron  microscope  (SEM). 
The  surface  was  smooth  for  films  produced  at  lower  temperatures.  Fig.  6.  gives  the 
photographs  of  the  epitaxial  layer  and  the  film  produce  at  500°  C.  Small  bumps  can  be 
seen  for  the  film  produced  at  650*  C  under  5,000x. 

As  originally  applied  to  the  deposition  of  GaN,  we  tried  to  deposit  Al^Ga,  .^N  at 
low  temperature  in  order  to  promote  the  heterogeneous  reactions.  However,  low 
tempertitures  reduce  the  surface  mobility  of  the  gas  molecules  adsorbed  on  the  substrate 
surface.  Because  the  surface  decomposed  fragments  of  metalorganic  molecules  may  play 
a  important  role  in  the  lower  temperature  growth  of  the  crystal,'  this  process  may  be 
achieved  by  a  mechanism  of  site-selective  incorporation  of  components  into  the  proper 
configuration.  With  source  gases  introduced  separately  with  a  high  gas  velocity,  the 
growth  rate  may  he  reduced  because  of  incomplete  gas  mixing  at  the  surface.  Instead  of  a 
higher  gas  flow  rate  which  is  normally  used  in  MOCVD.  in  this  work,  a  slow  gas  flow  rate 
was  employed.  The  slow  gas  velocity  provides  time  for  molecules  to  diffusion  and  for  the 
gases  to  mix,  and  surface  ad.sorption  of  the  reactants  may  be  promoted  in  such  case.  The 
actual  Al^Ga,  .^N  growth  rate  for  this  kind  of  deposition  was  between  0.5  -  1..1  um/hr. 

The  deposited  films  normally  turned  out  to  be  random  oriented  polycrystals  without 
a  .AIN  buffer  layer.  With  this  buffer  layer  on  either  silicon  substrate,  highly  oriented 
»  polycrystal  films  were  produced. 


CONCT.USIONS 

Epitaxial  AI;,G.i,  .yN  films  can  be  produced  at  a  temperature  of  650°  ('  by  MOCVD 
on  sapphire  subsoates.  The  growth  of  this  alloy  is  mainly  attributed  to  the  promotion  of 
site  selective  i.eterogeneous  reactions.  No  epitaxy  was  obtained  on  either  type  of  Si 
substrate.  T  he  difference  of  the  .Al  fraction  x  between  the  gas  phase  and  the  solid  phase 
may  ittdCate  different  rates  of  decomposition  of  the  reactants  on  the  surface  at  such 
tempc  .itures.  The  growth  rate  seems  moderate  even  at  low  lempertitures  ;md  low  gas 
flow  rates.  The  band  gap  change  is  proportional  to  the  concentration  of  tilnmiiuim  in  the 
ai'oy. 
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A  COMPARATIVE  STUDY  OF  GaN  FILMS  GROWN  ON 
DIFFERENT  FACES  OF  SAPPHIRE  BY  ECR.ASSISTED  MBE 


T.  D.  MOUSTAKAS,  R.  J.  MOLNAR,  T.  LEI,  G.  MENON  AND  C.  R.  EDDY  JR. 
Molecular  Beam  Epitaxy  Laboratory,  Department  of  Electrical  Engineering,  Boston  Uni¬ 
versity,  Boston,  MA  02215. 

ABSTRACT 

GaN  films  were  grown  on  c-plane  {(KM)1),  a-plane  (1120)  and  r-plane  (1102)  sapphire 
s\ibstrates  by  the  ECR-assisted  MBE  method.  The  films  were  grown  using  a  two-step 
growth  process,  in  which  a  GaN  buffer  is  grown  first  at  relatively  low  temperatures  and  the 
rest  of  the  film  is  grown  at  higher  temperatures.  RHEED  studies  indicate  that  this  growth 
method  promotes  lateral  growth  and  leads  to  films  with  smooth  surface  morpholog>'  The 
cjiitaxial  relationsliip  to  the  substrate,  the  crystalline  quaUty  and  the  surface  moq)holog\' 
were  investigated  by  RHEED,  X-ray  diffraction  and  SEM  studies. 

INTRODUCTION 

Recently  Electron-Cyclotron-Resonance  Microwave  Plasma-assisted  Molecular  Beam 
Epitaxy  (ECR-MBE)  has  emerged  as  one  of  the  most  versatile  methods  for  the  growth 
of  GaN  and  other  III-V  nitrides(l-5].  In  this  method,  films  are  grown  at  relatively  low 
tciiApcratures  under  ultraliigh  vacuum  conditions.  This  allows  for  control  of  the  film  stoi- 
chiomctry[6]  and  reduction  of  unwanted  impuritios(7].  Moreover,  our  group  demonstrated 
that  significant  improvement  in  film  quality  can  be  attained  if  film  growth  takes  place  in 
two  stcps[2,3,5|.  In  this  process,  a  GaN  buffer  is  grown  first  at  relatively  low  temperature.*' 
and  the  rest  of  the  film  is  grown  at  higher  temperatures.  Using  this  method,  we  ha\e 
<lemonstrated  the  epitaxial  stabilization  of  single  crystalline  GaN  films  in  tlic  zinchh'iuic 
structure  on  (001)  silicon  substratcs[2,3]. 

In  this  paper,  we  report  on  a  comparative  study  of  GaN  films  grown  on  c-i>Innr. 
a-ptane  and  r-planc  sapphire  substrates  by  the  ECR-MBE  method,  u.«:ing  the  two-step 
growth  process. 

EXPERIMENTAL  METHODS 

The  ECR-MBE  method  was  u.scd  for  the  growth  of  GaN  films  on  c-plane.  a-plane 
nri<l  r-planc  sapphire  suljstrates.  The  detailsof  the  deposition  method  have  been  published 
(’lsewhrrc[3.3|. 

The  .sub.strates  were  subjected  to  the  following  cleaning  steps,  prior  to  the  growth  of 
the  GaN  films.  They  were  sequentially  cleaned  in  ultrasonic  baths  of  trichloroethylene, 
acetone  and  isopropanol  for  removal  of  hydrocarbon  residues  from  the  surface,  etched  in 
HsPO^  :  (1:3)  for  the  removal  of  surface  contaminajits  and  mechanical  damage 

due  to  (>olishing  and  finally  rinsed  in  de-iontzed  water.  After  these  steps  the  substrates 
were  blown  dry  with  nitrogen,  inouiite<l  on  a  molybdenum  block  and  transferred  to  tlie 
introduction  chamber  of  the  MBE  system.  In  the  preparation  chamber,  the  substrates 
were  heated  to  850®C  for  approximately  half  an  hour  and  then  transferred  to  the  growth 
cluimber,  where  they  were  subjected  to  bombardment  by  a  nitrogen  plasma  for  approxi¬ 
mately  Iialf  an  hour  at  700®G. 

The  GaN  films  were  grown  in  two  steps  at  different  tempcratur<  .  Fi’'*-*,  a  thin  GaN 
buffer  {about  300A)  was  grown  at  •lOO^C  —  500"C  and  tlien  tlie  rest  of  the  film  was 
grown  at  600  —  SOO^C.  The  film  growth  rate  was  2000  —  3000A/ft  and  the  overall  film 
thickness  was  1  --  2/jm. 
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The  substrate  and  film  structures  at  various  stages  of  substrate  preparation  and  film 
growth  were  assessed  by  Reflection  High  Encrg>'  Electron  Diffraction  (RHEED).  The 
epitaxicd  relationship  to  the  substrate  and  the  crystalline  quality  of  the  films  were  deter¬ 
mined  from  RHEED,  6  —  20  XRD  and  rocking  curve  studies  around  the  main  diffraction 
peak.  The  surface  morphology  was  studied  by  SEM. 

EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 

Fig.  1  shows  RHEED  patterns  of  the  three  types  of  substrates  after  the  exposure  to 
the  nitrogen  plasma.  The  data  indicate  that  the  surface  of  the  substrates  were  nitrirled 
and  from  the  diffraction  patterns,  the  lattice  constant  of  the  AIN  was  estimated  to  he 
a  =  3.iA.  Furthermore,  the  streakiness  of  the  diffraction  patterns,  in  particular  those  of 
the  c-plane  and  a-plane  sapphire  substrates,  suggests  that  the  AIN  layers  are  atomically 
smooth[8]. 


(a)  (b)  (c) 

Fig.  1  RHEED  patterns  of  the  sapphire  substrates  after  exposure  to  the  nitrogen 
plasma:  (a)  c-plane.  (b)  a  plane,  (c)  r-plane. 

Fig.  2  shows  RHEED  patterns  of  the  GaN  buffer  on  the  three  types  of  substrates. 
The  data  indicate  that  the  GaN-buffer  is  single  crystcalline  on  all  three  types  of  substrates. 
The  GaN  films  grown  on  the  c-plane  and  a  plane  sapphire  substrates  have  their  c-plan<‘ 
(0001)  parallel  to  the  substrates,  while  the  GaN  films  grown  on  the  r-plane  of  sapphire 
have  their  a-planc  (1120)  parallel  to  the  substrate.  The  streakiness  of  the  diffractiem 
patterns  of  the  GaN  buffers  on  the  c-planc  and  a-plane  sapphire  substrates  suggests  that 
the  GaN-buffer  on  these  substrates  are  atomically  smooth. 


i^) 


(b) 


(c) 


Fig.  2.  RHEED  patterns  of  the  GaN-buffer  on  the  variov*  •npphire  substrates:  (a) 
c-plane,  (b)  a-plane,  (c)  r-plane. 
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Fig.  3  shows  RHEED  patterns  of  the  GaN  films  at  the  end  of  each  run.  These  reveal 
the  same  epitaxial  relationship  between  GaN  films  and  the  substrates  as  the  corresi)ondirig 
GaX  buffers  discussed  in  Fig.  2.  Also  the  hlms  on  the  c-plane  and  a-plane  sapphire 
substrates  are  atomically  smooth. 


(a)  (b)  (c) 

F>f/.  -V  RHEED  padr.rnA  of  ihc  GaN  films  after  gromih  on  the.  various  sapphire 
suh.^frnti  s:  (a)  v.-plane..  (b)  a-plane,  (c)  r-plcne. 

Fig.  4  shows  the  surface  mori>holog.v  of  GaN  films  grown  on  the  three  types  of  the 
>ubsliates.  The  films  on  the  a-plane  have  the  smoothest  stirface  morphology.  The  surfaer* 
JiuirplKilogy  of  GaN  fih'-s  on  the  c-phme  consists  of  interconnected  tiles  several  thousaiul 
angst r<jm.'<  in  size.  The  GaN  films  grown  on  the  r-plane  sapphire  were  found  to  havr* 
rougliest  surface  morphologv'.  The  pyramidal  surface  morphology  is  related  to  rlu- 
f.u't  tiial  the  n-plane  of  GaN  is  liounded  by  two  prism  plane.s  under  equilibruim  growth 
coiidition. 
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Fi(/.  5  XRD  of  the  GaN  film  on  r»arioiL-*  sapphire.  sn.^biTaic.^-Xa)  c-pIane,  (h) 

n-pUivv..  fe)  T-plnne.  The  tnAcrt.^  i^kow  the  corresponding  rocking  cnrecs. 


Fig.  0  .shows  th»'  ^  —  2^  XRD  ami  tho  ^^-rorkiiig  rurvo  at,  th<'  mniii  n'fit'ction  prak  of 
fli<-  G/iN  films  grown  on  the  ihrrt*  types  of  substrates.  Tlie  main  reflection  peak  for  the 
CaX  films  grown  on  the  c-plane  and  a-plane  sapphire  substrates  occurs  at  20  =  34. G". 
coio'sponding  to  the  (0002)  reflection.  This  confirms  that  films  were  grown  with  their 
<•  planes  parallel  tt>  the  .sul>strate.  The  main  diffraction  peak  of  the  GaN  film  on  the  r- 
jilane  of  sapjdiire  occurs  at  20  =  57.8®  corresponding  to  the  GaN  (1120)  reflection.  This 
eonfinns  the  RHEED  study  that  the  a-plnne  of  the  GaN  film  is  parallel  to  tlje  substratt*. 
The  rocking  curve  of  the  GaN  film  on  (he  c-plane  of  sapphire  has  the  smallest  wi<lth 
(  FWIIMt^iIO  min  ),  indicating  that  the  crystalline  quality  of  these  films  to  be  (he  best. 

The  rpitaxial  relationship  of  the  GaN  films  to  (he  c-]>lane  of  saj>]>hire  i.s  (o  be  ex- 
p<‘c(e(l.  How<'Ver,  the  epitaxial  relationship  of  the  GaN  films  on  (he  a-plane  and  r-planes 
of  sapj)hii«’  is  not  obviims.  This  epitaxial  relationship  can  be  accounted  for  as  f«41o\vs; 
Tin-  a-plane  saiqihire  has  a  r<*<  tangular  unit  cell  with  dimensions  12.97.4  x  8.23.4.  (woof 
which  can  accoimxlatc  a  numlxT  of  unit  cells  of  GaN  ba.sal  planes  as  shown  in  Fig.  G{a). 
This  results  in  l.GVt  lattice  mismatch  along  [0001]  of  sapphire  and  0.C%  along  [1100]  JLxis 
of  th<’  sapphire  substrate.  Th<‘  r-phme  of  sapphire  substrate  has  a  unit  cell  wilh  dimension 
4.7.'3.4  X  15.34.4.  which  acconuxlate  thn'e  unit  cells  <»f  the  a-plane  of  GaN  as  illustrated 
in  Fig.  C(b).  Thi.s  re.snlt.s  in  IC'.^  lattice  ini.sinatch  along  the  (1120)  of  sapphire  and  1.39f 
along  the  [liOl]  of  sapphire. 

CONCLUSIONS 

GaN  films  were  grown  on  various  crystallographic  facc^  of  sapphire  by  ECR-MBE. 
The  growth  prf)ress  involves  the  conversion  of  the  .sapphire  snrfares  into  .•XlN  by  plasma 
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Fuj.  6  Epitaxial  Tclationshtp  hftwe.e.n  GaN  and  (a)  the  a-planc  of  sapphirt::  (h)  the 
T-planc  of  .^apphxrr. 

niti  idatioii,  ih<'  growth  of  a  thin  GaN  btiffor  at  400  —  500"C  ami  tlic  growth  of  tho  K'st 
v>f  rhr  film  at  COO  —  SOO'^C.  RHEED  studios  indioato  that  this  procoss  of  film  growth 
piomofrs  latora]  growtli  and  h'ads  to  films  with  smooth  surfaoo  morphology.  Tho  XPD 
stu<lios  indicato  that  GaN  films  on  tho  c-plano  sapphiro  liavo  tho  ho.st  orystalJiiio  tpiality. 
IIow<*vor.  tho  films  on  tho  a-plaiio  appoar  to  havo  tlio  snKM)thost  stufaro  morphologv. 
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ABSTRACT 

Epitaxial  GaN  films  were  grown  on  Si(OOl)  and  (111)  substrates,  iij^ing  a  two-step 
process.  The  films  on  Si(OOl)  are  single  crystalline  having  the  zinchlcnde  stnicntriie, 
while  those  on  Si(lll)  have  the  wurtzite  structure.  The  crj'stalline  qualities  of  the 
films  were  studied  by  X-ray  diffraction.  While  the  ztiicblende  GaN  has  a  perfect  cubic 
structure,  the  wurtzitic  GaN  on  Si(lll)  has  a  considerable  amount  of  stacking  faults 
along  (0002)  direction,  which  giv«'s  rise  to  significant  zincblende  component  with  (111) 
orientation.  Room  temperature  resistivity  for  both  type  of  GaN  films  was  fouiifl  to 
be  larger  than  100  Q  •  crv.  Tlie  temperature  depen<lence  of  th  r<*sistivity  gives  a  defect 
level  at  llOmeV  for  wurtzitic  GaN  ami  SOmeV  for  cubic  GaN.  Optical  studies  show 
that  GaN  on  Si(001 )  has  a  gap  3.2eV,  and  GaN  on  Si( 111 )  has  a  gap  of  3.4eV  at  room 
temperature. 

INTRODUCTION 

III-V  nitrides  and  in  particular  GaN  have  be<‘n  the  subject  of  int<‘nsive  studies  due 
to  their  potential  for  short  wavelength  light  emitting  <levices(1.2l.  GaN  films  hnv(’  b<‘en 
grown  ])y  a  variety  of  deposition  techniques[l.2j.  such  as  Chenueal  V’nj'>or  Deposition. 
.Metal-Organic  Chemical  Vapor  Deposition,  Molecular  B<'«un  Epitaxy  and  a  nnmbcT 
ol  plasma-a,ssisted  proce.sses.  A  variety  of  substrates  such  ns  silicon.  s])inel,  silicon 
caibi<le  and  various  crystallographic  orientations  of  .sapphirt*  have  ])een  us<*d  in  tlu'si* 
studies.  Most  of  tlie  films  grown  have  the  wurtzite  structure  (n-GaN).  with  n-type 
conductivity  and  high  carrier  concentration,  which  is  believe<l  to  result  from  nitrogen 
vacancies.  Growth  of  GaN  on  foreign  substrates  is  typically  threi*  ilimensional.  whicl 
leads  to  rough  surface  morphology. 

Zincblende  GaN(,^-GaN),  which  is  the  thermodynamically  metastnble  phase  of 
GaN.  is  hoped  to  be  more  amenable  to  doping  than  the  wurtzitic  GaN.  since  all  of 
the  III-V  cornpoumls  that  ran  be  efficiently  <lopr<l  ii-ty|>e  or  p-ty]x*d  are  cubic[l|.  .1- 
GaN  lias  l)ren  epitaxially  stabilized  on  .f-SiC  and  MgO(  100)  substrates(3.4].  which  are 
closely  lattice-matched  to  <f-GaN.  an<l  on  GaAs[5,G]  and  Si(7.S)  substrates,  which  have* 
siguificniit  mismatch  to  if-GaN. 

The  growfli  of  GaN  on  silicon  substrates  is  both  a  scientifically  challenging  aiul  a 
technologically  important  problem,  since  it  offers  the  potential  to  integrate  GaN  and 
Si  devices.  The  difficulties  are  due  to  tlie  large  difference  in  lattice  constant,  crystal 
structure  and  thermal  exiiansion  coefficient.  The  majority  of  the  work  on  tlie  growth 
of  GaN  on  Si(OOl)  or  Si(lll)  reports  the  growth  of  jiolycrystailine  or  amorphous 
materials[9-ll].  Recently,  we  demonstrated  the  growth  of  .single  crystalline  GaN  on 
Si(OOl).  liaving  the  zincblende  structure[7,8).  It  was  reported  that  single  erystaJline 
GaN  in  the  wurtzite  structure  was  grown  on  Si(lll)  substrates[9|.  How’ever,  this 
('onclusion  was  ba-sed  on  a  <9  —  2^  scan  of  X-ray  <Iiffrartion  studies  which  only  probe 
the  structural  ordering  normal  to  the  substrate,  and  thus  ran  not  distingnish  single 
crystalline  fnnii  well-orientcfl  ])olycr>'.stalIiiie  material. 
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In  this  paper,  we  report  a  comparative  study  of  GaN  films  grown  on  Si(OOl)  and 
Si(lll)  substrates  by  ECR  assisted  MBE.  Particular  emphasis  is  placed  on  studies  of 
the  in-plane  and  out-of-plane  crystalline  quetlity  of  the  GaN  films. 

EXPERIMENTAL  METHODS 

GaN  films  were  grown  using  the  Electron-Cyclotron- Resonance  microwave  plasma 
assisted  Molecular  Beam  Epitaxy  (ECR-MBE)  method[7,8].  GaN  films  were  studied  by 
Reflection  High  Energy  Electron  Diffraction  (RHEED),  Scanning  Qectron  Microscopy 
(SEM)  and  X-ray  diffraction  (XRD).  X-ray  diffraction  studies  were  performed  using 
a  diffractometer  with  four-circle  geometry[12].  This  allows  us  to  perform  p-scans  at  a 
reflection  peak  (hkl),  corresponding  to  planes  not  parallel  to  the  substrate,  to  probe 
the  in-plane  ordering.  Additionally,  standard  6-29  scans  were  performed  to  probe 
the  ordering  normal  to  the  substrate. 

GaN  films  were  grown  by  the  one-step  or  two-step  processes  as  described  previ¬ 
ously  [7,8].  In  the  one-step  process,  GaN  films  were  grown  onto  the  substrate  held  at 
a  fi.xed  temperature,  while  in  the  two-step  process,  a  GaN  buffer  layer  of  a  few  hun¬ 
dred  angstroms  thick  is  grown  first  at  a  low  temperature,  and  the  rest  of  the  film  is 
epitaxially  grown  on  this  GaN-buffer  at  higher  temperatures. 

EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 


Figure  1.  (a)  XRD  of  a  GaN  film  grown  in  one-step  on  Si(lll);  (b)  SEM  surface 
morphorlogy  of  the  same  films. 

Growth  of  GaN  on  Si(OOl)  and  Si(lll)  by  the  ECR-MBE  method,  using  the  one 
step  growth  process,  leads  to  polycrystlline  films.  The  results  on  Si(OOl)  have  been 
discussed  previously[7,8].  Here  we  discuss  the  results  on  the  growth  of  GaN  on  Si(Tll). 
Fig.  1  (a)  and  (b)  show  the  6  —  26  scan  of  XRD  and  SEM  surface  morphologv’  of  a 
GaN  film  grown  at  fiOO'C  on  Si(lll).  The  data  show  that  the  film  is  polycrystalline, 
with  strong  (0002)  preferred  orientation.  The  SEM  studies  reveal  that  the  film  has 
columnar  morphology. 

In  the  following  we  present  studies  on  GaN  films  grown  on  Si(OOl)  and  Si(Tll) 
using  the  two-step  process.  The  buffer  layer,  approximately  300A  thick,  was  grown  at 
400'’C.  and  the  rest  of  the  film,  approximately  1pm  thick,  was  grown  at  600°. 
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The  RHEED  patterns,  shown  in  Fig.  2.  indicate  that  GaN  films  on  Si(OOl)  Imve 
the  zincblende  structure  with  their  (001)  planes  parallel  to  the  substrate,  and  those  on 
Si{lll)  have  the  wurtzite  structure,  with  their  (0001)  planes  parallel  to  the  substrate. 
The  sharpness  of  the  spots  indicates  good  crystalline  quality  of  the  film,  and  the 
streaking  feature  of  the  spots  suggests  a  fairly  smooth  surface  morphology'. 


(a)  (b) 

Figure  2.  RHEED  patterns  for  (a)  a  OaN  film  on  Si(OOl)  with  [100]  electro.^, 
azimuthal  incidence;  (b)  a  GaN  film  on  Si(lll)  with  [1120)  electron  azimuthal 
incidence. 


(a)  (b) 

Figure  3.  SEM  surface'  morphology  of  the  two  GaN  films  discussed  in  Fig.  2.  (a) 
zincblende  GaN.  (b)  wurtzite  GaN. 


Fig.  3  .shows  the  SEM  surface  j«oq>holog\'  of  the  GaN  films  disrtisse<l  in  Fig.  2. 
The  surface  of  the  cu))ic  GaN  film  consists  of  many  retnng\ilar  'tiles',  well  oriented 
along  [110]  din'ctioii.  The  height  of  these  tiles  is  of  the  order  of  lOOOA.  which  is  then 
eliaiarteristir  of  the  film  roughness.  The  front  view  of  the  wurzitic  GaN  film  shows 
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comparable  rouglmess,  however,  it  does  not  show  any  particular  geometric  pattern. 
The  cross-sectional  SE\I  studies  did  not  show  any  indication  of  columnar  moq^hology. 

Figure  4  shows  6  scans  for  GaN  films  on  Si(OOl)  and  Si(lll).  The  GaN 
film  on  Si{00l)  shows  a  peak  at  2d  =  40.0®,  which  corresponds  to  (002)  reflection  of 
J  —  GaX.  From  these  data,  the  lattice  constant  was  calculated  to  be  4.50A.  The  GaX 
film  on  Si(lll)  shows  a  peak  at  34.6  degrees,  which  corresponds  to  (0002)  reflection 
of  the  wurtzite  GaN.  therefore,  the  the  c-value  for  the  wurtzite  GaN  weis  found  to  be 
5.1S.4. 


(a)  (b) 

Figure  4.  d  -  2d  scans  for  (a)  a  zincblende  GaN  film  on  Si(OOl).  (b)  a  wurt/^itir 
GaN  film  on  Sii  111). 


-a  0  50  ’5  ICC  J  n  s  n  '  ICO 

0  ('legrees)  « 


(a)  (b) 

Figtire  5.  ^-scan  for  (a)  a  zincblende  GaN  film  (b)  a  wurtzite  GaN  film. 

The  ^-scan  for  the  zincblende  GaN  was  performed  at  the  (111)  reflection,  and 
i.s  sliown  in  Fig.  5{a).  The  data  clearly  show  tha'  the  peak  repeats  itself  every  90 
degrees,  consistent  with  the  cubic  symmetry  of  this  material.  The  FWHM  ( Ftill  Width 
at  Half  Maximum)  of  these  peaks,  which  measures  the  in-plane  orientational  spread, 
v.as  found  to  be  2.5  degrees,  while  the  FWHM  of  the  d-rocking  curve  at  the  (002* 
reflection,  which  niea-sures  the  orientational  spread  perpendicular  to  the  sul>strare. 
wa.s  found  to  be  l'’(S|. 

The  ^-scan  for  the  wurtzitic  GaN  wa.s  performed  at  the  (1102)  reflection.  Clearly 
the  peak  repeats  every  60  degrees,  consistent  with  the  3mm  symmetry  of  the  notation 
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axis.  Tht‘  FWHM  is  found  to  be  1.9  degrees,  while  FVV’HM  of  the  S  —  2W-rockiiig  curve 
at  the  (0002)  peak  is  found  to  be  0.9® 

Tile  data  of  Fig.  5  (a)  and  (b)  indicate  that  there  are  no  iii-plane  niisoiienred 
domains  in  both  structures,  thus  further  confim\s  the  good  crystallinity  of  GaN  films 
grown  by  the  two-step  process  on  both  Si(OOl)  and  Si(lll)  substrates. 

The  XRD  shown  in  Fig.  4  indicates  that  while  ,d-GaN  may  has  a  very  small 
component  of  ( 111)  or  (0002)  oriented  domains[7.S|.  the  o-GaX  appears  to  )>e  a  perfect 
single  crystal.  However,  any  stacking  faults  along  the  growth  direction  of  the  GaN  film 
on  Si(  111 )  can  not  be  easily  detected  in  the  normal  0  —  20  scans[l3].  Such  stacking 
faults  are  very  common  defects  in  materials  with  the  FCC  or  HCP  structures  growing 
along  the  (111)  and  (0002)  diroctions(l4j.  Such  st  acking  faults,  if  exist  in  the  wurtzitic 
GaN  films  on  Si(lll),  should  give  rise  to  a  certain  amount  of  cubic  GaX  component 
with  the  (111)  planes  parallel  to  the  substrate.  To  explore  this  pos.sibility.  we  rotated 
the  sample  in  such  a  way  that  the  X-ray  diffraction  corresponds  to  the  (002'!  refiecrion 
of  the  zinchlende  structure,  and  imleed  a  peak  was  detected  at  20  =  40  degrees  This 
is  shown  in  a  ^  —  2^  scan  tironnd  this  peak  Fig.  C'a). 


(a)  (b) 

Fige.ie  G.  (a)  —  2^  scan  at  th<*  (002)  reflection  of  cubic  GaN  grains  in  a  wurtzitic 

GaN  film;  (b)  o-scan  m  (111)  peak  of  cubic  GaN. 


IC" 


iooo/r(/(') 


Figure  7  Temperature  dependence  of  the  resistivity  of  GaN  films 
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To  obtain  a  stronger  reflection,  ^*srans  on  these  cubic  domains  were  perfl)mied 
at  (111)  peak,  which  is  shown  in  Fig.  6(b).  Those  data  reveal  a  repetition  every  CO 
<legrees.  Since  the  (111)  axis  in  the  zincblende  structure  is  only  a  S'fold  rotational 
axis,  the  <i>  —  scan  should  show  a  repetition  every  120®  iii.stead  of  cverj*  GO®.  Thereh>re 
the  o-scan  of  Fig.  6(b)  indicates  that  the  cubic  domains  have  two  in-plane  orientation.^ 
differing  by  CO  degrees  in  <&.  This  can  be  accounted  for  if  there  are  two  kinds  of  stacking 
sequence,  namely,  ABC...  and  CBA...  sequence.  The  fact  that  the  peak  at  <>  =  60®  is 
of  comparable  intensity  to  the  other  two  peaks  suggests  that  the  two  types  of  stacking 
sequence  occur  with  an  equal  probability,  as  is  expected. 

The  existence  of  the  cubic  GaN  domains  in  the  wurtzite  structurs  implies  the 
<*xistenc<‘  of  high  concentration  of  stacking  faults.  This  could  be  due  to  the  fart  that 
tlie  colie.sive  energies  of  wurtzite  and  zincblende  GaN  are  comparable,  sr)  that  the 
formation  t  nerg)*  of  a  stacking  fault  is  neglegible.  If  this  is  true,  then  all  of  the  (0002) 
orientetl  GaN  films  have  a  considerable  amount  of  stacking  faults.  This  is  currently 
l)ein,g  investigated  In’  XUD  studies  of  GaN  on  ( 1120)  ami  (0001)  sajiphire  substrate[l5]. 
Howi'ver.  one  should  not  rule  out  that  the  high  concentration  of  stacking  faults  in  GaN 
on  Si(lll)  is  relati'd  to  strain  resulting  from  the  large  lattice  mismatch  l>etwcen  GaN 
and  Si.  which  could  lea<l  to  reduction  of  the  formation  energ\’  of  stacking  faults  due 
to  structural  deformation. 

Optical  studies  suggests  that  the  zincblende  GaN  on  Si(OOl)  has  a  direct  band  gap 
3.2f  V  and  wurtzite  GaN  on  Si(  111 )  ha.s  a  dirtvt  band  gap  3.4f  1*.  GaN*  films  on  Si(001 ) 
and  Si{lll)  have  comparaldc  nnun  temperature  resistivity,  of  the  order  of  lOOflcrn. 
Tin*  activation  energ.v  from  the  temperature  dependence  of  the  resistivity  (Figure  7) 
is  apprtjximafely  llOnul*  f<»r  wurtzitic  GaN.  ami  SOmeV  for  z!ncl>lende  GaN. 

CONCLL'SIONS 

In  cjiiiclusion.  GaN  films  were  successfully  grown  on  Si(OOl)  and  (111)  substrates, 
using  th<’  two-step  process.  The  films  on  Si(OOl)  are  single  crystalline  liaving  th<‘ 
/incblend'*  strucutrue,  while  those  on  Si(lll)  liave  the  wurtzite  structure,  .although 
HHEED  sugg<'st  tliat  rh<‘  wurtzitic  GaN  on  Sidll)  is  single  crystalline,  considi'rable 
amount  of  cul)ic  phas<*  was  <let<*cte<l  hy  XRD  stmlies,  and  was  attributed  to  larger 
concentration  of  stacking  faults  along  the  growth  <lirrction.  Both  type  of  GaN  films 
showj'd  coinjiaraldc  ehvtiical  properties.  The  temperature  dependence  of  th  resistivity 
gives  a  def<»ct  lev<‘l  at  llOmeV  for  wurtzitic  GaN  and  SOmcV  for  cubic  GaN.  Optical 
studies  sliow  flint  they  have  slight  different  hamlgap. 
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ABSTRACT 

The  seeded-heteroepitaxial  growth,  morphology  and  electrical  transport 
properties  of  InN  overiayers  deposited  by  reactive  magnetron  sputtering  on  AIN- 
nucleated  (00.1)  sapphire  have  been  investig^rted.  For  comparison,  InN  films  were 
grovwi  directly  onto  (00.1)  sapphire  under  Identical  experimental  conditions.  These 
unseeded  films  showed  a  unimodal  growth  and  were  a  mixture  of  textured  and  broadly 
heteroepitaxial  grains.  Low  Hall  mobility  and  carrier  concentration  and  high  resistivity 
were  typical.  In  contrast,  the  AIN-nucleated  InN  overlayers  exhibKed  a  bimodal  growth, 
strongly  heteroepitaxial  grains,  and  high  Hall  mobility.  A  particularly  interesting  aspect 
of  the  films  grown  on  seeded  (00.1)  sapphire  is  the  preservation  of  electrical  continuity 
and  high  Hall  mobility  even  in  the  limit  of  InN  overlayers  with  thicknesses  only  on  the 
order  of  20-40A. 


INTRODUCTION 

It  is  well  known  (1-2]  that  as  the  lattice  mismatch  for  heteroepitaxial  systems 
increases,  the  film  nucleation  mechanism  changes  from  the  Frank-van  der  Merwe 
(layer-by-layer)  to  either  the  Stranski-Krastnov  or  Volmer-Weber  (3D  island)  growth 
mode.  It  is  also  becoming  more  widely  appreciated  that  seeded  heteroepitaxy  can 
alter  the  choice  of  growth  mechanism  and  therefore  significantly  modify  dependent 
physical  properties.  Very  recent  examples  of  the  utility  of  se^ed-heteroepitaxial 
growth  include:  the  deposition  of  smooth,  high  mobility  films  of  GaN  on  AIN-nucleated 
[3]  and  self-nucleated  (CXI.I)  [4]  sapphire;  the  achievement  of  heteroepitaxial  TIN  films 
on  Si(IOO)  via  self  nucleation  (5J;  the  study  of  the  intrinsic  magnetic  anisotropy  in  Co/M 
(M  =  Au  [6],  R  [7],  and  Pd  [8])  epitaxial  superlattices;  and,  finally,  the  growth  of  highly 
oriented  cubic  zirconia  on  (00.1)  sapphire  [9], 

In  this  report,  aspects  of  our  continuing  studies  (10]  on  the  growth  dependence 
of  thickness,  morphology  and  electrical  transport  for  InN  films  deposited  on  (00.1) 
sapphire  and  AIN-seeded  (00.1)  sapphire  substrates  are  presented. 


EXPERIMENTAL 

All  films  were  grovm  in  a  magnetron  sputter  deposition  system  virith  a  typical 
base  pressure  near  5  x  10*^  Torr.  The  targets  were  Al  or  In  disks  writh  purity  in  excess 
of  99.99%  and  growth  was  carried  out  in  99.999%  pure  N,  gas  at  a  pressure  of  5 
mTorr.  The  substrates  were  chemicalty  polished  (00. i)  sapphire  which  were 
degreased  and  subsequently  heated  to  900°C  in  vacuo.  For  the  InN  films  deposited 
directly  onto  (00.1)  sapphire,  the  substrate  temperature  was  then  reduced  to  400°C, 
and  film  growth  (rf;  SOW)  inrtiated.  For  the  InN  films  deposited  onto  AIN-nucleated 
(00  1)  sapphire,  the  temperature  was  intermediately  reduced  to  600°C  and  an  AIN 
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nucleation  layer  was  dc  sputtered  (SOOmA,  325V;  15min,  -400A),  and  finally  the 
temperature  of  the  nucleated  substrate  was  reduced  to  400°C  and  the  InN  overlayer 
grown. 

RESULTS  AND  DISCUSSION 

To  establish  a  framework  for  discussion,  a  description  of  the  properties  of  the 
InN  films  deposited  directly  onto  (00.1)  sapphire  at  400°C  is  first  given.  From  Figure 
1 ,  it  can  be  seen  that  there  is  a  single,  essentially  linear  dependence  of  film 


SPfjrTfRiNG  TIMf  (HRl 


THICKNESS  (MICRONS) 


Figure  1 .  Dependence  of  film  thickness 
film  on  sputtering  time  for  InN  films 
grown  on  ((XD.I)  sapphire  (+)  and  on 
AIN-nucleated  (00.1)  sapphire  (o). 


Figure  2.  Variation  in  percent  epitaxial 
grains  with  film  thickness  for  InN  films 
grown  on  (00.1)  sapphire  (+)  and  on 
AIN-nucleated  (00.1)  sapphire  (o). 


thickness  on  deposition  time.  Moreover,  these  films  are  a  composite  of  substantial 
fractions  of  textured  ((00.1),nN//(00-1)sapph(rel  and  broadly  heteroepitaxial  [additionally, 
(^00)inM//(1 1  ■0).Rpphirj  grains  (Figur^)  and  show  a  uniformly  poor  Hall  mobility 
(Figure  3),  low  carrier  concentration  and  high  resistivity.  These  results  are  typical  of 
thin  films  of  InN  on  (00.1)  sapphire  having  evolved  by  a  3D  island  growth  mc^e  and 
comprised  of  a  mosaic  of  weakly  interacting  columnar  grains. 

The  rather  mundane  properties  of  these  InN  films  on  (00.1)  sapphire  are 
contrasted  by  the  characteristics  of  the  InN  overlayers  grown  on  AIN-seeded  (00.1) 
sapphire.  Firstly,  the  AIN-nudeated  InN  overlayers  are  found  to  be  composed  almost 
entirely  (Figure  2)  of  heteroepitaxial  grains  showing  the  same  heteroepitaxial 
relationship  to  the  sapphire  substrate  as  for  the  unnudeated  films.  Important,  this 
heteroepitaxial  relationship  prevails  even  from  the  very  thinnest  films  investigated  (-20- 
40A)  on  up  to  a  film  thickness  of  over  3.5nm.  At  the  limit  of  the  thickest  films 
investigated  (-4.5/im),  the  structural  and  morphological  correlations  significantly 
degenerate,  and  the  films  are  either  largely  textured  ff)  or  heavily  epitaxial  (E)  and 
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exhibit  significantly  different  thicknesses  (Figure  1)  and  transport  (Figure  3)  properties. 

Secondly,  two  distinctive  regimes  are  readily  identified  for  the  dependence  of 
overlayer  thickness  on  deposition  time,  viz.  Rgure  1.  Consistent  with  these  and  other 
data  [1-2],  the  morphology  of  the  InN  overtayers  on  AIN-nudeated  (00.1)  sapphire  in 
the  early  time  regime  likely  evolves  yja  a  2D  layer-by-layer  growth  mechanism.  For 
longer  deposition  times,  these  results  are  suggestive  of  a  change  in  growth  mechanism 
and  a  likely  crossover  to  a  large  grain,  3D  island  mode. 
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Figure  3.  Dependence  of  Hall  mobility 
on  film  thickness  for  InN  films 
grown  on  (00.1)  sapphire  (+)  and  on 
AIN-nucleated  (00.1)  sapphire  (o). 


Figure  Variation  in  resistivity 
with  film  thickness  for  InN  films 
grown  on  AIN-nucleated  (00.1) 
sapphire  (o). 


Thirdly,  the  electrical  characteristics  of  these  InN  overlayers  are  quite  interesting. 
From  an  InN  film  thickness  of  about  20-40A  to  over  3.5nm,  Figure  3,  Hall  mobilities 
from  25  to  60  cm^/V-sec  are  measured.  For  the  thinnest  of  the  InN  overlayers  studied, 
electrical  continuity  is  maintained  in  spite  of  the  fact  that  the  AIN  nucleation  layer  is 
composed  of  a  high  density  of  small  particles  (lattice  mismatch  for  AIN  and  sapphire 
of  13.2%)  and  that  the  thickness  (20-40A)  of  the  InN  overlayer  is  very  modest 
compared  to  that  (400A)  tor  the  insulating  AIN-nucleation  layer.  Finally,  the  observed 
variation  in  Hall  mobility  with  film  thickness  shown  in  Figure  3  arises  from  competing 
trends  in  carrier  concentration  and  film  resistivity.  There  is  a  smooth  and  rapid 
reduction  in  carrier  concentration  as  the  importance  of  misfit  dislocations  and  surface 
scattering  states  decreases  with  increasing  distance  from  the  film/nucleation 
layer/substrate  interface.  As  can  be  seen  in  Rgure  4,  however,  there  is  a  sharp  rise 
in  film  resistivity  with  increasing  InN  overlayer  thickness,  followed  by  a  local  maximum 
(possibly  signalling  the  transformation  from  heteroepitaxial  to  homoepitaxial  growth), 
and  then  a  slow  rise. 

In  summary,  thin  films  of  InN  have  been  deposited  onto  (00. 1 )  sapphire  and  AIN- 
nucleated  (00.1)  sapphire  by  reactive  magnetron  sputtering.  The  influence  of  the  AIN 


nucleation  layer  on  film  thickness,  morphology,  and  transport  properties  has  been 
shown  to  be  dramatic.  For  example,  the  unnucleated  films  show  a  single  30  island 
growth  mechanism,  while  there  is  a  crossover  from  a  20  layer-by-layer  to  a  30  island 
grovrth  mode  at  a  critical  film  thickness  for  the  AIN-seeded  InN  overlayers.  Lastly, 
while  InN  films  grown  directly  onto  (00.1)  sapphire  are  a  mixture  of  textured  and 
heteroepitaxial  grains  and  generally  exhibit  poor  transport  properties  at  all  film 
thicknesses,  AIN-nucleated  overlayers  as  thin  20-40A  show  fully  heteroepitaxial  growth 
and  quite  high  electrical  mobility. 
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ABSTRACT 


Gallium  nitride  thin  films  were  prepared  by  atmospheric  pressure  chemical  vapor 
deposition  from  hexakis(dimethylamido)digallium,  Ga2(NMe2)6-  and  ammonia  precursors  at 
substrate  temperatures  of  100^00  "C  with  growth  rates  up  to  IIXIO  A/min.  The  films  were 
characterized  by  transmission  electron  microscopy.  X-ray  photoelectron  spectroscopy,  Rutherford 
backscattering  spectrometry  and  forward  recoil  spectrometry.  The  N/Ga  ratio  varied  from  1 ,0p  for 
films  deposited  at  400  °C  to  1  5  at  1(X)  °C.  The  hydrogen  concentration  increased  from  10  atom  'i 
for  films  deposited  at  4(X)  °C  to  24  atom  ff-  at  fIX)  'C,  Films  deposited  at  100  °C  were  amorphous 
hut  films  deposited  at  higher  temperatures  were  polycrystalline,  Bandgaps  of  the  films  varied  from 
.'.XeV  for  films  deposited  at  400  “C  to  4.2  cV  at  lfl()°C. 


INTRODUCTION 


Gallium  nitride  is  a  semiconductor  with  a  direct  bandgap  of  .T.4  eV  that  has  potential 
.ipplications  in  optoelectronic  devii  es  such  as  light  emitting  diodes  and  UV-emitting  lasers  1 1 1, 
Because  of  its  predicted  large  saturated  electron  drift  velocity,  gallium  nitride  is  also  a  canditlatc  for 
use  in  high  power,  high  frequency  devices  |2|.  Alloys  of  the  group  111  nitrides,  such  as  .MGaN 
and  GalnN.  have  also  been  widely  studied  because  of  their  potential  applications  in  microelectronic 
•ind  optoelectronic  devices  (.'^1.  To  date,  applications  of  gallium  nitride  have  been  limited  because 
most  methixls  of  preparation  yield  conductive  n-type  GaN.  The  conductivity  is  attributed  to  the 
presence  of  nitrogen  vacancies,  which  are  thought  to  result  because  of  the  high  temperatures 
retpiired  in  the  preparation  of  GaN  films  1 1 1. 

Chemical  vapor  deposition  (CVD)  routes  to  GaN  include  the  use  of  gallium  metal, 
hydrogen  chloride  and  ammonia  at  X(X>~I2(K)  °C  |4|.  gallium  halides  and  ammonia  at  6(X)  °C  |.s. 
b|.  and  gallium  alkyl  complexes  and  ammonia  at  5(XL7(K)  "C  |7|,  Recently,  there  has  been  a 
considerable  effort  to  develop  lower  temperature  physical  and  chemical  vapor  deposition  routes  to 
G.i.N.  For  example,  electron  cyclotron  re.sonance  plasma  excited  organometallic  vapor  phase 
epitaxy  has  been  used  to  deposit  GaN  films  at  ,T(H)-4(X)  °C  |8|.  Lower  CVD  temperatures  have 
been  achieved  by  use  of  trimetbylgallium  and  hydrazine  (42.S-960  "C)  |9|  and  the  thermal 
decomposition  of  diethylgallium  azide,  lEtyGal/t-NtHy  (.^SIT^.XO  °C)  1 10,  1 1 1. 

We  recently  demonstrated  that  polycrystalline  gallium  nitride  thin  films  deposited  from 
hexakisidimethylamidoldigallium,  GasfNMeyln  (I).  and  ammonia  precursors  at  200  ”C  |12| 
according  to  the  idealized  chemical  reaction  shown  below  (eq  1 ).  GarlNMe;)^  is  a  iiuiderately  air- 
scrisitivc  solid  which  melts  at  92  "C  and  sublimes  readily  under  vacuum  in  the  temperature  range 
70  SO  'C|1.U14|. 

GastNMeylfi  +  6NHt  - >  2GaN  +  bHNMer  (I  I 

Herein  we  report  the  exiension  of  the  gallium  nitride  synthesis  to  include  temperatures  of 
deposition  in  the  range  HX)  to  4(X)  “C, 
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EXPERIMENTAL 


General  experimental  procedures  have  been  described  previously  112,15).  Rutherford 
backscattering  and  forward  recoil  spectrometry  were  performed  on  a  General  Ionics  Model  41 17 
spectrometer.  A  gold-coated  piece  of  Kapton  (composition:  C22H10N2O5)  was  used  as  the 
calibration  standard  in  the  forward  recoil  experiments.  The  transmission  electron  micrographs  and 
electron  diffraction  patterns  were  obtained  on  a  Philips  EM420T  scanning  transmission  electron 
microscope.  Transmission  spectra  were  recorded  with  a  Varian  2390  spectrophotometer  for 
.samples  deposited  on  quartz.  Refractive  indexes  were  measured  with  a  Rudolf  Auto-EL 
ellipsometer  for  samples  deposited  on  silicon. 


RESULTS 


Film  depositions  from  Ga2(NMe2)6<>nd  ammonia  were  successfully  carried  out  on  silicon, 
quartz  and  glass  substrates  in  the  temperature  range  l(K)-400  °C.  At  each  deposition  temperature 
the  highest  growth  rates  of  up  to  KXX)  A/min  were  obtained  when  the  bubbler  assembly  containing 
the  precursor  and  the  reactor  feed  lines  for  the  gallium  complex  were  maintained  at  100  and  1 30  °C, 
respectively.  The  films  showed  good  adhesion  on  all  substrates  by  the  adhesive  tape  criterion  and 
were  not  visibly  affected  when  placed  in  concentrated  hydrochloric  acid  for  5  minutes. 

The  nitrogen  to  gallium  ratio  in  the  films  was  determined  by  Rutherford  backscattering 
spectrometry  (RBS)  for  films  deposited  on  silicon.  The  results  are  summarized  in  Table  I.  In 
general,  the  films  were  nitrogen  rich  but  the  amount  of  excess  nitrogen  decreased  as  the 
temperature  of  deposition  increased.  No  signals  due  to  ctu-bon  or  oxygen  were  observed  in  the 
RBS  spectra. 

Table  I.  Composition  of  Gallium  Nitride  Films 


Tempeniture  of  Deposition 

(T) 

N/Ga  ratio® 

H  content^ 

(atom  %) 

100 

1.50 

24 

2(X) 

1.20 

19 

300 

1.05 

14 

4(X) 

1.05 

10 

■'  The  error  in  these  values  is  estimated  to  be  29  05 
’’  The  error  in  these  values  is  estimated  to  he  rl%. 


Forward  recoil  spectrometry  (FRS)  was  used  to  determine  the  hydrogen  content  of  the 
films  (Figure  1).  The  content  decreased  by  =5  atom  %  for  each  100  “C  increase  in  deposition 
temperature.  The  smallest  amount  of  hydrogen  (»l()  atom  5F1  was  found  in  the  films  deposited  at 
400  "C. 

X-ray  photoelectron  spectra  were  used  to  estimate  the  amount  of  carbon  and  oxygen  in  the 
films.  Alter  sputtering  (3-keV  Ar*  sputter  gun)  into  the  bulk  of  the  films,  no  carbon  signals  were 
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observed  which  indicated  that  the  concentration  of  the  carbon  was  less  than  1-2  atom  %.  None  of 
the  films  examined  had  more  than  5  atom  %  oxygen  present  in  the  bulk.  The  binding  energy  of  the 
Ga  3d  peak  was  19.4  eV,  which  is  consistent  with  the  value  reported  previously  for  GaN  |16|. 


Figure  1 .  FRS  spectra  for  GaN  films  deposited  on  silicon  at  100  (a),  200  (b).  300  (c)  and  400 
(dl  °C, 


Transmission  electron  microscopy  (TEM)  was  used  to  examine  the  morphology  of  the 
films.  The  films  deposited  at  100  °C  were  smooth  and  featureless  and  showed  a  diffuse  electron 
diffraction  pattern  consistent  with  an  amorphous  material.  Films  deposited  at  200,  300  and 
4(K)  °C,  on  the  other  hand,  gave  well-defined  electron  diffraction  patterns  indicative  of  a 


Figure  2:  Transmission  electron  micrograph  of  Figure  3:  Electron  diffraction  pattern  for  a 
a  GaN  thin  film  deposited  at  400  °C  on  GaN  film  deposited  at  400  °C  on  carbon- 

carbon-coated  mica  coated  mica. 
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polycrystalline  material.  The  diffraction  patterns  were  consistent  with  the  hexagonal  phase  of 
gallium  nitride  (17|.  Micrographs  indicated  that  the  films  were  dense  with  acrystilite  size  in  the 
2-10  nm  range.  The  TEM  micrograph  and  electron  diffraction  pattern  for  a  film  deposited  at  400  “C 
are  shown  in  Figures  2  and  3. 

Transmission  spectra  recorded  for  films  deposited  at  100,  200  and  400  °C  are  shown  in 
Figure  4.  The  films  showed  a  high  transmittance  in  the  visible  region.  The  optical  band-gaps  of 
the  films  were  estimated  by  plotting  huvs  (ahv)*f2  where  hvis  the  photon  energy  and  a  is  the 
absorption  coefficient.  This  procedure  revealed  that  the  bandgap  decreased  as  the  deposition 
temperature  was  increased  (Table  II)  from  a  value  of  4.2  eV  for  films  deposited  at  100  °C  to  3,8  eV 
for  films  deposited  at  400  °C.  The  bandgaps  were  higher  than  the  value  of  3.4  eV  reported  for 
single  crystal  gallium  nitride  1 1|. 
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Figure  4.  Transmission  spectra  for  gallium  nitride  films  deposited  on  quartz  at  100.  200  and 
400  °C. 

Table  II.  Optical  Properties  for  Gallium  Nitride  Films  Deposited  on  Quanz. 


Temperature  of  Deposition 


Ban^ap® 


Refractive  index 


“  The  error  in  these  values  is  estimated  to  be  ±0.05. 

Refractive  indexes  of  the  films  were  found  to  increase  with  deposition  temperature.  For 
example,  the  values  were  1.86  at  100  °C  and  2.17  at  400  "C.  Refractive  indexes  in  the  range  2.03- 
2.5  have  been  reported  for  gallium  nitride  |18|,  For  all  deposition  temperatures  the  films  had 
resistivities  greater  than  108  n  cm  as  determined  by  the  four  point  probe  method. 

Hex^is(dimethylamido)digallium  was  also  examined  as  a  possible  single  source  precursor 
to  GaN  films.  In  the  substrate  temperature  range  100-300  °C  no  film  deposition  was  observed 
from  the  single-source  precursor  system  on  silicon  or  glass.  However,  at  AOO  °C  under  deposition 
conditions  that  were  similar  to  those  described  above  for  the  dual  precursor  system,  films  were 
obtained  on  silicon.  Analysis  of  the  films  by  XPS  revealed  that  after  sputtering  into  the  bulk  of  the 
sample,  only  strong  gallium  and  weak  oxygen  signals  were  observed.  No  signals  attributable  to 
carbon  or  nitrogen  were  detected. 
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DISCUSSION 


Hexakis(dimethylamido)digalIium  and  ammonia  is  a  promising  precursor  system  for  the 
low  temperature  chemical  vapor  deposition  of  gallium  nitride  thin  films.  Films  deposited  by  this 
method  showed  good  adhesion,  good  chemical  resistance  and  had  high  growth  rates. 

Films  deposited  at  100  °C  were  amorphous  with  hydrogen  concentrations  greater  than  20 
atom  %  and  contained  a  large  excess  of  nitrogen  over  the  expected  GaN  stoichiometry.  Films 
deposited  at  200-400  °C  were  polycrystalline  (hexagonal).  At  the  higher  tem|wratures,  the  N:Ga 
ratio  was  close  to  1  and  the  hydrogen  content  was  low.  Hence,  Films  deposited  at  200  °C  and 
higher  temperatures  can  be  formulaic  as  GaN  containing  residual  hydrogen. 

The  refractive  index  of  films  de|msited  at  100  “C  was  1.86,  which  is  lower  than  the  value 
reported  for  gallium  nitride  [18].  This  is  probably  due  to  a  lower  density  of  the  films,  which  is 
perhaps  a  consequence  of  the  large  amount  of  hydrogen  in  the  films.  Films  deposited  at  200  °C 
and  higher  temperatures  display  refractive  indexes  close  to  the  reported  value.  The  hydrogen  in 
the  films  may  also  account  for  the  discrepancy  between  the  measured  bandgaps  (3.8-4.0  eV)  and 
the  bandgap  reported  for  crystalline  gallium  nitride  (3.4  eV),  since  the  amount  of  hydrogen  and  the 
bandgap  both  decrease  with  increasing  temperature  of  deposition. 

The  deposition  of  GaN  films  from  Ga2(NMe2)6  and  NH3  probably  proceeds  via  Ga-NHi 
and/or  Ga=NH  containing  intermediates.  Incomplete  decomposition  of  these  putative  intermediates 
may  account  for  the  large  amount  of  hydrogen  in  the  films  at  low  temperatures. 


CONCLUSIONS 


Hexakis(dimethylamido)digallium  and  ammonia  precursors  deposited  amorphous  and 
polycrystalline  gallium  nitride  films  at  100  °C  and  200-400  °C,  respectively.  Because  the 
precursor  mixture  gave  polycrystalline  films  with  low  carbon  and  oxygen  contamination,  the 
system  warrants  further  examination.  In  particular,  single  crystal  films  may  be  accessible  if  the 
depositions  were  carried  out  over  suitable  substrates  such  as  sapphire.  Also,  it  may  be  possible  to 
use  the  Ga2(NMe2)6/NH3  precursor  system  in  combination  with  ihe  Al2(NMe2)f>/NH3  system, 
which  produced  AIN  films  of  similar  quality  in  the  same  temperature  range  1 19|.  for  the  deposition 
of  AlGaN  films. 
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AN  INVESTIGATION  OF  LIGHT  INDUCED  DEFECTS  IN  ALUMINUM  NITRIDE  CERAMICS 


J  H.  HARRIS  and  R.A.  YOUNGMAN 

BP  Research,  Warrensville  Research  Center,  4440  Warrensville  Center  Road,  Cleveland,  OH  44128 


ABSTRACT 

It  has  been  obsenred  that  aluminum  nitride  (AIN)  ceramics  exhibit  a  signiticant  photo-darkening  when 
exposed  to  UV  or  X-ray  radiation,  though  the  origin  ot  this  ettect  has  never  been  understood.  In  this 
study,  the  optical  character  ol  these  defects  is  investigated  utilizing  a  UV-pump,  visible-probe 
arrangement,  where  very  large  changes  AT  in  the  probe  trahsmissioh  T  (ihduced  absorptioh)  are 
obsenred  after  excitation  (aT/T *0  60).  These  expenments  reveal  that  the  photo-darkening  is  due  to  the 
creation  of  light  induced  defects,  with  an  energy  level  deep  in  the  AIN  bandgap.  Utilizing  these  results, 
a  light  induced  defect  formation  model  is  proposed  which  is  consistent  with  the  known  delect  chemistry 
of  this  material. 

INTRODUCTION  OXYGEN  DEFECTS  IN  ALUMINUM  NITRIDE 

Oxygen  related  delects  in  aluminum  nitride  (AIN)  ceramics  have  been  Ihe  subject  ol  numerous  studies 
over  the  past  two  decades  This  defect,  which  has  been  investigated  utilizing  photoluminescence  (1-4), 
X-ray  diffraction  (1,5,6),  NMR  (7),  thermal  conductivity  measurements  (1, 5,8,9)  and  electron 
microscopy  (10-13),  has  been  shown  to  influence  phase  and  polytype  formation  (13-15),  optical 
properties  (I  '4,t6-18)  and  thermal  conduction  (1.5,8.9,19,20)  in  AIN  ceramics  and  single  cryslals  (1.5). 

The  earliest  comprehensive  modelling  of  the  oxygen  defect  in  AIN  ceramics,  with  particular  emphasis 
on  its  eftect  on  thermal  conduction,  is  the  work  of  Slack  (5).  In  these  studies.  Slack  proposed  that 
oxygen  substitutes  lor  nitrogen  in  the  wurtzite  AIN  lattics  (tetrahedrally  coordinated  Al  and  N  sites)  vyilh 
the  subsequent  formation  ol  an  aluminum  vacancy  (V^i)  as  a  charge  balancing  mechanism  Slack 
supported  this  model  with  the  results  of  X-ray  diffraction  lattice  parameter  measurements  and  thermal 
conductivity  measurements  performed  on  single  crystal  samples 

Recently.  Harris  et  al.  have  elaborated  on.  and  extended,  the  Slack  model  by  illustrating  that  a 
transition  in  the  nature  of  the  oxygen  related  delect  occurs  lor  oxygen  concentrations  above  a  critical 
value  [1 .21)  These  workers  studied  (he  manifestations  ol  this  transition  utilizing  photoluminescence 
spectroscopy.  X-ray  diffraction  derived  lattice  parameter  measurements  and  thermal  resistance 
measurements  In  the  kiminescence  experiments,  AIN  ceramic  and  single  crystal  samples  with  varying 
oxygen  concentrations  were  excited  at  267nm.  The  results  ot  this  experiment,  shown  in  Figure  1  lor 
273K.  indicated  a  significant  shift  in  Ihe  lumihescence  peak  as  oxygeh  concentrations  were  iiKreased 
up  to  0  75  at  %.  whereas  above  this  value  the  peak  became  stationary.  At  this  same  transition  point  a 
significant  increase  in  the  luminescence  intensity  was  observed  The  nature  of  this  transition  Is  further 
revealed  in  the  AIN  unit  cell  volume  as  a  function  of  oxygen  content  as  shown  in  Figure  2.  Note  from 
this  figure  that  Ihe  AIN  lattice  is  obsenred  to  contract  as  oxygen  is  dissolved  up  to  a  concentration  near 
0  75  at  percent  (labelled  region  I).  but  further  oxygen  addition  le-expands  the  AIN  lattice  (region  II) 

A  schematic  ol  the  modal  proposed  by  Harris  et  al.  to  explain  their  expenmental  findings  is  shown  in 
Figure  3  This  model  contends  that  at  oxygen  concentrations  below  0  75  at  %  (region  I).  the  oxygen 
detect  consists  ol  oxygen  substituted  on  a  nitrogen  site  0|^  and  an  aluminum  vacancy  (with  a  ratio 
On/Vai>3).  as  first  proposed  by  Slack  (5).  This  defect  is  shown  schematically  in  Figure  3(a).  As 
analyzed  by  Harris  et  al.,  the  presence  of  vacancies  on  the  Al  sub-lattice  produces  the  lattice 
contraction  shown  in  Figure  2  (lj  The  thermal  conduction  modelling  perfonned  ^  these  workers  also 
indicates  that  both  0|^  and  V^i  must  be  charged  defects  (correlated  to  each  other  via  a  coulomb 
interaction)  (1)  As  oxygen  concentrations  exceed  0  75%,  a  transition  in  the  oxygen  accomodating 
delect  occurs  The  region  II  defect,  which  forms  at  the  expense  of  the  delect  compiex  of  region  I  (V^  + 
O^).  consists  ol  Al  atoms  octahedrally  bound  to  an  increasing  number  ol  oxygen  atoms,  as  shown 
schematically  in  Figure  3(b).  Thus  tor  each  octahedral  delect  tonned,  two  aluminum  vacancies  are 
annihilated.  This  explains  the  re-expansion  of  the  AIN  lattice,  shown  in  Figure  2,  as  the  oxygen 
concentration  increases  in  region  II.  At  still  higher  oxygen  concentrations.  Harris  et  al.  profwse  that  this 
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Figure  1  Steady  state  luminescence  peak  position  and  intensity  as  a  function  of  oxygen  concentration 
in  AIN  ceramics  at  273K. 

Figure  2:  AIN  unit  cell  volume  changes  as  a  function  of  oxygen  concentration  (positive  AV/V  indicates 
contraction) 


Figure  3:  Schematic  representation  of  the  oxygen-related  detect  evolution  as  a  function  of  oxygen 
content:  (a)  Isolafed  aluminum  vacancy  with  associated  oxygen;  (b)  aluminum  octahedrally 
coordinated  to  oxygen,  and  (c)  extended  defect. 


octahedrally  coordinated  Al  atom  unit  can  be  used  as  a  building  block  lor  producing  the  extended 
defects  frequently  observed  in  AIN  ceramics  (e  g.  stacking  faults,  inversion  domain  boundaries)  as 
pictured  in  Figure  3(c)  (1). 

It  will  be  the  goal  of  the  remaining  portion  of  this  paper  to  show  that  the  detect  complex  of  region  I.  a 
(negatively  charged)  aluminum  vacancy  coupled  to  a  (positively  charged)  substituted  oxygen  atom, 
may  trap  photo-excited  carriers  to  populate  a  meta-stable  energy  level  within  the  AIN  bandfjiv  (Eg«6.2 
eV  at  T=300K).  This  excited  level,  which  will  be  investigated  via  photo-induced  absoiption 
spectroscopy,  gives  rise  to  a  distinct  photo-darkening  of  the  AIN  sample,  as  shown  in  Figure  4. 

RESULTS-  PHOTO  INDUCED  ABSORPTION  MEASUREMENTS 

In  order  to  investigate  photo-induced  energy  levels  in  AIN  ceramics,  a  photo-induced  absorption 
experiment  was  undertaken.  In  this  simple  experiment.  AIN  ceramic  samples  are  excited  at  252nm 
utilizing  the  (filtered)  radiation  from  a  Hg(Ar)  vapor  lamp  while  the  transmission  of  a  probe  beam  at 
441  nm  (HeCd  laser)  is  monitored.  A  typical  induced  absoqition  trace  is  shown  in  Figure  5.  where  the 
probe  transmission  (44lnm)  is  monitored  from  firm  t=0  and  the  UV  lamp  is  activated  at  t==t^ .  Note  the 
significant  decrease  in  the  probe  transmission  (photo-induced  absoqilion)  observed  tor  t>t.|  The 
dynamics  of  this  effect  will  be  the  subject  of  a  future  publication  |22]  At  time  t-=t2.  the  UV  irradiation  is 
turned  off  with  the  probe  beam  still  activated.  Note  that  the  probe  transmission  increases  (with  time), 
indicating  a  probe-induced  photo-bleaching  of  the  UV  induced  center  This  photo-bleaching  is  clearly 
evident  by  observing  the  sample  after  this  experiment,  where  a  light  region  is  observed  at  the  spot 
where  the  probe  beam  was  incident,  whereas  regions  uneffected  by  the  probe  remain  photo-darkened. 

The  AIN  samples  utilized  in  this  study  were  prepared  with  either  a  Y2*^3  sintenng  aid,  which  produces 
AIN  with  Y-AI-0  as  a  second  phase  [23],  or  with  a  CaO  sintering  aid,  which  produces  AIN  containing 
no  second  phase  (19|.  All  samples  studied  had  a  grain  size  z2|im  and  were  polished  on  both  sides  to 
a  0  3um  finish. 

In  Figure  6  is  shown  the  change  in  the  probe  transmission  due  to  UV  irradiation  (AT)  normalized  by  the 
probe  transmission  before  irradiation  (AT/T).  as  a  lurwtion  of  AIN  oxygen  content.  Also  shown  in  this 
figure  is  the  change  in  the  AIN  unit  cell  volume  as  a  function  of  oxygen  concentration.  Note  that  as  the 
AIN  unit  cell  volume  contracts  (indicating  formation  of  aluminum  vacancies)  the  magnitude  of  the 
induced  absorption  effect  increases:  and  as  the  unit  cell  re-expands  (indicating  annihilation  of 
aluminum  vacancies),  aT/T  decreases.  In  Figure  7  is  shown  AT/T  versus  specimen  thickness  lor 
samples  with  two  different  oxygen  contents.  Note  that  in  both  cases  there  is  a  signilicani  decrease  in 
AT/T  as  the  samples  are  thinned.  Also  notice  from  this  figure  that  to  obtain  a  fixed  value  of  aT/T, 
thicKer  samples  are  required  as  the  oxygen  content  is  decreased. 

DISCUSSION-  A  MODEL  FOR  PHOTO-EXCITATION  OF  ALN  CERAMICS 
The  specific  experimental  findings  briefly  outlined  in  Section  II  may  be  generalized  into  a  tew  key 
observations  concerning  photo-induced  absorption  in  AIN  ceramics.  First,  and  most  important,  as  is 
evident  from  Figure  6.  the  size  of  the  photo-itKluced  absorption  effect  scales  with  the  concentration  of 
the  region  I  defect  (Vy^|  +  Ojg)  This  result  provides  direct  evidence  that  this  is  the  delect  complex 
responsible  tor  the  observed  photo-induced  effects.  Also,  as  is  evident  from  the  sample  thickness 
dependence  shown  in  Figure  7,  for  a  sample  with  a  fixed  concentration  of  this  defect,  the  magnitude  of 
AT/T  depends  on  the  number  of  V^i+Of^  centers  excited  by  the  pump.  Thus  as  the  thickness  of  the 
sample  (I)  falls  below  the  pump  absoqition  length  o'^pump)  (l<o  ’(pump)),  the  number  of  excited 
centers  decreases  and  a  corresponding  decrease  in  aT/T  is  observed.  In  addition,  the  different  value 
of  aT/T  lor  given  specimen  thicknesses  lor  samples  with  ditterem  oxygen  concentration  (and  thus 
different  concentrations  of  Vu  and  0|.4)  indicate  the  pump  absorption  length  a' ^  (pump)  is  proportional 
to  the  concentration  of  V/^|.  ojg. 

Utilizing  these  results,  the  following  model  is  constructed  for  photo-excitation  of  AIN  ceramics.  In  the 
unexcited  material,  the  delect*:  O^.  Vy^|  are  charged,  as  has  been  shown  by  Harris  et  al.  from 
considerations  of  thermal  conductivity  (t)  Upon  UV  irradiation,  carriers  are  excited  directly  Irom  band 
states  and  trapped  at  these  (localllzed)  charged  sites  (which  are  consequently  partially  or  totally 
neutralized).  This  creates  a  (metastable)  energy  level  within  the  AM  bandgap.  as  shown  schematically 
in  Figure  8.  The  direct  population  of  this  level  by  the  pump  beam  explains  the  dependence  of  the 
pump  absorption  on  the  concentration  of  0)^.  Vyy  in  a  given  sample.  Photons  fiom  the  probe  beam 
then  de-trap  these  carriers,  elevating  them  to  exteiKted  states  where  radiative  recombination 
processes  may  occur.  Thus  after  exposure  lo  the  probe,  the  and  V^  centers  are  returned  to  their 


9 


Sample  Thickness  (cm) 


Figure  7:  Dependence  of  induced  absorption  AT/T  on  sample  thickness  I  lor  two  different  oxygen 
concentrations.  0.60  and  0.51  at  %. 


Figure  8:  Schematic  energy  tevel  diagram  showning  UV  pump  induced  population  of  trap  centers 
located  at  0|ij.  delects,  and  visible  probe  de-population  of  these  centers. 
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original  charged  state  and  the  metastabte  energy  level  created  by  the  pump  is  annihilated.  This 
explains  the  obsenred  photo-bleaching  effect  induced  by  fhe  pnobe  beam. 

Utilizing  the  thickness  dependence  of  AT/T  shown  in  Figure  7,  an  approximate  value  for  a'^(pump) 
can  be  esfimated  (for  a  sample  with  an  oxygen  concentration  of  0.51  at.%  ).  Using  this  value,  an 
absorption  cross-section  for  a  probe  photon  with  a  wavelength  of  441  nm  is  estimated  to  be 
approximately  2.5  x  10'^^  cm^.  The  large  magnitude  of  this  cross-section  indicates  a  very  strong 
coupling  between  the  incident  probe  radiation  and  photo-excited  carriers  trapped  at  the  (0|g  +  Vy^|) 
complex. 

CONCLUSIONS 

This  paper  presents  the  resutts  of  photo-induced  absorption  measurements  performed  on  AIN  ceramic 
samples.  The  results  of  these  experiments  irxficate  that  the  detect  responsible  tor  the  pronounced  UV- 
induced  absorption  (and  hence  photo-darkening)  of  this  material  is  a  substitutional  impurity, 
specifically  oxygen  residing  on  the  nitrogen  sub-lattice,  in  combination  with  an  aluminum  vacancy.  In 
the  model  presented  here,  absorbed  UV  radiation  causes  a  transition  directly  from  the  ground  state  to 
a  trapped  state  at  the  (charged)  detect,  producing  a  meta-stable  energy  level  in  the  AIN  bandgap 
Upon  absorption  of  the  probe  beam,  this  carrier  is  de-trapped  and  elevated  to  extended  states  where 
radiative  recombination  occurs.  Thus  the  probe  beam  annihilates  the  meta-stable  energy  level  created 
by  the  pump.  This  model  explains  a  number  of  diverse  experimental  findings,  including;  the 
dependence  of  AT/T  on  AIN  oxygen  content,  the  dependence  ot  AT/T  on  sample  thickness  and  the 
observed  photo-bleaching  effect  of  fhe  probe  beam. 
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ABSTRACT 

Gallium  Nitride  films  were  grown  on  ( 1 1 1 )  Gallium  Arsenide  substrates  using  reactive 
rf  magnetron  sputtering.  Despite  a  20%  lattice  mismatch  and  different  crystal  structure,  wurtzite 
GaN  films  grew  epitaxially  in  basal  orientation  on  (II 1)  GaAs  substrates.  Heteroepitaxy  was 
observed  for  growth  temperatures  between  550-600°C.  X-ray  diffraction  patterns  revealed 
(0002)  GaN  peak  with  a  full-width-half-maximum  (FWHM)  as  narrow  as  0.17®.  Possible 
surface  reconstructions  to  explain  the  epitaxial  growth  are  presented. 

INTRODUCTION 

Gallium  Nitride  is  a  direct  wide  bandgap  semiconductor  (3.4  eV)  having  potential 
applications  for  stimulated  emission  in  the  blue,  v'olet.  and  ultra-violet  spectral  range. 
Development  of  GaN  devices  have  been  limited  by  problems  in  obtaining  p-type  conduction  and 
convenient  substrates  for  epitaxial  growth.  Recent  reports  of  p-type  conduction  |1.2|  in  Mg 
doped  samples  show  promise  in  this  area.  As  seen  in  Table  1.  there  are  no  readily  available 
substrates  that  are  lattice  matched  to  GaN  in  both  lattice  parameter  and  thermal  expansion 
coefficient.  Sapphire  has  been  frequently  used  despite  a  16%  lattice  mismatch.  Attempts  on 
other  substrates  include:  silicon  13.4|.  gallium  arsenide  13.5.6.7).  gallium  phosphide  (31.  and 
silicon  carbide  18).  Aluminum  nitride  has  been  used  effectively  as  a  thin-film  buffer  layer  on 
sapphire  for  improved  GaN  growth  19|.  Table  I  summarizes  the  material  data  for  GaN  and 
various  .substrates.  The  lattice  parameters  for  the  cubic  crystals  are  given  as  the  effective 
spacing  in  the  ( 1 1 1 )  plane  corresponding  to  "a"  in  the  wurtzite  .system  for  easier  comparison. 

Table  1.  Lattice  parameters  and  thermal  expansion  coefficients  of  various  substrates. 


Material 

Lattice  coastant 
(A) 

AaOaN/Aasub 

(%) 

Thermal  eiqj. 
coef  (xlO‘®/K) 

GaN 

a=3.189 

.... 

5.6 

c=5.l82 

.... 

7.7 

AIN 

a=3.lll 

+2.5 

.5.3 

c=  4.980 

4.2 

a-SiC  (6H) 

a=3.08 

+3.4 

4.2 

c=  15. 1 1 

.... 

4.8 

AI2O3 

a=  2.74 

+  16,1 

7.5 

c=  12.991 

.... 

8.5 

GaAs  (111) 

a=  3.997 

4.8 
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Despite  the  large  mismatch.  GaAs  is  desirable  due  to  its  wide  acceptance  in  the 
electrooptic  industry.  Few  researchers  have  used  GaAs  as  a  substrate  for  GaN  growth  posiiibly 
because  early  comparisons  showed  sapphire  to  produce  smoother  and  more  oriented  GaN  films 
15|.  Recently,  the  electrical  properties  of  cubic  GaN  in  a  S-I-S  structure  on  (100)  GaAs  grown 
by  modified  molecular  beam  epitaxy  has  been  reponed  |10).  Concurrent  work  in  Japan, 
involving  the  growth  of  GaN  on  (111)  GaAs  by  MBE  has  al.so  shown  wurtzite  GaN  on  ( 1 1 1 ) 
GaAs  (6|.  however,  our  material  appears  to  have  narrower  (0(X)2)  GaN  x-ray  diffraction  peaks. 
GaN  is  typically  grown  by  chemical  vapor  deposition  (CVD)  or  modified  molecular  beam 
epitaxy  (MMBE).  Sputter  deposition  has  produced  highly  resistive  GaN  films  in  the  past  1 1 1 1. 
and  although  it  is  perhaps  not  suitable  for  the  growth  of  minority  carrier  electronic  devices, 
sputter  deposition  can  be  a  viable  method  for  the  study  of  GaN  growth  kinetics  and  rudimentary 
GaN  devices.  In  this  paper,  we  report  the  growth  of  highly  oriented  wurtzite  GaN  films  on  the 
(111)  face  of  GaAs.  Little  strain  is  observed,  but  crystalline  growth  is  a  .sensitive  function  of 
temperature.  The  growth  conditions  and  pos.sible  explanations  for  tne  heteroepitaxy  are 
detailed.  This  is  the  first  report  of  cry.stalline  wunzite  GaN  on  ( 1 1 1 )  GaAs  by  sputter  deposition 
techniques. 

EXPF.RIEMNTAL  PROCEDURE 

The  GaN  films  were  deposited  using  an  US  Gun-II  2  inch  modular  source.  The  target 
was  pure  gallium  (9').')99999%).  held  in  a  siainle.ss  steel  cup.  The  GaAs  substrates  were 
degreased  and  etched  'fore  deposition  in  a  <1 1 1>  directional  etch  of  I  H2O:  .S  HtSOq:  I 
H2O2  at  6.‘)“C  for  2  nnnutes.  The  substrates  were  then  rinsed  with  alcohol  and  dried  before 
entering  the  chamber.  The  chamber  was  evacuated  to  le.ss  than  lO'f  Torr.  and  then  backfilled 
with  a  mixture  of  No  and  Ar  gas  to  2.‘i  mTorr.  The  substrates  were  heated  to  500-70()‘’C  as 
measured  by  a  thermocouple  clamped  on  the  .surface  of  the  heating  block.  As  soon  as  the 
discharge  was  Ignited,  the  Ga  target  liquified  and  slowly  formed  a  nitrided  crust.  ENl  sources 
were  used  to  deliver  1 10  watts  of  rf  ( 1,J.,S6  MHz)  power  to  the  2  inch  target.  The  growth  rate 
was  measured  by  a  quartz-crystal  oscillator  calibrated  with  a  stylus  profilometer.  Growth  rates 
ranged  from  l  -.‘i  A/s.  After  deposition,  the  substrates  were  cooled  to  2(X)"C  in  100%  nitrogen 
atmosphere  at  30  mTorr.  The  choice  of  deposition  parameters  for  epitaxial  growth  was  partly 
determined  from  our  earlier  work  on  sapphire  subsfrates  1 1 2. 1 3 1.  Higher  partial  pre.ssures  of 
nitrogen  (If  mTorr)  were  needed  to  crystallize  GaN  on  (1 1  DGaAs  compared  to  the  sapphire 
substrates.  However,  similar  nitrogen  flow  rates  (200  seem)  and  N2:Ar  ratios  (7:3)  were  used. 

RESULTS  AND  DISCUSSION 

The  GaN  film's  crystal  orientation  was  analyzed  using  a  Siemens  x-ray  diffractometer 
(CuKa.  X.=0. 1.34  nm).  For  temperatures  below  550  ”C  only  mixed  phases  of  GaN  were 
obtained  ( Figure  la).  In  this  temperature  range,  the  films  were  characterized  by  rough  surfaces 
with  numerous  defects  as  seen  in  Figure  lb.  For  growth  temperatures  between  5,50-6(X)  "C 
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Figure  1(a)  X-ray  diffraction  paiiem  of  GaN  film  grown  at  525‘*C:  and  (b)  the  surface  of  the 
film  characterized  with  many  defects. 

highly  oriented  basal  plane  (iaN  was  achieved  with  much  smoother  surface  morphology. 
Figures  2a  and  2b  show  the  x-ray  pattern  and  the  surface  morphology  of  a  200  nm  film  grown 
at  .‘iSO  "C.  The  FWHM  of  the  ((KK)2)  peak  is  0.  IT'.  The  peak  is  located  at  20=34.607"  which 
corresponds  to  a  d-spacing  of  2.5X9  A.  The  measured  ((MH)2)  plane  spacing  is  therefore  5. 1 7X 
A,  which  agrees  well  with  the  theoretical  value  of  5. 1X2A.  Despite  the  large  lattice  mismatch, 
the  ((KK)2)  planes  do  not  appear  appreciably  strained.  We  did  not  observe  any  critical  thickness 
phenomen.  For  films  grown  under  similar  conditions,  no  variation  in  peak  location  or  width 
was  mea.sured  for  film  thicknesses  ranging  from  0.05  -  2  pm. 

For  substrate  temperatures  greater  than  620"C  the  x-ray  dilfraction  peaks  vanished  and 
many  films  delaminated  from  the  GaAs  substrates.  We  found  the  delaminaiion  could  be 
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Figure  2(a)  X-ray  diffracttion  pattern  of  GaN  film  grown  at  58(fC:  and  (b)  the  smoother 
surface  morphology  of  this  film. 


minimized  and  in  some  cases  eliminated  if  the  films  were  cooled  down  slowly  from  the  growth 
temperature  (-100"/hr).  Also,  no  appreciable  GaN  x-ray  peaks  were  observed  at  pressures 
below  20  mTorr.  To  ensure  the  x-ray  diffraction  peak  at  20=34.607“  is  indeed  the  (0002) 
wurtzite  phase  of  GaN  and  not  .strained  cubic  GaN  growing  in  the  ( 1 1 1 )  direction,  reflection 
electron  diffraction  (RED)  was  employed.  With  the  beam  incident  on  the  (1 120)  plane,  only 
spots  in  vertical  rows  were  visible  as  predicted  by  theory.  Carrier  concentrations  for  these  GaN 
films  were  all  n-type  and  greater  than  2  x  lO'*  cm'3. 

We  believe  the  reason  highly  oriented  wurtzite  GaN  was  obtained  on  ( 1 1 1 )  GaAs  can  be 
explained  by  examining  the  2-D  interface.  Figure  3a  shows  the  wurtzite  and  zinc-blende  crystal 
structures  with  the  <0002>  and  <1 1 1>  directions  aligited.  The  only  difference  between  the 
wurtzite  and  zinc-blende  .structures  in  these  directions  is  the  stacking  order  of  the  layers.  The 
(111)  GaAs  face  has  the  identical  bond  termination  as  the  GaN  basal  plane  substrate  would. 
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The  atomic  spacing  is  the  only  difference  between  the  (0002)  GaN  and  (111)  GaAs  planes. 
These  similarities  were  the  reason  the  ( 1 1 1 )  face  of  GaAs  was  chosen  over  other  orientations. 
Heteroepitaxy  on  large  mismatch  systems  has  been  achieved  on  other  material  systems  when  the 
number  of  broken  bonds  is  minimized  and  the  2-D  interface  lattices  have  a  common  superlattice 
1 14. 15.161.  The  likelihood  of  epitaxy  increases  with  the  number  of  coincident  sites.  As  seen  in 
Figure  3b,  the  (0(X)2)  GaN  and  (111)  GaAs  planes  are  overlapped.  The  larger  unit  cell  drawn 
has  a  considerably  smaller  mismatch  (4%)  between  the  two  materials  at  room  temperature. 


Figure  3(a)  Wurtzite  and  zinc -blende  cry.stal  sttuctuies  oriented  with  the  basal  plane  and  (111) 
directions  aligned;  and  (b)  Overlap  of  the  ( 1 1 1 )  GaAs  and  (0(X)2)  GaN  planes.  The  larger  unit 
cell  represents  a  4%  mismatch. 


CONCLUSIONS 

In  summary,  hexagonal  GaN  has  been  grown  epitaxially  in  the  ba.sal  orientation  on  the 
(111)  face  of  GaAs  using  rt  reactive  sputter  deposition.  Phase  identification  is  verified  with  x- 
ray  diffraction  and  RED  measurements.  A  narrow  temperature  regime  (5.50-600‘’C)  is  defined 
which  produces  highly  oriented  films  with  smooth  surface  morphologies.  The  differences  in 
the  3-D  crytsial  structures  appear  to  be  less  important  than  the  similarities  of  the  2-D  interface 
tor  the  (0CK)2|GaN/(  III)  GaAs  system. 
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ABSTRACT 

AIN  films  were  grown  on  the  (100)  plane  of  3C-SiC/Si  and  the  (0(X)1)  plane  of 
AljOj  substrates  by  metalorganic  chemical  vapor  deposition  (MOCVD)  using 
trimethylaluminum  (TMA)  and  ammonia  (NH,)  as  the  precursors.  The  deposited  films 
were  characterized  by  X-ray  diffraction  (XRD)  and  a  Read  thin  film  camera.  At  1150°C, 
preferentially  oriented  polycrystalline  AIN  films  were  obtained  on  both  substrates  and  the 
crystal  structure  was  wurtzite.  The  epitaxial  relations  were  (1010)AlN//(100)SiC//(100)Si 
and  (OOOl)AIN//  (OOOl)AljOj.  The  attempt  to  grow  cubic  AIN  on  3C-SiC/Si  was  not 
successful. 


1.  INTRODUCTION 

Aluminum  nitride  (AIN)  is  a  wide  band  gap  (Eg=6.2  eV),  III-V  semiconductor 
rarely  studied  in  single  crystal  form.  It  is  a  highly  refractory  ceramic  which  has  potential 
applications  as  a  substrate  material  in  high  performance  (high  power,  high  temperature, 
high  speed,  and  high  density)  devices  because  of  its  unique  properties.  Among  these 
properties  are  excellent  thermal  conductivity,  thermal  expansion  coefficient  matching  that 
of  Si.  good  electrical  insulation  characteristics  and  nontoxic  nature. The  difficulties 
associated  with  producing  single  crystal  AIN  are  responsible  for  the  limited  exploration  of 
its  applications  in  crystalline  form.  The  demonstrated  applications  include  its  use  as  an 
electrical  insulator  and  circuit  passivation  in  GaAs-based  electronic  devices,^  ••  and  in 
forming  alloys  with  gallium  nitride  (GaN)  to  produce  blue  and  ultraviolet  light  emitting 
diodes  (LEDs)  and  lasers.® 

AIN  films  have  been  grown  by  various  techniques  such  as  MOCVD, 
sputtering’®  and  molecular  beam  epitaxy  (MBE).'®  The  most  successful  epitaxy  to  date 
was  on  sapphire  (AL^Oj)  substrates.  Because  of  the  large  lattice  mismatch  (13.2%) 
between  AIN  and  AI^Oj.  the  deposited  films,  though  single  crystal  in  nature,  contain  a 
large  number  of  crystal  defects  which  degrade  their  properties. 

Recently,  two  types  of  silicon  carbide  (SiC)  have  become  available;  the  cubic 
polytype  epitaxially  deposited  on  silicon  substrates  (.3C-SiC/Si)  and  bulk  crystals  of  the 
hexagonal  polytype  (6H-SiC).  The  lattice  mismatch  between  AIN  (commonly  in  the 
wurtzite  structure)  and  6H-SiC  is  less  than  1%  as  would  be  the  mismatch  between  cubic 
AIN  (should  it  exist)  and  cubic  SiC.'  ’  Therefore,  SiC  would  be  a  superior  substrate  for 
AIN  epitaxy.  MBE  of  GaN  on  both  SiC  substrates  (with  a  lattice  mismatch  less  than  4%) 
has  shown  an  improvement  in  crystal  quality  over  that  of  GaN  grown  on  AIjO,  substrate 
(with  a  lattice  mismatch  of  16.1%).' "  Furthermore,  GaN  grown  on  cubic  SiC  also  exhibits 
the  cubic  structure.  ‘  ‘ »  Based  on  this  information,  this  work  was  dedicated  to  depositing 

AIN  on  3C-SiC/Si.  as  well  as  on  Al^O,  substrates,  with  the  goal  of  producing  cubic  AIN 
on  3C-SiC/Si  substrates.  Potential  applications  of  epitaxial  AIN  on  SiC  include  its  use  as  a 
substrate  for  GaN  epitaxy,  or  as  an  alternative  insulator  (to  S’Oj )  for  SiC  based  devices. 
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II.  EXPERIMENTAL 

AIN  was  deposited  in  a  standard  atmospheric  MOCVD  system  using 
trimethylaluminum  (TMA)  and  ammonia  (NH,)  as  the  source  precursors.  The 
water-cooled  quartz  reactor  was  SO  mm  in  diameter,  and  in  a  horizontal  configuration. 
TMA  and  NH3,  carried  by  Pd-cell  purified  hydrogen  (H,),  were  separately  introduced 
into  the  reactor  to  avoid  the  room-temperature  predeposition  reaction.^  The  distance 
between  the  TMA  delivering  tube  and  the  susceptor  was  10  cm.  The  susceptor  was  a 
graphite  electric  heater,  60  mm  long  x  40  mm  wide  x  I  mm  thick,  coated  with  boron 
nitride.  The  temperature  of  substrate  was  monitored  by  a  type  S  thermocouple  attached 
underneath  the  susceptor,  and  further  calibrated  by  an  optical  pyrometer  to  account  for 
the  temperature  gradient  in  the  thickness  of  the  susceptor. 

The  3C-SiC/Si  substrates  were  provided  by  NASA  Lewis  Research  Center  in 
Cleveland,  Ohio.  The  epitaxial  SiC  layers  were  deposited  on  Si(IOO)  with  a  two-step  CVD 
process  at  ISSO'C  for  two  minutes,  and  the  resulting  thickness  was  about  1500  The 
orientation  relationship  is  (100)3C-SiC//(100)Si.  The  AljOjfOOOl)  substrate  was  a  bulk 
crystal  wafer  20  mm  in  diameter.  In  the  present  work,  both  3C-SiC/Si  and  Al^Oj 
substrates  were  cleaned  by  a  sequence  of  trichloroethylene,  acetone,  methanol,  and 
deionized  water,  followed  by  a  49%  HE  etching.  An  additional  pregrowth  etching  was 
applied  in  a  H;  carrier  gas  at  1  lOO^C  for  15  min  to  remove  any  trace  of  contaminants  and 
produce  a  surface  suitable  for  epitaxy.  AIN  was  grown  at  1150°C  with  a  high  flow  rate 
(1500  seem  NHj,  15  seem  through  TMA  bubbler,  and  4000  seem  back-up  H,).  The 
resulting  growth  rate  of  AIN  was  0.4  (im/hr  for  3C-SiC/Si  and  0.8  (rm/hr  for  AljOj,  as 
determined  by  examining  the  mass  changes  of  each  sample  after  deposition.  The 
crystallinity  of  the  grown  films  were  characterized  by  X-ray  diffraction  (XRD)  with  Cu-Ka 
radiation,  and  a  Read  thin  film  camera. 


III.  RESULT.S  AND  DISCUSSION 


The  X-ray  diffraction  patterns  of  both  AlN/3C-SiC/Si  and  AlN/AIjO,  samples  are 
shown  in  Figure  1.  The  thickness  of  the  AIN  layer  in  these  samples  were  about  0.3  /rm  and 
0.6  fim.  respectively.  As  shown  in  Figure  I.  only  a  single  Bragg  peak  from  AIN  was 
detected  in  both  cases,  indicating  that  the  AIN  films  were  well  oriented.  The  peak 
(20  =  33.0'’)  appearing  in  the  AlN/3C-SiC/Si  sample  corresponds  to  (1010)  diffraction 
(a)  (b) 
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Figure  1.  X-ray  diffraction  patterns  for  (a)  AIN/3C-SiC/Si  and  (b)  AIN/AIjO, 
samples  deposited  at  1  ISO’C.  The  thickness  of  AIN  layers  were  about  0.3  /im  and 
0.6  jtm,  respectively.  The  .Si  diffraction  peak  at  20  =  69.2°  is  not  shown  in  (a). 
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from  AIN,  while  the  peak  (26=36.1°)  appearing  in  the  AIN/AI^Oj  sample  is  due  to 
(0002)  diffraction  from  AIN.’*  These  results  indicate  that  wurtzite  AIN  was  grown  on 
3C-SiC/Si  with  the  c-axis  perpendicular  to  the  growth  direction.  An  identical  orientation 
relation  was  also  reported  previously  in  AIN  on  Si(lOO).”  In  contrast,  AIN  grown  on 
AIjO,  was  oriented  with  the  c-axis  parallel  to  the  growth  direction,  a  common 
observation  in  literature.’  .*  -  *  ’ 

The  crystallinity  of  the  grown  AIN  films  on  both  substrates  was  further  investigated 
by  a  Read  thin  film  camera,  which  is  basically  a  modified  Debye-Scherrer  camera  with  the 
substrate  tilting  at  an  angle  to  the  incident  X-ray  beam.  With  an  angle  of  17°and  an 
exposure  time  of  5  hours,  the  diffraction  patterns  shown  in  Figures  2  and  3  were  obtained. 
Because  the  deposited  layers  were  very  thin,  the  intensities  from  the  films  were  very  weak. 
Figure  2(a)  is  the  Read  pattern  for  a  single  crystal  Si(IOO)  sample  without  any  epilayer. 
Each  spot  on  the  photograph  is  generated  by  the  constructive  diffraction  of  a  particular 
family  of  lattice  planes.  Figure  2(b)  reveals  some  extra  spots,  generated  by  the  SiC  layer 


Figure  2.  Read  camera  patterns  for  (a)  Si,  (b)  3C-SiC/Si,  (c)  AIN/3C-SiC/Si,  and  (d) 
AIN/Si  samples.  AIN  films  were  deposited  at  I150°C  for  (c)  and  450°C  for  (d).  The 
tilting  angle  was  17°  and  the  exposure  lime  was  S  hours  for  these  photographs. 
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on  Si  substrate,  in  the  bottom  region  of  the  photograph.  Figure  2(c)  is  the  Read  pattern 
from  the  same  AlN/3C-SiC/Si  sample  in  Figure  1(a)-  More  spots  with  streak  pattern 
appear  in  the  bottom  region.  These  segmented  spots  suggest  the  AIN  layer  was 
preferentially  oriented  polycrystalline  film.  If  a  randomly  oriented  polycrystalline  film 
were  obtain^,  one  would  expect  seeing  rings  in  the  Read  pattern.  Figure  2(d)  gives  an 
example  of  randomly  oriented  polycrystalline  AIN  film,  grown  at  450°C,  on  Si(IOO) 
substrates.  As  shown  in  this  photograph,  several  concentric  rings  are  visible,  which  reveals 
the  randomly  oriented  polycrystalline  nature  of  this  film. 

Figure  3(a)  and  3(b)  reveal  the  difference  of  the  Read  patterns  before  and  after 
deposition  of  AIN  on  AI^O,  substrate.  Again  using  the  same  sample  in  Figure  1(b),  some 
extra  segmented  spots  can  be  easily  seen  in  the  bottom  of  Figure  3(b),  suggesting  the 
preferentially  oriented  nature  of  the  AIN  film  on  the  AI^O,  substrate.  Comparing  the 
Read  patterns.  Figure  2(c)  and  3(b),  for  the  AIN  films  on  both  substrates,  we  can  roughly 
estimate  the  crystal  quality  of  AIN  film  on  AI^O^  is  superior  to  that  on  3C-SiC/Si 
substrate  since  Figure  2(c)  reveals  a  longer  streak  pattern  for  the  extra  spots  from  AIN 
film.  This  is  not  surprising  anyway,  because  as  a  substrate  for  wurtzite  AIN  epitaxy. 
3C-SiC  does  not  offer  any  advantage.  The  lattice  mismatch  between  wurtzite  AIN  and 
3C-SiC  is  28.6%,  much  bigger  than  13.2%  for  AIN  and  A1,0, .  At  this  stage,  we  are 
unable  to  identify  the  types  and  densities  of  the  structure  defects  in  these  samples.  Also, 
more  research  is  needed  to  characterize  the  electrical  properties  of  AIN  film  on  3C-SiC 
substrate. 


Figure  3.  Read  camera  patterns  for  (a)  AljO,  and  (b)  AIN/AIjO,  samples.  The 
AIN  film  was  deposited  at  1IS0°C.  The  tilting  angle  was  17°  and  the  exposure  time 
was  S  hours  for  these  photographs. 


IV.  CONCLUSIONS 

Epitaxial  AIN  films  were  grown  on  both  3C-SiC/Si  and  AI,0,  substrates  at  I1S0°C 
in  a  horizontal  MOCVD  reactor  using  TMA  and  NH,  as  the  precursors.  AIN  grown  on 
3C-SiC/Si  reveals  the  wurtzite  structure,  as  does  the  AIN  on  Al^O, .  The  epitaxial 
relations  are  (10T0)AlN//(100)SiC//(l00)Si  and  (0001)A1N//(0001)A1, 0, .  The 
crystallinity  of  the  AIN  films  were  examined  by  a  Read  thin  film  camera  and  the  result 
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showed  preferentially  oriented  ploycrystalline  AIN  films  were  obtained  on  both  substrates. 
More  research  is  needed  to  characterize  the  crystal  defects  as  well  as  the  properties  in 
these  films. 
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ABSTRACT 


Thin  iilnis  of  aluminum  nitride  were  grown  epitaxially  on  Si(lll)  by  ultra- 
high- vacuum  dc  magnetron  reactive  sputter  deposition.  Epitaxy  was  achieved  at  substrate 
temperatures  of  600®C  or  above.  We  report  results  of  film  characterization  by  x-ray  diffrac¬ 
tion,  transmission  electron  microscopy,  and  Raman  scattering. 

INTRODUCTION 

Heteroepitaxial  growth  of  aluminum  nitride  (AIN)  thin  films  has  potential 
applications  in  diverse  areas  such  as  surface  acoustic  wave  devices[l],  electronic  device 
thermal  management [2|,  and  substrate  for  growth  of  other  refractory  metal  nitrides[3j. 
Epitaxial  growth  of  AIN  on  Si(Ill)  substrates  was  achieved  by  chemical  vapor  deposition  at 
-^1200‘’C[4]  and  by  reactive  sputter  deposition  at  '^1000®C[5l.  We  recently  demonstrated 
that  epitaxial  growth  of  AIN  can  occur  on  Si(lll)  at  600®C  or  above  by  reactive  sputter 
deposition  under  ultra-high-vacuum  (UHV)  condiiionsjfij.  Here  we  report  results  of  film 
characterization.  Film-substrate  orientational  relationship  and  crystalline  quality  of  AIN 
films  were  examined  by  x-ray  diffraction,  transmission  electron  microscopy,  and  Raman 
scattering. 

EXPERIMENTAL 

Reactive  sputter  deposition  of  AIN  was  carried  out  in  an  UHV  chamber  with 
base  pressure  2x  10“*®  Torr[7'.  Si  substrates  were  chemically  cleaned  followed  by  heating 
under  UHV  conditions  to  -^SSO^CfSl.  Substrate  temperature  was  measured  by  an  optical 
pyrometer.  Growth  took  place  in  a  mixture  of  Ar  and  Njj?].  Growth  was  monitored  in-situ 
by  an  optical  interference  technique[9].  After  growth,  films  were  examined  by  0-29  x-ray 
diffraction  with  CuKa  radiation,  by  plan-view  and  cross-sectional  transmission  electron 
microscopy  (TEM),  and  by  Raman  scattering.  Raman  spectra  were  excited  by  an  argon 
ion  laser  (4880A)  with  an  output  of  50  mW  (line  focus,  power  density  ~  35  W/cm*)  and 
collected  at  room  temperature. 

RESULTS  AND  DISCUSSION 

Results  of  0-2$  x-ray  diffraction  on  A1N/Si(lll)  films  are  summarized  in  fig. 
1.  Figs.  1(a)  and  1(b)  show  the  low  and  high  angle  diffraction  patterns  of  an  AIN  film 
grown  at  800^C.  The  low  angle  pattern  shows  regularly  spaced  interference  peaks.  Peak 
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positions  0^  are  related  to  film  thickness  d  by, 

»in^dn  -  ain^B^i  =  (~)*(2m  +  1)*,  (1) 

where  9q  is  the  angle  of  total  reflection,  m  is  the  peak  order,  and  A  is  the  x-ray  wave- 
length[7j.  Least  squares  analysis  of  data  shown  in  fig.  1(a)  according  to  eq.  (1)  yields  an 
AIN  thickness  of  SflsA.  The  high  an^e  pattern  shows  expected  Si  reflections  together  with 
AIN  (0002)  and  (0004)  reflections.  The  absence  of  other  AlN  reflections  indicate  complete 
film  texture  with  AINfOOOl]/ /Si(Hll. 

Resuits  of  electron  diffraction  on  A1N/Si(lll)  films  are  stimmarized  in  fig.  2. 
Figs.  2(a)  and  2(b)  show  the  plan-view  and  cross-sectional  selected  area  diflkaction  patterns 
(SADP),  together  with  indexing,  of  two  AIN  films  grown  at  700  and  800°C,  respectively. 
The  AIN  film  thicknesses  were  '>.>450A.  The  plan-view  SAPP  was  taken  from  an  area  with 
overlapping  AIN  and  Si,  and  shows  simultaneously  the  Si[lllJ  and  A1N[0001]  zone  axis 
patterns.  Fig.  2(a)  shows  epitaxy  of  AIN  on  Si  with  A1N|1120]//Si[110],  in  agreement 
with  previous  report6[4].  The  cross-sectional  SADP  shows  simultaneously  the  Si[0ilj  and 
AlN(2n0]  zone  axis  patterns.  The  orientational  relationship  of  AlNj0001]//Si[lll]  and 
AlN[0il0j//Si[21l]  shown  in  fig.  2(b)  supports  the  information  shown  in  figs.  1(b)  and 
2(a).  Taken  together,  figs.  1  and  2  clearly  demonstrates  epitaxy  of  AIN  on  Si(lll).  Similar 
diffraction  patterns  were  obtained  from  AIN  films  grown  at  800  to  fiOO^’C. 

Both  the  in-plane  and  c-axis  lattice  parameters  of  AIN  were  measured  from 
data  shown  in  figs.  1  and  2.  Fig.  1  gives  e=:4.968A  and  fig.  2  gives  a=3.104A.  Both 
measured  values  axe  close  to  the  tabulated  bulk  values  of  c=4.978A  and  a=3.110A|10j, 
indicating  that  no  significant  strain  is  present  in  the  AIN  films.  Several  groups  of  double 
diffraction  spots  are  present  in  the  plan- view  SADP  shown  in  fig.  2(a).  The  strongest  group 
of  double  diffraction  spots  comes  from  Si{220}  and  A1N{1120}  planes  (smallest  Ap)[6,llj. 
Plan-view  high  resolution  micrographs,  taken  with  diffraction  condition  corresponding  to 
that  shown  in  fig.  2(a),  is  shown  in  fig.  3.  Fig.  3  shows  three  sets  of  parallel  Moire  fringes 
inclined  at  60**  to  one  another.  Detailed  examination  shows  threading  dislocations  in  the 
film,  whose  presence  is  revealed  by  extra  half  fringes|6j.  Dislocation  density  was  estimated 
to  be  3  X  10^  By  counting  the  number  of  extra  half  fringes  in  three  directions, 

the  in- plane  component  of  the  Burgers  vector  can  be  determined  to  be  1  <  1120  >[6j. 
[Oil]  cross-sectional  high  resolution  micrograph  of  the  AlN/5i(lll)  interface  shows  parallel 
lattice  fringes  of  (111)  Si  and  (0001)  AIN  extend  up  to  the  inietfrice,  indicating  interface 
sharpness  and  the  absence  of  interfacial  reactaon{6]. 
ft 

While  growth  at  substrate  temperatures  of  600°C  or  above  resulted  in  epi¬ 
taxy,  polycrystalline  AIN  films  resulted  at  lower  growth  temperaturesfO].  Fig.  4(a)  shows 
a  plan-view  SADP  taken  from  an  AIN  film  grown  at  500*’C,  taken  in  [0001]  orientation.  A 
ring  pattern  was  observed  which,  nevertheless,  showed  clear  evidence  of  a  remnant  single 
crystal  pattern.  Thus  considerable  in-plane  alignment  still  exists.  Pigs.  4(b)  and  4(c) 
show  the  dark-field  micrograph  taken  with  the  remnant  (1010)  spot  and  the  brigbt-field 
micrograph,  respectively.  Fig.  4(b)  shows  randomly  distributed  grains,  100  to  200A  in 
diameter,  with  similar  crystallographic  alignment. 
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Fig.  1.  S-29  x-ray  diffraction  patterns  of  an  AIN  grown  on  Si(Hl)  at  800°C:  (a)  low  angle 
(b)  high  angle. 


Fig.  2.  Plan-view  and  cross-sectional  electron  dif&action  patterns  of  AIN  films  on  Si(lll); 
(a)  plan-view;  (b)  cross-section. 
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Fig.  3  (upper  left).  Plan-view  high  resolution  micrograph  of  overlapping  AIN  and  Si,  scale 
bar  =  IISA. 

Fig.  4  (upper  right).  Plan-view  TEM  examination  of  an  AIN  film  grown  on  Si(lll)  at 
S00°C:  (a)  SADP;  (b)  dark-field;  (c)  bright  field  micrograph. 
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(a)  (b) 

Fig.  5.  Room  temperature  Raman  spectra  of  a  732  nm  thick  AIN  film  grown  on  Si(lll)  at 
800**C:  (a)  raw  spectrum,  (b)  substrate  background  subtracted  difference  spectrum  (line 
indicates  zero). 
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Epitaxial  AIN  films  of  much  larger  thicknesses  were  also  grown.  Taking 
advantage  of  the  optical  transparency  of  AIN,  growth  of  AIN  film  was  monitored  in  real 
time  with  optical  interference  using  a  laser  beam.  Post  growth  examination  showed  single 
crystal  AIN  film  up  to  thicknesses  of  0.7/im[9].  This  thick  AIN  film  was  further  examined 
by  Raman  scattering.  The  Raman  spectrum  of  a  732  nm  AIN  film  grown  on  Si(lll)  at 
SOO^C  is  shown  in  fig.  5(a).  The  spectrum  shown  is  dominated  by  single  and  multi-phonon 
Si  features[l2].  The  broad  structures  from  200-470  cm“*  and  about  700  cm“^,  and  also 
the  small  peak  at  620  cm~‘,  are  due  to  multiphonon  scattering  from  the  Si  substrate.  The 
intense  line  at  522  cm~^  is  the  zone  center  Si  mode.  The  peak  at  654  cm~^  is  the  only 
structure  in  this  spectrum  attributed  to  AIN.  This  is  confirmed  by  taking  the  difference 
between  fig.  5(a)  and  the  spectriun  of  the  bare  Si  substrate.  The  difference  spectrum, 
shown  in  fig.  5(b),  shows  the  only  remaining  feature  due  to  scattering  of  the  AIN  film. 
For  the  spectra  shown  in  fig.  5,  the  light  was  incident  and  scattered  along  the  c-axis 
of  the  film  (the  film  growth  direction),  with  the  polarizations  of  the  the  incident  and 
scattered  light  parallel  {z(x,x)-z}.  Rotation  of  the  polarization  {z(x,y)-z}  yielded  a  similar 
spectrum.  AIN  is  known  to  have  three  Raman  allowed  symmetries,  Al,  El,  and  E2[13]. 
In  the  backscattering  geometry,  the  El  modes  are  silent,  and  the  E2  modes  are  allowed 
for  both  parallel  and  perpendicular  polarizations,  the  Al  mode:  should  be  allowed  for 
parallel  and  forbidden  for  perpendicular  polarizations.  The  observed  mode  at  654  cm~^  is 
close  in  energy  to  the  E2  mode  (655  cm”*)  observed  by  Brafrnan  et  al.[14].  This  mode  is 
quite  broad  (^  17  cm~*  FWHM).  The  broad  width  of  the  phonon,  the  absence  of  modes 
associated  with  Al  85rmmetry,  and  the  weak  nature  of  the  scattering  are  all  consistent  with 
the  high  defect  density  in  these  AIN  films. 

SUMMARY 


Characterization  of  AIN  films  grown  on  Si(lll)  by  UHV  reactive  sputter¬ 
ing  has  been  accomplished  by  x-ray  diffraction,  plan-view  and  cross-sectional  TEM,  and 
Raman  scattering.  In  addition  to  demonstrating  epitaxy  at  relatively  low  substrate  tem¬ 
peratures  (>  600®C),  the  epitaxial  AIN  films  were  shown  to  contain  a  high  density  of 
threading  dislocations.  Although  clear  Raman  scattering  signature  from  the  AIN  film  is 
obtained,  the  relatively  broad  Raman  peak  is  consistent  with  high  defect  density  in  the 
AIN  film. 
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ABSTRACT 

AIN  ceramics  were  plastically  deformed  using  uniaxial  compression  under 
hydrostatic  pressure  between  room  temperature  (RT)  and  800°C.  Deformation 
microstructures  have  been  studied  by  Transmission  Electron  Microscopy  (TEM) 
using  the  weak  beam  technique.  The  deformation  substructure  at  RT  is 
characterized  by  perfect  glide  loops  with  1/3<1120>  Burgers  vector  in  (0001) 
elongated  in  the  screw  direction.  When  deformation  temperature  increases,  the 
screw  character  is  associated  to  cross  slip  events  and  dislocation  dipoles  are 
found.  In  the  investigated  temperature  range,  slip  of  dislocations  with  1/3<1 120> 
Burgers  vector  is  also  evidenced  on  prismatic  planes.  Weak  beam  observations 
failed  to  evidence  any  dislocation  splitting.  Some  of  these  dislocation  properties, 
similar  to  those  of  III-V  compound  semiconductors,  suggest  that  electronic  doping 
effects  could  be  used  to  control  plastic  behaviour  of  covalent  ceramics. 


IN'IRDIHTTION 

AIN  is  a  III-V  compound  semiconductor  with  a  wide  band-gap  (6eV)  which 
crystallizes  in  the  (21-1)  wurtzite  structure.  AIN  is  a  prime  candidate  for  VLSI 
devices  substrates  since  it  exhibits  excellent  thermal  conductivity,  good  electrical 
insulation  characteristics,  and  a  coefficient  of  thermal  expansion  matching  closely 
that  of  silicon  in  the  temperature  range  293-473K  11,2).  This  is  also  a  ceramic  for 
structural  applications  at  high  temperature  in  inert  atmosphere,  and  as  hard 
coating  of  aluminum  obtained  by  ion  implantation  13).  Furthermort;,  it  is  a  model 
material  to  investigate  if  the  dislocation  properties  found  in  Ill-V  compounds  are 
also  relevant  to  wide  band-gap  covalent  ceramics. 

Plastic  deformation  studies  of  AIN  were  previously  investigated  with  the 
aim  to  obtain  a  better  densification  of  the  ceramic  material.  Tests  conducted  at 
high  pressure  14|.  compaction  by  explosives  (see  for  example  |S,6|)  have 
demonstrated  that  dislocations  are  activated.  Preliminary  results  have  been 
reported  also  on  the  tine  structure  of  dislocations  after  deformation  at  RT  |7|. 

In  this  context  a  study  of  the  plastic  deformation  of  AIN,  in  a  low 
temperature  range  (RT-8(X)'’C).  has  been  undertaken.  This  paper  focuses  on  the 
dislocation  substructures,  studied  by  TEM,  obtained  in  deformed  samples. 


l•.xl’l•;RlMl•;N^Al, 

.Sintereu  AIN  samples  were  obtained  from  Ceramiques  Techniques 
Desmarquet  (Trappes,  France).  Concentrations  of  Y203_  used  as  a  sintering 
additive,  ranged  from  1%  to  20%  of  the  total  starting  powders.  Results  presented 
>."■  this  paper  are  concerned  with  two  concentrations  :  NA3-19  (1%Y203)  and 
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NAI6-1  (20%Y203).  Samples  were  sintered  one  hour  at  1700°C.  These  samples 
have  been  characterized  at  the  TEM  level  before  deformation  ;  defects  found  in 
sintered  AIN  grains  consist  of  extended  defects  and  dislocations  |8,9|. 

Plastic  deformation  of  AIN  was  achieved  in  a  Griggs  apparatus  1 10|  set  up 
in  an  Instron  frame  which  allows  to  deform  brittle  solids.  Deformation  tests  have 
been  conducted  on  AIN  from  RT  up  to  SOO^C  under  a  confining  pressure  ranging 
between  0.7  to  I  GPa  at  a  strain  rate  e  =  2.10"^  s‘  ,  up  to  permanent  strains  of  1 
to  2% 

Slices  were  cut  from  the  deformed  samples  and  mechanically  polished  down 
to  80  pm.  Electron  beam  transparency  was  obtained  by  ion  thinning.  Thin  foils 
were  observed  in  a  JEOL  200  CX  electron  microscope  operating  at  200  kV,  after 
evaporating  a  carbon  coating  in  order  to  suppress  the  build  up  of  charges  under 
the  electron  beam. 


RESULTS 

Dislocation  microstructures  after  RT  deformation 

Most  of  the  results  on  the  microstructure  of  the  NA3-19  (1%Y203)  sample 
has  been  reported  in  a  previous  paper  |7|.  The  three  possible  Burgers  vectors 
<l  l20>  of  the  basal  plane  were  observed,  together  with  a  strong  screw  character 
of  the  glide  loops.  Additional  observations  have  been  conducted  in  NAi6-l 
(20%Y203)  where  prismatic  glide  is  also  observed.  Perfect  dislocations  of  figure 
1  lie  in  the  (TlOO)  plane.  The  full  glide  loop  is  elongated  in  the  screw  direction 
(Burgers  vector  1/3|TT20|),  showing,  as  well  as  in  the  basal  plane,  a  strong 
asyinetry  of  dislocation  mobility  in  the  prismatic  plane.  Observations  using  the 
weak  beam  technique  fail  to  resolve  any  dissociation  of  the  dislocations  in  the  two 
types  of  sample  and  the  two  different  glide  planes. 


Figure  1.  RT  deformation  (NA16-1). 
Glide_  loops  in  the  prismatic  plane 
l/3|ir20|(l  100).  Note  the  elongation 
of  the  loops  along  the  screw 
direction.  Weak  beam  conditions  : 
g  =  0lT0(g,  2.8g). 


Dislocation  microstructures  after  plastic  deformation  at  800°C 

The  deformation  was  stopped  on  the  sample  NA3-19  (1%Y203)  at  a  stress 
level  of  1020  MPa,  roughly  a  quarter  of  the  stress  level  obtained  at  room 
temperature.  Figc'-,  2  shows  the  microstnictute  in  the  basal  plane.  Dislocations 
appear  locally  pinned  which  leads  to  cusped  segments.  This  pinning  seems  to 
result  from  cross  slip  events  which  can  have  started  at  impurities  relevant  to  the 
sintering  process.  Numerous  dipoles  and  small  loops  resulting  likely  from  dipole 
annihilations  are  also  observed.  These  features  are  characteristic  of  a  medium 
temperature  type  deformation.  However,  the  screw  orientation  of  dislocations  is 
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the  dominant  character  as  shown  on  figure  3.  where  two  families  of  dislocations 
1/3<1 120>  type  are  in  contrast.  These  observations  indicate  that  the  low  mobility 
of  screw  segments  still  remains  at  SOO^C. 


01 1C 
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Figure  2.  Microstructure  after  deformation  at  800°C  (NA3-19).  1/3<1120>  type 
dislocations  in  the  basal  plane.  Weak  beam  conditions  :  g  =  OTiO  (g,  5.2g). 


Figure  3.  Microstructure  after  deformation  at  800°C  (NA3-19).  Basal  plane.  Two 
families  of  dislocations  in  contrast.  Weak  beam  conditions  :  g  =  TOlO  (g,  S.2g). 
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in  order  to  check  the  nature  of  the  cross  shp  plane,  additional  observations 
have  been  performed  in  the  prismatic  plane  (1100)  (fig.4).  They  reveal  a  high 
density  of  dislocations.  These  dislocations  (Burgers  vectors  are  of  1/3<1120> 
type)  can  belong  either  to  the  basal  plane  or  to  a  prismatic  plane  of  first  kind. 
This  bears  witness  of  a  cross  slip  activity  in  this  plane.  Some  of  the  dislocations 
are  oriented  in  particular  orientation:  the  straight  dislocation  line  arrowed  on 
figure  4  is  oriented  along  [0001]  and  has  a  pure  edge  character.  This  feature  could 
be  explained  by  a  low  mobility  of  the  edge  segment  or  by  climb  of  this  segment  in 
the  prismatic  plane  of  second  kind. 


Figure  4.  Microstructure  after  deformation  at  800°C  (NA3-19).  Prismatic  plane 
(1100).  The  dislocation  arrowed  is  a  pure  edge  dislocation.  Weak  beam 
conditions  :  g  ==  1120  (g,  3.1g). 


DISCTI.SSION 

Although  plastic  deformation  of  ceramics  in  the  temperature  range 
investigated  could  be  achieved  also  by  grain  boundary  sliding  (not  studied  here), 
our  observations  provide  evidence  that  generation  and  multiplication  of 
dislocations  take  a  major  part  in  the  deformation  of  AIN  between  RT  and  800°C. 
Glide  occurs  on  the  basal  plane  with  dislocations  having  l/3<ll20>  type  Burgers 
vector.  When  temperature  increases,  the  activity  of  first  kind  prismatic  planes 
becomes  more  and  more  important,  due  to  an  easier  activation  of  cross  slip. 
However,  glide  on  first  kind  prismatic  planes  is  also  observed  at  RT  (fig.l). 

An  important  feature  of  dislocations  induced  by  plastic  deformation  is  the 
elongation  of  dislocations  or  dislocation  loops  in  the  screw  direction.  This  feature 
is  more  pronounced  at  low  temperature  but  still  remains  after  deformation  at 
800°C.  although  most  of  the  dislocations  having  pinning  points  bow  out  between 
these  pinning  points.  The  low  mobility  of  screw  segments  has  to  be  compared  to 
other  lll-V  compounds  :  after  deformation  at  low  temperature,  similar  behaviour 
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is  observed  in  GaAs  |ll],  InP  |I2|  and  GaSb  |I3|.  In  those  compounds, 
deformation  is  controlled  by  screw  dislocations  and  when  temperature  increases 
the  asymetry  between  non  screw  and  screw  characters  is  less  and  less  important. 
Another  agreement  with  the  microstructure  of  lll-V  compounds  is  that  the 
dislocation  segments  of  glide  loops  observed  in  AIN  lie  along  the  <Il20> 
directions  of  the  basal  plane  at  RT,  showing  that  dislocations  have  to  overcome  a 
high  Peierls  potential  when  moving  in  this  glide  plane.  Nevertheless,  the 
behaviour  of  dislocations  in  AIN  differs  somehow  from  other  compounds  when 
temperature  increases.  In  fact,  the  screw  orientation  remains  the  dominant 
character  but  dislocation  lines  are  not  rectilinear.  They  are  cusped  and  possess 
numerous  pinning  points.  What  is  the  nature  of  the  pinning  points?  The  stress 
field  due  to  a  screw  dislocation  does  not  interact  with  a  spherical  impurity,  so  it  is 
reasonable  to  assess  that  pinning  points  could  be  associated  to  point  defect 
clusters. 

Another  interesting  -  and  more  intriguing-  point  to  notice  is  that  no 
dislocation  splitting  can  be  evidenced  using  the  weak  beam  technique.  In 
elemental  (Si.  Ge)  and  lll-V  compound  (GaAs,  InP,...)  semiconductors, 
dislocations  created  by  plastic  deformation  are  dissociated  at  rest  and  move  in  this 
configuration  (141.  Under  high  stress,  deformation  occurs  by  the  uncorrelated 
movement  of  partial  dislocations,  yielding  to  large  stacking  fault  ribbon.  In  our 
experiments,  the  engineering  applied  stress  varied  from  about  1000  MPa  (at 
SOO'C)  to  about  4000  MPa  (at  RT).  The  applied  stress  within  the  grains  is 
difficult  to  know  since  the  exact  orientation  of  the  observed  grains  with  respect  to 
the  compression  axis  is  unknown,  moreover  part  of  the  deformation  can  be 
achieved  also  by  grain  boundary  sliding.  However,  it  is  likely  that  dislocations, 
especially  at  RT,  have  been  submitted  to  high  stresses.  No  significant  dissociation 
being  obtained  in  our  observations  suggests  that  AIN  has  a  high  stacking  fault 
energy.  Extended  nodes,  stacking  faults  and  dissociated  dislocations  have  been 
previously  observed  in  as-grown  material  leading  to  low  values  for  the  stacking 
fault  energy  :  from  4  mJ.m'2  |15|  to  7.5  mJ.m‘“J8|.  Such  stacking  fault  energy 
values  would  have  led  to  a  large  splitting  of  <1  (20>  dislocations  under  the  high 
stresses  applied  in  our  experiments.  The  different  behaviour  between  dislocations 
created  during  the  sintering  process  and  those  created  by  controlled  plastic 
deformation  could  be  understood  by  the  effect  of  impurities  on  stacking  fault 
energy  at  high  temperature  on  one  hand,  and  on  dislocation  dynamics  during  low 
temperature  deformation,  on  the  other  hand. 


CONCM  SION 

Dislocations  are  responsible  for  the  plastic  deformation  of  sintered  AIN 
between  RT  and  SOO^C.  Screw  segments  control  deformation  in  this  temperature 
range.  At  RT,  they  are  straight  and  well  confined  in  the  Peierls  valleys.  At  SOO^C, 
screw  dislocations  are  cusped  and  many  cross  slip  events  occur.  The  first  kind 
prismatic  plane  has  been  found  to  be  the  cross  slip  plane.  Impurity  clusters 
interacting  with  screw  dislocations  are  suspected  to  promote  the  cross  slip 
nucleation.  Although  large  stresses  were  applied,  no  dissociation  of  dislocations 
created  by  plastic  deformation  has  been  resolved.  Other  experiments  with  different 
impurity  concentrations  are  needed  to  clarify  the  cross  slip  abilities  of  screw 
dislocations  as  well  as  the  splitting  mode  of  dislocations.  Finally,  microstructures 
and  plastic  behaviour  of  sintered  AIN  are  very  similar  to  those  of  other  III-V 
compounds.  This  suggests  that  mechanical  properties  of  aluminum  nitride  and 
covalent  ceramics  could  be  improved  by  electronic  doping. 
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ABSTRACT 

The  dielectric  functions  e  =  ei+ie2  of  AlAs  were  determined  from  1.5  eV  to  5.0 
eV,  by  spectroscopic  ellipsometry  (SE),  from  room  temperature  (RT)  to  -577  °C  in 
an  ultrahigh  vacuum  (UHV)  chamber.  Molecular  beam  epitaxy  (MBE)-grown 
AlAs  was  covered  by  a  thin  GaAs  layer,  which  was  passivated  by  arsenic  capping  to 
prevent  oxidation.  The  arsenic  cap  was  desorbed  inside  the  UHV  chamber.  SE 
measurements  of  the  unoxidized  sample  were  made,  at  various  temperatures. 
Temperature  dependent  optical  constants  of  AlAs  were  obtained  by  mathematically 
removing  the  effects  of  the  GaAs  cap  and  substrate.  Quantitative  analyses  of  the 
variations  of  critical-point  energies  with  temperature,  by  using  the  harmonic 
oscillator  approximation  (HOA),  indicate  that  the  Ei  and  E^+A^^  energies  decrease 
-350  meV  as  temperature  inaeases  from  RT  to'  500  "C. 

INTRODUCTION 

AlAs  is  the  binary  endpoint  of  the  AlxGa(i.x)As  system,  which  plays  an 
extremely  important  role  in  high-speed  electronic  and  optoelectronic  device 
technologies.  The  materials  in  this  alloy  system  are  essentially  lattice  matched 
over  the  entire  composition  range.  As  x  value  approaches  to  1  (AlAs),  sample 
surfaces  become  so  reactive  that  the  oxide  layer  can  not  be  removed  by  wet- 
chemical  etching  [1].  Therefore,  studies  of  optical  constants  (dielectric  function  E  = 
£]  +iE2)  of  AlAs,  in  the  entire  visible  range,  were  not  complete,  especially  at 
elevated  temperatures  [2,3].  In  this  paper,  we  report  the  results  of  in  situ 
spectroscopic  ellipsometric  (SE)  measurements  of  dielectric  functions  E  of  AlAs,  at 
elevated  temperatures,  inside  a  UHV  chamber. 

THEORY 

Spectroscopic  ellipsometry  accurately  detemuncs  the  complex  ratio  p  =  Rp/  R,, 
where  Rp  and  Rg  are  the  reflection  coefficients  of  light  polarized  parallel  to  (p)  or 
perpendicular  to  (s)  the  plane  of  incidence.  The  ratio  has  been  traditionally  defined 
as: 


p  =  tan(vr  )(•"*,  (1) 

where  the  values  of  tan(y)  and  A  are  the  amplitude  and  phase  of  the  complex  ratio. 
Results  of  the  SE  measurements  are  expressed  as  V(hvi,  and  A(hv,-,  0j)  where 
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hv  is  the  photon  energy  and  4*  is  the  external  angle  of  incidence.  The  ability  of 
measuring  the  phase  changes  Afhvj,  in  particular  gives  the  ellipsometer  great 
sensitivity  to  the  structural  and  surface  changes  of  the  samples  [4]. 

The  pseudodielectric  function  <e>  can  be  obtained  from  the  ellipsometrically 
measured  values  of  p,  based  on  a  two-phase  model  (ambient/ substrate)  (5]: 


sin^ihtan^d*  +  sin^d) 


(2) 


regardless  of  the  possible  presence  of  surface  overlayers.  The  ta  tf  Eq  (2)  represents 
the  ambient  dielectric  function  (i.e.,  £3=!  in  vacuum). 

If  the  sample  contains  multiple  layers,  the  SE  data  must  be  numerically  fitted. 
A  model  is  assumed,  and  tanvy'^fhv/,  and  cosA<^(hvj,  <l>y)  are  calculated  as  in  Eq. 
(1)  for  comparison  with  the  measured  values.  A  regression  analysis  is  used  to  vary 
the  model  parameters  (e.g.,  layer  thickness  or  dielectric  function)  until  the 
calculated  and  measured  values  match  as  closely  as  possible.  This  is  done  by 
minimizing  the  mean  square  error  (MSE)  function,  defined  as: 

MSE  =  ti>{hVj,0i)-tan  v^‘^(/iv,,4>^)j^ +[cosA(/iv,,<fr^)-cosA'^(liVi,<i>pj  |,  (3) 


The  dielectric  response  of  a  solid  crystal  can  be  quantum  mechanically 
expressed  as  a  superposition  of  a  set  of  harmonic  oscillators  [6-8].  In  this  study,  we 
found  that  a  six-oscillator  model  could  satisfactorily  fit  our  SE  data,  therefore,  the 
dielectric  function  can  be  written  as 


e(E)  =  l  +  XA*j 

k-\ 


1 


(4) 


A  detailed  discussion  of  our  SE  data  analysis  using  this  HOA  will  be  presented  in  a 
later  section  of  this  paper. 


EXPERIMENTAL 


AlAs  of  -5000  A  nominal  thickness  was  grown,  by  MBE  with  a  Varian  Modular 
Gen  II,  on  semi-insulating  GaAs  (100)  substrate,  and  covered  by  a  -20  A  GaAs  layer. 
GaAs  substrate  temperature  was  determined  as  -680  "C,  by  using  an  IRCON  optical 
pyrometer,  and  the  growth  rate  was  one  micron  per  hour.  After  finishing  the  MBE 
growth,  the  sample  was  allowed  to  cool  down  to  -20  °C,  and  then  exposed  to  arsenic 
pressure  at  1.24xl0'5  torr  for  94  minutes.  Thus  the  top  GaAs  thin  layer  was 
passivated  by  arsenic  capping  to  prevent  oxidation. 

The  sample  was  installed,  after  growth,  into  a  UHV  chamber,  to  which  a 
rotating-polarizer  spectroscopic  ellipsometer  was  attached.  SE  measurements  were 
performed  through  a  pair  of  low-strain  fused-quartz  windows  to  minimize  the 
measuring  error.  This  optical  system  has  been  described  in  detail  in  reference  8. 
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The  sample  was  heated  on  a  resistor-heater  plate,  inside  the  UHV  chamber,  to 
-350  °C.  The  arsenic  cap  was  desorbed  at  this  temperature,  and  the  surface  of  the  top 
GaAs  layer  was  monitored  by  an  in  situ  SE  measurement  near  the  E2  energy.  An 
unoxidized,  clean  top  GaAs  surface  was  obtained  when  the  monitored  <e2>  value 
reached  its  maxium  [8-11).  Temperatures  were  controlled  and  measured  by  a 
calibrated  k-type  thermocouple.  The  typical  base  pressure  of  the  UHV  was  -1-2x10'^ 
torr  and  all  SE  measurements  were  made  without  arsenic  overpressure. 

MEASUREMENTS  AND  ANALYSIS 

Dielectric  functions 


SE  data,  measured  at  RT,  from  the  unoxidized  sample  surface,  were  used  to 
determine  the  layer  thicknesses  of  AlAs  and  GaAs  cap.  Peak  positions  of  the 
dielectric  function  e  of  RT  AlAs,  which  was  calculated  from  our  model  with 
different  layer  thicknesses,  were  compared  with  RT  dielectric  function  data  from  ref. 
3.  It  was  found  that  the  actual  thicknesses  of  AlAs  and  GaAs  cap  were  5000  A  +  50  A 
and  23  A  ±  2  A,  respectively,  by  aligning  the  major  p>eak  pxrsitions  of  ej  and  E2  with 
those  from  ref.  3  data  and  the  known  critical-point  positions.  Those  actual 
thicknesses  are  in  good  agreement  with  the  nominal  values.  In  general,  our  RT 
dielectric  function  data  of  AlAs  are  comparable  with  the  data  in  ref.  3,  except  our  e2 
peak  value  in  the  near  E2  region  is  slightly  lower  (e2  =-28)  than  that  in  ref.  3  (E2  = 
-30).  This  is  because  the  peak  value  of  £2  in  ref.  3  was  an  assumed  value  used  to 
determine  the  surface  oxide  thickness,  while  ours  was  the  result  from  direct 
measurement  of  an  unoxidized  surface. 

Dielectric  functions  of  AlAs  were  obtained  by  mathematically  removing  the 
effects  of  the  GaAs  cap  and  substrate,  assuming  a  four-phase  model  (ambient/GaAs 
cap/AlAs/GaAs  substrate)  with  actual  thicknesses.  Temperature  dependent  optical 
constants  of  GaAs,  obtained  from  our  previous  studies  [8],  were  used  in  the  model. 
Dielectric  functions  E  of  AlAs,  measured  from  1. 5-5.0  eV,  at  the  temperatures 
ranging  from  RT  to  577  "C,  are  shown  in  Fig.l.  Actual  SE  measurements  were 
made  at  increments  of  -50  Starting  at  500  °C,  surface  quality  was  checked  by 
taking  RT  SE  data  each  time,  after  measurements  were  made  at  the  elevated 
temperatures.  It  was  found  that  after  heating  above  500  "C,  the  GaAs  cap  surface 
was  slightly  roughened.  This  correlated  with  a  blurred  Reflection  High  Energy 
Electron  Diffraction  (RHEED)  pattern  associated  with  a  dynamic  GaAs  surface  (i.e., 
arsenic  was  moving  around),  seen  at  -500  °C,  in  a  UHV  chamber  without  arsenic 
overpressure.  AT  -577  °C,  the  GaAs  cap  became  thinnei  and  the  surface  was 
rougher.  This  was  likely  caused  by  additional  congruent  evaporation  of  Ga  and  As 
at  high  temperatures  between  577-657  °C  [9-12).  Roughening  could  be 
approximately  modeled  as  a  nondense  GaAs  layer  (i.e.,  layer  containing  voids),  by 
using  the  Bruggeman  effective-medium  approximation  (EM A)  18,13).  Corrections 
were  made  mathematically  to  remove  the  surface  roughening  effects  at  500  and  577 
°C. 
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FIG.  1  Representative  dielectric  functions  e  of  AJAs  at  23,  100,  200,  300,  400,  500, 
and  577  °C.  The  500  and  577  curve  have  been  corrected  for  surface  roughening. 
The  three  aitical  energy  positions  are  marked  for  RT. 

Temperature  Dependence  of  Critical-Point  Enereies 

As  shovrn  in  Fig.  1,  peaks  of  the  dielectric  functions  of  AlAs  shift  toward  lower 
energy,  as  temperature  increases,  indicating  an  overall  shift  of  the  critical-point 
energies  at  elevated  temperatures.  HOA  was  employed  to  explore  the  variations  of 
critical-point  energies  with  temperature.  A  six-oscillator  model,  described  in  Eq. 
(4),  was  used  to  fit  the  SE  data  of  AlAs,  in  the  range  of  3.2-5.0  eV.  Among  the  six 
oscillators,  three  represented  the  major  optical  transitions  E^,  Ei+A^,  and  Eq+A'q. 
One  oscillator  was  used  to  describe  optical  transitions  between  E]+Ai  and  Eq+A'q, 
and  the  other  two  oscillators  were  employed  to  include  the  effects  of  all  transitions 
above  E'o+A'o  and  outside  our  spectral  range. 

Fig.  2  shows  the  results  of  our  HOA  fit  for  the  dielectric  functions  of  AlAs  at 
RT  and  400  °C,  respectively.  All  the  parameters  Ak,  Ek  and  Pk,  of  each  oscillator 
were  allowed  to  vary  except  Pe,  to  minimize  the  MSE  function  through  a 
regression  analysis.  The  six-oscillator  HOA  fit  was  applied  to  E  of  AlAs  at  each 
elevated  temperature. 

The  center  energies  of  the  three  oscillators,  representing  three  particular 
optical  transitions,  correspond  to  critical  points  (CP)  E^,  E^+Ai,  and  Eq+A’q. 
Temperature  dependent  variations  of  the  three  critical  points  are  shown  in  Fig.  3. 


I 

I 

i 


I 


I 

< 


f 

i 


I 

I 

* 


{ 


I 


We  can  see  that  as  temperature  increases  from  RT  to  -500  °C,  the  and  Ei+Aj 
energies  decrease  almost  -350  meV,  while  the  E'q+A'o  energy  decreases  only  -140 
meV.  The  deviations  of  the  (CP)  energies  at  577  °C,  we  believe,  is  related  with 


Photon  Energy  (eV)  Photon  Energy  (eV) 

FIG.  2  Six-oscillator  HOA  fit  (dot  line)  for  the  dielectric  functions  of  AlAs  (solid 
line)  at  RT  and  400  °C. 


F1G.3  Temperature  dependence  of  CP  energies,  of  AlAs,  Ei  (solid  triangle),  Ei+A] 
(asterisk),  and  Eq+A'q  (hollow  triangle).  The  solid  lines  are  aibic  polynomial  fits 
for  each  CP  energy,  from  RT  to  500  “C. 
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sample  surface  degradation  at  that  temperature.  The  three  CP  energies  at  RT  in  Fig. 

3  are  in  good  agreement  with  values  in  literature  (3].  The  error  bars  for  CP  energy 
values,  ranging  from  RT  to  -500  °C,  were  estimated  to  be  -10  meV. 

SUMMARY 

We  have  presented  dielectric  functions  e  =  £[  +  ie2  of  AlAs  ,  measured  by  in 
situ  SE  ,  as  functions  of  temperature.  Variations  cf  CP  energies  with  temperature, 
analyzed  by  HO  A,  indicates  that  E],  Ej+A^,  and  E’o+A'o  energies  of  AlAs  decrease  as 
temperature  increases.  From  RT  to  500  °C,  E]  and  E^  +Ai  energies  decrease  almost 
-350meV. 
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ABSTRACT 

GaP  ep I  layers  grown  at  teaperatures  ranging  froa  420  to  SOOT  had 
sBOoth  surfaces  and  streaky  RHEED  patterns.  The  decoaposition  of  group-DI 
sources  of  TEGa  Halts  the  growth  rates  of  GaP  at  lower  substrate 
temperatures (<390  *C ) .  The  growth  rate  of  GaP  epitaxial  layers  was 
efficiently  enhanced  by  N2-laser  irradiation  at  lower  substrate 
temperatures. 


t  INTRODUCTION 

Gallium  phosphide  (GaP)  Is  widely  used  for  light-emitting  diodes 
(I.EDs).  The  performance  of  LEDs,  however,  is  limited  by  its  indirect-gap 
structure,  though  suitable  recombination  centers  for  light  emission  arc 
utilized.  For  further  iaproveaent  in  GaP  light-emitting  devices, 
heterostructures  consisting  of  GaP/AlP  or  GaP/GaN  have  received  considerable 
Interest.  Metalorgan Ic  aoiccular  beam  epitaxy  (MOMBE)  promises  to  be  an 
attractive  technique  for  in-V  semiconductors,  especially  for  P-based  ID - 
Vs.  owing  to  its  excellent  controllability  of  high  vapor-pressure  group 
V  sources. 

in  MOMBK  without  cracking  group  III  aetalorganics .  the  decoaposition  of 
metalorganics  takes  place  Just  on  a  heated  substrate.  Stagnant  layers  which 
govern  growth  processes  in  organoaetal 1 Ic  vapor  phase  epitaxy  (OMVPE)  are 
not  formed.  Thus,  reactions  among  sources  In  gas  phase  are  completely 
removed.  Furthermore,  the  decomposition  reaction  of  metalorganics  at  the 
growth  surface  brings  crystal  growth  governed  by  surface  reactions. 
Selective  epitaxy  by  modulating  the  reaction  with  insulator-masking  and/or 
electron/photon  Irradiation  will  be  practically  achievable  In  MOllBE.  These 
advantages  of  I'lO.'IBE,  however,  have  been  Investigated  mainly  in  the  epitaxy 
of  As-based  ID-V  semiconductors  11.21.  Recently,  a  reduction  of  carbon  in 
GaAs  epllayers  13)  and  the  growth  of  CaAs  epilayers  with  fine  patterns  14] 
were  demonstrated  in  NOMBE  with  Ar*  laser  irradiation. 

In  this  paper,  we  describe  the  homoepltaxlal  growth  of  GaP  and  the 
»  p'-npertles  of  layers  grown  at  appropriate  substrate  temperatures.  The 

decomposition  of  group-ID  sources  such  as  trlethylgall lum  (TEGa)  is 
insufficient  at  lower  substrate  temperatures.  To  obtain  an  abrupt 
hetcro lunct Ion  with  a  smooth  Interface,  a  reduction  of  growth  temperature 
is  required.  Here,  we  report  an  enhancement  of  GaP  growth  rate  at  lower 
substrate  temperatures  by  ultraviolet-light  irradiation  emitted  from  a  N2 
laser  (337nm). 


GaP  EPITAXY  IN  'iONBE 

The  NOMBK  system  is  described  elsewhere  15).  Triethy Igal 1 lum  (TEGa)  and 
PH;)  were  used  in  our  NOMBE  system.  The  temperature  of  TEGa  was  Root  constant 
In  a  thermostat.  The  flow  rates  of  TEGa  (FygGa)  were  precisely  controlled 
between  0.015  and  0.100  SCCJI  by  a  mass-flow  controller  without  II2  as  a 
carrier  gas.  Pli3  with  a  flow  rate  (Fpio)  from  0.06  to  1.0  SCCN  was 
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precracked  In  a  theraal 


cracking  cell.  In  the  cell, 
the  cracking  efficiency  Is 
estimated  to  be  58  \  from  the 
reduction  rate  In  the  peak 
Intensity  of  34  amu  (PH3)  In 
mass  spectrum  detected  by  a 
quadrupole  mass  analyzer.  The 
pressure  of  the  production 
chamber  during  epitaxy  was 
maintained  In  the  order  of 
ID'S  Torr.  The  substrate 
temperature  was  varied  between 
290  and  500  "C  .  GaP  with  the 
orientation  of  (1001  or  (111) 
was  used  as  a  substrate. 

In  our  previous  report 
(61,  it  was  found  that  the 
decomposition  of  mctaiorganics 
limits  the  growth  rate  of  p- 
based  ID  -  V  s  (InGaP.  GaAlP  and 
InAlP)  at  low  substrate 
temperatures  in  liOtlBE.  Also 
In  Gap  epitaxy.  the 
decomposition  of  TEGa  becomes 
Insufficient  with  an 
activation  energy  of  39 
kcai/mol  below  390T  as  shown 
In  Eig.l.  The  flow  rates  of 


14  15  16  17 


IfXXl/T^yJ^  (ItK) 


Eig.l.  Growth  rate  of  GaP  and  Us  photo- 
Irradlation  effect.  FTECa'O -0205001  and 
FpH3=0.20  seem. 


TKGa  and  PH3  were  kept  at  0.020  and  0.20  seem,  respectively.  Above  390"C  . 
the  decomposition  of  TEGa  showed  a  saturation  limited  by  the  amount  of 
supplied  mctaiorganics.  The  quality  of  typical  GaP  epllayers  was  examined  by 
reflection  high-energy  electron  diffraction  (RIIEED)  observation  and  X-ray 
rocking-curve  analysis. 


GaP  epllayers  grown  at  temperatures  ranging  from  420  to  500  "C  had 
smooth  surfaces  and  streaky  RHEED  patterns.  Figure  2  shows  an  example  of  the 
surface  and  the  RHEED  pattern.  Full  width  at  half  maximum  (FWH^I)  of  X-ray 


2I^«  ■  <I10>  azimuth 

Fig. 2.  .Surface  and  RIIEED  pattern  of  GaP  (100)  ep)  layer  without 
photo-irradiation.  F-rpf;a=0.02sccm  and  FpH3>0.3  seem.  Substrate 
temperature-420"C . 
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rocking  curves  for  the  epllayers  shows  as  low  as  18-22".  The  undoped 
cpllnyrrs  exhibited  n-lypc  conduction,  and  the  carrier  concentration  reached 
10^"*  Bcasured  by  capacitance-voltage  characteristics  In  a  Schottky- 
diodc  structure. 


PHOTO- IRRADIATION  KFFF.CT  IN  GaP  KPITAXY 
Growth  enhancement 


At  lower  substrate 
temperatures,  the  growth  rates 
of  GaP  are  enhanced  with 
ultraviolet-Kght  (337  hb) 
oBitted  froa  a  N2  laser(pulse 
operation,  repetition  rate  <20 
Hz).  Figure  3  shows  a 
thickness  profile  measured  by 
DekTak  3030  for  the  cpl layer 
with  photo-irradiation.  As 
shown  in  Fig.l.  the  growth 
rate  of  GaP  reaches  0.4  m/h 
with  photo- i rradiat ion.  which 
is  limited  by  the  supply  of 
metalorganlcs.  The  flow  rate 
of  TKGa  and  PH3  was 
maintained  at  0.020  and  0.20 
SCC'1,  respectively. 

The  growth  enhanceaent 
Increases  with  the  irradiated 
photon  number  below 
photons/cm^pulse  (Fig.  4). 
Above  the  photon  nuaber,  the 
enhancement  Is  saturated  at 
0.8  xi  m/h  for  PTEGa"®-®^® 
seem.  The  repetition  rate  of 
the  S2  laser  was  7Hz.  In 
Fig. 4,  the  saturated  value  of 
the  growth  rate  bccoacs 
saaller  (0,4  x/a/h)  In  the 
case  of  Fjj.;(;a*0.020sccB. 


Phoiochealcal  effect 

In  0>IVPE  growth  of  GaP 
|7|,  the  Irradiation  by  an 
Intense  ArF  exclaer  laser  with 
a  power  density  of  0.11  J/ca^ 
(repetition  rate;  50  Hz) 
enhanced  the  growth  rate.  It 
Is  noted  that  the  substrate 
teaperature  showed  an  increase 
of  380  “C  by  the  irradiation 
|8|.  Based  on  the 
calculation  for  one- 
diaensional  heat  conduction  as 
In  ref. (81,  a  transient 
Increase  In  the  substrate 
teaperature  In  our  cxperlaent 


Fig. 3.  Thickness  profile  of  selectively 
grown  CaP. 


IRRADIATION  INTENSITY  (photonstem^pulse) 


Fig. 4.  Growth  enhanceaent  by  photo¬ 
irradiation  as  a  function  of  irradiated 
photon  nuaber.  fpH3/f^TEGa^^®*  Substrate 
teBpcrature=350T: .  Repetition  rate  of  N2 
laser=7Hz. 
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Is  30  °C  at  Bost.  Also,  GaP 
was  deposited  even  at  200  T 
as  shown  In  Fig. 5  with  the 
sane  value  of  the  growth 
enhancenent  at  350  ’C . 
Thereby,  the  enhanccBcnt  of 
the  growth  rate  by  the  ffj- 
laser  Irradiation  Is  believed 
to  be  due  to  photocheilcal 
reactions.  Since  TEGa  shows 
no  absorption  for  longer 
wavelengths  than  310  na  (91, 
TEGa  has  essentially  no 
absorption  In  gas  phase  for  N2 
laser.  Adsorbed  Ga 
netalorganics  on  a  growing 
surface  aay  absorb  the  UV- 
llght,  which  brings  the  growth 
enhancement . 


Efflcleney  of  photo-enhancement 


Fig. 5.  Growth  enhancement  by  pholo- 
Irradlation  as  a  function  of  substrate 
temperature. 

FTFGa"*^'®^®®^^*  and  Fpjj3s0.20 


In 


Repetition  rate  of  N2  laser=7Hz. 
intensi  ty=UIo'^photons/cB2pulse. 


seem. 

I.aser 


the  optimum  case 
until  now,  the  growth 
enhancement  of  0.8  p  m/h  was 
obtained  by  the  Irradiation 
with  IxlO'^  photons/CB2pulse 

and  1  Hz.  The  number  of  Ga  atoms  deposited  on  a  growing  surface  Is 
calculated  to  be  5.4xl0'^  atoas/cm^s  from  the  increased  growth  rate.  If  the 
photo-enhancement  efficiency  Is  defined  as  the  ratio  of  the  number  of 
deposited  Ga  atoms  to  the  Irradiating  photon  number  per  unit  area  per  unit 
time,  the  efficiency  is  estimated  to  be  around  5x10'®.  We  also  observed  an 
increase  In  the  growth  rate  of  GaP  (0.06  (im/hl  by  Ar’-iaser  (488nm,  SW/ca^, 
CW  operation)  Irradiation.  The  photo-enhancement  efficiency  In  this  case  is 
estimated  to  be  3x10'®.  In  JIOMBE  growth  of  CaAs  using  TEGa  and  ASII3  |I0|. 
the  growth  rate  shows  an  Increase  of  0.4  m/h  as  a  result  of  irradiation 
by  an  Ar*  laser  (515  nm.  CW  operation.  ~80bW/cb2).  Here,  the  photo- 
enhancement  efficiency  is  also  estimated  to  be  In  the  order  of  10'®.  The 
efficiency  by  N2-laser  Irradiation  is  roughly  three  orders  of  magnitude 
larger  than  by  Ar*-laser  Irradiation.  Hence,  the  efficiency  of  the  photo- 
enhancement  appears  to  be  affected  by  the  wavelength  of  Irradiating  light 
and/or  scheme  of  photo- I rradlat Ion  (pulse  or  CW). 

To  clarify  the  reason  of  efficient  photo-enhancement,  the  wavelength 
of  irradiation  light  was  changed.  When  the  pulsed  light  (365  nm)  emitted 
from  a  dye  laser  (2  Hz.  '-6xl0‘®  photons/cm^pulse)  was  irradiated  on  the 
growing  surface  with  a  substrate  temperature  of  350  "C  (Fjircg^O.OSO  SCCM. 
Fpn3=0.5  SCCJI).  no  appreciable  enhancement  In  the  growth  rate  of  CaP  was 
observed  after  1  hour.  Under  the  same  growth  condition  with  N2-lascr 
Irradiation  (337  nm.  1.5  Hz.  6x10*®  photons/cm^-pulse) .  a  growth  enhancement 
of  1.0  « m/h  was  achieved.  Hence,  the  efficiency  of  the  photo-enhancement 
seems  affected  by  the  wavelength  of  Irradiated  light  based  on  the 
preliminary  result. 


CONCl.USIONS 

Cap  epi layers  grown  at  temperatures  ranging  ABO-SOOT  had  smooth 
surfaces  and  streaky  RHEED  patterns.  The  undoped  epilayers  exhibited  n-type 
conduction,  and  the  carrier  concentration  reached  lO'^  cm'®  measured  by  the 
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capacitance-voltage  characteristics  of  a  Schottky-dlode  structure. 

The  growth  rate  of  GaP  was  enhanced  by  ultraviolet-light  irradiation 
eaittcd  froB  a  N2  laser.  The  growth  rate  reached  the  value  llaited  by  the 
supply  of  aetalorganics.  The  photo-enhanceBont  efficiency  Is  cstiBated  to 
be  5x10'^,  which  is  roughly  the  three  orders  of  Bagnitude  larger  coBparcd 
with  Ar*-laser  irradiation.  The  enhanceBcnt  is  thought  to  be  due  to 
photocheBlcai  reaction  on  a  growing  surface. 
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ABSTRACT 

Silicon  carbide  semiconductor  technology  has  been  advancing  rapidly  over 
the  last  several  years.  Advances  have  been  made  in  boule  growth,  thin  film 
growth,  and  device  fabrication.  This  paper  will  review  reasons  for  the  renewed 
interest  in  SiC,  and  will  review  recent  developments  in  both  crystal  growth  and 
device  fabrication. 


INTRODUCTION 

Interest  in  SiC  as  a  semiconductor  dates  back  more  than  thirty  years.'’ 
Then,  as  now,  SiC  was  recognited  as  having  great  potential  for  applications 
involving  high  temperature,  high  radiation,  and  high  frequency.  The  use  of  6H- 
SiC  to  fabricate  blue  light-emitting  diodes  (LEDs)  was  also  recognized  early 
on.  More  recently,  the  potential  for  high  power  applications  has  been  receiving 
more  attention.  Over  the  last  several  decades,  the  lack  of  suitable  crystal 
growth  processes  has  hindered  its  development.  The  situation  has  changed  over 
the  last  few  years.  Advances  in  both  boule  and  thin  film  SiC  growth  have 
accelerated  the  development  of  this  unique  semiconductor.  For  example,  high- 
quality  polished  6H-SiC  wafers,  25  mm  in  diameter,  are  now  commercially 
available.  Chemical  vapor  deposition  (CVD)  is  used  to  produce  multi-layer  n- 
and  p-type  6H-SiC  device  structures.  Other  new  device  processes  have  also 
contributed  to  the  development  of  excellent  devices.  Manv  of  these  developments 
are  reviewed  in  the  Proceedings  of  recent  conferences*’’  and  several  excellent 
review  articles.*'^  In  this  paper,  we  will  discuss  SiC  properties,  crystal 
growth,  and  device  fabrication  with  emphasis  on  developments  not  covered  in 
previous  reviews. 


PROPERTIES  AND  APPLICATIONS 

Silicon  carbide  exhibits  a  form  of  one-dimensional  polymorphism  called 
polytypism.*’*  Because  of  its  importance  in  SiC  technology,  this  structural 
feature  will  be  described  first.  The  many  polytypes  of  SiC  differ  from  one 
another  only  in  the  stacking  sequence  of  double  layers  of  Si  and  C  atoms.  Each 
successive  double  layer  is  stacked  on  the  previous  double  layer  in  a  close- 
packed  arrangement  that  allows  only  three  possible  relative  positions  for  the 
double  layers.  These  positions  are  normally  labeled  A,  B,  and  C.  Depending  on 
the  stacking  sequence,  various  structures  (i.e.  cubic,  hexagonal,  or 
rhombohedral )  are  produced.  In  the  hexagonal  frame  of  reference,  the  stacking 
sequence  is  in  the  [0001]  direction  (the  c-axis),  and  the  (0001)  plane  is 
referred  to  as  the  basal  plane. 

The  two  most  common  SiC  polytypes  are  3C-SiC  with  the  sequence  ABC...  (or 
ACB...)  and  6H-SiC  with  the  stacking  sequence  ABCACB...  The  3C  polytype,  also 
known  as  B-SiC,  is  the  only  polytype  with  a  cubic  structure.  All  of  the  others 
are  known  as  a-SiC;  6H  is  the  most  common  and  has  a  hexagonal  structure.  The 
number-letter  designation  of  the  polytypes  denotes  the  number  of  double  layers 
in  a  polytype  repeat  sequence  and  the  structure  of  the  polytype,  respectively. 
Because  of  the  polar  nature  of  SiC  bonds  at  the  basal  plane,  the  (0001) 
surfaces  of  6H  and  the  (111)  surfaces  of  3C  are  terminated  with  either  Si  atoms 
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(a  Si  face),  or  C  atoms  (a  C  face).  In  discussions  that  follow,  the  tilt  angle 
of  a  vicinal  (0001)  SiC  surface  is  the  angle  between  the  actual  surface  and  the 
(0001)  plane. 


Properties 

An  appreciation  of  the  potential  of  SIC  can  be  gained  by  examining  Table 
I,  which  is  a  comparison  of  its  properties  with  those  of  diamond  and  GaP  (two 
other  contenders  for  high  temperature  applications)  and  with  those  of  the  two 
most  common  commercially  available  semiconductors.  Si  and  GaAs.  In  the  SiC 
column  of  the  table,  if  a  property  of  6H  differs  from  3C,  it  is  listed  within 
parentheses.  The  maximum  operating  temperature  was  calculated  relative  to  that 
of  Si  by  assuming  a  maximum  for  Si  of  SOO'C  and  multiplying  this  temperature 
(expressed  in  K)  by  the  ratio  of  bandgaps.  The  maximum  for  diamond  is  imposed 
by  a  phase  change. 

Silicon  carbide  does  not  melt  at  any  reasonable  pressure,  but  does 
sublime  at  temperatures  greater  than  1800°C.  Below  1500°C,  its  physical 
stability  is  excellent  and  its  stability  in  an  oxidizing  atmosphere  gives  it 
an  edge  over  diamond.  We  believe  that  long  term  stability  at  high  temperatures 
will  be  a  problem  with  the  more  common  III-V  compounds,  such  as  GaAs  and  GaP. 
Thus,  SiC  has  a  significant  advantage  where  long-term  reliable  operation  at 
elevated  temperatures  is  a  requirement. 


Table  t.  Comparison  of  Semiconductors 


Property 

GoP 

Udlldm 

Diomond 

Bandgap  (eV) 
at  300  K 

2.3 

2.2 

(2.9) 

Moximum  operating 
temperoture  CO 

300 

460 

925 

873 

(1240) 

1100(?) 

Melting  point  ("C) 

1420 

1238 

1470 

Sublimes 
>  1800 

Phose 

change 

Fair 

Excellent 

Very  good 

Electron  mobility 

R.T.,  cm2/V-s 

uoo 

8500 

350 

1000 

(600) 

2200 

Hole  mobility 

R.T.,  cm2/v-s 

600 

40 

1600 

Breakdown  voltoge 

Eb  ,  106  v/cm 

3 

.4 

B 

4 

Thermal  conductivity 
Oj  ,  W/cm-*C 

1.5 

.5 

B 

5 

20 

Sot.  elec,  drift  vel. 
v(sat),  10^  cm/s 

1 

2 

B 

2.5 

2.7 

11.8 

12.8 

9.7 

5.5 

1 

7 

— 

1100 

8100 

Relative  Z 

t 

_ 

.5 

— 

6 

32 

Johnson:  Zj  CX  v^{sat)  Keyes:  a,[v(sot)/K] 


The  room  temperature  electron  and  hole  mobility  of  SiC  at  low  electric 
fields  does  not  compare  as  favorably  as  the  other  properties  but  is  acceptable 
for  most  applications.  For  high  temperature  power  applications,  the  advantages 
of  SiC  and  diamond  are  the  result  of  ttieir  much  higher  values  of  breakdown 
voltage  and  thermal  conductivity. 

Silicon  carbide  (and  diamond)  also  have  great  potential  for  high 
frequency  devices.  Two  figures  of  merit  for  semiconductors  for  high  frequency 
operation  are  the  Johnson  (Zj)’  and  Keyes  (Z,).’°  Relative  values  (to  that  of  Si) 
for  these  quantities  are  shown  in  Table  I  and  illustrate  the  high  potential  of 
SiC  and  diamond. 


Aool ications 

Initial  comnercial  SiC  devices  have  been  blue  LEDs."  Hass  production  of 
these  products  has  brought  prices  down  to  moderate  levels.  High  voltage  diodes 
for  operation  up  to  350°C  are  also  available,  and  other  devices  are  under 
development. 

We  expect  that  there  will  be  important  applications  for  SiC  devices  in 
the  aerospace  industry.  Sensors,  control  electronics,  and  power  electronics 
that  can  operate  at  temperatures  up  to  600°C,  and  beyond,  are  required.  For 
example,  in  advanced  turbine  engines,  many  actuators  for  mechanical  components 
will  be  required  throughout  the  engine.  Using  electric  actuators  instead  of 
traditional  hydraulic  or  pneumatic  actuators  has  many  advantages;  however, 
electric  actuators  will  require  sensors  and  power  electronics  in  ambient 
temperatures  up  to  600°C.  Another  example  is  power  electronics  for  space  power 
systems,  for  reduced  weight,  it  is  highly  desirable  that  the  power  electronics 
operate  at  elevated  temperatures,  and  sometimes  also  in  a  high  radiation 
environment. 

Component  reliability  is  a  key  issue  in  all  applications,  and  in 
particular  for  aerospace  applications.  Failure  can  lead  to  expensive,  and 
possibly  tragic,  consequences.  Because  of  its  chemical  stability  and  ceramic¬ 
like  character,  we  believe  that  the  potential  reliability  of  semiconductor 
devices  and  sensors  fabricated  from  SiC  will  be  much  higher  than  that 
obtainable  from  any  other  semiconductor  material.  This  reliability  advantage 
should  hold  for  all  operating  temperatures. 

Other  applications  for  SiC  include:  electronics  for  deep  well  drilling 
operations,  microwave  power  devices  for  radar  systems,  sensors  for  the  nuclear 
power  industry,  automobiles,  etc. 


CRYSTAL  GROWTH 

Since  SiC  does  not  melt  at  reasonable  pressures,  most  bulk  crystal  growth 
approaches  have  involved  the  sublimation  of  polycrystalline  SiC.  Until 
recently,  nearly  all  SiC  semiconductor  research  was  carried  out  using  small 
Irregular  o-SiC  crystals  that  were  sublimation  grown  by  either  the  industrial 
Acheson  process,'^  or  the  Lely  process."  Examples  of  Lely  crystals  are  shown 
in  Fig.  1.  These  crystals  were  not  only  small,  but  they  frequently  contained 
heterojunctions  due  to  a  multiple  polytype  structure.  They  were  not  suitable 
substrates  for  commercial  device  production.  Because  of  this  lack  of  suitable 
substrates,  interest  in  SiC  waned  in  the  1970s.  During  the  last  decade, 
progress  in  both  bulk  and  thin  film  growth  processes  have  revived  the  prospects 
for  SiC  semiconductor  technology. 


Boule  Growth 


The  growth  of  bulk  SiC  single  crystals  is  a  key  element  of  the  rapidly 
developing  SIC  semiconductor  technology.  Tairov  and  Tsvetkov’*'”  established  the 
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Fig.  1.  Cree  wafer  and 
Lely  crystals. 


SiC  Seed 
Crystal 


Atmosphere: 
Argon  ot  200  Po 


Fig.  Z.  Growth  chamber 
for  the  modified 
sublimation  process. 


basic  principles  of  a  "modified  sublimation’  bulk  growth  process  in  the  late 
1970s.  Although  other  research  groups  were  somewhat  slow  in  adoptino  this 
process,  it  is  now  being  developed  by  many  labs  throughout  the  world.’*''’ 

The  basic  elements  of  the  modified  sublimation  process  are  shown  in  Fig. 
2,  which  is  a  schematic  diagram  of  the  configuration  used  by  Ziegler  et  al.'* 
Nucleation  takes  place  on  a  SiC  seed  crystal  located  at  one  end  of  a 
cylindrical  cavity.  A  temperature  gradient  is  established  within  the  cavity 
such  that  the  polycrystalline  SiC  is  at  approximately  2400°C  and  the  seed 
crystal  is  at  approximately  2200°C.  At  these  temperatures  and  at  reduced 
pressure  (Ar  at  200  Pa),  SiC  sublimes  from  the  source  SiC  and  condenses  on  the 
seed  crystal.  Growth  rates  of  a  few  mm/h  can  be  achieved.  In  some  boule  growth 
systems,  the  seed  crystal  is  at  the  top  of  the  cavity  and  growth  proceeds 
downward.  This  eliminates  some  problems  of  contamination  of  the  growing  boule. 

The  ^di fled  sublimation  process  has  been  used  to  grow  both  4H  and  6H 
boules.’  ■  ’  Its  successful  application  to  the  3C  polytype  has  not  been  reported. 
Techniques  for  cutting  and  polishing  wafers  have  been  developed  and  at  least 
one  company”  is  now  marketing  25-mm-diameter  polished  6H-SiC  wafers;  wafer 
diameters  up  to  44  mm  have  been  achieved. 


Thin  Film  Growth  on  Won-SiC  Substrates 


Because  of  the  lack  of  high-quality  SiC  substrates  for  many  years, 
efforts  were  made  to  grow  SiC  thin  films  on  non-SiC  substrates  that  might  be 
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suitable  for  conmercial  device  fabrication.  Early  in  the  ^QOs,  large-area 
single-crystal  3C-S1C  was  achieved  on  (001)  Si  substrates."'*’  This  created 
renewed  interest  in  SiC  and  many  research  groups  began  pursuing  this  growth 
approach.  Unfortunately,  the  3C  films  grown  on  Si  had  a  high  defect  density, 
which  included  stacking  faults,  microtwins,  and  a  defect  known  as  inversion 
domain  boundaries  (IDBs),  also  known  as  antiphase  boundaries  (APBs).**  These 
defects  may  be  caused  by  the  20X  lattice  mismatch  between  the  Si  and  SiC,  or 
perhaps  by  the  nucleation  process.  Further  work  demonstrated  that  the  IDBs 
could  be  eliminated  Iw  using  vicinal  (001)  Si  substrates  with  tilt  angles  in 
the  range  0.5°  to  4°."'**  But,  this  did  not  eliminate  the  stacking  faults  and 
other  defects;  hence,  devices  fabricated  from  these  3C  films  have  not  achieved 
satisfactory  performance. 

In  order  to  eliminate  the  problems  caused  by  a  large  lattice  mismatch. 
Tie,  (less  than  1*  mismatch)  substrates  were  investigated.^  Somewhat  improved 
growth  was  reported,  but  great  difficulties  in  producing  defect-free  single¬ 
crystal  Tie,  has  hindered  its  use  as  a  substrate  for  SiC  growth. 

The  remainder  of  this  paper  will  describe  only  results  achieved  using  SiC 
substrates. 


Thin  Film  Growth  on  6H-SiC  Substrates 

Early  SiC  CVD  processes,  usino  Acheson  or  Lely  crystals,  typically 
required  temperatures  above  1550°C."’^°  This  growth  was  carried  out  on  the 
(0001)  SiC  basal  plane,  either  the  Si  face  or  C  face.  In  1973,  it  was  found 
that  6H-SiC  could  be  grown  on  6H-SiC  in  the  temperature  range  1320-1390^  when 
the  growth  direction  was  perpendicular  to  the  [0001]  direction."  The 
significance  of  this  "90°-off-axis"  was  not  appreciated  until  much  later. 
Recently,  (1)  3C-SiC  films  were  achieved  on  the  basal  planes  of  6H-SiC  in  the 
range  1350-1550°C,“'”  and  (2)  6H-SiC  films  were  achieved  on 
substrates  that  were  oriented  several  degrees  off  the  basal  plane. All 
of  the  above  growth  results  were  achieved  on  Acheson  or  Lely  crystals.  More 
recently,  high  quality  6H-SiC  films  were  also  grown  on  "off-axis"  6H-SiC  wafers 
that  were  produced  from  sublimation-grown  boules.** 


Epitaxial  Growth  Models 

To  explain  the  success  of  the  6H  CVD  at  lower  temperatures  using  "off- 
axis"  6H-SiC  substrates,  a  model  was  suggested”’”  whereby  the  density  of 
atomic-scale  steps  on  a  vicinal  (0001)  6H  substrate  determines  the  polytype  of 
the  grown  film.  Refer  to  Fig.  3,  a  schematic  cross-sectional  view  of  a  vicinal 
(0001)  SiC  crystal.  The  step  density  increases  and  the  width  of  terraces 


Fig.  3.  Vicinal  (0001)  a-SiC  substrate  showing  surface  growth  steps. 
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between  steps  decreases  as  the  tilt  angle  of  the  growth  surface  increases. 
According  to  the  model,  at  tilt  angles  greater  than  1.5°,  arriving  Si  and  C 
atoms  can  easily  migrate  to  steps  where  lateral  growth  occurs  parallel  to  the 
basal  plane.  In  this  case,  grown  films  assume  the  ABCACB...  stacking  sequence 
of  the  6H  substrate.  However,  at  smaller  tilt  angles  (i.e.  <  1.5°),  terraces  are 
larger  and  migration  of  Si  and  C  atoms  to  the  steps  is  less  likely.  Instead, 
nucleation  of  3C  occurs  on  the  terraces.  Depending  on  which  terrace  is  the  site 
of  nucleation,  either  the  ABC...  or  the  ACB...  stacking  sequence  of  the  3C 
polytype  can  occur.  Coalescence  of  islands  of  both  sequences  create  the  double 
positioning  boundaries  (DPBs)  that  are  commonly  seen  in  3C  films  grown  on  6H 
substrates.  Also  according  to  the  model,  6H  films  are  achieved  on  the  as-grown 
faces  of  Lely  6H  crystals  (very  low  tilt  angles)  at  }800°C  because  surface 
migration  is  more  active  and  the  Si  and  C  atoms  reach  the  growth  s^os. 

Recent  results  at  NASA  Lewis”  demonstrate  that  the  above  model“’“  is  not 
sufficient  to  explain  the  control  of  polytype  in  the  CVD  growth  on  low-tilt- 
angle  vicinal  (0001)  6H-SiC  substrates.  In  these  results,”  6H  films  were  grown 
on  vicinal  (0001)  6H  substrates  with  tilt  angles  as  small  as  0.1°.  In  addition, 
3C  growth  was  intentionally  produced  on  the  low-tilt-angle  substrates  by 
introducing  dislocations  in  the  substrates  with  a  diamond  scribe.  The  3C  growth 
proceeded  laterally  from  the  point  of  intentional  nucleation  in  a  direction 
perpendicular  to  the  growth  steps.  An  essential  part  of  this  new  result  was  a 
pregrowth  etch  that  eliminated  all  sites  of  unwanted  3C  nucleation.  A  new 
growth  model”  that  explains  the  growth  of  SiC  polytypes  on  vicinal  (0001)  SiC 
substrates  is  as  follows.  At  moderate  CVD  growth  temperatures  (1300  to  1500°C), 
Si  and  C  atoms  can  migrate  to  surface  steps  where  lateral  growth  occurs  even 
at  tilt  angles  as  small  as  0.1°.  In  this  case,  the  film  will  be  the  same 
polytype  as  the  substrate.  If  there  are  defect  sites  on  the  surface  (e.g. 
dislocations,  contamination,  etc.),  then  3C  will  nucleate  at  these  sites 
because  3C  is  the  more  stable  polytype  at  these  lower  temperatures.  Evidently, 
atomic  steps  play  the  dominant  role  in  controlling  polytype  formation  at  larger 
tilt  angles  (e.g.  >  1.5°),  and  defects  are  dominant  at  smaller  angles. 


Thin  Film  Growth  on  Low-Tilt-Anole  Vicinal  (00011  6H-SiC  Wafers 

Based  on  the  new  growth  model”  described  in  the  previous  section,  3C 
films  with  significantly  reduced  defect  density  have  been  grown  on  6H 
substrates.’  The  following  is  a  summary  of  this  process.  Vicinal  (0001)  6H 
substrates,  with  tilt  angles  in  the  range  0.1°  to  0.5°,  were  cut  from  commercial 
wafers.”  The  surface  of  the  substrates  were  divided  into  1-mm-square  mesas  with 
a  dicing  saw  as  shown  in  Fig.  4.  The  tilt  direction  was  along  a  diagonal  with 
highest  atomic  plane  at  the  upper  right  of  each  mesa. 
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Fig.  4.  6H-SiC  substrate 
(0.5°  tilt  angle)  with  I-mm- 
square  mesas.  Dark  regions 
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Prior  to  growth,  the  6H  substrates  were  subjected  to  an  HCl\Hj  gaseous 
etch  at  1375°C  for  25  min  to  remove  unwanted  3C  nudeation  sites.  The  substrates 
were  then  removed  from  the  growth  chamber  and  exposed  a  non-clean  laboratory 
environment.  They  were  then  returned  to  the  growth  chamber.  The  SiC  films  were 
grown  at  atmospheric  pressure  using  silane  and  propane  as  the  sources  of  Si  and 
C,  respectively.  The  resulting  8-pm-thick  film,  shown  in  Fig.  4,  was  oxidized 
to  distinguish  the  3C  and  6H  regions.  Differences  in  oxidation  rates  produce 
contrasting  interference  colors  between  3C  and  6H. 

A  SiC  film  grew  uniformly  in  thickness  on  each  mesa.  Initial  growth  was 
mostly  6H.  It  is  presumed  that  this  growth  was  due  to  lateral  growth  from 
atomic  steps  on  the  surface.  In  many  of  the  mesas,  3C  nucleated  on  the  highest 
atomic  plane  (upper  right  in  Fig.  4)  and  then  grew  laterally  over  the  mesa  fro>.. 
3C  steps  generated  at  this  point.  In  this  case,  the  extent  of  lateral  growth, 
was  consistent  with  the  amount  of  vertical  growth  (8  pm)  and  the  tilt  angle  of 
0.5°.  Host  of  the  3C  regions  were  free  of  DPBs  and  had  a  reduced  density  of 
stacking  faults  compared  to  previous  3C  growth  on  BH.  As  yet,  we  don't  fully 
understand  the  3C  nudeation  process,  but  believe  that  contamination  plays  a 
role  in  this  case. 

It  is  hoped  that  this  process  will  be  the  basis  for  producing  useful  3C 
devices. 


DEVICE  FABRICATION  TECHNOLOGY 

Much  of  the  technology  required  to  produce  working  electronic  circuits 
in  SiC  is  directly  importable  from  well -developed  silicon  processing 
technologies.  Hence,  the  jump  to  higher  levels  o'  integration  should  not  be 
exceedingly  difficult  after  individual  SiC  devices  are  mastered.  Standard 
techniques  for  photolithographic  pattern  definition  and  material  (dielectrics, 
metals,  etc.)  deposition  are  directly  applicable  to  the  fabrication  of  SiC 
device  structures.  Doping  of  3C  and  6H  epilayers  to  achieve  n-  and  p-type 
material  can  be  controlled  during  epitaxial  growth,  so  a  variety  of  device 
structures  can  be  produced  in  a  relatively  straightforward  manner. 

Patterned  doping  of  SiC  can  be  accomplished  through  ion  implantation,  but 
this  is  usually  carried  out  at  elevated  substrate  temperatures  to  achieve 
proper  dopant  activation.*'  Diffusion  of  dopants  into  SiC  is  not  practical  as 
diffusion  coefficients  are  negligible  at  temperatures  below  1800°C;  however, 
this  property  is  actually  an  advantage  during  high-temperature  operation 
because  dopants  will  not  redistribute. 

The  inherent  mechanical  strength  of  SiC  helps  prevent  wafer  breakage 
during  processing,  but  its  chemical  inertness  precludes  the  use  of  conventional 
wet  etching  at  room  temperature.  Satisfactory  etching  of  SiC  is  accomplished 
primarily  by  reactive  ion  etching  {RIE).‘‘ 


BASIC  SiC  DEVICE  STUDIES 

6H-SiC  appears  to  be  the  most  attractive  polytype  for  developing  useful 
electronic  circuits  at  this  time,  but  this  is  simply  because  current  crystal 
growth  techniques  produce  substantially  higher  quality  6H  material  than  other 
SiC  polvtypes.  With  unintentional  background  carrier  concentrations  in  the 
mid-io’’ cm'^  range  being  grown,”  the  quality  of  epitaxial  6H-SiC  is  sufficient 
to  permit  fabrication  of  discrete  devices  and  small  integrated  circuits. 

A  variety  of  junctions  are  the  fundamental  building  blocks  of  any 
semiconductor  technology,  especially  as  it  pertains  to  transistor  performance. 
JFET's  (Junction  Field  Effect  Transistors)  and  BJT's  (Bipolar  Junction 
Transistors)  rely  on  p-type  to  n-type  Junctions  (i.e.,  pn  junctions);  MESFET's 
(Metal  Semiconductor  Field  Effect  Transistors)  rely  on  rectifying 
metal -semiconductor  junctions  (i.e.,  Schottky  junctions);  MOSFET's  rely  on 
insulator-semiconductor  junctions,  and  all  of  these  devices  require  ohmic 
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contact  junctions.  It  follows  that  the  ultimate  performance  capabilities  of 
these  transistors  are  largely  dependent  on  the  ability  to  form  junctions  with 
desirable  characteristics.  Although  research  into  the  optimization  of  SiC 
junction  gualities  is  far  from  mature,  a  variety  of  early  experimental  6H-SiC 
devices  have  produced  some  tantalizing  results. 


Curreni, 

mA 


Voltage. 

V 


Fig.  5.  IV  characteristics  of  6H-SiC  pn  junction  diode  tested  at  room 
temperature. 


In  the  case  of  the  pn  junction,  low  leakage  currents  and  high  reverse 
breakdown  voltages  are  desirable  in  most  applications.  Figure  5  shows  the 
room- temperature  current  vs.  voltage  (I-V)  characteristic  of  a  pn  junction 
diode  fabricated  in  epitaxially  grown  6H  SiC.^  The  V,,  >  1000  V  at  the 

doping  level  of  2  x  lO’*  cm’  for  the  diode  n-region  demonstrates  the 
significantly  higher  breakdown  field  enjoyed  by  6H-SiC  over  Si  and  GaAs  (Table 
I).  This  10-fold  increase  in  field  strength  for  SiC  theoretically  translates 
into  considerable  improvements  in  the  characteristics  and  operating  regime  of 
many  power  semiconductor  devices.”  General  semiconductor  device  physics 
suggests  that  the  large  bandgap  (small  intrinsic  carrier  concentration)  of  SiC 
should  lead  to  greatly  reduced  pn  junction  leakage  currents.  Gardner  et  al 
have  reported  6H-SiC  pn  junction  leakages  which  are  orders  of  magnitude  smaller 
than  leakages  reported  in  similar  GaAs  structures. 

Besides  the  inherent  material  properties  outlined  previously,  perhaps  one 
of  silicon  carbide's  biggest  assets  is  its  ability  to  thermally  grow  a 
passivating  native  oxide  just  like  silicon.  When  SiC  is  thermally  oxidized  it 
produces  SiO^,  the  same  insulator  that  is  produced  when  pure  silicon  is 
thermally  oxidized.  The  importance  of  this  SiC  property  should  not  be 
underestimated  as  the  majority  of  all  integrated  circuits  (IC's)  are  based  on 
the  Si-SiOj  HOSFET  (Metal  Oxide  Semiconductor  Field  Effect  Transistor)  --  a 
device  which  relies  on  thermally  grown  silicon  dioxide.  Unfortunately  the  SiC 
MOS  devices  reported  to  date  suffer  from  the  same  major  problem  that  faced 
silicon  MOS  devices  in  the  1960's:  interface  states.  Dangling  bonds  and  surface 
disorder  at  the  semiconductor- insulator  boundary  give  rise  to  electrically 
active  defect  states.  These  defect  states  hinder  the  ability  of  the  MOSFET  to 
carry  current  (because  of  decreased  channel  carrier  mobilities),  and  cause 
charge  trapping  that  results  in  undesirable  threshold  voltage  instability.  It 
should  be  noted  that  these  interface  states  al^  play  a  role  in  the 
characteristics  of  SiC  pn  junctions,  as  Gardner  et  al witnessed  a  substantial 
change  in  reverse  leakage  as  a  function  of  sidewall  oxide  quality. 

Early  experiments  have  suggested  that  SiC  devices  are  inherently  more 
radiation  tolerant  than  comparable  silicon  devices,”  but  wider  ranging 
radiation  tolerance  studies  are  currently  being  undertaken. 
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DRAIN  VOLTaDE  iV) 


Fig.  6.  Drain  IV  characteristics  of  an  i vers ion -mode  6H-SiC  HOSFET  tested  at 
650°C.  (Courtesy  of  Cree  Research  Inc.) 


SiC  TRANSISTORS:  CURRENT  PERFORMANCE  ISSUES 

Experimental  JFET's,  MOSFET's  (Fig.  6),  HESFET's,  and  BJT's  have  been 
fabricated  in  single  crystal  6H-SiC,  and  basic  operation  of  these  devices  at 
temperatures  as  high  as  650°C  has  been  demonstrated.  No  other  semiconductor 
material  has  shown  transistor  operation  at  this  temperature.  However,  these 
devices  exhibit  several  significant  shortcomings  which  point  out  fundamental 
challenges  that  remain  to  be  solved  if  SiC  is  to  emerge  as  a  truly  superior 
semiconductor  for  high-temperature,  high-radiation,  and/or  high-power 
applications. 

At  eSO’C,  the  operational  lifetime  of  these  SiC  transistors  is  typically 
less  than  V  hour.  This  limitation  is  strictly  due  to  failure  of  non-optimized 
ohmic  contact  metallizations,  and  it  is  not  due  to  any  limitations  of  the  SiC 
semiconductor  itself.  Reliable  contacts  to  SIC  have  been  demonstrated  for  SSO'C 
operation,  but  a  crucial  area  of  continued  research  is  to  develop  ohmic 
contacts  that  will  remain  stable  at  temperatures  approaching  600°C  and  beyond. 
The  progress  that  is  made  in  obtaining  reliable  high-temperature  contacts  will 
largely  dictate  the  operational  temperature  ceiling  of  SiC  electronics.  Work 
is  also  progressing  on  reducing  parasitic  contact  resistances  (currently  above 
10'^  ohm-cm^),  which  could  limit  the  current  carrying  capability  of  SiC 
transistors. 

The  overall  performance  of  many  SiC  transistors  reported  to  date 
(particularly  MOSFET's)  is  also  hindered  by  the  non-optimal  quality  of  the 
SiC-SiO,  interface  discussed  previously.  If  one  draws  upon  the  historical 
parallel  with  silicon  MOS  technology,  it  stands  to  reason  that  the  performance 
of  SiC  MOSFET's  should  improve  substantially  when  interface  state  densities  are 
reduced  from  their  current  levels  of  10'^'  ’  cm'^  to  the  10'°  cm"'  densities  found 
in  modern  silicon  MOSFET's.  Substantial  progress  towards  this  end  has  been  made 
very  recently,  as  Brown  et.  al.*’  reported  the  ficjt  SiC-SiOj  MOS  capacitors 
with  interface  state  densities  of  less  than  5  x  10'°  cm'^. 


SiC  PROSPECTS 

Tremendous  strides  have  been  made  in  the  development  of  SiC  as  a 
semiconductor  for  high-temperature,  high-radiation,  and/or  high-power 
electronic  applications.  However,  some  crucial  issues  remain  to  be  solved 
before  the  true  performance  potential  of  SiC  electronics  can  be  realized.  Since 
wafer  size,  defect  density,  and  background  carrier  cc.icentration  strongly 
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influence  the  scale,  yield,  and  capability  of  semiconductor  circuits  and 
devices,  advancements  in  bulk  and  epilayer  crystal  growth  will  continue  to 
profoundly  impact  the  development  of  SiC  electronics.  Clearly,  improvements 
need  to  be  made  in  the  areas  of  contact  metallization  and  SiC-SiOj  HOS 
properties.  It  is  the  authors'  opinion  that  the  resolution  of  these  key  issues 
and  subsequent  development  of  SiC  into  Integrated  electronics  will  be 
substantially  accelerated  by  the  vast  knowledge  base  that  has  been  accumulated 
in  silicon  IC  technology. 


REFERENCES 

1.  Silicon  Carbide.  A  Hioh  Temperature  Semiconductor,  edited  by  J.  R. 
O'Connor  and  J.  Smiltens,  (Pergamon,  New  York,  1960). 

2.  Silicon  Carbide-1968,  edited  by  H.  K.  Henisch  and  R.  Roy,  (Pergamon,  New 
York,  1969). 

3.  Silicon  Carbide-1973,  edited  by  R.  C.  Marshall,  J.  W.  Eaust,  and  C.  E. 
Ryan,  (University  of  South  Carolina  Press,  Columbia,  South  Carolina, 
1974). 

4.  Amorphous  and  Crystalline  Silicon  Carbide,  ed.  by  G.  L.  Harris  and  C.  Y.- 
W.  Yang,  Springer  Proceedings  in  Physics,  Vol.  34  (Springer-Verlag 
Berlin,  Heidelberg,  1989). 

5.  Amorphous  and  Crystalline  Silicon  Carbide  11.  ed.  by  H.  M.  Rahmann,  C. 
Y.-H.  Yang,  and  G.  L.  Harris,  Springer  Proceedings  in  Physics,  Vol.  43 
(Springer-Verlag  Berlin,  Heidelberg,  1989). 

6.  R.  F.  Oavis  and  J.  T.  Glass,  in  Advances  in  Solid-State  Chemistry.  Vol. 
2  (JAI  Press  Ltd.,  1991)  pp.  1-111. 

7.  R.  F.  Oavis,  G.  Kelner,  M.  Shur,  J.  H.  Palmour,  and  J.  A.  Edmond,  Proc. 
I.E.E.E.,  79(5),  677  (1991). 

8.  N.  W.  Jepps  and  T.  F.  Page,  in  Progress  in  Crystal  Growth  and 
Characterization.  Vol.  7,  ed.  by  P.  Krishna  (Pergamon,  Oxford,  1983),  p. 
259. 

9.  A.  Johnson,  RCA  Review,  26,  163  (1965). 

10.  R.  H.  Keyes,  in  Silicon  Carbide  1973.  ed.  by  R.  C.  Marshall,  J.  W.  Faust, 
and  C.  E.  Ryan  (University  of  South  Carolina  Press,  Columbia,  South 
Carolina,  1974),  p.  534. 

11.  Cree  Research,  Inc.,  Durham,  NC  27713,  USA. 

12.  W.  F.  Knippenberg,  Philips  Res.  Repts.  18,  161  (1963). 

13.  J.  A.  Lely,  Ber.  Dt.  Keram.  Ges.  32,  229  (1955). 

14.  Y.  M.  Tairov  and  V.  F.  Tsvetkov,  J.  Cryst.  Growth  43,  209  (1978). 

15.  Y.  M.  Tairov  and  V.  F.  Tsvetkov,  J.  Cryst.  Growth  52.  146  (1981). 

16.  G.  Ziegler,  P.  Lanig,  0.  Theis,  and  C.  Heyrich,  I.E.E.E.  Trans.  Electron 
Devices  ED-30,  277  (1983). 

17.  K.  Koga,  T.  Nakata,  Y.  Ueda,  Y.  Matsushita,  and  Y.  Fujikawa,  in  Extended 
Abstracts  of  the  1989  Fall  Meeting  of  the  Electrochemical  Society. ( 1989) , 
p.689. 

18.  0.  L.  Barrett,  R.  G.  Seidensticker,  U.  Gaida,  R.  H.  Hopkins,  and  W.  0. 
Choyke,  J.  Cryst.  Growth  109,  17  (1991). 

19.  M.  Kanaya,  J.  Takahashi,  Y.  Fujiwara,  and  A.  Horitani,  Appl .  Phys.  Lett. 
58,  56  (1991). 

20.  S.  Nishino,  J.  A.  Powell,  and  H.  A.  Hill,  Appl.  Phys.  Lett.  42,  460 

(1983). 

21.  P.  Liaw  and  R.  F.  Oavis,  J.  Electrochem.  Soc.  132,  642  (1985). 

22.  P.  Pirouz,  C.  M.  Chorey,  and  J.  A.  Powell,  Appl.  Phys.  Lett.  50,  221 

(1987). 

23.  K.  Shibahara,  T.  Salto,  S.  Nishino,  and  H.  Hatsunami,  I.E.E.E.  Electron 
Dev.  Lett.  EDL-7,  692  (1986). 

24.  J.  A.  Powell,  L.  G.  Matus,  M.  A.  Kuczmarski,  C.  M.  Chorey,  T.  Cheng,  and 
P.  Pirouz,  Appl.  Phys.  Lett.  51,  823  (1987). 

25.  0.  D.  Parsons,  in  Proc.  Mats.  Res.  Soc.  Svmp..  Vol  97,  271  (1987). 


505 


26.  R.  B.  Campbell  and  T.  L.  Chu,  J.  Electrochem.  Soc.  113,  825  (1966). 

27.  W.  V.  Huench  and  I.  Pfaffeneder,  Thin  Solid  Films  31,  39  (1976). 

28.  S.  Nishino,  H.  Matsunami,  and  T.  Tanaka,  J.  Crystal  Growth,  45,  144 
(1978). 

29.  J.  A.  Powell  and  H.  A.  Will,  J.  Appl.  Phys.  44,  177  (1973). 

30.  H.  S.  Kong,  J.  T.  Glass,  and  R.  F.  Davis,  Appl.  Phys.  Lett.  49,  1074 

(1986). 

31.  H.  S.  Kong,  H.  J.  Kim,  J.  A.  Edmond,  J.  W.  Palmour,  J.  Ryu,  C.  H.  Carter, 

Jr.,  and  R.  F.  Davis,  in  Materials  Research  Society  Symposium 

Proceedings,  edited  by  T.  Aselage,  0.  Emin,  and  C.  Wood  (Materials 
Research  Society,  Pittsburgh,  PA,  1987),  Vol.  97,  p.  233. 

32.  N.  Kuroda,  K.  Shibahara,  W.  Yoo,  S.  Nishino,  and  H.  Matsunami,  Extended 
Abstracts  19th  Conf.  on  Solid  State  Devices  and  Materials.  Tokyo,  1987, 
pp.  227. 

33.  H.  Matsunami,  K.  Shibahara,  N.  Kuroda,  and  S.  Nishino,  in  Amorphous  and 
Crystalline  Silicon  Carbide,  ed.  by  G.  L.  Harris  and  C.  Y.-W.  Yang, 
Springer  Proceedings  in  Physics,  Vol.  34  (Springer-Verlag  Berlin, 
Heidelberg,  1989),  pp.  34-39. 

34.  H.  S.  Kong,  J.  T.  Glass,  and  R.  F.  Davis,  J.  Hater.  Res.  4,  204  (1989). 

35.  J.  A.  Powell,  D.  J.  Larkin,  L.  G.  Matus,  W.  J.  Choyke,  J.  L.  Bradshaw, 

L.  Henderson,  M.  Yoganathan,  J.  Yang,  and  P.  Pirouz,  Appl.  Phys.  Lett. 
56,  1353  (1990). 

36.  H.  S.  Kong,  J.  T.  Glass,  and  R.  F.  Davis,  J.  Appl.  Phys.  64,  2672  (1988). 

37.  T.  Ueda,  H.  Nishino,  and  H.  Matsunami,  J.  Cryst.  Growth  104,  695  (1990). 

38.  J.  A.  Powell,  D.  J.  Larkin,  L.  G.  Matus,  W.  J.  Choyke,  J.  L.  Bradshaw, 

L.  Henderson,  M.  Yoganathan,  J.  Yang,  and  P.  Pirouz,  Appl.  Phys.  Lett. 
56,  1442  (1990). 

39.  J.  A.  Powell,  J.  B.  Petit,  J.  H.  Edgar,  1.  G.  Jenkins,  L.  G.  Matus,  J. 

W.  Yang,  P.  Pirouz,  W.  J.  Choyke,  L.  Clemen,  and  M.  Yoganathan,  Appl. 

Phys.  Lett.  59,  333  (1991). 

40.  J.  A.  Powell,  D.  J.  Larkin,  J.  B.  Petit,  and  J.  H.  Edgar,  presented  at 
the  4th  International  Conference  on  Amorphous  and  Crystalline  Silicon 
Carbide  and  Other  IV-IV  Materials,  Santa  Clara,  CA,  10-11  October  1991 
(Proceedings  to  be  published  by  Springer-Verlag). 

41.  J.  A.  Edmond,  S.  P.  Withrow,  W.  Wadlin,  R.  F.  Davis,  in  Proc.  Mats.  Res. 
Soc.  Svmo..  Vol.  77,  193  (1987). 

42.  W.  S.  Pan  and  A.  J.  Steckl.,  J.  Electrochem.  Soc.  137,  212  (1990). 

43.  J.  W.  Palmour,  J.  A.  Edmond,  H.  S.  Kong,  and  C.  H.  Carter,  Jr.,  presented 

at  the  4th  International  Conference  on  Amorphous  and  Crystalline  Silicon 
Carbide  and  Other  IV-IV  Materials,  Santa  Clara,  CA,  10-11  October  1991 
(Proceedings  to  be  published  by  Springer-Verlag). 

44.  L.  G.  Matus,  J.  A.  Powell,  and  C.  S.  Salupo,  Appl.  Phys.  Lett.  59(14), 
1770  (1991). 

45.  B.  J.  Baliga,  presented  at  the  4th  International  Conference  on  Amorphous 
and  Crystalline  Silicon  Carbide  and  Other  IV-IV  Materials,  Santa  Clara, 
CA,  10-11  October  1991  (Proceedings  to  be  published  by  Springer-Verlag). 

46.  Gardner,  C.  T.,  J.  A.  Cooper,  Jr.,  M.  R.  Melloch,  J.  W.  Palmour,  and  C. 
H.  Carter,  Jr.,  presented  at  the  4th  International  Conference  on 
Amorphous  and  Crystalline  Silicon  Carbide  and  Other  IV-IV  Materials, 
Santa  Clara,  CA,  10-11  October  1991  (Proceedings  to  be  published  by 
Springer-Verlag). 

47.  H.  Yoshikawa,  H.  Itoh,  Y.  Morita,  1.  Nashiyama,  S.  Misawa,  H.  Okumura, 
and  S.  Yoshida,  J.  Appl.  Phys.  70(3),  1309  (1991). 

48.  R.  F.  Davis,  G.  Kelner,  H.  Shur,  J.  W.  Palmour,  and  J.  A.  Edmond,  Proc. 
IEEE,  79(5),  677  (1991). 

49.  0.  M.  Brown,  M.  Ghezzo,  J.  Kretchmer,  E.  Downey,  T.  Gorczya,  R.  Saia,  J. 
Edmond,  J.  Palmour,  C.  H.  Carter,  Jr.,  G.  Gati,  S.  Dasgupta,  J.  Pimbley, 
and  P.  Chow,  presented  at  the  Government  Microcircuits  Applications 
Conference,  Orlando,  FL,  5-7  November  1991. 


THE  ORIGIN  OF  POLYTYPES  IN  SiC  AND  ZnS 


VOLKER  HEINE*,  C.  CHENG+  G.E.  ENGEL  AND  R  J.  NEEDS* 

*Cavendish  Laboratory,  Madingley  Road,  Cambridge  CB3  OHE,  England 

+Now  at  Physics  Department,  Cheng-Kung  University,  Tainan,  Taiwan 

ABSTRACT 

Both  SiC  and  ZnS  exist  in  the  cubic  diamond-like  (zinc  blende) 
structure.  A  polytype  is  derived  from  the  cubic  stacking  of  atomic 
double  layers  by  having  a  regularly  repeated  pattern  of  stacking  faults. 
Dozens  of  such  polytypes  are  known  for  SiC  and  ZnS. 

A  study  with  several  co-workers  has  been  completed  into  the  origin 
of  this  phenomenon.  Are  the  polytypes  genuine  stable  phases  frozen  in 
from  some  higher  equilibrium  temperature?  Or  are  they  inherently 
metastable  structures  born  of  some  growth  mechanism? 

Quantum  mechanical  calculations  have  shown  that  SiC  polytypes 
formed  from  bands  of  2  and  3  cubically  stacked  layers  have  a  lower 
energy  than  other  structures,  in  particular  lower  than  the  cubic  or 
wurtzite  structures.  That  already  suggests  that  the  polytypes  can  be 
stable  phases.  Further  calculations  of  the  phonon  free  energy  and 
relaxation  of  the  bond  lengths  rounds  out  the  phase  diagram.  In  this 
connection  it  is  somewhat  surprising  that  the  material  normally  grows 
initially  in  the  metastable  cubic  modification,  transforming  subsequently 
to  a  mixture  of  polytypes,  but  the  calculations  also  suggest  why  this  is  so. 

The  answers  for  ZnS  turn  out  to  be  different  from  those  for  SiC. 


1 .  INTRODUCTION 

The  purpose  of  this  review  is  to  summarise  the  results  of  a  lengthy 
research  project  by  several  people  |1-23|  concerning  the  origin  of 
polytypes  in  silicon  carbide  and  to  a  lesser  extent  zinc  sulphide.  It  will 
be  assumed  that  this  audience  will  know  what  is  meant  by  polytypes 
and  the  common  notation  for  them,  but  a  description  may  be  found  in 
several  of  the  main  references  (7,  II,  12).  Rather  fuller  reviews  than  the 
present  one  are  contained  in  references  [13,  16,  18,  21):  more  extensive 
references  will  be  found  there  and  in  the  original  research  articles. 

The  basic  issue  is  whether  polytypes  can  be  regarded  as  equilibrium 
structures,  i.e.  as  stable  phases  at  some  (presumably)  high  temperature  T 
from  which  they  have  been  quenched.  In  the  following  we  shall  confine 
our  remarks  to  SiC,  returning  to  ZnS  in  section  S.  The  structural 
transformation  of  SiC  is  so  slow  at  all  but  the  highest  temperatures  that 
no  proper  phase  diagram  exists  [24,  25  and  further  references  there). 
The  alternative  view  is  that  all  the  polytypes  except  one  (presumably 
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the  cubic)  are  only  metastable  at  all  T,  the  result  of  certain  growth 
processes.  Since  the  existence  of  a  material  implies  growth  of  some  kind, 
the  question  of  growth  kinetics  cannot  be  left  out  entirely.  But  the 
results  of  our  study  are  that  the  cubic  (3C)  SiC  is  not  the  stable  phase  at 
any  T  below  the  sublimation  point  at  2S00‘’C.  That  incidentally  raises 
the  interesting  question  of  why  it  forms  so  commonly,  which  will  be 
addressed  in  section  4.  Instead  we  find  that  6H,  and  probably  4H  and 
ISR,  are  stable  phases  at  some  T,  and  we  suggest  a  phase  diagram 
(sections  2.1  and  2.2).  We  can  only  make  some  speculative  remarks 

about  the  higher  polytypes  (section  2.3)  but  two  features  may  be 
susceptible  to  experimental  study.  Even  if  kinetics  determine  the  final 
outcome  of  a  growth  process,  the  material  must  presumably  be 

reasonably  close  to  being  a  stable  phase  for  it  to  form  at  all  at  high  T.  In 

section  3  we  consider  what  can  be  said  from  our  calculations  about  the 

physical  basis  for  polytypes  and  its  relation  to  other  properties  such  as 
magic  angle  spinning  (MAS)  nuclear  magnetic  resonance  (NMR). 

Our  study  used  ab  initio  quantum  mechanical  calculations  of  the 
total  energy  (6,  7,  9,  12].  We  first  computed  the  energy  differences  of 
idealised  polytypes  at  T=0  with  perfect  tetrahedral  bonding.  We  then 
calculated  the  relaxations  from  such  idealised  structures.  To  obtain  the 
free  energies  at  higher  T  we  needed  the  phonon  spectra  which  were  also 
derived  from  such  ab  initio  calculations  in  the  absence  of  sufficient 
experimental  information  (8,  9). 


2.  RESULTS  ON  SiC  POLYTYPES 


2.1  First  approximation:  energy  at  T=0 

Our  calculated  relative  energies  at  T=0  of  the  main  SiC  polytypes  3C. 
6H,  4H  and  2H  are  shown  in  figure  1,  with  those  for  Si  and  ZnS  for 
comparison  as  discussed  in  sections  3  and  5.  We  see  that  6H  and  4H 
have  the  lowest  energy,  equal  within  the  accuracy  of  our  calculations 
(-0.5  meV  per  SiC  pair  of  atoms).  The  3C  structure  has  significantly 
higher  energy  (-1.5  meV  per  SiC  pair).  The  2H  energy  is  much  higher, 
consistent  with  it  being  formed  only  under  special  conditions  in  the 
presence  of  boron.  We  first  calculated  the  energies  of  the  idealised 
structures  with  perfect  tetrahedral  bonding  and  with  bond  lengths  equal 
to  that  of  the  cubic  structure  (6,7J.  We  also  calculated  the  relaxation 
energies  of  the  non-cubic  polytypes  from  the  idealised  form,  involving 
relaxation  of  bond  angles,  bond  lengths  and  lattice  constants  |I2].  The 
relaxation  energies  are  of  order  I  meV  and  are  included  in  figure  I. 

We  see  already  at  this  level  of  approximation  that  one  of  the 
polytypes  4H  or  6H  is  the  stable  structure  at  T=0  and  that  both  may  be 
stable  at  different  ranges  of  T.  The  same  presumably  applies  also  to  I5R 
and  all  other  polytypes  consisting  of  bands  of  2  or  3  cubically  stacked 
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Figure  1.  The  relative  energies  of  various  polylypes  as  obtained  by 
ab  initio  calculations  at  T=0  for  Si,  SiC  and  ZnS. 

layers,  since  these  are  intermediate  structures  between  4H  and  6H,  At 
the  coarsest  level  of  approximation,  this  already  'explains'  the  existence 
of  polytypes  and  why  they  consist  of  2-layer  and  3-layer  bands. 


The  phonon  spectra  of  the  various  polytypes  will  be  different 
because  of  the  difference  in  structure.  This  will  result  in  differences  in 
their  phonon  free  energies,  and  these  differences  will  vary  with 
temperature,  thus  opening  up  the  possibility  of  phase  transitions  if  the 
total  free  energy  difference  changes  sign.  We  write  the  total  free  energy 
difference  as 


G4h(T)  -  G6H(T)  =  (E4H  -  E6h)  +  (G4H  -  GfiHlphoPon- 


(1) 
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where  the  first  bracket  on  the  right  is  the  energy  difference  at  T=0  and 
the  second  bracket  derives  from  the  phonons  including  the  phonon  zero- 
point  energy. 

Evaluating  the  phonon  free  energies  was  a  multi-step  process.  First 
a  rather  complete  picture  of  the  phonon  spectrum  of  the  cubic  structure 
was  obtained  by  ab  initio  calculation  of  the  frequencies  and  phonon 
eigenvectors  at  several  points  in  the  Brillouin  zone  [9].  This  spectrum 
was  analysed  in  terms  of  a  shell  model  known  to  give  good  results  for 
other  tetrahedrally  coordinated  semiconductors  [8].  The  shell  model  in 
turn  was  applied  to  the  various  polytypes  to  give  their  phonon  spectra, 
from  which  the  phonon  free  energies  were  then  computed  [10,  11). 

The  main  result  is  that 


(G4H-G6H)phonon  (2) 

is  positive  and  increasing  with  T,  being  of  order  0.1  meV  per  SiC  pair  at 
21(X)°C.  This  indicates  that  6H  will  tend  to  be  the  stable  phase  at  high  T, 
as  is  consistent  with  most  experiments  (24,  25].  We  cannot  be  more 
precise  because  we  do  not  know  the  value  of  the  first  bracket  in  (1) 

E4H-E6H.  (3) 

We  know  it  is  zero  within  the  accuracy  (-  0.5  meV  per  SiC  pair)  of  the  ab 
initio  calculations  of  section  2.1,  but  need  to  know  it  more  precisely  to 
construct  a  phase  diagram.  Since  4H  is  the  most  commonly  observed 
phase  after  3C  and  6H,  and  since  according  to  some  authors  it  is  more 
prevalent  at  lower  temperatures  [24,  25).  we  consider  it  reasonable  to 
suppose  that  the  difference  (3)  is  negative  and  of  magnitude  -0.1  meV 
per  SiC  pair.  Then  the  free  energy  difference  (1)  goes  through  zero  at  Tq 
=  2100°C,  with  4H  being  stable  relative  to  6H  at  temperatures  below  To 
and  the  reverse  above  To  [11).  We  can  begin  to  construct  a  phase 
diagram  as  shown  in  figure  2,  but  we  emphasise  that  it  does  depend  on 
our  assumption  about  the  precise  value  of  (3). 
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Figure  2.  Suggested  phase  diagram  for  SiC. 
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We  have  also  considered  the  next  more  complex  polytype  I5R, 
or<23>  in  the  Zhdanov  notation.  Analysis  of  the  ab  initio  calculated 
energies  of  five  polytypes  [7],  plus  some  theoretical  considerations  [IS|. 
suggest  that  the  energy  of  ISR  is  simply  a  linear  interpolation  between 
the  energies  of  4H  and  6H,  apart  from  the  small  relaxation  energies 
which  are  a  bit  more  complicated  but  have  also  been  calculated  [12], 
We  can  therefore  write  down  Eisr  -  E6H.  We  have  also  calculated  the 
phonon  free  energy  of  I5R  using  the  shell  model  already  described,  and 
therefore  have 


Gi5R(T)-G6H(T).  (4) 

If  Gi5r(T)  were  simply  a  linear  interpolation  between  G4h(T)  and  G6h(T). 
then  (4)  would  also  be  zero  at  Tq  and  one  would  have  a  multiphase 
degeneracy  at  To.  However,  it  turns  out  the  phonon  part  is  not  a  linear 
interpolation,  in  fact  it  is  negative  compared  with  a  linear  interpolation, 
and  hence  (4)  is  negative  at  To.  Thus  on  our  phase  diagram  ISR  would 
be  a  stable  intermediate  phase  around  Tq  between  4H  and  6H  as  shown 
in  figure  2.  In  fact  we  find  it  would  have  a  surprisingly  wide  stability 
region  which  we  estimate  to  be  of  order  200  degrees,  taking  into  account 
both  the  phonon  part  [III  and  the  relaxation  effects  112). 

There  are  other  temperature  effects  which  we"  have  also  considered 
|I0|.  In  particular  one  could  have  thermally  activated  kinks  on  the 
antiphase  boundaries  between  the  2-layer  and  3-layer  bands  of  cubic 
stacking,  which  the  polytypes  consist  oE  The  entropy  of  such  kinks  is 
almost  certainly  responsible  for  stabilising  long  period  stacking 
structures  in  some  metallic  alloys  at  high  T  [26|.  However,  the  activation 
energy  in  SiC  would  be  far  too  high  for  this  mechanism  to  be  significant 
in  our  case,  nor  are  such  kinks  seen  in  significant  numbers  on  electron 
micrographs.  We  were  left  with  the  conclusion  that  the  phonon  free 
energy  is  the  factor  driving  phase  stability  as  a  function  of  temperature 
110.  II). 


_ Speculations  about  higher  polyiypes 

We  cannot  make  meaningful  calculations  on  polytypes  more  complex 
than  15R.  However,  we  can  make  some  speculations,  two  of  which  may 
be  susceptible  of  experimental  test,  based  on  some  general  theory  which 
exists.  There  exist  mathematical  models  which  go  through  an  infinite 
sequence  of  stable  polyiype  phases  as  one  varies  a  parameter  such  as 
temperature  (26|.  Such  an  infinite  sequence  is  called  a  devil's  staircase. 
Can  that  help  to  explain  the  observation  of  so  many  polytypes? 

The  first  comment  is  rather  simple.  We  are  only  considering 
polytypes  (the  great  majority)  consisting  of  2-bands  and  3-bands,  i.e. 
bands  of  2  or  3  cubically  stacked  atomic  double  layers.  We  can  count  the 
numbers  n2  and  ns  of  2-bands  and  3-bands  in  one  repeat  distance. 
Presumably  polytypes  like  <2333>  will  tend  to  be  formed  as  intermediate 
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phases  between  ISR  (<23>)  and  6H  (<3>)  at  the  higher  temperature  phase 
boundary  in  flgure  2,  i.e.  those  with  03  >  ni.  Similarly  at  the  lower  phase 
boundary  in  figure  2  we  expect  polytypes  with  n2  >  ns.  We  wonder 
whether  careful  annealing  experiments,  with  or  without  stress,  may 
show  up  some  difference  like  that  with  temperature. 

The  second  comment  is  a  bit  more  complicated.  A  devil's  staircase 
arises  from  long  range,  repulsive  interactions  between  the  antiphase 
boundaries  between  successive  bands.  Although  the  devil's  staircase  has 
an  infinite  sequence  of  phases,  this  does  not  mean  that  'anything  goes':  it 
is  a  very  precisely  defined  sequence.  For  example  in  tables  of  known 
polytypes  one  always  finds  <232333>  but  not  <233>,  although  they  have 
the  same  ratio  of  ni  to  ns.  This  is  what  would  be  expected  from  a 
phonon  free  energy  mechanism,  whereas  a  relaxation  mechanism  in  the 
sense  of  section  2.1  would  tend  to  give  the  opposite  result  |16].  This 
suggests  phonon  free  energy  is  playing  a  significant  role,  but  of  course 
there  may  be  another  explanation. 

Our  third  comment  concerns  the  possible  temperature  intervals  and 
free  energy  differences.  The  stability  range  of  15R  between  6H  and  4H 
turned  out  in  our  calculations  to  be  surprisingly  large,  namely  about 
200°  (figure  2),  though  we  emphasise  that  the  error  bars  in  this  estimate 
are  of  order  100%  and  that  the  whole  picture  depends  on  our  choice  for 
the  energy  difference  (3).  This  wide  range  arises  not  because  the  free 
energy  differences  are  large  but  because  4H  and  6H  are  themselves  so 
similar  near  T©.  Similarly  if  the  higher  polytypes  are  stable  phases  at 
the  boundaries  of  15R  with  6H  and  4H  (figure  2),  one  may  expect 

significant  stability  ranges  in  temperature.  But  what  of  the  free  energy 
differences  between  such  polytypes?  These  would  be  tiny,  of  order  10’* 

eV  or  less  per  SiC  pair  of  atoms.  This  is  much  smaller  than  kgT,  and 

people  often  wonder  how  it  can  influence  the  observed  structure.  The 
point  is  that  it  is  wrong  to  compare  ksT  with  the  energy  differences  per 
atom.  For  example  in  aluminium  metal  the  stacking  fault  energy  per 
atom  at  the  fault  is  less  than  keT,  but  the  material  has  no  difficulty 
knowing  it  has  to  grow  in  the  fee  structure!  The  point  in  SiC  is  that  there 
are  very  strong  forces  in  the  lateral  tetrahedral  bonding  within  one 

layer.  One  therefore  never  has  one  atom  or  pair  of  atoms  being 
misoriented:  it  has  to  be  a  large  area  of  layer.  One  therefore  has  to 
consider  the  energy  to  reorient  a  large  area,  and  compare  it  with  ksT  in 
the  Boltzmann  factor.  If  the  area  is  of  order  10*  atoms,  then  even  a  free 
energy  difference  of  lO'*  eV  per  atom  becomes  very  significant.  We 
therefore  see  no  difficulty  of  principle  in  such  small  free  energy 
differences  asserting  themselves  in  observed  phase  equilibria. 

Finally  we  return  to  the  point  in  section  1  that  we  cannot  ignore  the 
actual  growth  or  transformation  processes.  A  mechanism  for  this  has 
been  considered,  particularly  by  Pirouz  (28,  29).  It  is  not  clear  how  free 
energy  differences  can  translate  into  actual  atomic  forces  driving  such  a 
mechanism,  but  in  general  terms  we  suppose  that  the  polytypes  would 
not  grow  so  significantly  unless  they  were  at  least  nearly  equilibrium 
structures. 
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3.  ANALYSIS 

So  far  we  have  presented  our  calculations  simply  in  terms  of 
numerical  results.  We  return  to  the  lowest  level  of  polytype  energies  in 
section  2.1  and  now  present  some  analysis  and  insight  derived  from 
them. 

Each  successive  SiC  atomic  double  layer  can  be  placed  in  two 
orientations  (conveniently  called  +  and  -)  on  the  layers  below  to  build  up 
the  structure.  The  cubic  structure  would  be  all  +  or  all  -  layers.  We  can 
analyse  the  calculated  polytype  energies  in  terms  of  interactions  Jn 
between  two  layers  n  apart.  I.e.  the  layers  give  an  energy  contribution  - 
Jn  if  they  have  the  same  sign  or  +J„  if  opposite  sign. 

To  get  unusual  structures,  even  4H  and  6H,  requires  interactions  Jn 
that  are  moderately  long  ranged  up  to  n=3  and  oscillating  in  their  sign. 
Where  do  these  come  from?  In  metals  such  oscillatory,  long  range 
interactions  are  standard,  the  Friedel  oscillations.  Mott  and  Jones  [27] 
already  pointed  out  in  the  1930's  that  in  some  respects  the  tetrahedrally 
coordinated  semiconductors  are  not  so  different  from  metals.  The  to.al 
band  width  of  the  valence  band  to  the  centre  of  the  band  gap  is  nearly 
that  of  a  free  electron  gas,  and  half  the  vertical  band  gap  (the 
appropriate  measure)  is  only  a  small  fraction  of  the  occupied  band  width. 
Our  numerical  estimates  show  that  the  Jn's  in  SiC  are  the  remnant  in  the 
semiconductor  of  what  would  be  Friedel  oscillations  in  metals,  down  in 
magnitude  by  about  an  order  of  magnitude  due  to  the  semiconducting 
character  (15). 

Analogous  effects  with  similar  range  can  be  seen  in  other  properties 
of  the  semiconductors  including  SiC  [15j.  These  include  phonons  [15], 
atomic  relaxations  [12|,  and  electron  densities  around  the  antiphase 
boundaries  between  bands  as  seen  in  MAS-NMR  |I9,  20). 

We  can  be  more  specific.  Let  us  ignore  Jy  as  being  quite  small.  In 
both  Si  and  SiC,  the  Ji  is  positive  and  J2  negative.  In  that  sense  there  is 
nothing  special  about  SiC.  What  is  special  can  be  seen  from  figure  3 


■•■  +  +  +  + - - 
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Figure  3.  Antiphase  boundary  between  layers  of  +  and  -  signs. 
Across  the  boundary  there  is  one  pair  of  nearest  neighbour  layers 
(curved  link,  above),  and  two  pairs  of  second  neighbours  (square 
link,  below). 


514 


showing  a  sequence  of  layers  with  +  and  -  orientations  with  an  antiphase 
boundary  in  between.  The  energy  of  the  boundary  can  be  seen  to  be 

Ebound-  =  2(/i+  2  }2).  (5) 

The  reason  for  the  coefficients  can  be  seen  from  figure  3:  across  the 
boundary  there  is  one  reversed  Ji  interaction  (curved  link)  and  two 
reversed  J2  interactions  (square  link).  In  SiC  the  magnitudes  of  Ji  and  J2 
happen  to  be  such  that  they  very  nearly  cancel  in  (5)  [6,  7).  There  does 
not  seem  to  be  any  reason  why  the  cancellation  should  be  so  good  in  this 
case. 


4.  THE  GROWTH  OF  CUBIC  SiC 

We  return  to  the  issue  already  mentioned:  if  SiC  is  not  the  stable 
phase  at  any  temperature,  then  why  does  it  grow  so  readily?  Indeed 
there  is  some  evidence  that  under  some  conditions  producing  the  6H 
polytype,  the  cubic  form  crystalises  first  and  then  converts  fairly  quickly 
to  6H.  Of  course  crystal  growth  is  a  non-equilibrium  kinetic  process  so 
that  there  is  no  real  contradiction  with  our  results  in  section  2.1. 
Nevertheless,  all  the  polytype  structures  are  so  similar  that  one  might 
expect  crystallisation  to  give  the  thermodynamically  stable  phase  at  the 
temperature  of  crystallisation. 

Some  insight  can  be  gained  from  the  analysis  of  section  3  [17/.  The 
conclusions  are  tentative  because  all  the  calculations  so  far  relate  to  bulk 
structures,  not  to  surfaces.  The  latter  are  now  planned. 

Figure  4  shows  a  sequence  of  layers  of  various  signs,  terminating 
with  a  +  layer  at  the  surface.  We  are  going  to  consider  an  extra  layer 
being  added  at  the  surface  in  the  course  of  crystal  growth.  It  is  shown  in 
brackets  in  figure  4,  and  we  will  consider  the  energy  difference  between 
adding  it  with  -i-  or  -  sign.  To  be  precise,  let  the  energy  be  Eq  -  Js  for 
adding  the  new  layer  with  the  same  sign  as  the  top  layer,  and  Eo  +  Js  for 
adding  it  with  opposite  sign.  Here  Eo  is  the  average  cohesive  energy  per 
layer  and  +  Jj  gives  the  orientational  dependence.  We  can  express  Js  in 
terms  of  the  Jn  as  before: 

Js  =  Jl  ±  J2  (b) 

where  the  ±  depends  on  the  orientation  of  the  next  layer  down.  The 
point  is  that  the  coefficient  of  the  J2  term  is  unity  in  (6),  as  distinct  from 
2  in  (5).  This  is  clear  from  figure  4  where  we  have  used  curved  and 
square  links  to  denote  J]  and  J2  interactions  in  the  same  way  as  in  figure 
3.  The  difference  arises  because  in  figure  4  we  are  at  the  surface,  not  in 
the  bulk.  Now  if  (5)  is  nearly  zero  as  already  discussed,  with  J|  positive, 
then  Js  in  (6)  has  to  be  positive,  at  least  of  magnitude  Ji  no  matter 


r  ^ 


+  -  +  +  (±) 


Figure  4.  Semi-infinite  crystal  on  the  left,  with  layers  of  various  + 
and  -  orientation  at  the  surface.  An  extra  layer,  of  orientation  to  be 
determined  and  denoted  by  (±),  is  being  added  at  the  surface. 


whether  the  coefficient  of  the  J2  term  is  ±1  in  (6).  This  shows  that  it  is 
energetically  favourable  for  the  new  layer  to  have  the  same  orientation 
as  the  preceding  top  layer.  That  automatically  results  in  all  layers 
growing  with  the  same  sign,  i.e.  a  cubic  crystal  [17]. 

We  see  therefore  that  the  growth  of  the  cubic  form  of  SiC  receives  a 
natural  explanation  in  terms  of  our  Jn.  Note  our  implicit  assumption, 
that  the  new  layer  goes  down  into  a  situation  of  constrained  equilibrium. 
We  assume  it  goes  down  with  the  orientation  having  the  lower  energy, 
but  without  allowing  any  rearrangement  of  lower  layers  in  the  crystal  to 
give  a  global  energy  minimisation.  One  presumes  that  the  rate  of  such 
larger  scale  rearrangement  would  be  slow  compared  with  the  rate  of 
adding  new  layers,  at  least  under  conditions  giving  the  3C  form. 

As  already  remarked,  our  scenario  of  the  growth  is  tentative 
because  it  is  not  valid  just  to  take  the  Jn  values  from  the  bulk  and  use 
them  at  the  surface:  there  are  extra  surface  terms  [l.^]. 


5.  POLYTYPES  IN  ZnS 

The  situation  in  ZnS  is  different  from  SiC  in  two  regards.  Firstly,  the 
maximal  energy  difference  between  the  difference  between  the  2H  and 
3C  polytypes  is  a  factor  of  five  smaller  than  in  Si,  a  factor  of  three 
smaller  than  in  SiC,  as  shown  in  figure  1  [22].  Thus  all  polytypes  have 
more  nearly  the  same  energy  than  in  SiC,  and  this  is  consistent  with 
there  being  a  large  number  of  observed  polytypes  with  very  varied 
stackings:  they  are  not  confined  to  a  special  family  as  the  SiC  ones  are 
more  or  less  to  sets  of  2-bands  and  3-bands.  Secondly  there  is  a 
reversible  transition  from  the  3C  structure  at  low  temperature  to  the  2H 
structure  above  1024“C.  From  this  and  the  energy  differences  of  figure  1 
we  deduce  that  the  temperature-dependent  part  of  the  free  energy  is 
much  larger  in  ZnS  than  in  SiC,  with  differences  of  order  3meV  between 
polytypes  instead  of  0.1  meV.  There  has  not  been  any  research  on 
whether  this  free  energy  is  due  to  phonons  or  possibly  some  roughening 
disorder  of  the  boundaries.  The  latter  is  much  more  efficient  at 
generating  entropy  differences.  In  this  connection  it  may  be  worth 
noting  that  a  computational  study  of  Pbh  also  ascribes  its  polytype 
transition  to  phonon  free  energy  differences  [30].  Tlie  fact  that  the  free 
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energy  differences  in  ZnS  are  more  than  in  SiC  is  consistent  with  the  fact 
that  the  phase  transition  between  2H  and  3C  goes  quite  easily  and  is 
reversible. 

We  can  carry  the  analysis  one  step  further.  The  calculations  [22] 
and  the  way  the  6H  and  4H  energies  in  figure  1  interpolate  linearly 
between  those  of  2H  and  3C,  show  that  Ji  is  non-zero  but  all  other  Jn  are 
negligible.  If  we  assume  that  the  temperature-dependent  free  energy 
differences,  whatever  their  origin,  are  also  more  or  less  completely 
confined  to  Ji,  then  at  the  transition  at  1024°C  we  would  literally  have  a 
multiphase  degeneracy  with  all  possible  stackings,  regular  and  irregular, 
having  equal  free  energy.  This  is  a  fair  summary  of  what  is  observed,  at 
least  under  some  conditions  [22,  23). 

Engel  has  considered  the  polytypes  observed  in  ZnS  whiskers  123). 
These  seem  to  have  at  their  centre  a  screw  dislocation  with  fairly  large 
Burgers'  vector,  as  shown  by  the  fact  that  different  stacking  sequences 
are  observed  along  one  whisker  but  with  the  same  repeat  distance.  It 
has  been  suggested  (see  Reference  23  and  references  there)  that  in  such 
a  whisker,  the  phase  transformation  on  coming  down  in  T  is  nucleated  at 
several  sites  from  whence  it  spreads  until  the  domains  collide  and 
overlap.  New  stacking  faults  can  propagate  fast  or  slow  according  to 
whether  the  corresponding  energy  change  involves  J)  or  not.  The 
observed  statistical  distribution  of  polytypes  can  be  accounted  for  very 
well  in  this  way  (23). 
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ABSTRACT 

Monocrystalline,  epitaxial  cubic  (100)  SiC  films  have  been  grown  on 
monocrystalline  (1 00)  Si  substrates  at  750°C,  the  lowest  epitaxial  growth  temperature 
reported  to  date.  The  films  were  grown  by  low-pressure  chemical  vapor  deposition, 
using  methylsilane,  SiCHjHg,  a  single  precursor  with  a  Si;C  ratio  of  1 :1 ,  and  Hj.  The 
films  were  characterized  by  means  of  transmission  electron  microscopy,  single-  and 
double-crystal  X-ray  diffraction,  infra-red  absorption,  ellipsometry,  thickness 
measurements,  four-point  probe  measurements,  and  other  methods.  Based  on  X-ray 
diffractometry,  the  crystalline  quality  of  our  films  is  equivalent  to  that  of  commercial 
films  of  similar  thickness.  We  describe  the  novel  growth  apparatus  used  in  this  study 
and  the  properties  of  the  films. 


INTRODUCTION 

SiC  IS  the  leading  semiconducting  candidate  material  for  use  in  electronic  and  opto¬ 
electronic  devices  and  circuits  designed  to  operate  at  3(X)-700°C  and  above.  SiC  is 
particularly  attractive  for  high  power,  high  frequency  and  high  radiation  applications, 
since  Its  carrier  saturation  velocity,  breakdown  electric  field,  thermal  conductivity  and 
tolerance  to  ionizing  radiation  are  significantly  superior  to  those  of  Si  and  GaAs  [1]. 
SiC  exists  in  the  cubic,  (5  phase,  as  well  as  in  about  170  hexagonal  polytypcs, 
commonly  grouped  under  the  a  phases.  Each  phase  has  a  somewhat  different 
bandgap  and  different  carrier  mobilities.  The  bandgap  of  13-SiC  is  the  lowest:  2.35  eV 
at  room  temperature. 

BuIk,  high-purity  and  high-quality  monocrystalline  SiC  is  not  commercially  available 
in  sizes  greater  than  2.5  cm.  In  addition,  the  ability  to  form  epitaxial  SiC  films  is 
desirable  in  the  manufacture  of  integrated  circuits.  Thus,  there  have  been  efforts  to 
deposit  SiC  epitaxially  on  other  substrates  [2],  primarily  Si,  which  is  available  in  sizes 
up  to  20  cm.  Epitaxial  SiC  films  have  been  grown  on  Si  despite  the  20%  difference 
in  the  room-temperature  lattice  parameters  of  the  two  materials;  a^iSiC)  =  4.3596  A, 
ao(Si)  =  5.4301  A.  Film  formation  methods  have  included  chemical  vapor  deposition 
(CVD),  molecular  beam  epitaxy,  sputtering  and  laser  ablation.  Most  SiC  films 
deposited  on  Si  which  have  been  used  for  devices  were  grown  by  atmospheric 
pressure  CVD  at  temperatures  of  1 300-1 380°C,  using  separate  precursors  for  Si  and 
C,  e  g.,  SiH^  and  CgHg.  Some  processes  use  chlorinated  precursors,  e  g.  SiHClg  [3], 
which  produce  highly  corrosive  HCI.  Such  high  growth  temperatures  are  undesirable, 
since  they  result  in  high  tensile  stress  and  crystalline  lattice  defects  in  the  SiC  film,  due 
to  the  difference  in  the  coefficients  of  thermal  expansion  of  SiC  (4.63x1 0  ®/°C  for  the 
f3  phase)  and  Si  (4,l6x10  VC),  averaged  between  room  temperature  and  1380‘’C 
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[4,5].  Such  defects  and  strain  in  heteroepitaxial  films  are  known  to  degrade  the  carrier 
mobilities  and  increase  junction  leakage  currents  [6],  In  order  to  fabricate  electronic 
devices  in  the  top  =0.5  pm  region,  a  SiC  film  up  to  30  pm  thick  must  be  grown, 
requiring  a  relatively  long  deposition  run  of  =30  h.  High  growth  temperatures  may  also 
result  in  increased  autodoping  and  in  undesirable  smearing  of  dopant  distributions  and 
metal  contacts  in  underlying  heteroepitaxial  structures.  Significantly  lower  growth 
temperatures  are  thus  highly  desirable.  In  addition,  the  use  of  separate  precursors  for 
Si  and  for  C  in  the  growth  of  SiC  thin  films  may  result  in  small  departures  from 
stoichiometry  in  the  films,  leading  to  point  delects  (interstitials,  vacancies,  anti-site 
defects)  or  even  inclusions  and  precipitates,  which  further  degrade  the  device 
characteristics.  Many  SiC  growth  procedures  also  use  a  surface  carbonization  step 
[7]  prior  to  deposition.  The  lowest  reported  growth  temperature  of  epitaxial,  single¬ 
crystalline  13-SiC  on  Si  for  device  applications  is  1000°C  [3],  where  epitaxy  was 
obtained  on  (1 1 1)  Si  but  not  on  (100)  Si. 

We  have  grown  single-crystalline,  epitaxial  cubic  (100)  SiC  films  on  (100)  Si 
substrates  at  750-900°C  by  low-pressure  chemical  vapor  deposition,  using 
methylsilane,  SiCHgHj,  a  single  gaseous  precursor  with  a  Si:C  ratio  of  1;1,  and  Hj. 
These  epitaxial  growth  temperatures  are  the  lowest  reported  to  date.  No  surface 
carbonization  step  was  required  in  our  process.  The  films  were  grown  in  a  recently 
built,  versatile,  cold-wall,  high-purity  reactor,  described  below.  The  films  have  been 
characterized  by  means  of  transmission  electron  microscopy  (TEM),  single-  and 
double-crystal  X-ray  diffraction,  infra-red  absorption,  ellipsometry,  four-point  probe 
measurements,  thickness  measurements  (by  optical  means,  Dektak  profilometry  and 
Rutherford  backscattering  spectrometry),  and  other  methods. 


GROWTH  APPARATUS 

The  reactor  comprises  a  water-cooled,  electro-polished  stainless  steel  growth 
chamber,  depicted  schematically  in  Fig.1,  The  chamber  is  pumped  by  a  chemically- 
resistant  Alcatel  400  I/s  turbo-molecular  pump  (with  grease-lubricated  bearings), 
backed  by  a  190  ft^/min  Edwards  Roots  blower  in  series  with  a  48  ft^/min  Edwards  oil- 
free  rotary  pump  (model  DP-80).  The  base  pressure  without  bakeout  is  1x10'^  Torr. 
The  majority  of  the  vacuum  connections  are  made  with  Conflat®-type  knife-edge 
flanges.  There  are  eight  high-purity  mass-flow-controlled  gas  or  vapor  delivery  lines, 
built  with  electropolished  stainless-steel  tubing  and  mainly  VCflf®-type  connectors  (the 
balance  are  Swagelok®  stainless-steel  fittings).  Each  line  can  be  evacuated  directly 
to  the  precursor  cylinder  valve  and  on  both  sides  of  the  mass  flow  controller  with  the 
Edwards  pumps  and  purged  with  high-purity  Ar.  The  output  of  every  gas  line  can  be 
directed  either  to  the  growth  chamber  or  to  the  backing  pumps  (run/vent  configuration). 
A  butterfly  throttle  valve  allows  control  of  the  pressure  in  the  chamber  by  varying  the 
flow  conductance  to  the  pumps.  The  vacuum  gate  and  gas  valves  are  electro- 
pneumatically  operated.  Safety  devices  include  excess  flow  valves  in  the  gas  lines  and 
an  oxidizing  furnace  connected  to  the  exhaust  of  the  dry  pump. 

The  chamber  incorporates  a  BN-encapsulated,  low-mass  graphite  resistive  heater, 
upon  which  the  substrate  is  placed.  The  temperature  of  the  film/substrate  is  measured 
in-situ  and  in  real-time  through  quartz  and  sapphire  windows  with  a  pyrometer 
operating  at  0.8-1 .1  pm.  The  pyrometer  readings  are  calibrated  by  using  Si  test  wafers 
having  K-type  embedded  thermocouples  (Sensarray,  Inc.).  The  reactor  has  other 
features  which  were  not  used  for  the  results  described  here. 


Throttle  Valve 


Figure  1.  Schematic  diagram  of  the  cold-wall  growth  chamber. 


SUBSTRATE  PREPARATION  AND  FILM  GROWTH  PROCEDURE 

The  (100)  oriented,  p-type,  30-70  flcm  Si  substrates  are  degreased  in  an 
ultrasonic  cleaner,  dipped  in  a  10%  HF  solution  and  mounted  onto  the  heater.  After 
the  deposition  chamber  is  evacuated  and  purged  with  Ar,  the  wafers  are  heated  in 
flowing  at  about  900°C  in  order  to  remove  any  residue  of  the  native  surface  oxide. 
The  temperature  of  the  substrate  is  adjusted  to  the  desired  value  in  the  range  700- 
900°C  and  SiCHjHj  is  admitted  into  the  chamber.  The  ranges  of  total  pressure  in  the 
deposition  chamber  and  total  flow  rate  are  0.1-1  Torr  (13-133  Pa)  and  100-400  seem, 
respectively.  The  ratio  of  SiCHjHj  to  flow  rales  is  in  the  range  1  :(40-1800).  At  the 
conclusion  of  the  growth  sequence,  the  precursor  flow  is  diverted  to  the  pump  and  the 
wafer  is  cooled  down. 


CHARACTERIZATION  RESULTS 

The  films  are  transparent  in  the  visible  and  have  a  refractive  index  of  2.6  at  0.6328 
pm,  equal  to  the  tabulated  value  for  cubic  SiC  [Sj.  The  depth-averaged  resistivity 
measured  with  a  high-sensitivity  four-point  probe  (Four  Dimensions,  Inc.)  is  in  the 
range  1-10  SJem  at  room  temperature.  The  infra-red  spectra  (see  Fig. 2)  present  a 
single  major  absorption  band  centered  at  775-790  cm  ',  a  frequency  identical  to  that 
reported  for  bulk  SiC  [9J.  The  deposition  rates  are  in  the  range  O.t-1  pm/h  (750- 
900°C),  depending  on  process  conditions,  and  they  increase  with  temperature.  The 
visual  appearance,  the  resistivity  and  the  infra-red  transmission  of  commercial  0,3  pm 
thick  (100)  SiC/(100)  Si  films  are  similar  to  those  measured  in  our  films. 
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Figure  2.  Differential  infra-red  transmission  spectnjm  of  a  0.25  |jm  thick,  epitaxial, 
(100)  13-SiC  /  (100)  Si  sample,  grown  at  750°C,  vs.  (100)  Si. 


Single-crystalline,  cubic  (100)  oriented  films  are  obtained  at  temperatures  as  low 
as  750°C  under  the  present  experimental  corrditions,  as  evidenced  by  plan-view  TEM 
studies;  see  Fig. 3.  Samples  were  thinned  for  TEM  by  polishing  and  dimpling  the  Si 
side  down  to  about  30  pm,  chemical  etching  in  a  5:3:3  solution  of 
HN03:HF:CH3C00H,  and  Ar  ion  milling  (to  perforation)  from  both  sides  at  3  keV  and 
12°.  The  spots  seen  in  the  selected  area  electron  diffraction  pattern  are  indexed  to  8- 
SiC.  The  contrast  seen  in  the  TEM  micrograph  is  associated  with  (a)  mass  contrast 
due  to  surface  roughness  (either  induced  by  ion  milling  during  sample  preparation  for 
microscopy  or  already  present)  and  (b)  diffraction  contrast  due  to  misoriented  regions 
(e  g.  possible  twinning)  surrounding  the  epitaxial  growth.  Stacking  faults  and  anti¬ 
phase  domains  could  be  seen  in  certain  diffraction  conditions.  There  was  no  clear 
indication  of  a  well  defined  dislocation  structure,  but  no  attempts  were  made  to 
characterize  the  SiC/Si  interface,  where  such  a  structure  could  be  prevalent. 

Standard  (0-20)  X-ray  diffractometer  scans,  an  example  of  which  is  given  in  Fig.4, 
show  only  the  (200)  peaks  of  cubic  SiC  and  of  the  Si  substrate.  There  are  no  peaks 
at  the  angles  corresponding  to  the  (1 1 1 )  and  (220)  diffraction  lines.  These  X-ray  data 
signify  the  films  are  epitaxial,  i.e.  have  the  same  orientation  as  the  Si  substrate, 
although  such  X-ray  scans  in  isolation  do  not  unambiguously  prove  single-crystallinity. 
In  the  present  case,  however,  these  X-ray  results  are  consistent  with  and  corroborate 
the  TEM  data,  which  by  themselves  prove  the  single-crystalline  nature  of  our  films. 

X-ray  rocking  curves  were  measured  with  a  two  circle  diffractometer  and  double¬ 
crystal  X-ray  spectrometer.  The  full-widlh-at-half-maximum  (FWHM),  Aw,  of  a  rocking 
curve  of  a  monocrystalline  film  is  a  semi-quantitative,  depth-averag^  measure  of  the 
concentration  of  defects  and  strain  in  the  film.  The  FWHM  usually  decreases  with 
increasing  film  thickness  in  heteroepitaxial  systems,  because  the  defect  concentration 
is  highest  at  the  film/substrate  interface  and  decreases  with  distance  away  from  the 
interface  [1 0],  The  FWHM  of  the  SiC  (400)  peak  of  a  0.25  pm  thick  film  grown  in  this 
laboratory  at  750°C  is  0.65°.  Similar  values  in  the  range  0.65-0.70°  were  measured 


Figure  4.  6-20  X-ray  difiractlon  scan  of  a  0.25  jim  thick,  epitaxial,  single  crystalline 
(100)  (3-SiC  film  grown  on  (100)  Si  at  750°C.  The  three  vertical  marker 
lines  indicate,  from  left  to  right,  the  expected  positions  of  the  (1 1 1 ),  (200) 
and  (220)  X-ray  lines  of  13-SiC. 
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for  somewhat  thicker,  0.3  urn  commercial  (100)  SiC  films  grown  on  (100)  Si.  An 
additional  benchmark  is  obtained  by  comparison  with  the  silicon-on-sapphire  (SOS) 
system,  where  commercial  O.l^m  and  0.37  pm  thick,  (100)  epitaxial  silicon  films 
on(01 12)  sapphire  had’ Aca  =  0.7°  and  0.5°,  respectively  [10].  SOS  films  have  been 
and  are  being  used  extensively  and  routinely  in  integrated  circuit  technology. 
Preliminary  results  indicate  that  the  crystaINne  quality  of  our  SiC  films,  as  measured 
by  the  FWHM  of  the  X-ray  rocking  curve,  is  improved  by  decreasing  the  flow  rate  of 
SiCH3H3  or  increasing  the  deposition  temperature. 


SUMMARY 

Single-crystalline,  epitaxial  cubic  (100)  SiC  films  have  been  grown  on  (100)  Si 
substrates  at  750°C  by  low-pressure  chemical  vapor  deposition,  using  a  single  film¬ 
forming  precursor  -  methylsilane,  and  hydrogen.  This  epitaxial  growth  temperature  is 
the  lowest  reported  to  date.  Our  study  is  also  the  first  to  report  single-crystalline  SiC 
films  formed  from  methylsilane.  No  surface  carbonization  step  [7]  and  no  halogenated 
compounds  [3]  were  used  in  our  process,  which  is  therefore  much  simpler,  safer  and 
has  a  smaller  thermal  budget  than  other  existing  processes  for  deposition  of  SiC  films. 
Based  on  double-crystal  X-ray  diffractometry  measurements,  the  crystalline  quality  of 
our  films  Is  equivalent  to  that  of  commercial  films  of  similar  thickness. 
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ABSTRACT 

A  low  temperature  process  of  silicon  carbide  deposition  using  the  pyrolysis  of  di-tert-butylsilane 
has  been  explored  for  formation  of  emitter  structures  in  silicon  heterojunction  bipolar  transistors. 
Near  stoichiometric  amorphous  silicon  carbide  films  were  achieved  at  77S°C.  Doping  and  annealing 
of  these  films  resulted  in  resistivity  as  low  as  0.02  ohm-cm. 


INTRODUCTION 

Silicon  heterojunction  bipolar  transistors  (Si^HBTs)  have  been  investigated  for  potential 
application  in  BiCMOS  processes  in  order  to  optimize  the  performance  of  bipolar  transistors  and 
reduce  chip  power  density.  This  increases  flexibility  in  utilization  of  bipolar  transistors  beyond  I/O 
circuitry  and  high-load  drivers.  Although  single-crystalline  ^-SiC  has  been  useful  for  wide  band- 
gap  emitter  formation  in  Si-HBTs,  its  epitaxial  growth  involves  reaction  of  silanes  and  hydrocarbons 
at  temperatures  higher  than  lOOOX.  Such  high  temperatures  are  undesirable  for  BiCMOS  processes 
and  in  particular  for  high  speed  bipolar  transistors  which  have  a  very  thin  (about  50  nm)  highly 
doped  base.  To  suppress  dopant  redistribution  in  the  base  during  emitter  formation,  low 
temperature  processes  of  amorphous  and  polycrysialline  SiC,  deposition  have  been  pursued  and 
reported(l,2].  One  such  method  involves  the  pyrolysis  of  di-tert'butyl$ilane(DTBS)(  3).  In  this  paper 
we  report  preliminary  results  of  our  DTBS  process  intended  for  device  quality  n*-SiC  HBT  emitter 
formation. 


EXPERIMENTAL  PROCEDURE 

Liquid  DTBS  has  a  boiling  point  of  128’C  and  a  fairly  high  vapour  pressure  of  25  Torr  at  20'’C 
allowing  gas  transfer  from  a  1.2  litre  stainless  steel  ampule  into  the  reaction  chamber  at  room 


Mat.  Rat.  Soc.  Symp.  Proc.  Vol.  242.  -  1992  Malarialt  Raaaarch  Society 


526 


temperature.  Vapour  flow  control  was  accomplished  by  use  of  an  MKS  Model  1  i50A  controller.  A 
hot- wall  LPCVD  furnace  was  used  for  pyrolysis  of  DTBS  in  the  pressure  range  of  0.35  to  I  Torr 
and  temperature  from  600  to  800*C.  Elimination  of  residual  oxygen  in  the  reaction  chamber  is 
critical  in  the  formation  of  stoichiometric  silicon  carbide  films.  This  was  done  by  flowing  argon, 
purified  by  a  point-of-use  Nanochem  system,  prior  to  and  during  the  deposition.  To  dope  the  SiC, 
emitter  with  phosphorus  we  also  incorporated  tert-butylphosphine<TBP)  in  the  SiC,  deposition 
process  by  injecting  TBP  vapour  from  a  liquid  source.  TBP  has  a  boiling  point  of  54‘‘C  and  a  vapour 
pressure  of  141  Torr  at  10'‘C.  Both  undoped  and  doped  films  were  deposited  on  150mm  diameter 
p-type  8-15  ohm-cm  Si(IOO)  wafers  as  well  as  on  some  wafers  coated  with  300  nm  thick  silicon 
dioxide.  Some  of  the  films  were  annealed  (RTA)  in  nitrogen  ambient  in  a  rapid  thermal  reactor  in 
order  to  examine  the  film  crystallinity  as  well  as  resistivity.  The  experiments  carried  out  are 
outlined  in  the  following  sections: 

I.  Undooed  SiC-  films 

Experimental  runs  were  carried  out  to  examine  the  effect  of  varying  the  following  process 
parameters  on  the  deposition  rate,  stoichiometry,  and  film  quality: 

i)  Temperature:  550’C  --  800“C 

ii)  Pressure:  0.25  --  1  Torr 

iii)  Argon  flow  rate:  250  --  1000  seem 

iv)  DTBS  flow  rate:  250  --  350  seem 


In  these  experiments  the  process  conditions  were  optimized  for  the  best  stoichiometric  SiC, 
films.  The  deposition  temperature  was  775X,  and  the  pressure  was  0.35  Torr.  The  DTBS  and  argon 
flow  rates  were  250  and  500  seem  respectively.  Deposition  lime  was  adjusted  to  obtain  films  with 
thicknesses  around  350  nm.  The  TBP  flow  rate  varied  from  130  to  340  seem.  For  film  resistivity 
measurements,  some  doped  films  were  deposited  on  a  300  nm  thick  layer  of  SiO,  grown  on  silicon 
substrate.  These  doped  films  were  annealed  for  10  sec  in  ambient  at  various  temperatures 
between  900“C  and  1200X. 

The  SiC,  films  were  characterized  by  a  number  of  techniques.  Auger  electron  spectroscopy 
(AES)  and  elastic  recoil  detection  (ERD)  were  used  to  examine  the  stoichiometry.  The  film 
thickness  and  refractive  index  were  determined  by  ellipsomeiry  at  wavelengths  of  632.8  nm  and 
800.0  nm,  with  SEM  verification  of  thickness  in  most  cases.  FTIR  and  Raman  spectroscopy  were 


employed  to  detect  the  existence  of  silicon-silicon,  carbon-carbon  and  silicon-carbon  bonds.  The 
crystallinity  of  the  films  was  examined  with  TEM  and  electron  diffraction  methods.  A  four-point 
probe  was  used  to  determine  the  film  resistivity. 


RESULTS  AND  DISCUSSIONS 


Without  the  use  of  Nanochem-purified  argon  in  the  process  there  was  always  five  to  ten  atomic 
percent  of  oxygen  in  the  SiC,  films.  Oxygen  is  known  to  form  generation-recombination  centres 
that  can  increase  junction  leakage;  therefore  every  attempt  was  made  to  reduce  the  oxygen  content 
of  the  films.  AES,  ERD,  and  FTIR  results  indicated  the  absence  of  any  detectable  level  of  oxygen 
in  the  bulk  of  films  that  were  deposited  with  the  process  which  incorporates  Nanochem-purified 
argon.  Little  effect  on  stoichiometry  was  seen  with  argon  flow  rate  varied  from  250  to  1000  seem. 
The  following  discussions  refer  to  films  without  detectable  oxygen  content  achieved  in  this  way. 

The  SiC  film  grown  at  775*C  is  nearly  stoichiometric  as  determined  by  AES.  Typical  film 
growth  rate  at  775*C  is  18  nm/min.  Figure  1  indicates  that  the  stoichiometry  of  these  films  is 
heavily  dependent  on  deposition  temperature.  At  temperatures  above  775*C.  the  film  is  carbon- rich 
with  Si/C  ratio  being  0.7  at  SOO^C,  while  below  775*C  the  film  is  silicon-rich  with  Si/C  ratio  being 
1.9  at  700*C.  The  stoichiometry  does  not  appear  to  be  significantly  dependent  on  any  other  variable. 


Temperature  C) 

Figure  1.  Stoichiometry  of  undopethSiC,  films  versus  deposition  temperature. 
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ERD  data  show  that  hydrogen  content  in  these  films  is  2  to  4  percent.  Si*C  bonding  (765  cm  ') 
was  revealed  in  FTIR  spectra  for  all  SiC,  films,  whereas  Raman  spectra  indicated  that  films 
deposited  at  temperatures  below  750''C  were  predominantly  amorphous  silicon. 

At  wavelengths  of  632.8  and  830.0  nm  where  SiC  film  may  be  considered  transparent  with  >40% 
optical  transmission[4],  the  ellipsometry  measurement  yielded  a  refractive  index  of  2.7  for  all  SiC. 
films  deposited  at  775‘’C.  This  is  close  to  the  reported  value  of  2.64  for  monocrystalline  SiC  [5,6). 

The  DTBS  flow  rate  is  seen  to  affect  the  deposition  rate  only.  In  general,  at  constant 
temperatures,  lower  DTBS  flow  rates  causes  a  lowering  in  the  deposiuon  rate  (Figure  2).  The 
physical  quality  of  the  films  appears  to  be  dependent  on  the  gas  pressure  during  deposition.  While 
films  deposited  at  pressure  from  0.35  to  0.5  Torr  adhered  well  to  the  substrates,  those  deposited  at 
I  Torr  were  flaky. 


Figure  2.  Deposition  rale  of  undoped  SiC,  films  at  700X  versus  DTBS  flow  rate. 

Doped  films,  300  --  370  nm  thick,  deposited  on  oxidized  silicon  substrates,  were  annealed  and 
exhibited  resistivities  in  the  range  of  0.02  to  0.34  ohm-cm.  The  lowest  value  of  0.02  ohm-cm  was 
achieved  for  films  annealed  by  RTA  at  I  I00*C.  The  ratio  of  resistivities  after  and  before  RTA  is 
plotted  against  the  anneal  temperature  in  Rgure  3.  Again,  this  plot  suggests  that  the  most  effective 
anneal  temperature  is  IIOO^C  for  lowering  the  resistivity  of  the  n’-SiC,  films.  At  I200X,  the 
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resistivity  ratio  increases  rapidly  from  that  for  1  lOOX.  This  seems  to  ‘suggest  that  the  dopant  could 
be  evaporating  from  the  surface  of  the  silicon  carbide  films  during  the  higher  temperature  anneal. 
However,  since  the  diff usion  coefficient  of  phosphorus  in  silicon  carbide  is  very  low,  it  is  unlikely 
that  much  dopant  would  reach  the  film  surface  and  evaporate.  It  is  more  probable  that  the  higher 
temperature  anneal  caused  changes  in  the  structure  of  the  film.  TEM  of  a  doped  film  deposited  at 
77S°C  and  annealed  at  1200^*0  indicates  a  polycrystalline  grain  structure  which  was  identified  by 
electron  diffraction  as  mainly  silicon.  Diffusion  of  phosphorus  in  polysilicon  is  known  to  be  faster 
than  it  is  in  silicon  carbide. 


900  950  1000  1050  1  100  1150  1200  1250 
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Figure  3.  Ratio  of  resistivities  after  and  before  RTA  of  doped  SIC,  vs.  anneal  temperature. 


CONCLUSIONS 

Amorphous  near-stoichiometric  silicon  carbide  films  have  been  obtained  from  an  LPCVD  process 
using  the  pyrolysis  of  di-lcrt-butylsilane  at  775*C.  Films  in  situ  doped  with  phosphorus  exhibit 
resistivities  in  the  10^  ohm-cm  range.  This  DTBS  process  may  be  suitable  to  produce  low  thermal 
budget  silicon  carbide  films  intended  for  device  quality  n‘-SiC  HBT  emitter  formation. 
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ABSTRACT 

Deformation  experiments  were  carried  out  on  6H-SiC  single  crystals  and  the  deformed 
samples  were  examined  by  electron-optical  techniques  to  verify  any  evidence  for  stress-induced 
polytypic  transformation, 

INTRODUCTION 

Despite  its  discovery  about  80  years  ago  ( 1 1,  polytypism  in  SiC  has  still  not  been  satisfactorily 
explained.  A  number  of  attempts  have  been  made  to  explain  the  occurrence  of  polytypism  and  the 
mechanism  of  transformation  from  one  polytype  to  another  (21.  However,  none  of  the 
mechanisms  proposed  so  far  can  explain  all  the  experimental  observations,  and  they  are  often  in 
contradiction  with  them.  Polytypism  can  be  considered  in  two  different  ways.  Firstly,  from  a 
thermodynamic  point  of  view,  the  stability  of  each  polyiype  over  a  certain  range  of  temperature 
and  pressure  can  be  considered.  In  this  respect,  great  progress  has  been  recently  made  by  means 
of  ah  initio  calculations  of  the  total  energy  of  different  polytypes  (see  Heine  in  these  proceedings 
[31).  The  actual  mechanism  of  polytypic  transformation  is  a  kinetic  problem  and  has  been 
considered  both  as  a  diffusive  process  and  also  as  a  dislocation  process.  Recently  a  dislocation 
model  for  polytypic  transformation  was  proposed  (4|  which  is  briefly  discussed  in  the  following 
section.  It  involves  the  glide  of  30°  partial  dislocations  which  are  assumed  to  have  different 
activation  energies  for  motion.  Thus  it  implies  that  the  phase  transformation  depends  both  on 
temperature  as  well  as  on  stress.  The  assumption  of  different  mobilities  of  the  two  30°  partial 
dislocations  is  based  their  different  core  structures:  the  core  of  one  of  the  30°  partials  is  all  carbon 
atoms  (the  C(g)  partial)  while  the  core  of  the  other  partial  is  all  silicon  atoms  (the  Si(g)  partial) 
13).  The  formation  of  kink  pairs  and  their  migration  are  assumed  to  be  much  easier  along  the 
Si(g)  partial  as  compared  to  the  C(g)  partial  |5|.  The  present  paper  discusses  some  experiments 
designed  to  check  the  validity  of  this  model.  Before  discussing  the  experimental  results,  a  brief 
review  of  the  6H-»3C  polytypic  transformation  is  given.  For  more  details  of  the  model,  see 
references  14|  and  |5|. 

™e  6H^3C  TRANSFORMATION 

The  mechanism  of  ref.  [4]  depends  on  a  pinned  segment  of  a  screw  dislocation  which  is 
dissociated  on  the  ((K)01)  plane  into  a  Si(g)  and  a  C(g)  30°  partial  dislocations.  Under  an 
appropriate  re.solved  shear  stress,  where  the  Si(g)  partial  with  the  higher  mobility  is  the  leading 
partial,  it  will  expand  and  form  a  loop  on  the  ((X)01 )  plane  in  a  manner  similar  to  the  Frank-Read 
mechanism.  On  the  other  hand,  the  C(g)  partial,  which  has  a  very  low  mobility  at  low 
temperatures  (say  below  1500°C).  lags  behind  and  cannot  form  a  loop.  Hence  the  loop  formed 
by  the  Si(g)  partial  is  faulted  After  the  formation  of  a  faulted  loop,  the  leading  Si(g)  partial 
approaches  the  trailing  C(g)  partial  from  behind  and  the  screw  dislocation  cross-slips  onto  the 

( lOiO)  prism  plane  according  to  the  Friedel-Escaig  mechanism  (see  ref.  |6]).  Subsequent  to  this, 
there  is  a  tendency  for  the  screw  dislocation  to  cross-slip  back  to  the  basal  plane.  This  can  only 
happen  if  the  screw  dislocation  can  dissociate  on  the  basal  plane  without  violating  the  stacking 
sequence,  i.e,  without  forming  a  high  energy  AA  stacking.  The  sequence  of  faulted  loop 

fomiation  on  the  ((XK)1)  plane  followed  by  cToss-slipon  the  (1010)  plane  is  shown  schematically 
in  Fig.l.  On  the  right  hand  side  of  this  figure,  the  stacking  .sequence  of  6H-SiC,  i.e. 
...AflCACB...  is  shown.  Within  e.ich  faulted  loop,  the  crystal  has  sheared  and  the  sites  change 
according  to  A—>B  or  B-»C  or  C— >/l.  Thus,  as  shown  in  Fig.  1,  the  final  stacking  sequence 
within  the  lixips  will  be  ...ACB  ..  and  a  6H— >3C  transformation  has  taken  phace. 
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EXPERIMENTAL  PROCEDURE 

The  material  used  in  the  deformation  experiments  was  grown  by  the  Acheson  method  and 
supplied  by  the  Taiheiyo  Rumdum  Co.  The  crystals  are  monocrystalline  and  transparent  with  a 
greenish  tint  which  implied  the  presence  of  nitrogen  impurities.  The  as-received  material  was 
checked  by  TEM  and  was  found  to  be  quite  a  perfect  single  crystal  (Fig.  2).  No  defects  are  seen 
in  Fig.  2  and  the  6H  periodicity  can  be  clearly  observed.  At  much  lower  magnifications  in  the 
TEM,  and  after  a  thorough  search,  a  low  density  of  stacking  faults  on  the  basal  planes  and 
inclusions  could  be  found  in  the  specimen. 


FIG.  I .  Schematic  of  the  change  in  the  stacking  sequence  from  6H  to  3C  during  the  6H— >3C 
polytypic  transformation.  The  scheme  follows  the  model  of  ref.  |4]. 

The  SiC  crystals  were  cut  by  a  diamond  saw  into  parallelepiped-shaped  specimens  (1x1x3 
mm3)  in  the  orientation  shown  in  Fig.  3.  The  primary  glide  plane  is  ((X)01)  and  the  cross-slip 

plane  is  ( 1010).  The  resolved  shear  stress  on  two  of  the  ^1210>  dislocations  is  equal  on  the 

basal  plane  as  well  as  on  the  corresponding  (1010)  cross-slip  plane.  This  particular  orientation 
was  chosen  in  order  to  have  a  large  resolved  shear  stress  both  on  the  basal  (0(X)1 ) 


TABLE  1.  Deformation  conditions 
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F[G.  2.  A  HREM  Micrograph  of  the  as-received  6H-SiC  along  a  <1 120>  direction. 

plane  and  also  on  the  (1010)  cross-slip  plane.  Five  samples  were  deformed  under  the  conditions 
shown  in  Table  1.  Each  specimen  was  pre-loaded  by  20  MPa  and  then  ramped  up  to  the 
deformation  temperature.  Subsequently  the  applied  stress  was  increased  to  the  desii^  value  and 
the  specimen  kept  under  load  for  the  desired  time  (see  Table  1).  After  deformation,  TEM 

specimens  were  prepared  with  foil  normals  parallel  to  (0001)  and  [1120]  directions  and  examined 
in  JEOL  200CX  and  JEOL  4000EX  microscopes.  The  latter  microscope,  with  a  point-to-point 
resolution  of  0,18  nm,  was  used  for  HREM. 


FIG,  3.  The  orientation  of  the  deformation  FIG.  4.  An  optical  micrograph  of  the 

specimen.  The  dimensions  of  the  specimen  (1210)  surface  of  sample  1  after  deformation  at 

are  1x1x3  mm3.  MOO’C  (£=20.3%). 

RESULTS 

The  plastic  strains,  E,  undergone  by  the  specimens  are  shown  in  Table  1.  Samples  1  and  2 
underwent  a  very  large  plastic  strain  of  -15-20%  while  the  plastic  strain  in  samples  3  to  5  was 
lower;  in  sample  3  E-5%  and  for  samples  4  and  5  e-1%.  Fig.  4  shows  an  optical  micrograph  of 
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the  sample  before  and  after  deformation  at  I400°C.  There  is  a  high  density  of  slip  traces  which 
are  parallel  to  the  traces  of  the  basal  planes.  A  TEM  micrograph  of  a  heavily  deformed  section  of 
sample  1  compressed  at  1400°C  is  shown  in  Fig.  S.  Note  the  striped  contrast  from  the  different 
phases.  The  wide  bands  in  this  figure  are  all  3C  In  fact,  the  predominant  phase  in  this  region  of 
the  specimen  is  cubic  SiC  as  shown  by  the  diffraction  pattern  ffom  this  area  (see  Fig.  S). 


FIG.  S.  A  TEM  micrograph  of  a  heavily  deformed  section  of  sample  1  (deformation 
temperature=I400°C,  8=20.3%).  The  diffraction  pattern  from  this  region  is  also  shown. 


Fig.  6  shows  an  HREM  micrograph  of  a  region  of  Fig.  4  where  there  is  a  large  density  of 
the  3C  phase. 


FIG.  6.  A  HREM  micrograph  of  a  region  of  Fig.  4  where  there  is  a  large  density  of  the  3C 
phase  (deformation  temperature=1400”C,  8=20.3%). 


Fig.  7  shows  a  HREM  micrograph  of  sample  3  which  was  deformed  at  1 100°C  for  5  hours. 
As  may  be  seen,  the  region  has  also  bran  partially  tnuisfoimed  to  the  cubic  phase. 


FIG.  7.  A  HREM  micrograph  from  sample  3  deformed  at  1 100“C  for  5  hours  (e=17.9%) 
where  there  is  partial  transformation  to  the  3C  phase. 

No  6H->3C  transformation  was  observed  in  samples  4  and  5.  However,  very  wide 
stacking  faults  were  observed  in  the  specimens  deformed  below  1000°C  where  e~l%.  An 
example  is  shown  in  the  bright-field  TEM  micrograph  of  sample  5  in  Fig.  8. 


FIG.  8.  TEM  micrograph  of  wide  stacking  faults  in  sample  5  defonned  at  800‘'C  (e=l.l%). 
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DISCUSSION  AND  CONCLUSION 

According  to  the  model  described  in  ref.  |4|.  there  are  three  requirements  for  polytypic 
transformation  in  SiC:  (i)  A  large  difference  in  the  mobility  of  the  30°  partial  dislocations,  (ii)  A 
sufficiently  large  resolv^  shear  stress  on  the  basal  plane  to  form  a  faulted  loop  from  a  pinned 
segment  of  the  highly  mobile  30°  Si(g)  partial  dislocation,  and  (iii)  A  suHiciently  large  resolved 
shear  stress  on  the  cross-slip  plane  to  m^e  the  screw  dislocation  cross-slip  after  it  has  re-formed. 
The  experiments  in  this  paper  were  designed  to  satisfy  the  above  conditions  for  the  6H-»3C 
polytypic  transformation.  By  choosing  relatively  low  temperatures  and  low  resolved  shear 
stresses,  it  was  intended  that  the  trailing  partial  dislocation  lags  far  behind  the  leading  partial.  In 
addition,  the  orientation  of  the  specimen  was  chosen  in  such  a  way  that  there  were  roughly  equal 
resolved  shear  stresses  on  the  primary  glide  (basal)  plane  and  the  cross-slip  (prism)  plane.  From 
the  results  of  the  tests,  we  can  draw  the  following  conclusions; 

(a)  The  large  plastic  strains  in  the  single  crystals  of  6H-SiC  at  these  relatively  low 
temperatures  (<1500°C)  and  low  stresses  (<100  MPa)  occur  by  the  glide  of  partial  dislocations 
(see  also  the  work  of  Maeda  ei  al.  [7J).  This  is  an  indirect  evidence  for  the  asymmetry  of  the 
partials  dislocation  mobilities  and  the  fact  that  one  of  the  panial  dislocations  (presumably  the  Si(g) 
partial)  can  be  easily  moved  even  at  low  temperatures. 

b)  In  samples  1  and  2,  there  is  partial  transformation  of  the  6H  polytype  to  the  cubic  3C 
polytype.  These  samples  correspond  to  the  temperature  range  11(X)-14()0°C  where  diere  is  a 
large  plastic  strain  (-20%).  The  mobility  of  the  partials  is  expected  to  be  very  different  in  this 
temperature  range  and  the  results  are  consistent  with  the  dislocation  model  proposed  in  [4]. 

c)  In  sample  5,  deformed  at  8(X)°C,  there  is  no  6H-»3C  transformation  despite  the  very 
long  deformation  time  (-24  hours).  However,  the  dislocations  are  very  widely  dissociated 
indicating  an  even  larger  asymmetry  in  the  mobility  of  the  two  panial  dislocations  as  compared  to 
samples  1-4  deformed  at  higher  temperatures.  This  implies  that  the  asymmetry  in  the  mobility  of 
panials  is  due  to  a  larger  activation  energy  for  the  motion  of  the  trailing  panial  dislocation 
(presumably  the  C(g)  partial)  as  compared  to  the  leading  partial  dislocation  (presumably  the  Si(g) 
partial)  18|,  The  absence  of  polytypic  transformation  in  this  sample,  and  also  in  samples  3  and  4, 
may  be  because  of  the  difficulty  of  cross-slip  under  their  deformation  conditions. 
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ABSTRACT 

A  comparison  of  several  simple  hydrocarbon  gases,  with  H;C  ratios  ranging  from 
1  to  4,  as  precursors  for  the  carbonization  of  Si  is  presented.  The  growth  experiments  were 
performed  by  RTCVD  at  reactor  pressures  of  760  and  5  Torr.  For  AP-RTCVD,  we  have 
found  that  C3Hg,  C2H4  and  C2H2  have  very  similar  dependence  of  growth  rate  on  hydrocarbon 
partial  pressure  in  the  chamber.  At  1300°C,  this  involved  a  maximum  in  film  thicimess  being 
obtained  at  a  hydrocarbon  flow  rate  of  8-10  seem,  representing  a  transition  hydrocarbon  fraction 
(in  H2)  of  -  5xI(H.  CH4  carbonization  produces  a  peak  growth  rate  at  a  significantly  higher 
fraction,  -  4xl0'^.  For  LP-CVD  at  5  Torr,  the  transition  carbonization  fraction  increases  by 
approximately  an  order  of  magnitude.  The  AP-RTCVD  carbonization  activation  energy  for 
CjHg,  C2H4  and  C2H2  at  higher  temperatures  {-12(X)-13(X)°C)  has  a  common  value  of 
-  0.8  eV,  while  for  lower  temperatures  it  depends  on  the  hydrocarbon. 


INTRODUCTION 

Silicon  carbide  is  an  interesting  semiconducting  material  with  many  desirable  properties: 
large  Eg  (2.2  eV  for  the  3C  polytype),  high  Tm  (>2800°C),  high  Ebr(2.5xl0®V/cm),  high 
thermal  conductivity  (4  W/cm-°K),  high  saturated  electron  drift  velocity  (2xl0’cin/sec),  as  well 
as  a  large  degree  of  physical  and  chemical  stability.  These  properties  are  very  attractive  for 
many  SiC  device  applications  requiring  operation  under  extreme  conditions  (such  as  high 
■o'tage  and/or  current,  high  temperature,  etc.)  and  for  heterostructure  applications,  such  as  the 
SiC'  ii  heterojunction  bipolar  transistor  which  requites  a  large  band-gap  semiconductor.  For 
he'  rostructure  device  fabrication,  the  epitaxial  growth  of  B-SiC-on-Si  has  been  accomplished 
oy  conventional  chemical  vapor  deposition  (CVD)  (1-3J,  by  low  pressure  CVD  with 
simultaneous  [4]  and  alternate  supply  of  Si-  and  C-beating  gases  [S]  and  by  gas-source 
molecular  beam  epitaxy  [6,7].  We  have  previously  repented  the  epitaxial  growth  of  B-SiC  films 
on  (100)  Si  by  rapid  thermal  chemical  vapor  deposition  (RTCVD)  at  atmospheric  [8]  and 
reduced  pressures  [9].  RTCVD  growth  is  well-suited  for  the  fabrication  of  thin  SiC-on-Si 
device  structures,  due  to  its  minimal  exposure  to  high  temperature,  which  is  produced  by 
rapidly  cycling  the  substrate  temperatuie.  This  rapid  temperature  control  is  usually  provided  by 
Si  absorption  of  the  near-lR  photoemission  of  W-halogen  lamps.  RTCVD  growth  of  SiC-on-Si 
(100)  using  C3Hg  carbonization  and/or  growth  by  reaction  of  CjHg  and  SiHa  has  been  shown 
(8]  to  result  in  monocrystalline  (100)  SiC  thin  ftims. 

In  this  paper  we  report  on  a  study  which  compares  several  simple  hydrocarbon  gases  as 
precursors  for  the  carbonization  growth  of  SiC-on-Si  by  RTCVD. 


EXPERIMENTAL  PROCEDURE 

The  growth  system  is  a  modified  RTCVD  system  from  AET/ADDAX.  A  detailed 
description  of  the  system  and  its  operation  can  be  found  in  (8].  The  gas  precursors  used  in  this 
study  are  CH4,  CgHg,  C2H4  and  (-2H2,  all  diluted  to  5%  in  H2.  The  flow  rates  of  each  of  the 
hydrocarbon  gases  refet^  to  later  in  this  paper  indicate  the  rate  of  flow  of  the  5%  mixture. 
Hydrogen  is  also  used  as  the  carrier  gas.  The  system  pressure  was  measured  by  a  capacitance 
manometer  and  controlled  by  a  throttle  valve  with  a  pressure  controller.  The  growth  substrates 
consisted  of  standard  (100)  n-type  Si  wafers  with  4-6  t^m-cm  resistivity.  Prior  to  being  loaded 
into  the  chamber,  the  substrates  were  dipped  in  diluted  HF  and  rinsed  in  DI H2O.  The  typical 
AP-RTCVD  process  sequence  (8|  consists  of  the  following  steps:  (a)  pump-down  to  base 
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pressure,  followed  by  H2  flush;  (b)  in-sini  cleaning  by  exposure  to  HQ  for  2  min  at  1200°C;  (c) 
pump-down;  (d)  establish  gas  flow  and  pressure  and  then  ramp-up  to  carbonization  temperature; 
(e)  carbonization  and  ramp-down  to  room  temperature.  Tire  LP-RTCVD  process  is  the  same, 
except  for  a  time  delay  prior  to  the  initial  tempmture  ramp-up  u>  allow  for  stabilization  of  the 
pressure  at  the  select^  level.  For  prelimina^  comparisons,  we  have  used  the  same  growth 
parameters  for  LP-RTCVD  as  those  obtain^  for  opdmizi^  AP-RTCVD  growth:  growth 
temperature  of  1 300°C,  temperature  ramp  rate  of  25-50°Cysec,  growth  time  of  60- 1 20  sec. 


RESULTS  AND  DISCUSSION 

The  fraction  of  the  C-bearing  gas  in  the  gas  stream  (i.e.  the  ratio  of  CxHy  to  the  total 
gas  flow)  was  found,  for  all  hyd^arbons  investigated,  to  be  extremely  important  in 
determining  the  nucleation  process  and  the  structural  properties  of  the  resulting  SiC  film.  The 
SiC  average  film  thickness  obtained  at  atmospheric  pressure  after  90  sec  growth  at  1300°C  is 
shown  in  Fig.  1  as  a  function  of  hydrocarbon  fraction.  For  all  hydrocarbons,  a  transition 
traction  for  maximum  thickness  is  observed.  I^  propane,  ethylene  and  acetylene  the  transition 
occurs  at  a  fraction  of  around  SxlO^.  Carbonization  with  methane  yields  a  substantially  higher 
value  of  the  transition  fraction,  4xl0~3,  as  well  as  significantly  thicker  films.  The  overall 
characteristic  pattern  is  reproducible,  with  some  variation  in  the  actual  value  of  the  transition 
fraction. 

The  morphology  of  films  grown  by  ethylene  and  acetylene  for  hydrocarbon  fractions 
less  than,  equal  to,  or  greater  than  the  transition  value  is  very  similar  to  that  observed  with 
propane  growth  [8]  under  similar  conditions.  Since  methane  appears  to  behave  somewhat 
differently  from  the  other  hydrocarbons,  we  will  concentrate  on  the  morphology  of  SiC  films 
grown  by  CH4  carbonization.  The  morphology  of  films  grown  with  selected  methane  fractions 
is  shown  in  Fig.  2.  At  low  CH4  fraction  (10'^),  dendritic  growth  occurs,  as  shown  in  Fig.2a, 
because  the  few  nucleation  sites  present  are  widely  separated  and  do  not  interact.  At  the 
transition  methane  fraction  (-  4xl0'J)  a  uniform  and  continuous  film  is  observed  in  Fig.  2d, 
along  with  the  presence  of  voids  in  the  underlying  Si  substrate.  At  the  higher  methane  fraction 
of  10-2,  the  average  void  size  appears  to  decrease,  while  the  film  surface  is  considerably 
thinner  and  markedly  smoother.  As  in  the  case  of  propane  carbonization  [8]  at  high  flow  rates, 
this  can  be  ascribed  to  the  high  density  of  nucleation  sites  which  result  in  the  early  formation  of 
a  continuous  SiC  film,  thus  sealing  the  surface  diffusion  path  for  Si  atoms  from  the  substrate 
and  greatly  reducing  the  subsequent  growth  rate. 


Hydrocarbon  Fraction  In  Total  Oaa  Flow 


Fig.  1  AP-RTCVD  SiC  film  thickness  as  a  function  of  hydrocarbon  fraction. 
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(a)  20  seem  CH4 

0.9  .pm  H2 


(b)  40  seem  CH4 

0.9  1pm  H2 


(c)  60  seem  CH4 

0.9 1pm  H2 


(d)  100  seem  CH* 

0.9  1pm  H2 


(c)  100  seem  CR* 

0.4  1pm  H2 


Fig.  2  SiC  surfaee  moiphology  for  methane  carbonization  at  several  flow  rates. 
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Hydrocarbon  Fraction  In  Total  Gas  Flow 


Hg.  3  LP-RTCVD  SiC  film  thickness  as  a  function  of  hydrocaihon  fraction. 


In  the  case  of  AP-RTCVD  growth,  the  film  thickness  uniformity  is  strongly  affected  by 
the  gas  flow  pattern  inside  the  reactor.  In  LP-RTCVD  growth,  the  SiC  film  thickness  is 
primarily  a  function  of  the  temperature  across  the  wafer  and,  therefore,  exhibits  superior 
uniformity  [9).  The  film  thickness  vs.  hydrocarbon  fraction  was  obtained  at  5  Torr.  As  seen  in 
Fig.  3,  the  overall  characteristic  is  similar  to  that  obtained  with  films  p-own  at  760  Ton. 
However,  a  substantial  shift  in  the  values  of  the  transition  fraction  is  observed  for  all 
hydrocarbons.  This  was  previously  explained  [9)  for  SiC  LP-RTCVD  with  CsHg  on  the  basis 
that  the  propane  fraction  which  will  provide  a  ^nsity  of  C  atoms  on  the  growth  surface  at  low 
pressure  comparable  to  that  at  atmospheric  prnsure  has  to  be  significantly  higher  to  compensate 
for  the  lower  gas  density  in  the  chamber.  It  is  interesting  to  point  out  that,  while  C3H8,  C2H4 
and  C2H2  have  roughly  the  same  transition  fraction,  (~5xl(H),  fra-  AP-RTCVD,  the  shift  at  low 
pressure  is  to  different  transition  values;  10-3  for  acetylene,  (3-4)xI0-3  for  ethylene,  and 
(0.5-l)xl0-^  for  propane.  The  transition  fraction  for  CH4  at  5  Torr  was  not  reached  as  it 
required  a  methane  flow  rate  higher  than  that  available  in  the  system. 

The  effect  of  temperature  on  the  thickness  of  SiC  films  grown  by  AP-RTCVD  with  the 
various  hydrocarbon  precursors  is  shown  in  Fig.  4.  The  flow  rale  of  each  precursor  is  chosen 
such  that  it  yields  the  transition  value  of  the  hydrocarbon  fraction  in  the  total  gas  flow.  For 
CsHg,  C2H4  and  C2H2  carbonization,  shown  in  Rg.  4a,  two  growth  regimes  are  observed.  At 
higher  temperatures,  the  same  weak  temperature  dc^ndence  is  seen  for  all  three  gases,  yielding 
an  activadon  energy  of  0.76  eV.  The  rate-Iimidng  mechanism  in  this  regime  is  the  transport  of 
hydrocarbon  reactant  to  the  wafer  surface.  At  lower  temperatures  the  surface  reacdon  rate 
brcomes  the  rate-Iimidng  mechanism  and  a  different  acdvadon  energy  is  associatnl  with  each 
gas:  1.2  eV  for  C2H4,  3.1  eV  for  C3H8,  and  3.9  eV  for  C2H2.  The  transiuon  temperature 
between  the  two  regimes  is  around  1  IfS'C.  Methane  carbonizadon  displays  a  single  growth 
regime  (see  Fig.  4b)  over  the  ten^rature  studied,  with  an  acdvadon  energy  of  2.5  eV. 

Preliminary  results  obtained  for  the  temperature  dependence  of  the  thickness  at  low 
pressure  using  carbonization  with  propane  and  acetylene  are  shown  in  Fig.  5.  The  respective 
hydrocarbon  transition  fraction  at  5  Tore  is  used  in  each  case. 


SUMMARY  AND  ACKNOWLEDGEMENTS 

Sic  carbonizadon  using  RTCVD  has  been  invesdgated  with  several  hydrocarbon  gases: 
CH4,  C3H8,  C2H4,  and  C2H2.  The  transition  hydrocarbon  fraction  (for  maximum  film 
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Fig,  5  LP-RTCVD  SiC  film  thickness  as  a  function  of  temperaiure. 


thickness)  for  AP-RTCVD  is  roughly  equal  for  C3Hg,  C2H4,  and  C2H2  with  a  value  of 
(5-6)xl0“*,  whereas  it  is  significantly  higher  for  CH4,  namely  4x10-3.  For  LP-RTCVD  at 
5  Torr,  the  transition  fractions  for  all  hydrocarbons  shift  to  higher  values.  Carbonization 
activation  energies  were  obtained  for  at  760  and  5  Torr. 
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ABSTRACT 

3C-SiC  layers  were  grown  on  Si(111)  substrates  by  chemical  vapor  deposition 
(CVD)  using  SiH4-CH3CI-H2  gas  mixture.  3C-SiC(111)  heteroepitaxial  layers  were 
obtained  with  smooth  surfaces  and  'educed  warpage.  All  the  epilayers  were  n- 
type,  and  the  carrier  density  and  Hall  mobility  were  2. 1xl0''®~2. 8x10^7 cm-3  and 
120-180  cm2A/s  at  room  temperature,  respectively.  Temperature  dependences  of 
the  electrical  properties  of  the  self-supported  3C-SiC(111)  epilayers  were 
measured  between  1 5  and  300  K  for  the  first  time.  3C-SiC(1 1 1 )  epilayers  showed 
a  similar  temperature  dependence  of  carrier  density  to  3C-SiC(001 )  heteroepitaxial 
layer.  Hall  mobility  was  maximum  (-360  cm^A/s)  around  100  K. 


INTRODUCTION 

3C-SiC  is  a  promising  semiconductor  for  elsctronic  devices  operating  at  high 
temperature,  high  power,  and  high  frequency  because  of  extreme  thermal  and 
chemical  stability,  wide  energy  band  gap  (2.2  eV),  high  saturated  electron  velocity 
(2.5x10^  cm/s)  and  high  electron  mobility  (800  cm^A/s). 

3C-SiC(001 )  heteroepitaxial  layers  have  been  prepared  on  Si(00l )  by  CVD  in 
recent  years  (1J.  The  electrical  and  optical  properties  of  the  epilayers  were  studied 
extensively  [2,3],  and  electronic  devices  were  fabricated  such  as  diodes  and  field 
effect  transistors  [4,5].  On  the  other  hand,  microcracks  were  observed  in  epitaxial 
3C-SiC  films  grown  on  Si(1l1),  and  thermal  stress  in  the  3C-SiC(111)  epilayers 
was  calculated  to  be  approximately  twice  as  large  as  in  the  3C-SiC(001)  epilayers 
(6).  Suzuki  et  al.  obtained  single  crystalline  3C-SiC  epilayers  grown  on  Si(1 1 1 )  by 
the  formation  of  3C-SiC(111)  oriented  polycrystalline  buffer  layer  using  SiH2Cl2- 
C3H8-H2  gas  mixture  at  low  temperatures  (1273-1373  K),  but  the  epilayers  were 
reported  to  warp  due  to  the  lattice  mismatch  [7).  Furumura  et  al.  reported  the  growth 
of  3C-SiC  on  Si(111)  by  low  pressure  CVD  using  SiHCl3-C3H8-H2  gas  mixture 
without  the  formation  of  the  buffer  layer,  and  showed  single  crystalline  3C-SiC 
layers  to  be  grown  on  off-axial  Si(111)  substrates  [8].  Tachibana  et  al.  reported 
electrical  properties  of  3C-SiC(111)  epilayers  grown  by  CVD  on  6H-SiC(0001) 
crystals  prepared  by  the  Lely  process  [9].  However,  the  electrical  properties  of  3C- 
SiC(lll)  heteroepitaxial  layers  have  not  been  investigated  well  in  comparison  to 
the  3C-SiC(001)  epilayers,  because  of  cracks  and/or  warp  of  the  3C-SiC(1l1) 
epilayers  due  to  the  internal  stress. 

In  the  present  paper,  we  report  the  heteroepitaxial  growth  of  3C-SiC  on  Si(111) 
by  two-step  CVD  method  to  form  a  carbonized  (buffer)  layer  using  methylchloride 
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(CH3CI)-H2  gas  mixture  and  to  grow  a  3C-SiC  layer  using  SiH4-CH3CI-H2  gas 
mixture.  The  temperature  dependences  of  the  electrical  properties  of  the  self- 
supported  3C-SiC(1 11)  epilayers  are  presented  for  the  first  time. 


EXPERIMENTAL  PROCEDURE 

3C-SiC  layers  were  grown  on  Si  substrates  by  CVD  system  with  cold-wall  type 
reactor,  which  was  previously  evacuated  to  the  pressure  of  3x1  Q-S  Pa.  SiH4  and 
CH3CI,  diluted  with  H2,  were  used  as  source  gases  for  Si  and  C,  and  H2  purified  by 
Pd-Ag  alloy  cell  and  HCI  were  used  as  carrier  and  etching  gases,  respectively.  The 
flow  rates  were  regulated  by  mass  flow  controllers.  Substrates  were  30  mm  x  70 
mm  X  415  pm  Si  wafers  with  just  orientation  of  (111).  Si  substrates  were  put  on 
SiC-coated  graphite  susceptor,  70x80x15  mm3,  which  was  heated  inductively  by 
200  kHz  RF  generator.  The  temperature  wa?  measured  by  a  pyrometer  viewing 
through  a  quartz  window. 

Prior  to  the  growth,  the  surface  layers  of  Si  substrates  were  etched  by  HCI-H2 
gas  mixture  at  1473  K  for  3  min,  and  carbonized  by  CH3CI-H2  gas  mixture.  The 
substrate  temperature  was  ramped  to  1573  K  at  about  500  K/min,  and  held  at  1573 
K  for  2  min  in  the  carbonization  process.  Thereafter,  a  SiC  layer  was  grown  on  the 
carbonized  layer  using  a  SiH4-CH3CI-H2  gas  mixture  at  1623  K.  Typical  growth 
conditions  are  summarized  in  Table  I.  3C-SiC  layers  for  the  evaluation  of 
crystallinity  and  morphology  were  grown  for  30  min,  and  those  for  the  measurement 
of  electrical  properties  and  wafer  warpage  were  grown  for  1 80  min. 

The  surface  morphology  and  thickness  of  the  epilayers  were  evaluated  by 
means  of  scanning  electron  microscope  (SEM).  The  surface  roughness  and  wafer 
warpage  were  measured  by  surface  profile  measuring  system.  Reflection  high 
energy  electron  diffraction  (RHEED)  was  used  for  the  crystallographic  analysis. 

The  electrical  properties  of  the  self-supported  3C-SiC(111)  epilayers,  which 
were  obtained  by  remoing  the  Si  substrates  with  a  HF-HNOa-HzO  (7:9:13)  solution, 
were  measured  using  the  van  der  Pauw  method  at  temperatures  between  1 5  and 
300  K.  Ti  electrodes  were  used  for  the  ohmic  contacts  without  thermal  annealing. 
The  temperature  of  the  sample  was  monitored  by  Pt  resistive  thermometer. 


Table  I.  Typical  conditions  for  heteroepitaxial  growth  of  3C-SiC  layer. 


Process 

Reaction  Gas 

Flow  Rate  (seem) 

Temperature  (K) 

Etching 

HCi 

Hz 

95 

10000 

1473 

Carbonization 

1%CH]Ci/H2 

Hz 

500 

8000 

1573 

1%SiH4/Hz 

210 

Growth 

1%CH3Ci/Hz 

500 

1623 

Hz 

8000 

545 


RESULTS  AND  DISCUSSION 

Figure  1  shows  the  SEM  image  of  3C-SiC  layer  grown  on  Si(111)  substrate 
under  typical  growth  condition  shown  in  Table  I.  The  surface  of  the  layer  was  very 
smooth  (about  5  nm  in  arithmetic  average  roughness)  and  the  thickness  was  about 
1  pm  according  to  the  SEk^mage.  Figure  2  shows  the  RHEED  patterns  of  the  3C- 
SiC  layer  in  the  [110]  and  [112]  incident  azimuth.  Streak  patterns  with  Kikuchi  lines 
were  observed,  which  indicated  that  the  obtained  layer  was  single  crystalline  3C- 
SiC  epitaxially  grown  on  the  SiO^1 1 )  substrate.  Reconstructed  stnjcture  pattern  {3x) 
was  clearly  recognized  in  the  [112]  incident  azimuth. 

Si  substrate  warped  as  a  concave  surface  after  heteroepitaxial  growth  of  3C- 
SiC(lll)  layer.  Figure  3  shows  the  wafer  warpage,  which  was  measured  as  a 
height  from  the  center  of  the  wafer,  after  the  3C-SiC(1 1 1 )  epilayer  5  pm  in  thickness 
was  grown  under  typical  growth  condition.  Furukawa  et  al.  reported  reduction  of 
wafer  warpage  of  3C-SiC  grown  on  selectively-etched  Si(111)  substrate  using 
SiH4-C3H8-H2  gas  mixture  [10].  The  wafer  warpage  of  our  sample  was  reduced 
more  in  comparison  to  their  results.  Figure  4  shows  SEM  and  optical  micrograph 
(OM)  images  of  the  carbonized  layer  formed  on  Si(111)  using  CH3CI-H2  gas 
mixture  at  1573  K  for  2  min.  In  the  carbonization  process,  voids  were  formed  under 
the  carbonized  layer  and  were  observed  as  the  white  triangular  region  in  the  OM 


Fig.  1 .  SEM  image  of  the  3C-SiC  layer  grown  under  typical  growth  condition.  Voids 
are  observed  under  the  3C-SiC  layer. 


Fig.  2.  RHEED  patterns  of  the  3C-SiC  layer  grown  under  typical  growth  condition. 
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image.  The  formation  of  voids  reduces  the  contact  area  between  the  epilayer  and 
substrate,  which  may  decrease  the  internal  stress  in  the  epilayer.  Therefore,  the 
reduction  of  wafer  warpage  is  considered  to  be  due  to  the  formation  of  voids  under 
the  epilayer. 


-3-2-10  1  2  3 


Distance  (mm) 

Fig.  3.  (a)  Wafer  warpage  after  the  3C-SiC  epilayer  5  pm  in  thickness  was  grown 
under  typical  growth  condition,  (b)  and  (c)  are  data  obtained  tor  the  samples 
grown  on  selectively-etched  and  non-etched  Si(11l)  substrates  using  SiH4- 
C3H8-H2  gas  mixture  [10]. 


Fig.  4.  (a)  SEM  and  (b)  optical  micrograph  images  of  carbonized  layer  formed  using 
CH3CI-H2  gas  mixture  at  1573  K  for  2  min.  Voids,  observed  as  the  white 
triangular  region  in  (b).  were  formed  under  the  carbonized  layer. 

Table  II.  Electrical  properties  of  the  3C-SiC  epilayers  grown  under  several  growth 
conditions. 


Sample 

Flow  Rate  of  1%CH3CI  (seem) 
Carbonization  Growth 

Thickness 

(pm) 

Carrier  Density 
(cm*) 

Hall  Mobility 
(cm*/Vs) 

A 

500 

500 

6.5 

2.2  X 10’' 

150 

B 

500 

500 

4.3 

2.8  X 10" 

120 

C 

1000 

500 

4.5 

1.5  X 10” 

180 

D 

700 

600 

6.5 

2.6  X 10” 

145 

E 

700 

700 

5.7 

2.1  xio” 

26 
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All  the  3C-SiC(1l1)  epilayers  showed  n-type  electrical  conduction.  Table  II 
summarizes  carrier  density  and  Mall  mobility  at  room  temperature  obtained  for  the 
epilayers  grown  under  several  conditions  (flow  rate  of  1%CH3CI/H2  was  varied). 
The  epilayers  with  high  Hall  mobility  {120~180  cm^A/s)  were  transparent  with  a 
light  yeilow  color,  but  sample  E  with  low  mobility  (26  cm^Afs)  was  opaque,  although 
the  carrier  density  of  sample  E  (2.1x10’^  cm-3)  was  comparable  with  the  others.  It 
seems  that  a  smaller  Si/C  ratio  in  the  reaction  gas  than  0.3  is  not  suitable  for  the 
heteroepitaxial  growth  of  3C-SiC(1 1 1 )  using  the  present  gas  mixture. 

Figure  5  compares  the  temperature  dependence  of  carrier  density  and  Hall 
mobility  of  the  3C-SiC(l11)  epilayers  with  those  of  the  3C-SiC(001)  heteroepitaxial 
layer  grown  using  SiH4-C3H8-H2  gas  mixture  (11).  Since  3C-SiC(111)  epilayers 
showed  a  similar  temperature  dependence  of  carrier  density  to  3C-SiC(001) 
epilayer,  the  activation  energy  of  residual  donors  may  be  almost  the  same  as  the  20 
meV  estimated  for  3C-SiC(001)  epilayer  [2].  Therefore,  the  residual  donors  in  the 
undoped  3C-SiC(1ll)  epilayer  are  considered  to  have  the  same  origin  as  the  3C- 
SiC  epilayer,  and  to  be  highly  compensated  by  residual  acceptors. 

On  the  other  hand,  Hall  mobility  of  3C-SiC(1 1 1 )  epilayer  was  lower  than  that  of 
3C-SiC(001)  epilayer  and  had  a  maximum  (~360  cm^/Vs)  around  100  K  within  the 
present  experiment,  even  though  the  growth  conditions  of  3C-SiC(111)  epilayers 
were  not  optimized  yet.  Hall  mobility  seems  to  be  limited  by  phonon  scattering 
above  200  K  and  ionized  impurity  scattering  below  80  K,  according  to  the 
comparison  with  the  temperature  dependence  of  the  Hall  mobility  of  3C-SiC(00l ) 
epilayer  [2]. 


Fig.  5.  Temperature  dependence  of  (a)  carrier  density  and  (b)  Hall  mobility  of  3C- 
SiC(  111)  epilayers.  A.  B.  C.  and  D  denote  the  samples  listed  In  Table  II,  Data  of 
3C-SiC(Q01)  epilayers  grown  on  Si(OOI)  substrate  using  SiH4-C3H8  H2  gas 
mixture  [11]  are  also  plotted  for  comparison. 
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CONCLUSION 

3C-SiC{111)  layers  were  grown  on  Si(111)  substrates  by  CVD  using  a  SiH4- 
CHsCI-Hz  gas  mixture.  3C-SiC(111)  heteroepitaxiai  tiims  were  obtained  with 
smooth  surfaces  and  reduced  warpage.  All  the  epilayers  were  n-type,  and  the 
carrier  density  and  Hall  mobility  were  2.1x10'6~2.8x10'*^  cm-3  and  120-180 
cm2/Vs  at  room  temperature,  respectively.  3C-SiC(1 1 1 )  epilayers  showed  a  similar 
temperature  dependence  of  carrier  density  to  3C-SiC(001)  epilayer.  The  Hall 
mobility  of  3C-SiC{1 11)  epilayers  had  a  maximum  (-360  cm^/Vs)  around  100  K. 

In  order  to  investigate  the  electrical  properties  of  3C-SiC(1ll)  epilayers  further, 
both  optimization  of  growth  condition  and  high-temperature  measurement  of 
electrical  properties  are  required.  Estimation  of  internal  stress  in  the  3C-SiC(11l) 
epilayer  is  also  awaited  to  discuss  the  reduction  mechanism  of  wafer  warpage  in 
detail. 
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AEiSTRACT 

Stoichiometric  films  of  3C  SiC,  50  to  1 000  nm  thick  were  deposited  on  Si  wafers  by  laser 
ablation  of  ceramic  stoichiometric  SiC  targets.  Films  grown  at  substrate  temperatures  above 
1000°  C  on  [001]  and  above  900°  C  on  [lit]  show  orientation  epitaxial  to  the  Si  substrate 
along  the  film  normal.  Depending  on  the  deposition  conditions,  the  oriented  crystallite 
dimension  along  this  direction  ranges  from  20  nm  to  over  1 00  nm.  The  crystallite  dimensions 
in  the  film  plane  range  from  20  to  70  nm.  Raman  spectra  show  the  expected  TO  and  LO  lines 
from  SiC  but  indicate  that  the  films  sometimes  contain  other  material,  lor  example  (30  to  50 
A)  graphitic  inclusions  or  small  amounts  of  polycrystalline  silicon. 


Introduction 


Wide  gap  semiconductors  such  as  SiC  are  of  interest  as  materials  for  electronic  devices 
in  high  temperature  and  harsh  environment  applications.  The  most  successful  technique  so 
far  for  the  growth  of  SiC  films  is  that  of  chemical  vapor  deposition  (CVD).  Reaction  of  SiH4 
with  CjHg  in  a  hydrogen  flow  over  a  Si  substrate  held  at  1 400“  C  can  result  in  epitaxial  growth 
of  a  3C  (cubic)  SiC  film. [1-6]  The  CVD  techniques  require  very  high  substrate  temperatures 
for  single  crystal  growth,  which  can  lead  to  film  contamination  and  hydrogen  incorporation 
Although  oriented  crystallite  growth  of  SiC  on  Si  by  CVD  has  been  reported  at  1 1 50“  C  [3,4] 
the  development  of  other  lower  temperature  methods  is  desirable.  Sputtering  has  produced 
polycrystalline  or  amorphous  films  at  lower  substrate  temperatures,  in  the  absence  of 
hydrogen  [7]  Since  1988,  laser  ablation  has  been  used  for  the  deposition  of  high-quality,  high 
Tg  superconducting  oxide  films.  In  this  method  a  high  density  plume  of  energetic  particles  is 
generated  from  the  target  in  a  very  short  time  interval,  reproducing  the  target's  stoichiometry 
on  the  film  and  favoring  oriented  film  growth  at  relatively  low  substrate  temperatures.  Balooch 
ef  al.  [8,9]  have  reported  the  preparation  of  polycrystailine  3C  SiC  films  on  a  [001  ]  Si  substrate 
at  800°  C  by  laser  ablation  of  a  SiC  target.  In  a  recent  communication  we  have  reported  the 
deposition  by  laser  ablation,  at  1 93  nm.  of  thin  oriented  films  of  SiC  on  Si  wafers  at  somewhat 
higher  temperatures  (1 000  to  1 070°  C).[10]  Here  we  describe  the  deposition  by  laser  ablation 
of  epitaxial  cubic  (3C)  SiC  films  on  Si  wafers  at  temperatures  in  the  900  to  1 1 50°C  range. 
These  films  were  characterized  by  X-ray  diffraction,  selected  area  transmission  electron 
diffraction  and  microscopy  and  by  Raman  spectroscopy. 


Sample  Preparation 

The  films  were  deposited  inside  a  stainless  steel  vacuum  system  pumped  by  a  turbo- 
molecular  pump  to  a  base  pressure  of  5x10'*  torr.  Radiation  from  an  excimer  laser  of 
wavelength  193  nm  (ArF)  or  351  nm  (XeF)  was  focused  near  the  surface  of  the  target  where 
it  illuminated  a  t  x5  mm  rectangle  with  approximately  45°  incidence.  The  pulse  energy  at  the 
target  could  be  adjusted  between  1 00  and  400  mJ  corresponding  to  fluences  from  2  to  8 
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J/cm^.  Ceramic  SiC  targets  were  used.  The 
substrate  to  target  distance  was  varied 
between  5  and  7  cm. 

The  substrates  were  pre-etched  to 
remove  hydrocarbons  and  native 
oxide.  [10]  During  deposition  the  substrate 
was  heated  radiatively  across  a  small  (-1 
mm)  gap  by  a  resistive  boron  nitride 
coated  graphite  heater  (Union  Carbide 
Boralectric)  inside  a  tantalum  radiation 
shielded  furnace.  The  deposition  window 
was  a  2.5  cm  square.  The  substrate 
temperature  was  measured  with  an  IR 
pyrometer,  through  a  sapphire  window. 
Only  the  initial  temperature  could  be 
accurately  obtained  from  the  pyrometer 
readings,  as  optical  interference  effects  in 
the  growing  film  produce  an  output  from 
the  pyrometer  (responding  to  wavelengths 
near  1  ^im)  that  oscillates  with  deposition 
time.  This  effect  provides  a  means  of 
gauging  the  film  growth. 

The  deposited  films  had  elliptical 
constant  thickness  contours,  as  shown  by 
their  light  interference  patterns,  with  the 
long  axis  perpendicular  to  the  large 
dimension  of  the  illuminated  area  on  the 
target.  Film  thicknesses  were  measured 
with  a  stylus  profilometer  near  the  edge 
defined  by  the  (shadow)  masking  from  the 
front  radiation  shield.  To  determine  the  film 
thickness  near  the  center  of  the  plume 
deposition  runs  were  performed  with  a 
contact  mask  made  out  of  tantalum  foil 
yielding  a  sharp  edge  in  the  desired  area. 
Film  thicknesses  could  also  be  estimated 
by  counting  interference  fringes  from  the 
measured  edge  The  deposition  rates 
derived  from  such  data  will  be  discussed 
below. 


Film  Characterization 


111, 


4642  38  34  44  40  36  32 

20.  deQfees 


Figure  1  X-ray  reflections  for  (a)  [111],  (b)  and 
(c)  ((X)1]  substrates  deposited  at  1145°  C;  (d) 
[001]  at  1000°  C;  (e)  [1 1 1]  at  900°  C. 


DEPOSITION  time  (M.n) 


Figure  2.  Dependence  of  crystallite  dimension 
on  deposition  time  and  temperature.  200  mJ 
pulses.  5  Hz. 


Auger  spectroscopy  showed  that 

target  and  film  had  the  same  stoichiometry  This  was  verified  by  testing  some  non-epitaxial 
films  deposited  from  non-stoichiometric  targets. 

Figure  1  shows  examples  of  X-ray  diffraction  data  from  "©-20"  angular  scans  such  that 
the  wavevector  transfer  is  normal  to  the  plane  of  the  film.  The  diffraction  peaks  observed  in 
this  scanning  geometry  are  characteristic  of  spacing  between  atomic  planes  parallel  to  the 
film  For  films  deposited  on  [001]  Si,  (traces  b  and  c)  the  lines  corresponding  to  the  200  (2© 
=  41 .6°.  spacingd=2.18  A)  and  the  400  (2©  =  90.5°,  d= 1.09  A)  refleclions  are  visible,  whereas 


the  1 1 1  reflection  (20=35.7°,  d  =  2.52  A)  is 
absent.  The  reverse  is  true  for  films  grown 
on  [111]  Si  (trace  a).  This  is  as  expected 
for  epitaxial  films  of  cubic  (3C)  SiC  and  is 
consistent  with  the  fact  that  the  3C  is  the 
stable  polytype  at  these  relatively  low  ~  ,0° 
substrate  temperatures.  The  films  that  § 
exhibit  the  sharpest  diffraction  lines  are  | 
those  deposited  at  the  highest  substrate 
temperatures  (above  t050°  C  for  films  on  § 

[001  ]  Si  and  900°  C  lor  [1 1 1 1  Si).  The  dif-  § 
fraction  line  broadening  at  the  lower  tem¬ 
peratures  is  illustrated  by  traces  d  and  e  in 
Fig.  1. 

From  the  width  of  the  diffraction  lines  ic"' 
one  can  deduce  the  dimension  of  the 
crystallites  in  the  direction  normal  to  the 
substrate  plane.  This  dimension  depends 
on  factors  such  as  deposition  time,  Figure  3.  Temperature  dependence  of  filrr 
substrate  orientation  and  temperature  as  thickness  for  60  min.  deposition, 
illustrated  by  the  data  plotted  in  Fig.  2.  The 
data  in  this  figure  were  obtained  with  a 
pulse  repetition  rate  of  5  Hz  and  an  ,200 
approximate  pulse  energy  of  200  mj  at  the 
target.  The  [OOt]  results  at  1075°  C  were  — 
from  ablation  with  193  nm  (ArF)  radiation  | 
at  a  target-substrate  separation  of  5  cm,  all  S 
others  with  351  nm  (XeF)  radiation  and  7 
cm  target -substrate  separation.  Under 
these  conditions  the  deposition  rates  for  g 
comparable  substrate  temperatures  were  z 
approximately  the  same  for  the  two  2  ^ 

wavelengths.  Due  to  the  much  larger  ° 

propagation  loss,  window  and  lens 
transmission  loss  and  beam  divergence  for  ”” 

the  193  nm  radiation,  most  of  the 
experiments  were  performed  with  35t  nm 
radiation,  and  no  major  differences  in  the 
results  with  wavelength  change  were  Figure  4.  Crystallite  size  as  function  of 
detected  The  larger  error  bars  for  the  temperature  lor  60  min.  deposition 
larger  crystallite  dimensions  are  a  reflection 

of  the  larger  uncertainty  in  making  the  instrumental  linewidth  correction  for  the  narrower  lines 

Figure  3  shows  average  film  thickness  as  a  function  of  the  inverse  of  the  absolute 
temperature  of  the  substrate  for  the  same  deposition  time.  It  was  verified  that  the  film 
thickness  is  indeed  proportional  to  deposition  time,  at  least  lor  200  mJ  laser  pulses  at  5  Hz 
Thus  the  data  of  Fig  3  yield  deposition  rates  of  0.05  to  1  0  A/pulse  Fig.  4  shows  the 
dependence  on  deposition  temperature  of  the  crystallite  dimension  along  the  film  normal,  for 
a  deposition  time  of  60  min  This  same  crystallite  size  is  always  less  than  the  film  thickness, 
although  for  the  [1 1 1  j  films  deposited  near  1050°  C  they  are  within  a  factor  of  2  of  each  other 
At  the  highest  deposition  temperatures  the  crystallite  size  lor  the  [1 1 1  ]  films  reaches  1 200A 
whereas  it  only  reaches  6O0A  for  the  [001]  films.  The  increase  in  cryslallife  dimension  with 
deposition  time  and  temperature  might  be  due  partly  to  annealing. 

Figure  3  shows  that  above  1000°  C  the  deposition  rale  increases  rapidly  with  substrate 
temperature  indicating  perhaps  the  onset  of  a  thermally  activated  process  For  the  [111]  films 
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there  is  a  minimum  in  the  deposition  rate  near  900°  C;  the  decrease  in  rate  with  increasing 
temperature,  below  900°  C.  might  be  related  to  reactive  reevaporation  in  the  presence  of  the 
residual  gases  in  the  system  (6x10'^  to  5x10'^  torr).  Rate  data  for  [001]  films  below  1000°  C 
is  not  shown,  as  these  films  did  not  show  any  SiC  signature  in  the  X-ray  scans 

Increased  laser  fluence  above  that  corresponding  to  200  mj  pulses  appears  to  increase 
crystallite  size  slightly  for  the  [001]  films  only,  and  then  only  at  193  nm.  At  351  nm  increased 
laser  energy  resulted  in  roughening  of  the  film  surface  and  eventual  local  peeling  of  the  film. 
Lowering  the  energy  below  200  mJ  decreased  the  crystallite  dimensions  as  well  as  the 
deposition  rate. 

Information  about  crystallinity  within  the  film  plane  was  obtained  from  transmission 
electron  diffraction  on  back -thinned  specimens  prepared  by  standard  procedures.  Selected 
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[111]  [001] 

Figure  5  Selected  area  transmission  electron  diffraction  of  SiC  on  [111]  and  [001]  Si  in 
areas  with  both  film  and  substrate  present. 

area  diffraction  patterns  presented  in  Fig.  5  show  that  the  3C  SiC  films  grow  epitaxially  on  the 
Si  substrate,  the  [001]  film  on  the  [001]  substrate,  the  [111]  film  on  the  [111]  substrate,  with 
the  {220}  planes  of  the  film  and  substrate  parallel  to  each  other.  Double  diffraction  causes 
satellite  spots  around  220  reflections  in  both  types  of  films.  Weak  reflections  due  to  other 
orientation  variants  are  present  in  Fig.  5  and  increase  in  the  thinner  areas  of  the  [111]  films 
(near  the  surface)  Twins  have  been  identified  also  in  the  thin  areas  of  the  [001]  films.  The  in¬ 
plane  grain  dimensions  are  30  to  70  nm  for  both  films  as  derived  from  TEM  micrographs. [1 0] 
Further  information  about  these  films  can  be  obtained  from  their  Raman  spectra.[1 1,12] 
For  the  very  thin  films  grown  at  low  temperatures,  the  spectra  are  dominated  by  the  Si  sub¬ 
strate.  To  enhance  the  SiC  contribution  from  these  films,  we  subtracted  from  each  spectrum 
a  suitably  scaled  spectrum  from  the  bare  substrate. [10]  For  the  films  grown  at  higher  temper¬ 
atures  this  was  not  necessary,  as  shown  in  Fig  6  for  a  film  deposited  at  1 1 45  °C  for  60  min. 
The  top  trace  (a)  in  this  figure  is  from  the  thickest  part  of  the  film  (d  -  1  ^jm)  near  the  edge 
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of  the  mask.  The  SiC  TO  (796  cm"')  and 
LO  (973  cm'')  modes  [1 1  ]  are  clearly  seen 
and  there  is  no  significant  interference  from 
the  Si  spectrum.  Note  the  strong,  sharp 
TO  line  in  contrast  to  the  much  weaker 
and  broader  (-  50  cm"')  LO  line.  This 
broadening  may  be  the  result  of  damping 
by  free  carriers,  which  can  substantially 
affect  the  LO  mode  without  affecting  the 
TO.[13]  The  obsen/ed  LO  bands  are  too 
weak  for  detailed  shape  analysis,  but  from 
comparisons  with  the  spectra  observed 
and  analyzed  for  much  thicker  CVD  films 
we  obtain  an  estimate  of  5x1  o'®  cm"®  lor 
the  carrier  concentration  in  the  p-type  film 
of  Fig.  6.(13] 

Spectrum  6(b)  is  from  a  spot  -  1  mm 
from  the  edge,  where  the  film  is  -  1 500  A 
thinner  than  it  is  for  6(a)  The  Si  spectrum 
is  clearly  enhanced  in  the  thinner  region 
and  that  from  the  SiC  is  depressed.  The 
thin-film  interference  effects,  mentioned 
above,  that  produce  colored  bands  in 
these  films  when  viewed  under  white  light 
will  also  lead  to  a  variation  in  Raman 
intensity  with  position.  The  changes 
between  the  (a)  and  (b)  spectra  of  Fig.  6, 
however,  are  not  caused  solely  by  this 
interference  effect.  The  Si  Fjg  peak  at  520 
cm  '  in  both  (a)  and  (b)  is^  significantly 
broader  than  that  from  the  substrate. 


200  400  600  BOO  1000 


Raman  Shift  (cm  ') 

Fig.  6.  Raman  spectra  recorded  with  50  mW 
power  of  514.5  nm  laser  light  using  a  SPEX 
Triplemate  and  array  detector  system,  (a)  is 
shitted  up  by  4  tic  marks  for  clarity.  The  full 
scale  range  is  -  120  counls/s. 


shown  in  Fig.  6  (c).  In  addition,  these  lines  do  not  show  the  same  dependence  on 
polarization  and  sample  orientation  as  does  the  same  line  for  the  substrate.  With  s-polarized 
laser  light  on  a  [001  ]  surface  the  Fgg  mode  extinguishes  when  both  the  incident  and  scattered 
light  are  polarized  along  [100],  whereas  the  F~  mode  in  (a)  and  (b)  does  not.  We  conclude 
that  the  SiC  film  contains  some  unoriented  Si  inclusions  and  that  the  composition  of  the  film 
varies  with  position.  From  the  increased  linewidth,  the  size  of  the  Si  inclusions  is  estimated 
to  be  -  20-30  A.[1 4]  In  some  of  the  samples  (not  the  one  for  Fig.  6)  we  also  observed  bands 
near  1 360  and  1 600  cm' ' ,  indicating  the  presence  of  small  graphitic  inclusions  whose  size  we 
estimate  to  be  30-50  A  [12.15]  Similar  results  were  obtained  from  films  grown  on  [111] 
substrates 


Concluding  Comments 


Epitaxial  films  of  SiC,  with  thicknesses  in  the  range  of  100  to  1000  nm  have  been 
deposited  by  laser  ablation  on  both  [001  ]  and  [1 1 1  ]  Si  substrates.  The  films  grow  epitaxially 
on  [111]  substrates  held  at  temperatures  above  900°  C,  whereas  on  [001]  substrates  they 
grow  epitaxially  only  above  1000°  C  The  crystallite  size  as  measured  by  X-ray  diffraction 
increases  with  both  deposition  time  and  temperature,  and  tends  to  be  larger  for  the  [111] 
films  This  effect  might  be  a  consequence  of  annealing  processes  occurring  in  the  already 
deposited  layers  and  which  have  lower  onset  temperature  in  the  [1 1 1  ]  crystallographic  planes. 
As  in  the  case  of  CVD  films,  the  epitaxial  deposition  rates  have  a  marked  temperature 
dependence,  increasing  with  deposition  temperature.  In  the  CVD  case  this  is  ascribed  to  a 
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thermally  activated  chemical  reaction  whereby  the  volatile  Si  and  C  carrier  gas  molecules 
decompose  at  the  deposition  surface.  Such  a  scheme  would  not  be  applicable  to  deposition 
by  laser  ablation.  If  for  no  other  reason,  that  the  larger  molecular  fragments  that  may  be  part 
of  the  ablation  plume  arrive  at  the  target  with  very  high  kinetic  energies  corresponding  to 
temperatures  much  higher  than  that  of  the  substrate.  In  the  present  case  the  explanation  has 
to  be  sought  elsewhere.  At  the  lower  temperatures,  where  the  [1 1 1  ]  films  are  polycrystalline, 
the  deposition  rate  shows  a  decrease  between  800  and  900’  C,  which  might  be  due  to 
reevaporation  of  some  oxides  formed  on  the  growth  surface  In  between  laser  pulses  by 
reaction  with  the  relatively  high  pressure  of  residual  gases  in  the  system. 

We  thank  our  colleagues.  W.  Ping  for  the  Auger  data.  C.  Peters  for  discussions  on 
Interpretation  of  X-ray  diffraction  data,  H.  Holloway  for  discussions  on  film  growth  processes 
and  R.  Soltis  lor  help  with  many  experimental  problems. 
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HETERO  EPITAXIAL  GROWTH  OF  SiC  FILMS  BY  CVD  FROM  SILANE,  METHANE, 
PROPANE,  AND  HYDROGEN  MIXTURES 


B.Baliavar,  M.I.Chaudhry,  and  R.J.McCluskey,  Center  for  Advanced  Materials  Processing,  Clark¬ 
son  University,  Potsdani,  NY 


ABSTRACT 

Epitaxial  silicon  carbide  Rbns  have  been  produced  on  Si  (100)  su)>strates  by  CVD  with 
90%  of  the  carbon  supplied  by  methane  and  10%  by  propane  as  compared  to  100%  by  propane 
(or  100%  by  any  c2urbon  source  more  reactive  than  methane).  This  implies  a  methane  to  propane 
mole  ratio  of  thirty.  Among  possible  carbon  gases,  methane  is  the  purest  coimnerciaiJy  available 
hydrocarbon  source.  But  methane  has  not  been  conuuonly  used  for  growth  of  silicon  carbide  due 
to  its  low  chemical  reactivity.  Our  process  demonstrates  the  feasibility  of  achieving  high  SiC 
growth  rates  while  using  a  carbon  source  that  is  predominantly  methane.  We  have  established 
that  silicon  carbide  lilnis  grown  at  13f»0  ^C  in  a  CVD  reactor  using  the  above  carbon  source  ratio 
results  in  quality  single  crystalline  films  at  similar  growth  rates  and  lower  carrier  concentrations 
than  films  grown  from  propane  and  silane. 

The  main  tools  used  to  characterize  the  grown  fibns  are  X-ray  and  electron  diffraction, 
optical  iiiicroscopy,  surface  prohloitielry.  Hall  mobility  measurements,  and  tliickiiess  measure¬ 
ments. 


INTRODUCTION 

Silicon  carbide  (SiC)  Is  a  wide  band-gap  semiconductor  material  with  many  attractive 
features.  High  thermal  conductivity  and  excellent  physical  stability  favor  silicon  carbide  for 
applications  in  liigh-temperature  devices.  In  particular,  0‘SiC  (cubic  or  3C-SiC)  seems  to  be 
the  most  suitable  for  this  purpose,  owing  to  its  high  electron  mobility  with  values  up  to  900 
cm^/Vs.  Preparation  of  single  crystals  by  chemical  vapor  deposition  (CVD)  has  been  an  active 
research  area  since  the  aniiouitceuieut  of  a  ’’bufler  layer”  lecluiique  (l,  2)  wliich  perniits  the 
epitaxial  growth  of  0-SiC  atop  silicon  substrates.  Briefly,  in  this  two-step  i3-SiC  CVD  process, 
the  buffer  or  initial  layer  is  first  deposited  by  reacting  the  Si  substrate  with  a  hydrocarbon  gas. 
This  is  accomplished  by  flowing  a  dilute  mixture  of  the  hydrocarbon  in  H2  over  the  substrate 
as  its  temperature  is  ramped  (--40  /s)  from  room  temperature  to  the  growth  temperature 

(1330-1390  °C  ).  The  first  step  is  also  called  the  carbonization  step  where  the  Si  surface  layer 
of  the  substrate  is  converted  to  a  0-SiC  layer.  The  second  step  involves  the  homo-epitaxy  of 
J-5tC  on  the  initial  layer  using  a  dilute  mixture  of  the  hydrocarbon  and  SiH^  in  H2  •  The 
choices  of  hydrocarbon  include  [I,  3,  4],  ClisCt  j4l,  and  [5]  wliile  CH^  [6.  7,  8]  is 

observed  to  produce  little  If  any  deposit. 

The  sucessful  use  of  C’Hi  as  an  alternate  source  of  carbon  presents  a  challenge  in  under¬ 
standing  the  surface  chemistry  involved  in  the  growth  process  of  '  on  Si  .substrates  [8,  9|. 
lit  the  present  paper  we  report  the  hetero-epilaxial  growth  of  J-5i<  ’  on  Si(  lUO)  by  the  two-step 
CVD  method  to  form  the  0-SiC  buffer  layer  using  the  Hi  -  Cj/fg  -  SiH^  gas  system  and  the 
growth  of  l3-SiC  bulk  layer  using  the  Hj  -  CHa  -  C3//8  -  SiWg  ,  H2  -  Cffg  -  SiH^  ,  and 
H2  -  C3//8  -  SiH^  gas  systems. 
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EXPERIMENTAL 

0-SiC  fUuis  were  grown  on  Si  substrates  using  a  cold-wall  horizontal  CVD  reactor, 
operated  at  atmospheric  pressure.  The  reactor  was  a  quartz  tube  with  an  inside  diameter  of 
50mm  and  an  inside  length  of  500mm.  The  Si  substrate  was  placed  on  an  RF-heated  SiC- 
coated  graphite  susceptor  which  was  held  by  a  quartz  support.  The  temperature  was  measured 
by  an  automatic  pyrometer  tlirough  a  quartz  window.  The  dilTereiice  between  the  measured 
and  the  actual  substrate  temperature  was  determined  by  melting  a  Si  substrate  under  actual 
growth  conditions.  Substrate  temperatures  in  this  document  were  corrected  for  the  difference. 
Typically,  the  measured  T  was  20-30  below  the  Si  melting  temperature  of  1410±5  ‘’C  . 

Substrates  were  33  mm  x  48  mm  x  0.38  nun  electronic  grade  (p-type)  single  crystal  Si 
with  (100)  orientation.  To  prepare  the  substrates  for  crystal  growth  the  following  sequence  was 
used:  (i)  blowing  off  the  Si  particles  (produced  during  cutting)  with  dry  argon,  (tt)  rinsing  both 
sides  of  the  subtrate  with  methanol  (semiconductor  grade)  and  wiping  them  with  a  kimwipe  to 
remove  extra  fine  Si  particles  not  seen  by  the  unaided  eye,  (tit)  etching  the  substrate  m  a  %5 
H  F  solution  (made  from  %49  H F  stock  and  D.I.  water)  for  5  min  to  remove  the  native  oxide. 
If  liquid  drops  were  detected  on  the  Si  substrate  upon  removing  it  from  the  HF  solution,  then 
steps  (it)  and  (lii)  were  repeated.  There  was  no  degreasing  step  in  the  above  sequence  since  the 
Si  wafers  and  substrates  were  handled  only  with  a  clean  kimwipe  or  tweezers. 

CH4  (99.9995%,  MG  Industries)  and  Cj/fs  (89-95%,  MG  Industries)  were  used  as  source 
gases  for  carbon.  Siffi  (99.995%,  MG  Industries)  and  palladium  purified  H2  (99.999%,  Air 
Products)  were  used  as  source  gas  for  silicon  and  carrier  gas,  respectively.  The  flow  rales  were 
regulated  by  electronic  mass  flow  controllers  (Tylan  and  Hastings). 

After  the  substrate  and  susceptor  were  positioned  in  the  reactoff  the  native  oxide  on 
the  Si  substrate  was  removed  by  heating  the  substrate  at  1200  for  10  min.  An  epilayer  of 
Si  was  then  grown  for  5  min  at  1050  .  This  silicon  epilayer  of  about  0.2  pm  thickness  was 

found  suitable  for  subsequent  epitaxial  growth  of  0’SiC  .  Next,  the  Rf  power  was  turned  off  and 
Che  susceptor  and  substrate  allowed  to  cool.  After  cooling  for  3  min,  the  proper  gas  flows  were 
established  for  the  growth  of  the  0-SiC  buffer  layer.  An  additional  1  uiin  was  allowed  for  the 
new  gas  mixture  to  stabilize.  The  temperature  of  the  susceptor  was  then  ramped  to  about  I35U 
(in  about  33s)  and  held  at  that  temperature.  After  1  min  ( time  measured  from  the  beginning 
of  the  temperature  ramp),  all  gas  flows  except  for  H2  were  diverted  from  the  reactor  for  I  min 
in  order  to  prepare  the  flow  conditions  for  the  bulk  growth.  Temperatxire  was  maintained  at 
1350  °C  during  this  I  min  purge  and  proper  flow  conditions  were  set  for  bulk  growth.  Following 
the  purge  period,  the  stabilized  reactant  gas  flows  were  directed  to  the  reactor.  For  samples  in 
which  buffer  layer  growth  and  bulk  growth  had  identical  gas  flow  conditions,  the  1  min  purge  was 
omited.  After  the  desired  growth  time  had  elapsed,  all  gas  flows  except  for  H2  were  diverted  to 
the  exhaust  and  a  2  min  purge  period  was  started.  Finally,  the  RP  power  was  slowly  decreased 
{'^100  ®('  /ntio)  to  zero  and  the  susceptor  and  the  substrate  were  allowed  to  cool  to  near  room 
temperature. 

Table  I  summarizes  the  ezperhnental  conditions  for  the  preparation  of  0-SiC  films.  In 
this  table,  samples  de.signated  BB  used  as  the  sole  carbon  source,  while  samples  designated 
with  an  M  used  a  mixture  of  CH4  and  or  CH^  only.  The  bulk  layer  growth  time  was  in 

the  range  of  5-120  min.  Ssunples  having  the  same  growth  conditions  in  Table  1,  differ  only  in 
their  growth  time.  Growth  rates  listed  in  this  t^le  are  for  the  center  of  the  samples.  Samplet 
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for  x-ray  evaluation  and  measurement  of  electrical  properties  were  grown  for  120  min  to  provide 
thicknesses  greater  tlian  4  /tm  .  The  samples  grown  for  30  min  or  shorter  time  periods  showed 
color  fringe  patters  which  were  indicati  ve  of  layer  thickness  and  thickness  uniformity.  The  surface 
morphology  of  the  as-grown  fi-SiC  epi-layers  were  investigated  with  a  Noiiiraski  microscope.  A 
stylus  type  profilometer  (Dektak  IIA,  Veeco  Instruments)  was  used  to  measure  surface  roughness. 
Thickness  of  samples  grown  for  30  nun  or  shorter  were  measured  by  visible  light  interferometry. 
Thickness  of  samples  grown  for  120  and  240  imn  were  measured  by  viewing  the  imbedded 
layer  cross-section  under  an  optical  microscope.  Structural  quality  of  the  crystalline  layers  was 
evaluated  by  x-ray  diffraction  (Siemens^  Model  D500)  and  selected  area  diffraction  (SAD)  using 
a  transmission  electron  microscope  (JEOL,  Model  JEM-1200EX).  The  electrical  characteristics 
(Hall  mobility  and  carrier  concentration)  of  the  i3-SiC  layers  were  determined  by  making  Hall 
measurements  using  the  van  der  Pauw  technique  at  room  temperature.  Ohmic  contacts  were 
made  by  indium  soldering  of  tliin  gold  wires  on  the  layer  surface. 


I 
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Table  I.  Experimental  conditions  for  epitaxial  growth  of  /i-5tC  . 


- 1 

Sample 

Flow  Rates  for  Buffer  Layer 
(re/min) 

H2  C3Hs  CH4  SiH4 

Flow  Rates  for  Bulk  Growth 
foc/min) 

Ii2  C-iHs  CH4  SiH4 

Growth 

Rate 
(jum  /hr) 

Ml 

3000 

0.00 

1.08 

i^m 

3000 

0.00 

1.08 

0.56 

u.o 

M2 

3000 

0.00 

1.92 

3000 

0.00 

1.92 

1.00 

0.0 

M3,  M6,  M7,  M9 

3000 

0.64 

0.00 

3000 

.064 

1.92 

1.00 

2.9 

M4,  M8,  MIO 

3000 

0.04 

0.00 

3000 

0.00 

1.92 

l.UO 

3.2 

M-l 

3000 

.064 

1.92 

3000 

.064 

1.92 

1.00 

2.9 

HIUO,  BK13 

3000 

0.64 

n.oo 

3000 

0.64 

0.00 

1.00 

2.7 

RESULTS 

Among  the  five  growth  conditions  for  seuiipies  Ml-MlO,  only  Ml  and  M2  failed  to 
produce  any  growth  of  0-SiC  .  The  surface  of  the  Si  substrate  in  sample  Ml  was  dotted  with 
isolated  hazy  squares  with  a  side  Ivngth  of  about  0.2S  mm.  Sample  M2  also  showed  hazy  squares 
but  with  a  side  length  of  about  7  mni.  Under  our  experimental  conditions,  use  of  CH^  as  the 
only  carbon  source  during  the  tmffer  layer  step  does  not  allow  SiC  formation.  Furthermore, 
sample  M5  shows,  indirectly,  that  a  small  addition  of  C3H6  during  the  initial  thermal  ramp 
results  in  growth  of  a  l3-SiC  buffer  layer.  Visual  comparison  of  samples  M3-Mi0  indicated  the 
superiority  of  samples  (M3,  M6,  M7,  and  M9)  grown  without  methane  during  the  buffer  layer 
and  with  some  propane  during  bulk  growth.  We  will  ■select  samples  MS  and  M7  for  comparing 

single  crystals  grown  with  90%  of  the  carbon  source  as  with  samples  BBiU  and 
BBl.l  grown  using  Ci^s  the  only  source  of  carbon. 

Figure  I  shows  Noiiiraski  photomicrographs  for  surface  morphologies  of  samples  M7 
and  BBlO.  both  grown  for  120  min.  The  average  rouglmess  measured  by  a  stylus  profilometer 
was  130  A  for  sainpie  BBlO  while  that  of  M7  was  1235  A.  Our  profilometer  gave  an  average 
roughness  of  61  A  for  the  surface  of  the  untreated  Si  substrate.  The  crystal  quality  of  samples 
M7  and  BBIO  were  examined  by  measuring  the  full  width  at  half  inaximmii  (FWHM)  of  x-ray 
rocking  curves.  Rocking  curve  measurements  for  the  epitaxial  layers  were  carried  out  using 
CuAa  lin»*s  at  20-41. 40^*  for  (200)  peak  and  20-89.90”  for  (400)  peak  of  l3-SiC  .  Table  11 
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shows  the  FWHM  values  for  the  two  peaks  of  (i-SiC  samples  M7  aad  BBIO.  These  FWHMs 
were  considerably  broader  than  0.034"  from  the  (400)  diffraction  peak  of  the  Si  substrate  with 
the  same  instrumental  conditions.  Thus,  the  resolution  of  the  x-ray  experimental  setup  was 
adequate  for  the  analysis  of  the  crystcdUuity  of  the  grown  layer  even  without  a  double-crystal 
diffractometer  (OCD).  It  is  clear  from  Table  U  that  the  two  samples  are  almost  identical  in  their 
overall  crystal  quality. 

The  electrical  properties  of  the  two  samples  are  summarised  in  Table  111.  The  Hall  mea¬ 
surements  resulted  in  values  for  Hall  mobility,  layer  resistivity,  p,  and  carrier  concentration, 
n. 


Table  II.  FWHM  of  x-ray  rocking  curves 
of  f3-SiC  (200)  and  (400)  peaks. 


Sample 

Thickness 

FWHM  of 

FWHM  of 

(>im  ) 

(200)  peak 

(400)  peak 

M7 

0.101" 

BDIO 

0.103" 

Table  III.  Electrical  prclpertie^  *f  ii  -type 
iS'SiC  layers  at  room  temperature. 


Sample 

P 

n 

(ciu^  ■) 

(rt.ciii) 

M7 

303 

0.43 

4.38  X  10'" 

BBlO 

344 

0.22 

03 

X 

o 

Figure  1.  Nomarski  microphotographs  of  the 
as-grown  surfaces  of  samples  M7  and  BBlO. 


For  determination  of  the  crystalline  state  of  the  two  samples  we  had  to  use  samples 
BBl3  and  M6  wnich  had  the  same  growth  conditions  as  BBlO  4md  M7,  respectively,  but  were 
thinner,  making  them  suitable  for  transmission  electron  diffractiuu  analysis  of  the  SAD  method. 
Figure  2  shows  the  spot  patterns  for  these  two  samples.  U  is  clear  that  both  samples  are  single 
crystalline. 


Figure  2.  Transmission  electron  diffraction  patterns  of  samples  M6  and  BB13.  The  spot  pattern 
shows  the  single  crystalline  nature  of  the  f3-$iC  films. 
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DISCUSSION 

An  important  finding  of  this  study  is  the  utilization  of  CH4  in  the  bulk  growth  oi (i-SiC 
layers  on  a  /i-SiC  surface.  An  equally  important  and  interesting  result  is  the  insight  this  study 
provides  for  the  growth  mechanism  of  the  buffer  layer  or  the  carbonization  of  the  Si  surface. 
These  findings  can  be  better  understood  by  considering  the  bond  energies  (Table  IV)  needed 
for  radical  species  production  for  the  various  carbon  sources  used  in  the  growth  of  /?-5iC  on  Si 
substrates  [llj. 


Table  IV.  Bond  energies  of  several  carbon  sources 
used  in  the  growth  of  ^-SiC  on  Si  substrates. 


Molecule 

Radicals 

Build  energy  |Kcal/moI) 

CHt 

r//3  •  +//• 

104 

(■7/3(7 

CH3  ■  I  fi 

83.5 

Cj/fs+Cffj. 

85 

Stinespring  et  al.,  in  llieir  experimental  and  theoretical  study  of  the  Hi  -  C3//8  -  SiH^ 
growth  system  of  d-SiC  ,  determined  that  the  formation  of  a  SiC  deposit  al  low  temperatures 
is  critical  since  it  prevents  substantial  evaporative  losses  of  Si  from  the  substrate  (8).  They 
deterciiined  that  C-iH^  produces  reactive  radical  species  at  about  900  .  Ikoma  et  al.  reported 

the  growth  of  J-5tC  using  the  Hi  -  Cf/aCf  -  SiH^  system  with  similar  results  to  that  of  the 
fii  system  [4].  U  ts  evident  from  Table  IV  that  both  (\H^  and  are 

suitable  carbon  sources  to  carbonize  the  Si  substrate  at  a  relatively  low  temperature.  Samples 
Ml  and  M2  sliow  that  CH4  fails  to  carbonize  the  Si  substrate.  However,  when  the  bulTer  layer 
is  formed  and  the  Si  otjt  diffusion  is  capped,  the  Hi  -  CH4  -  5i//4  system  by  itself  is  capable  of 
producing  '  bulk  layers  with  growth  rates  comparable  to  those  of  the  Hi  -  CiH%  -  SiH^ 
and  Hj  -  CHiCl  -  SiHi  systems.  This  agrees  with  the  fact  that  CH4  becomes  reactive  at  about 
1200  '’f'  (1  ll-  Our  preliminary  findings,  however,  suggest  that  a  small  addition  of  to 
improves  the  crystal  quality  of  the  bulk  fi-SiC  layer.  Further  studie.s  are  needed  to  investigate 
other  growth  parameters,  such  as  gas  ratios  (.'>),  in  the  Hi  -  ('H4  ~  Sill^  system  in  order  to  make 
a  more  accurate  conclusions  about  the  crystal  quality.  Thus,  sample  M7  reperesents  the  bulTer 
layer  growth  by  the  Hi  -  C^/fg  -  SiH^  system  and  bulk  layer  growth  by  Hi  -CH^-CiHs  -  SiH^ 
system  where  methane  to  propane  mole  ratio  is  thirty. 

The  3  D  growth  pattern  on  the  surface  of  sample  M7  can  be  qualitatively  explained  in 
terms  of  surface  mobilities.  With  CH4  providing  90%  of  the  carbon  species  for  bulk  growth,  one 
would  exjiect  that  potentially  different  surface  moieties  (i.e.,  precursors  to  the  final  SiC  reaction 
product)  ran  lend  to  different  sticking  coefficients,  nuclestion,  and  growth  mechanisms  [8,  1U(. 


CONCLUSION 

i3  SiC'  epitaxial  film.s  were  grown  on  Si  (100)  substrates  bv  the  twt>  step  C\'D  growth 
wiiere  Imfi'er  layer  is  (drmed  by  the  Hi  ('iHti  svst»>m.aud  »hp  hulk  layer  is  lormed  hy  the 

Hi  ■  C H4  -  C^Hfi  SiH4  where  the  methane  to  propane  mol**  rat  io  is  thirty.  It  is  determined  that 
the  small  amount  of  (’^Hg  imprt^ves  the  crystal  quality.  It  may  he  possible  to  further  decrease 
the  content  of  C\Hf^  without  compromising  the  crystal  quality.  The  grown  layers  are  single 
crystalline  and  have  the  same  overall  crystal  quality  to  layers  grown  by  the  Hi  C^Hg  -  SiH4 
system  in  this  study.  The  electrical  properties  of  the  layers  grown  by  the  two  gas  systems  are 


560 


siuiUar.  It  is  deteriiiinecl  that  methane  as  the  only  carbon  source  is  not  capable  of  carboiilzung 
the  Si  surface.  However,  methane  as  the  only  source  of  carbon  is  sufficient  for  growth  of  bulk 
(3'SiC  layers  on  a  SiC'  surface.  This  sensitivity  of  methane  to  the  surface  is  explained  in  terms 
of  the  substantial  evaporative  losses  of  $1  from  the  Si  substrate  at  temperatures  around  1200  ‘’C 
where  methane  may  still  be  a  stable  molecule  and  hence  not  able  to  cap  the  Si  surface. 
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ELECTRICAL  PROPERTIES  OF  THERMALLY  GROWN  SiO^-SiC  INTERFACES 
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ABSTRACT 

Fabrication  processes  of  metal-oxide  semiconductor  (MOS)  capacitors  on  n-type,  Si-facc, 
6H-SiC  were  studied.  The  effects  of  thermal  oxidation  conditions  at  temperatures  between  1 100 
and  I250°C  on  the  electrical  properties  of  MOS  capacitors  were  determined.  The  wafers  were 
annealed  under  argon  to  improve  the  C-V  characteristics.  C-V  characteristics  of  Al-SiOj-SiC 
metal-oxide-semiconductor  were  measured  at  high  frequency  in  the  dark  and  under  illumination. 
In  the  dark  inversion  does  not  occur,  probably  owing  to  the  absence  of  minority  carriers  due  to 
the  large  band  gap  of  6H-SiC.  The  accumulation,  depletion,  and  inversion  regions  were  clearly 
observed  when  the  C-V  measurements  were  made  under  illumination  for  both  wet  and  dry 
thermally  grown  oxides.  The  interface  trap  densities  and  emission  time  constants  of  fast  states 
were  determined  by  ac  conductance  measurements.  From  the  analysis  of  data  we  obtained  a  total 
of  ftxed  charges  and  the  slow  interface  traps,  N,  -I-  N„sj,,  of  1.5  to  3.3  x  10'*  cm  *,  fast  interface 
trap  densities,  of  0.5  to  1.7  x  10"  cm  *  eV '  and  emission  times  constant  of  0.3  to  1.4  fisec 
for  wet  oxidation.  For  dry  oxidation,  N,  +  N„sio«  of  3.5  to  11.2  x  10"  cm  *,  N,,,.,,  of  0.7  to 
1.25  X  10'°  cm  *  eV  '  and  emission  time  constants  of  0.6  to  2  ^sec  were  obtained. 


INTRODUCTION 

Silicon  carbide  has  been  known  for  many  years  to  have  excellent  physical  and  electronic 
properties  which  should  allow  production  of  electronic  devices  that  can  operate  at  significantly 
higher  temperatures  compared  to  devices  produced  by  Si  or  GaAs.  The  most  important 
properties  are  its  wide  band  gap  energy  (2.9  eV  for  6H-SiC  at  room  temperature),  chemical 
stability  even  at  several  hundreds  of  degrees  Celsius  (IJ,  high  thermal  conductivity  (4.9  W/cm-K) 
[2],  high  breakdown  electrie  field  (2  x  10*  V/cm)  [3),  and  high  saturated  electron  drift  velocity 
(2.0  X  10*  cm/sec)  (4).  Due  to  these  electronic  and  physical  properties,  silicon  carbide  will  be 
a  useful  material  for  high  temperature,  high  frequency  and  high  power  electronic  devices  15]. 
Sic  can  be  used  for  optoelectronic  devices  in  the  visible  (blue)  and  ultra-violet  wavelength 
regions.  SiC  based  electronics  have  potential  aerospace  and  space  applications  [6).  The 
development  of  SiC  electronics  has  been  limited  due  to  the  difficulty  in  growing  high-quality, 
large-area  crystals.  In  the  past  decade,  significant  progress  has  been  achieved  in  the  crystal 
growth  techniques  such  as  liquid-phase  epitaxy  [7],  chemical  vapor  deposition  [8-9J  and  seeded 
sublimation  techniques  [10]. 

The  metal-oxide-semiconductor  (MOS)  structure  is  the  heart  of  present  day  electronics. 
A  belter  understanding  of  the  electrical  properties  of  the  SiC  MOS  structure  is  of  great 
importance  to  device  operation.  Capacitors  on  both  6H  (hexagonal)  and  3C  (cubic)  SiC  with 
thermal  oxides  have  been  reported  from  Kyoto  University  [11-13].  There  is  also  a  report  of 
capacitors  on  CVD  3C-SiC  with  wet  thermal  oxides  utilizing  mercury-probe  contacts  [14].  But 
all  these  reports  dealt  with  wet  oxidation  only.  This  study  of  MOS  capacitors  examines  both  wet 
and  dry  oxidation  processes  and  their  effect  on  electrical  characteristics.  The  ac  conductance 
measurement  was  also  used  to  get  accurate  information  about  the  interface  trap  densities  and 
emission  time  constants. 
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Thermal  oxide  layers  were  grown  on  n-type.  Si-face,  6H-SiC  substrates  with  (0001) 
orientation  and  the  electron  carrier  concentration  of  -  10”  cm  ’.  A  typical  sample  size  was  0.5 
mm  in  thickness  and  1  cm’  in  surface  area.  Before  oxidation,  the  wafers  were  cleaned  with 
organic  solvents,  dipped  in  HF  acid  for  several  minutes  to  remove  the  oxide  layers  initially 
present,  and  rinsed  in  deionized  water.  The  sample  was  oxidized  by  both  wet  and  dry  oxidation. 
The  dry  oxidation  was  carried  out  by  exposing  the  SiC  to  1  f/min  of  dry  at  1200-1250°C  for 
2-5  hours  in  a  horizontal  tube.  The  wet  oxidation  was  conducted  at  1 10C)-1250°C  for  0.5-3h  in 
an  oxygen  flow  of  1  f/min,  which  was  passed  through  deionized  water  at  90°C.  After  the 
growth  of  oxide,  all  the  samples  were  annealed  at  the  temperature  at  which  oxide  was  grown  for 
30  min  in  an  argon  flow  of  1  f/min.  Oxide  was  etched  from  a  portion  of  SiC  (Si-face)  to  make 
ohmic  contacts.  Selective  deposition  of  Al  metal  dots  with  0.75-1.5  mm  diameter  were 
evaporated  on  both  the  oxide  and  the  SiC  to  define  field-plates  and  contacts. 


RESULTS  AND  DISCUSSION 

C-V  characteristics  of  the  MOS  structures  were  measured  at  frequencies  from  100  Hz  to 
1  MHz  both  in  the  dark  and  under  illumination  (275  W  Sears  sun  lamp).  However,  the 
capacitance  data  presented  in  this  paper  were  taken  at  1  MHz  because  the  C-V  characteristics 
showed  very  small  frequency  dispersion  under  light  and  dark  conditions.  As  can  be  seen  in  Fig. 
1(a),  MOS  structures  prepared  without  argon  annealing  showed  an  accumulation  only  during  the 
first  C-V  measurement  under  illumination.  No  accumulation  region  was  observed  in  these 
samples  during  subsequent  C-V  measurements  at  I  MHz,  both  in  the  dark  and  under  illumination 
as  shown  in  Fig.  1(b).  Figure  2  and  Fig.  3  show  the  room  temperature  experimental  results 
measured  with  50  mV  ac  probe  signal  at  1  MHz  for  samples  preptared  by  wet  and  dry  oxidation. 
The  measured  C-V  behavior  was  corrected  for  the  series  resistance  [15]  of  the  devices.  There 
was  no  significant  difference  between  the  measured  capacitance,  C„,  and  the  corrected 
capacitance,  C,, 


BIAS  VOLTAGE  <V> 


Fig.  1  C-V  characteristics  of  the  sample  prepared  by  wet  oxidation  at  1200°C  for  60 

minutes  without  argon  annealing  (a)  First  measurement  (b)  Second  measurement. 
Sweep  rate  was  10  mV/sec.  in  Light  and  2  mV/sec.  in  dark. 
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The  C-V  curves  under  illumination  clearly  showed  accumulation,  depletion  and  inversion. 
In  the  dark  the  C-V  characteristic  in  the  accumulation  and  the  depletion  regions  were  almost  the 
same  as  those  under  illumination.  On  the  other  hand,  as  negative  bias  increased,  the  capacitance 
in  the  dark  continued  to  decrease  even  at  the  bias  corresponding  to  the  inversion  region  under 
illumination.  The  theoretical  curve  under  nonequilibrium  conditions  is  generally  calculated  for 
the  case  where  minority  carriers  can’t  accumulate  near  the  surface  even  in  the  bias  range 
corresponding  to  inversion,  so  that  the  depletion  layer  spreads  deeply  into  the  semiconductor  bulk 
[16].  The  experimental  curve  in  the  dark  can 


Fig,  2  C-V  characteristics  of  sample  prepared  by  wet  oxidation  at  1200°C  for  I  hour  with 
argon  annealing.  Measurements  were  done  both  in  dark  and  under  illumination. 
Sweep  rate  was  10  mV/sec.  in  light  and  2  mV/sec.  in  dark. 


Fig.  3 


C-V  and  G/u  vs.  voltage  characteristics  of  sample  prepared  by  dry  oxidation  at 
USO'C  for  2  hours  with  argon  annealing.  Sweep  rate  was  10  mV/sec.  in  light  and 
2  mV/sec.  in  dark. 
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be  regarded  as  the  nonequilibrium  case,  because  minority  carriers  cannot  accumulate  under 
dark  conditions,  since  both  the  minority  carrier  concentration  in  the  SiC  bulk  and  the  thermal 
generation  rate  of  minority  carriers  may  be  extremely  small  owing  to  the  large  band  gap  (2.9  eV) 
of  6H-SiC. 

The  flat-band  voltage  shift  from  the  center  of  ideal  C-V  curves  was  used  to  determine  the 
fixed  oxide  charge  density  (N,)  and  slow  interface  trap  density  {N„ao,).  Fast  interface  trap 
density  (N„p^  was  determined  [15]  from  the  G-V  plot,  as  shown  in  Fig.  3.  Thickness  of  the 
oxide  was  c^culated  from  the  capacitance  at  strong  accumulation.  The  uncertainty  in  this 
measurement  technique  is  dominated  by  the  error  (approx.  10%)  in  determining  the  contact 
diameter.  Thickness  measured  by  this  technique  was  in  good  agreement  with  the  ellipsometer 
measurements.  The  emission  time  constant  r  for  the  fast  states  was  determined  from  the  peak 
of  Gp/u  versus  log  (u)  plot  which  occurs  at  wr  =  1.98. 

The  results  of  high  frequency  (IMHz)  C-V  measurements  on  MOS  capacitors  prepared  at 
different  temperatures  and  with  different  duration  by  wet  and  dry  oxidations  are  shown  in  Tables 

1  and  2.  An  analysis  of  C-V  curves  and  their  corresponding  AC  conductance  peaks  indicates 
that  the  density  of  fixed  oxide  and  fast  interface  states  in  SiOj  are  strongly  dependant  on  the 
oxidation  temperature  and  duration  of  oxidation.  It  can  be  seen  from  Table  I  and  Table  2  that 
the  flat-band  voltage  increases  with  increase  in  thickness  of  SiO,  and  this  result  is  consistent  with 
the  theory  since  oxide  thickness  is  directly  proportional  to  flat-band  voltage.  Again,  the  flat-band 
voltage  was  negative  in  wet  oxidation  whereas  it  was  positive  in  dry  oxidation.  This  shows  that 
polarity  of  oxide  charges  were  opposite  in  wet  and  dry  oxidation.  The  results  from  Tables  1  and 

2  show  that  it  was  not  possible  to  do  AC  conductance  measurements  when  the  oxide  layer  was 
thick.  For  thick  oxides,  a  peak  in  AC  conductance  measurement  was  not  observed.  This  shows 
the  conductance  measurement  is  applicable  only  in  the  case  of  thin  insulator  layer  ( <  650  A). 


Table  I 

Wet  Oxidation 


SAMPLE 

0 

OXIDATION 
TI-MP  (*0 
&  TIME  (MIN) 

(A) 

EUJPSO- 

METER 

t^(A> 

CAPACI. 

TANCE 

4 

N,+  N_,^ 
(iC'cm  *) 

IIO'WVV’l 

Time 

Coivt. 

u--,) 

1 

1150,  30 

295 

239 

-1.75 

1.5.39 

5.14 

0.R7 

2 

1150.  40 

427 

.351 

-2.60 

1.5..57 

R.IJ 

0.49 

3 

1150,  120 

59R 

521 

-3.2 

15.% 

16.42 

0.32 

4 

11.50,  IRQ 

431 

.545 

-4.4 

20.79 

- 

- 

5 

1200,  30 

441 

440 

-4.7 

33.41 

14.6 

1.40 

4 

1200,  «0 

725 

445 

-7.1 

23.12 

_ 

- 

7 

1200,  120 

9R5 

R97 

-7..35 

24.11 

.. 

R 

1200,  IRO 

1214 

1093 

-7,R5 

15.30 

- 

- 

9 

1250,30 

791 

TOR 

•7.2 

21.39 

_ 

- 

10 

1250,40 

I29R 

1157 

-7,9 

14.37 

_ 

_ 

II 

1250,  120 

19.54 

1R22 

•R.45 

9.74 

_ 

_ 

12 

12,50.  IRO 

2244 

2111 

-9.14 

9.12 

- 

- 

1 
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Wet  and  dry  oxidation  growth  rates  are  ^own  in  Fig.  4.  Plots  on  logarithmic  scale 
indicate  approximately  parabolic  oxidation  behavior,  which  indicate  a  diffusion-limited  reaction. 
These  results  are  in  agreement  with  previously  published  data  on  wet  oxidation  of  SiC  [12]. 


Table  2 
Dry  Oxidation 


1200,  IIP 
1200,  IM 
1200,240 
1200,  300 


T-  (^) 

RUJHSO 
,  -MRTKR 

T^<A) 

CAPACI¬ 

TANCE 

A  V»(») 

N,+N^fc. 

(10*  W) 

«2S 

<02 

1.0 

-3.49 

903 

*37 

I.S 

-1.52 

1203 

1056 

2.9 

-S.T7 

1227 

1l<9  1 

3.7 

-6.6S 
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CONCLUSIONS 

In  conclusion  we  find  that  samples  prepared  by  both  dry  and  wet  oxidation  show 
accumulation,  depletion  and  inversion  region  under  illumination.  Under  dark  conditions, 
inversion  did  not  occur,  probably  owing  to  the  absence  of  minority  carriers  due  to  the  large  band 
gap  (2.9  eV)  of  6H-SiC.  A  significant  iminovement  in  the  C-V  characteristics  was  observed 
after  the  oxidized  samples  were  annealed  in  argon  for  30  minutes.  The  characteristics  at  the 
frequencies  of  1(K)  Hz  -  IMHz  were  almost  the  same  without  any  frequency  dispersion  both  in 
the  dark  and  under  illumination.  The  relation  between  the  oxide  thickn^  and  the  oxidation  time 
can  be  expressed  by  parabolic  law  which  is  also  used  for  thermal  oxidation  of  Si.  SiO;  layers 
grown  by  wet  oxidation  process  possessed  a  total  positive-fixed  charge  and  slow  traps  at 
interface,  whereas  SiO,  layers  grown  by  dry  oxidation  possessed  negative  combined  charge.  The 
slow  interface  traps  have  not  been  directly  addressed  in  this  work. 
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ABSTRACT 

Chemical  and  electrical  studies  were  performed  to  determine  the  charac¬ 
teristics  of  contacts  to  6H-SiC.  Both  elemental  metals  (Ni,  Ho)  and  silicides 
(HoSij,  TaSi,,  TiSi,)  were  studied.  Chemical  analysis  by  Auger  Electron 
Spectroscopy  (AES)  was  performed  to  examine  interface  reactions  caused  by  heat 
treatment.  Electrical  measurements  (current -voltage  and  capacitance-voltage) 
were  made  during  annealing  sequences  to  determine  the  rectifying  or  ohmic 
characteristics  of  the  contacts.  Where  possible,  barrier  height  and  contact 
resistance  values  were  calculated. 


INTRODUCTION 

Stable  electrical  contacts  are  vital  to  the  realization  of  the  potential 
high  temperature  and  high  power  applications  of  silicon  carbide  (SiC). 

Contacts  should  maintain  stable  electrical  characteristics  (specific  contact 
resistance  or  barrier  height)  at  elevated  temperatures  for  extended  periods  of 
time.  For  power  devices,  the  contact  resistance  must  be  small  compared  to  the 
resistance  of  the  active  regions  of  the  device.  A  specific  contact  resistance 
of  the  order  of  10  *  0  cm'  or  less  may  be  required  for  many  devices[l].  This 
paper  will  report  on  electrical  measurements  (current-voltage,  capacitance- 
voltage,  transmission  line  method)  of  contacts  on  the  polar  faces  of  single 
crystal  6H-SiC.  Auger  electron  spectroscopy  (AES)  combined  with  depth  profil¬ 
ing  was  used  to  examine  interfacial  reactions  as  a  function  of  heat  treatment 
and  correlate  chemical  reactions  with  changes  in  electrical  performance.  The 
contact  materials  chosen  included  eleme.ital  metals  (Ni,  Mo)  and  refractory 
metal  silicides  (MoSij,  TiSi^,  and  TaSij). 


EXPERIMENTAL 

All  samples  were  fabricated  on  sublimation-grown  6H-SiC  purchased  from 
Cree  Research,  Inc.  Both  C-faced  and  Si -faced  samples  were  used.  The  A1 
contacts  were  deposited  on  p-SiC  epitaxial  films  grown  in  a  CVD  system  with  A1 
doping.  All  other  metals  were  deposited  on  as  received  n-type  substrates  with 
carrier  concentration  in  the  10''-10'*  cm’  range.  All  depositions  were  per¬ 
formed  by  RF  sputtering.  Prior  to  deposition,  the  native  oxide  was  stripped 
with  buffered  HF,  the  samples  were  cleaned  with  1  HF:  1  Methanol:  10  HjO, 
rinsed  in  deionized  H,0,  and  iinnersed  in  methanol  until  they  were  blown  dry 
with  nitrogen  immediately  before  being  placed  in  the  vacuum  chamber.  The  base 
pressure  in  the  chamber  was  <lxl0'‘  torr,  the  Ar  pressure  was  10  mTorr,  and 
the  RF  power  was  200H  except  for  the  TaSi,  and  MoSi^  depositions,  for  which  it 
was  SOON.  The  Ni  and  Mo  depositions  were  from  elemental  targets.  The  MoSi;  end 
TaSij  were  from  stoichiometric  compound  targets.  The  TiSi,  contacts  consisted 
of  6  layer  Ti/Si  structures  with  the  thickness  ratio  tji/t,,  »  2.25.  From 
atomic  density  calculations  this  should  yield  stoichiometric  TiSij  after 
annealing.  All  anneals  were  performed  by  a  quartz-halogen  lamp  heated  rapid 
thermal  annealer  (RTA)  in  an  ambient  of  3%  H,  in  Nj.  The  RTA  was  not  equipped 
to  evacuate  the  chamber  prior  to  annealing.  The  samples  used  for  AES  and  those 
used  for  electrical  studies  went  through  separate  annealing  runs. 

The  chemical  data  for  all  specimens  were  obtained  by  AES  with  a  Perkin- 


Mal.  Rm.  Soc.  Symp.  Ptoc.  Vol.  242.  '  1992  Maltrialt  Rataarch  Soclaly 


568 


Elmer  590A  Scanning  Auger  Microprobe  equipped  with  a  DEC  POP  11-04  computer 
system.  The  base  pressure  of  the  spectrometer  was  2x10''°  torr.  The  AES  data 
were  collected  by  using  a  5  kV  primary  electron  beam  voltage  and  IpA  of  beam 
current.  The  depth  profiles  were  performed  by  sputter  etching  with  an  Argon 
ion  beam  at  4  kV  and  in  the  continuous  sputter  mode.  The  sputtering  rate  was 
30A/min.  as  calibrated  against  Ta^Oj/Ta  standard.  All  semi -quantitative 
atomic  concentrations  were  calculated  with  the  Perkin-Elmer  MACS  VI  software 
sensitivity  factors. 

The  electrical  measurements  were  taken  from  the  circular  transmission 
line  test  structure  shown  in  figure  1.  Photolithography  and  wet  chemical 
etching  were  used  to  define  the  test  structure.  FeClj  was  used  to  etch  Ni  and 
Mo.  The  silicides  were  etched  with  HF;HN0j;2-S  HjO,  but  this  was  not  effective 
for  TiSij.  Accurate  dimensions  of  this  structure  were  measured  by  optical 
microscopy  for  each  sample  tested.  The  electrical  data  were  acquired  with 
Keithely  I-V  and  C-V  equipment  and  software.  C-V  measurements  of  rectifying 
contacts  were  made  with  the  probes  on  the  central  dot  and  outer  field  contacts 
(in  this  case,  the  outer  field  contact  functioned  as  a  "large  area  ohmic 
contact").  If  a  contact  was  found  to  be  ohmic,  an  attempt  was  made  to  calcu¬ 
late  the  specific  contact  resistance  using  the  transmission  line  model 
(TLM)[2-5].  If  one  allows  for  a  possible  change  in  the  sheet  resistance  of  the 
SiC  under  the  contact,  an  "end  resistance"  measurement  is  needed  to  calculate 
an  accurate  specific  contact  resistance  value.  The  end  resistance  was  measured 
by  a  method  similar  to  that  described  in  ref[5]. 


Figure  2:  Ni/Mo  on  Si -face  (annealed) 


RESULTS  AND  DISCUSSION 

After  examination  of  all  specimens  by  optical  microscopy,  the  chemical 
composition  of  the  films  before  and  after  annealing  was  obtained  using  AES. 
The  optical  micrographs  revealed  morphological  changes  which  often  assisted  in 
interpreting  the  AES  chemical  data. 


TaSi2: 


The  optical  micrographs  taken  before  and  after  RTA  treatment  showed  a 
smooth  surface  morphology  which  suggested  that  the  Ta  silicide  wetted  to  the 
SiC  but  did  not  undergo  any  major  chemical  reactions  with  the  substrate. 

A  depth  profile  recorded  after  RTA  treatment  revealed  that  the  contact 
film  remained  stoichiometric  with  a  Ta/Si  ratio  of  1:2.  A  sharp  silicide/SiC 
interface  indicated  no  major  chemical  reaction  with  the  substrate.  At  the 
interface,  the  C  (KLL)  peak  shape  represented  only  a  trace  of  metal  carbide. 
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even  after  annealing.  The  chemistry  of  Ta  silicide  was  identical  for  metal¬ 
lizations  on  either  the  Si-  or  C-face  of  SiC. 

Electrical  measurements  of  as  deposited  films  revealed  them  to  be 
rectifying  with  Schottky  barrier  heights  of  1.8  and  1.2  eV  on  the  C-  and  Si- 
faces  respectively.  Reverse  1ea|(age  currents  were  about  10'^  A  at  -lOV.  After 
one  anneal  at  925°C  for  2  min  the  contacts  were  too  leaky  for  barrier  height 
measurements,  but  even  after  an  additional  4  min  anneal  at  925'’C,  they  were 
not  linear  enough  for  TLH  measurements. 


HoSi2: 

Results  similar  to  Ta  silicide  were  observed  by  optical  microscopy  on  the 
Ho  silicide  metallization  of  6H-SiC.  Deposition  of  this  silicide  on  both  the 
Si-  and  C-  faces  yielded  smooth  and  visually  shiny  surfaces,  even  after 
annealing. 

The  depth  profiles  for  the  Ho  silicide  as  deposited  and  after  annealing 
and  on  both  the  Si-  and  C-face  of  SiC  showed  no  chemical  reaction  in  the  bulk 
silicide  film  nor  at  the  silicide/SiC  interface.  All  the  profiles  for  Ho 
silicide  on  SiC  were  similar  and  exhibited  sharp  interfaces  suggesting  no 
diffusion  or  reaction  with  the  SiC.  From  the  atomic  concentration  profile,  the 
Ho  silicide  film  contained  several  atomic  %  of  oxygen  which  remained  in  the 
film  after  annealing. 

After  annealing  this  silicide,  a  small  amount  of  Ho  carbide  was  detected 
at  the  interface  when  the  individual  C  (KLL)  peak  shapes,  which  were  recorded 
during  the  profile,  were  examined.  The  peak  shape  exhibited  a  metallic  carbide 
with  some  spectral  overlapping  most  likely  from  the  carbon  in  the  SiC.  The 
formation  of  the  metal  carbide  species  at  the  interface  could  contribute  to 
the  adhesion  of  the  Ho  silicide  to  the  SiC. 

The  as  deposited  contacts  were  Schottky  with  a  barrier  height  of  1.0  eV 
for  both  polarities.  The  samples  went  through  an  identical  annealing  sequence 
as  TaSij  with  similar  results. 

TiSi2: 

The  surface  structure  of  this  silicide  after  deposition  was  smooth. 

After  RTA  treatment,  the  surface  morphology  of  the  metallization  on  both  the 
Si-  and  C-face  became  rougher. 

The  depth  profile  recorded  after  RTA  treatment  showed  a  broader  Hetal/SiC 
interface,  as  compared  to  the  Ta  and  Ho  silicide  profiles  obtained  after 
annealing.  Ti  silicide  was  slightly  more  reactive.  A  gradual  and  steady 
depletion  of  Ti  started  about  halfway  into  the  metallization  layer  and 
continued  through  the  interface  into  the  substrate.  This  contact  film  was  Si 
deficient  due  to  inaccurate  control  of  the  thicknesses  of  the  Ti/Si  multi¬ 
layers. 

An  oxide  surface  layer,  several  hundred  angstroms  thick,  was  also 
detected  from  the  depth  profile  data.  From  an  AES  survey  scan  recorded  before 
sputtering  the  annealed  Ti  silicide  surface,  the  major  elements  identified 
were  Ti  and  0  with  only  a  trace  of  Si  and  carbon.  Less  than  100  angstroms  of 
surface  oxide  were  observed  for  Ta  and  Ho  silicide.  This  is  explained  by  the 
presence  of  excess  elemental  Ti  in  the  multilayer  structures  reacting  with 
residual  0,  in  the  annealing  ambient.  In  the  case  of  Ta  and  Ho  silicides,  the 
peak  position  and  peak  shape  of  the  Si  (LVV)  AES  transitions  for  the  surface 
Si  indicated  the  presence  of  a  reduced  Si  species,  either  elemental  Si  or 
silicide,  and  an  oxidized  Si  species.  The  single  sharp  transition  for  the 
reduced  Si  occurred  near  90eV  and  a  doublet  appeared  between  e0-80eV  for  the 
oxidized  Si . 

Due  to  etching  difficulties  no  electrical  data  was  obtained  for  TiSij. 
Future  work  will  rely  on  reactive  ion  etching  with  SFj. 
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Ni-Ho: 


The  optical  microscopy  revealed  that  the  reactivity  of  the  contact 
material  was  dependent  upon  the  substrate's  crystal  orientation.  The  surface 
condition  of  this  metallization  on  the  Si-face  changed  dramatically  after 
annealing  from  a  somewhat  grainy  structure,  to  a  very  blotchy  surface  with 
large  circular,  rough  defect  sites  as  shown  in  Figure  2.  The  Ni/Ho  bilayer 
film  deposited  onto  the  C-face  SiC  specimen  was  uniformly  rough  after 
annealing,  with  a  texture  similar  to  the  circular  blotches  on  the  Si-face  No 
circular  features  were  observed. 

The  AES  data  provided  considerable  chemical  information  about  the  contact 
film  both  before  and  after  annealing.  The  as-deposited  films  showed  a  similar 
chemistry  which  was  independent  of  the  crystal  face  of  the  SiC  substrate.  A 
representative  depth  profile  for  the  as-deposited  Ni-Mo  film  on  6H-SiC  is 
shown  in  Figure  3.  The  Mo/SiC  interface  was  fairly  sharp  before  annealing.  A 
well-defined  MoC  species  was  present  at  the  interface.  The  C  peak  shape  at  the 
interface,  shown  in  Figure  4,  was  identical  to  a  reference  spectrum  of  HoC 
[6] . 

The  non-uniformity  of  the  contact  film  on  the  Si-face  specimen,  after 


Figure  3:  Ni/Ho  AES  profile(as  dep.) 
(top,  left) 

Figure  4:  C  peak  at  Ni/Mo-SiC  inter¬ 
face  (top,  right) 

Figure  5:  AES  profile  of  rough  Ni/Ho 
area  (bottom,  left) 


annealing,  required  the  scanning  capability  of  the  AES  spectrometer.  In  Figure 
5,  the  depth  profile  for  the  grainy  areas  outside  the  raised,  blotchy  circular 
defect  sites,  indicated  that  Ho  remained  primarily  at  the  interface  with  some 
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interface. 

The  depth  profile  recorded  on  a  blotchy  area  of  the  Si  face  revealed  almost 
complete  degradation  of  the  diffusion  barrier  layer.  A  similar  reaction,  only 
less  severe,  was  also  detected  after  annealing  the  contact  film  deposited  onto 
the  C  face  SiC.  In  Figure  6,  recorded  after  RTA  treatment  of  the  C  face 
specimen,  the  top  100  angstroms  consisted  of  a  Ni^Si^  species  followed  by  a  Ho 
rich  layer  several  hundred  angstroms  thick.  The  bulk  of  the  contact  film  was 
composed  of  Ni,  Si,  and  a  neutral  C  species.  The  interface  between  the 
metallization  film  and  the  SiC  substrate  was  very  broad. 

The  as  deposited  films  were  rectifying  with  barrier  heights  of  1.8  eV  on 
the  C-face  and  0.9  eV  on  the  Si -face.  One  pair  of  samples  was  annealed 
initially  at  82S°C  for  2  min  and  another  pair  was  annealed  at  700°C  for  2  min. 
This  decreased  the  barrier  height  from  1.8  eV  on  the  C-face,  to  1.2  and  1.0  eV 
after  the  high  and  low  temperature  anneals  respectively.  The  high  temperature 
anneal  did  not  effect  the  barrier  height  on  the  Si-face,  but  after  a  low 
temperature  anneal  the  contacts  were  too  leaky  to  be  measured.  A11  of  the 


Figure  6;  AES  profile  of  Ni/Mo  on  C-face  Figure  7:  AES  profile  of  Ni  film 


contacts  went  through  an  additional  825‘’C,  2  min  anneal,  followed  by  a  925°C, 
2  min  anneal.  At  this  point  the  Si-face  samples  displayed  a  linear,  ohmic  I-V 
characteristic.  Analysis  of  TLH  data  by  the  technique  described  in  ref[41 
yielded  specific  contact  resistance  values  between  2x10  ’  and  7x10  *  n  cm‘ 
measured  with  multiple  test  structures  on  both  samples.  No  dependence  on 
initial  anneal  temperature  could  be  detected.  It  appears  that  the  sheet 
resistance  of  the  SiC  under  the  contacts  has  increased,  but  the  spread  in  the 
values  for  end  resistance  made  it  difficult  to  determine  the  exact  amount. 
Uncertainty  in  the  measurements  of  end  resistance  also  account  for  the  spread 
in  the  specific  contact  resistance  values. 


Ni; 


The  optical  microscopy  for  the  as  deposited  Ni  on  SiC  revealed  fairly 
smooth  surfaces,  independent  of  the  crystal  face.  Even  after  annealing,  the 
resulting  surface  structure  was  independent  of  the  crystal  face.  The  texture 
of  both  surfaces  became  grainy  after  thermal  treatment,  indicating  a  chemical 
reaction  with  the  substrate. 

The  AES  data  were  similar  for  Ni  on  the  different  SiC  faces.  The  depth 
profiles  for  the  as-deposited  films  showed  sharp  Ni/SiC  interfaces.  The 
profiles  recorded  after  annealing  revealed  extreme  reactivity  with  the 
substrate.  In  Figure  7,  a  NiSi  species  was  detected  in  the  top  100  angstroms 
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of  the  annealed  metallization  film.  The  bulk  film  was  no  longer  Ni  but  a 
complex  mixture  of  Ni,  Si,  and  a  neutral  C  species.  Also  at  the  interface 
before  bulk  substrate  material  was  exposed,  a  large  amount  of  neutral  C  was 
present. 

The  peak  shape  of  this  C  species  was  identified  as  an  amorphous,  neutral 
C  or  a  graphitic  C  species  and  was  similar  to  that  observed  in  previous 
studies  [7].  The  C  peak  shape  for- the  C  species  in  the  bulk,  ion-damaged  SiC 
substrate  exhibited  a  weak  minimum  immediately  before  the  major  KLL  transition 
occurring  at  274eV  as  compared  to  the  weak  maximum  displayed  in  the  amorphous 
or  graphite  type  C  in  the  upper  spectrum. 

The  contacts  were  Schottky  as  deposited,  with  barrier  heights  of  2.2  eV 
on  the  C  face  and  1.5  eV  on  the  Si-face.  Annealing  was  expected  to  form  ohmic 
contacts,  but  the  contacts  were  still  rectifying  aHer  two  2  min  anneals  at 
825°C.  Visually  the  films  were  dull,  grainy,  and  nonuniform.  We  believe 
contamination  of  the  RTA  is  responsible  for  this  poor  result. 


SUMMARY  AND  CONCLUSION 

The  silicide  films  appeared  to  be  the  most  stable,  with  little  reaction  on 
either  face.  The  Ni/Mo  films  were  more  stable  on  the  Si -face  and  formed  ohmic 
contacts  more  easily  on  this  face.  Elemental  Ni  was  unstable  on  both  faces, 
and  reacted  to  yield  a  lot  of  free  carbon  at  the  interface.  MoSi^  and  TaSij 
formed  metallic  carbides  after  annealing,  as  did  Ni/Mo  on  the  Si-face. 

The  Schottky  barrier  heights  were  higher  (1.8-2. 2  eV)  on  the  C-face  than 
on  the  Si -face  for  all  contacts  except  HoSi,.  Ni/Mo  films  formed  ohmic 
contacts  after  annealing  with  contact  resistances  around  1x10'^.  More  work  is 
needed  to  develop  stable  Schottky  and  ohmic  contacts  with  good  electrical 
characteristics. 
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Abstract 

In  order  to  fabricate  high  temperature  sensors  and  other  devices,  it  is  necessary  to 
develop  ohmic  contact  metallizations  that  can  withstand  elevated  temperatures.  A  variety  of 
ohmic  contact  metallizations  were  investigated  with  contact  resistivity  measured  as  a  function 
of  anneal  time  in  air.  The  metallizations  were  based  on  Ti  and  W  ohmic  contacts,  which  have 
contact  resistivities  as  low  as  10^  fl-cm^.  Several  of  the  contact  metallizations  were  stable  after 
10  hrs.  at  6.S0^C.  while  one  system,  based  on  a  Ti  ohmic  contact,  was  able  to  withstand  >  20 
hrs.  at  650”C  with  only  a  .10-40%  increase  in  contact  resistivity. 

Iniroduclion 

Recently,  there  has  been  much  interest  in  semiconducting  SiC  due  to  advances  in  growth 
techniques  and  device  development  (1-31-  SiC  exhibits  unique  properties  such  as  a  wide  band- 
gap,  high  melting  point  and  large  thermal  conductivity  [4],  which  allow  it  to  operate  at  high 
temperatures.  In  addition,  SiC  has  good  mechanical  properties  at  high  temperatures  [4]  and 
large  piezoresistive  coefficients  [5],  making  it  attractive  for  high  temperature  pressure  sensors. 
The  research  program  at  Kulite  has  addressed  many  of  the  issues  in  sensor  fabrication  including 
sensor  characterization  (6],  etching  [7]  and  wafer  thinning  J8].  This  paper  is  the  first  reporting 
of  our  efforts  to  develop  a  contact  metallization  which  is  useful  at  elevated  temperatures. 

Discrete  pressure  sensors  typically  have  contacts  which  are  much  larger  than  those  used 
in  VLSI  applications.  For  example,  the  silicon  devices  manufactured  at  Kulite  use  contact 
windows  which  arc  40-150  pm  squares  19).  Thus,  contact  resistivities  as  high  as  lO’-lO"*  are 
acceptable  for  these  metallizations.  Nevertheless,  for  high  temperature  applications,  the  contacts 
must  be  able  to  withstand  elevated  temperatures  in  oxygen  rich  environments  for  extended  time 
periods  without  any  major  change  in  the  contact  resistivity.  In  addition,  the  metallization  must 
not  lose  adhesion  to  the  semiconductor  or  to  oxide  layers  with  which  it  is  in  contact.  It  must 
also  be  easily  bonded  to  interconnects,  such  as  Au  or  Pt  wires.  Our  first  goal  was  to  produce 
metallizations  which  could  fulfill  these  requirements  at  650°C  for  >  10  hrs.  These  contacts 
would  be  useful  for  high  temperature  test  measurements,  which  use  sensors  whose  operating 
lifetimes  arc  between  10-50  hrs. 

There  has  been  a  limited  amount  of  research  done  on  mctal/SiC  contacts.  In  an  early 
study,  Edmond  el.  al.  reported  several  ohmic  contacts  on  n-  and  p-type  3C-SiC  with  contact 
resistivities  as  low  as  10  ’  0  cm'  [10).  Beilina,  et.  al.  reported  on  the  reaction  of  Ti  with  B-SiC 
and  found  that  TiC  formed  at  temperatures  as  low  as  350'’C  Ill).  Furthermore,  the  formation 
of  Tic  was  not  self  limiting  unless  the  SiC  layer  was  carbon  rich.  On  a  carbon  rich  surface, 
monolayers  of  TiC  could  be  formed  at  the  Ti/SiC  interface,  but  the  Ti  would  not  react  further 
even  after  500  hrs.  at  800"C.  Geib  ct.  al.  found  that  Ta  reacted  readily  at  400^^  to  form  TaC 
and  was  not  self-limiting,  while  Mo  and  W  formed  very  stable  Carbides  which  would  not  react 
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significantly  at  850°C  [12].  Recently,  McMullin  et.  al.  examined  the  durability  of  metallizations 
based  on  Ta,  Ti,  and  W  at  600“C  in  non-oxidizing  environments  [13], 

In  this  study,  several  metallizations  based  on  Ti  and  W  were  examined.  Ti  was  chosen 
for  its  excellent  adhesive  properties  while  W  has  a  very  close  thermal  match  to  SiC  and  forms 
a  more  stable  carbide.  The  room  temperature  contact  resistivity  was  measured  as  a  function  of 
anneal  time  in  air.  In  all  of  the  metallizations  tested,  a  thin  (300  A)  layer  of  Au  was  deposited 
on  top  of  the  conductive  layer  to  make  the  subsequent  ultrasonic  bonding  process  easier. 

Experimental 

Contact  resistivity  was  measured  using  the  four  point  probe  method  developed  by  Terry 
and  Wilson  (14)  and  modified  by  Kuphal  [15],  as  shown  in  Fig.  1.  In  general,  the  resistance 
between  two  ohmic  contacts  has  three  components;  (I)  the  contact  resistance,  (2)  the  sheet 
resistance  of  the  material  underneath  the  layers,  and  (3)  the  spreading  resistance.  When  a 
constant  current,  I,  is  applied  between  the  two  end  contacts,  a  and  d,  of  a  four  point 
measurement  (Fig.  1)  the  voltage  drop  between  the  two  middle  contacts,  V^,,  is  due  only  to  the 
sheet  resistance  of  the  semiconductor.  Therefore,  the  contact  resistivity  can  be  measured  from 
the  following  equation; 

R,  =  A/I„[V.,-R,- ln((3s/d)-  ■A)/(2ln2))l 

where  R,=contact  resistivity,  R,=spreading  resistance,  d  =  contact  diameter  while  s  is  the 
spacing  between  the  contacts.  The  logarithmic  term  that  multiplies  takes  into  account  the 
potential  drop  between  two  circular  contacts.  If  the  contacts  are  small  enough  for  a  given 
sample  thickness,  the  spreading  resistance  can  be  neglected  [15].  In  these  experiments,  the 
spreading  resistance  term  accounted  for  less  than  25%  of  the  measured  contact  resistivity. 

The  B-SiC  wafers  used  in  this  study  were  grown  at  the  NASA  Lewis  research  center  by 
previously  described  means  [1].  These  unintentionally  doped  films  were  10  pm  thick  and  had 
resistivities  ranging  between  0.2-0.8  (J-cm.  The  samples  were  cleaned  using  the  RCA  method 
and  were  sputtered  with  a  4(XX)  A  layer  of  quaru.  Contact  windows  were  opened  up  in  the 
quartz  using  photolithography  and  the  samples  were  then  degreased  and  cleaned  again  by  the 
RCA  method.  Before  the  metals  were  sputtered,  the  samples  were  sputter  etched  to  a  depth  of 
2(X)  A.  The  background  pressure  in  the  sputter  system  was  in  the  low  10’  Torr  range  while  the 
Ar  pressure  used  during  sputtering  was  15  pms.  TiN  was  reactively  sputtered  from  a  Ti  target 
in  a  20%  Nj/Ar  atmosphere.  The  Pt  and  Au  layers  were  patterned  using  10:9:1 
H20:HC1:HN03,  while  Ti,  TiW,  and  TiN  were  etched  using  an  EDTA/H202  solution.  The  size 
of  the  metal  pads  were  several  times  larger  than  the  contact  windows  to  prevent  any  etch 
undercutting  from  affecting  the  results.  Before  the  experiments  began,  several  test  films  were 
analyzed  using  AES  and  XPS  to  check  for  film  purity.  The  Ti,  TiW,  and  TiN  films  were 
relatively  oxygen  free,  containing  <3%  oxygen.  Pt  and  Au  films  were  free  of  any  traceable 
impurities.  The  TiN  films  were  bronze  colored  and  had  a  Ti/N  ratio  of  «  1  based  on  their  XPS 
lineshapes. 

Contact  resistivity  measurements  were  taken  from  a  0.5  cm  x  0.5  cm  chip  with  32  four 
point  probe  layouts  on  it.  Contact  sizes  ranged  from  5  /im-30  (im  diameters,  and  the  spacing 
between  the  contacts  was  225  urn.  The  chips  were  annealed  in  air  at  650”C  and  750“C  after 


576 


Fig.  1;  Four  point  probe  measurement  of  contact  resistivity  as  suggested  by  Kuphal  [15]. 


which  the  room  temperature  contact  resistivity  was  measured. 

Ti/Pt  and  W/Pt  Contacts 

The  first  metallization  that  was  attempted  was  a  thin  layer  of  titanium  (400  A)  covered 
with  a  thick  layer  of  Pt  (6(XX)A).  These  contacts  were  used  earlier  in  a  study  of  6-SiC  strain 
gauges  [6]  and  operated  for  several  hours  at  SSffC.  However,  since  Ti  and  Pt  interdiffuse 
readily  at  temperatures  above  500"C,  the  contacts  eventually  peeled  off  the  SiC.  Contact 
resistivities  of  the  ’as  deposited’  films  ranged  from  9xl(f‘-2.5xl0'*  O-cm’.  A  one  hour  anneal 
at  650“C  caused  the  contact  resistivity  to  decrease  by  roughly  a  factor  of  two.  Linear  i-V 
characteristic  of  the  contacts  were  observed  at  650°C,  indicating  that  they  remain  ohmic  at  these 
high  temperatures.  After  two  hours  at  65CPC,  most  of  the  Ti/Pt  contacts  failed,  indicating  that 
this  metallization  will  not  fulfill  the  requirements  for  high  temperature  sensors. 

W/Pt  should  provide  a  more  stable  contact  than  Ti/Pt  for  two  reasons:  1)  It  forms  a  more 
stable  carbide  and  2)  W  diffuses  much  less  that  titanium  and  in  fact  has  been  used  as  barrier  for 
Ti  based  metallizations  [13].  Fig.  2  shows  the  contact  resistivity  of  W(14(X)A)/Pt(6(XX)A)/ 
Au(3(K)A)  films  as  function  of  anneal  time  at  650°C.  Unlike  the  Ti  based  contacts,  there  was 
no  sharp  initial  decrease  in  the  contact  resistivity,  but  rather  the  contact  resistivity  decreased  by 
only  7%  over  the  8  hour  time  span.  This  decrease  in  contact  resistivity  may  be  due  to  a  slow 
carbide  formation.  The  contacts  were  electrically  and  mechanically  stable  after  8  hrs.  at  650°C, 
although  some  peeling  was  observed  at  the  edges  on  the  oxide.  This  peeling  may  have  been  an 
anifact  of  the  metal  etch  which  caused  an  undercut  of  the  W  layer.  All  of  the  contacts  failed 
due  to  loss  of  adhesion  after  15  hours  at  65(yC  or  after  one  hour  at  750°C.  This  failure  may 
due  to  a)  diffusion  of  the  Pt  into  the  W,  b)  the  oxidation  of  W,  or  c)  a  combination  of  oxidation 
and  diffusion.  However,  the  success  of  this  metallization  for  8  hours  indicates  that  it  may  have 
some  limited  usefulness  at  temperatures  between  5(X)-650^. 
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B-SiCAV(1400A)/Pt(6000A)/Au(300A) 
Contact  Resistivity  (1  Q-cnf  ) 


Fig. 2:  Room  temperature  contact  resistivity  of  W(1400A)/Pt(6000A)/Au(300A)on  n-type  8-SiC 
as  a  function  of  anneal  time  at  65CI°C  in  air. 
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In  order  to  improve  the  contacts,  TiW  and  TiN  diffusion  barriers  were  used  to  prevent 
the  mixing  of  Ti  and  Pt  layers.  TiW  is  a  good  diffusion  barrier  since  W  is  very  immobile  and 
the  Ti  content  promotes  adhesion.  TiN  is  an  amorphous  compound,  thus  eliminating  effects  such 
as  grain  boundary  diffusion. 

Ti(400A)/TiW(1400A)/Pt(6000A)/Au(300A)  contacts  were  used  in  the  strain  gauge 
measurements  mentioned  earlier  [6].  These  strain  gauges  were  simply  thin  film  rectangular 
resistors  with  two  contacts  and  leads  at  each  end.  Although  this  configuration  did  not  allow  an 
exact  measurement  of  the  contact  resistivity,  the  failure  of  the  gauges  after  heat  treatment  could 
be  attributed  to  the  metallization  and  thus  could  act  as  a  measure  of  the  usefulness  of  the 
contacts.  The  strain  gauges  had  resistances  ranging  between  100-2000  0  at  room  temperature. 
After  3-5  hours  at  650°C,  the  gauge  resistance  increased  rapidly,  presumably  due  to  an  increase 
in  contact  resistivity,  which  indicates  the  limitations  of  this  metallization. 

Fig.  3  shows  the  contact  resistivity  of  a  Ti(400A)/TiN(1000A)/Pt(6000A)/Au(300A) 
metallization  as  a  function  of  anneal  time  at  650^.  The  contact  resistivity  showed  a  similar 
initial  decrease  as  the  Ti/Pt  films,  after  which  it  increased  at  a  rate  of  •  2%^r.  These  contacts 
were  electrically  stable  after  20  hrs.  at  650°C.  Most  of  the  contacts  became  rectifying  after  31 
hrs.  at  650X!,  an  effect  which  also  occurred  after  4  hrs.  at  TSO’C. 

SEM  photographs  of  the  Ti/TiN/Pt/Au  contacts  before  and  after  a  20  hr  anneal  at  650°C 
are  shown  in  Fig.  4a  and  4b.  No  significant  peeling  or  buckling  of  the  films  occurred  after  the 
heat  treatment,  with  the  exception  of  a  small  bubble  that  is  present  on  the  heat  treated  contact 
of  Fig.  4b.  Bubbles  of  this  sort  formed  sometimes  after  one  hr  at  650°C,  but  did  not  change 
with  time  at  this  temperature.  The  bubbles  are  prdjably  caused  by  a  stress  relief  effect  and  not 
by  contamination,  since  the  bubble  formation,  when  it  occurred,  was  very  regular  within  each 
chip,  with  exactly  one  bubble  forming  on  almost  all  of  the  larger  contacts  (15-30  ^m)  and  no 
bubbles  forming  on  the  smaller  ones  (5-10  ^m).  The  adhesion  of  the  metallization  to  the  oxide 
layer  remained  very  stable  after  the  anneal.  Fig.  4b  also  shows  that  some  surface  roughening 
occurs,  but  this  does  not  seem  to  significantly  affect  the  electrical  or  mechanical  properties  of 
the  films.  The  roughness  on  the  edge  of  the  ’as  deposited’  contact  of  Fig.  4a  is  due  to  etch 
undercutting  of  the  thin  Au  layer. 

These  results  indicate  that  the  Ti/TiN/Pt/Au  metallization  is  both  electrically  and 
mechanically  stable  after  >  20  hrs  at  650’C  and  has  a  low  enough  contact  resistivity  to  meet 
the  sensor  requirements  delineated  above.  Thus,  it  may  be  useful  for  test  sensors  that  operate 
between  600-7(X)°C  or  for  more  reliable  instrumentation  sensors  to  operate  between  500-550”C. 
It  may  be  possible  to  decrease  the  contact  resistivity  of  this  metallization  by  using  a  more  highly 
doped  Sic  layer,  enabling  it  to  meet  some  of  the  needs  of  high  temperature  1C  components. 

Ti/TiW/Pt/Au  films  were  analyzed  using  Auger  electron  spectroscopy  to  observe  carbide 
formation  at  the  Ti/SiC  interface.  This  interface  is  shown  in  Fig.  5,  which  traces  the  relative 
atomic  concentration  of  Ti.  Carbon  and  Si  in  the  400  A  Ti  layer  after  a  3  hr  anneal  at  bSCTC  in 
nitrogen.  Pt  and  W  signals  were  both  below  the  noise  level  within  this  layer  and  thus  are  not 
shown.  The  Ti  line  closely  follows  the  carbon  line  which  suggests  that  TiC  formed  throughout 
the  layer.  Previous  anneals  of  Ti/SiC  at  this  temperature  had  a  shifted  carbon  lineshape  which 
indicates  the  formation  of  TiC.  Excess  Si,  caused  by  the  breaking  of  the  Si-C  bond  may  have 
diffused  outward  and  thus  does  not  appear  at  the  interface.  This  result  gives  some  insight  into 
the  behavior  of  the  Ti  based  contacts.  After  one  hr.  at  650X,  all  of  these  contacts  exhibited  a 
sharp  drop  in  contact  resistivity,  which  is  probably  due  to  TiC  formation.  Once  the  entire  Ti 
layer  was  consumed,  the  contact  resistivity  did  not  decrease  further  with  temperature. 


l-ig.  4:  SEM  micrographs  of  Ti/TiN/Pt/Au  contacts  on  SiC  a)  as  deposited,  and  b)  after  20  hrs. 
at  650”C  in  air. 
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Conclusion 

We  have  investigated  several  ohmic  contact  metallizations  on  n-type  3C-SiC.  Of  the 
metallizations  tested,  W/Pt/Au  was  reliable  for  8  hrs.  at  65CK  while  Ti/TiN/Pt/Au  was  able  to 
withstand  >  20  hrs.  at  that  temperature  without  significant  deterioration  of  the  electrical  or 
mechanical  properties.  This  work  demonstrates  that  by  using  the  diffusion  barrier  approach,  the 
lifetime  of  contact  metallizations  on  SiC  may  be  increased  significantly.  Extending  these 
concepts  to  other  polytypes  and  crystal  orientations  including  polar  faces  of  SiC  should  also  be 
possible. 
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ABSTRACT 

New  x-ray  dilTraction  measurements  performed  on  bop'ii  nitride  hlms  deposited  by 
pulsed  excimer  laser  deposition  are  presented.  The  x-ray  data,  taken  with  both  a  molybde¬ 
num  rotating  anode  source  and  synchrotron  radiation,  indicate  that  the  epitaxial  cBN  films 
are  <  200  A  thick.  We  also  report  the  successful  growth  of  oriented  crystalline  diamond  on 
the  (001)  surface  of  cBN/Si  substrates  using  the  method  of  pulsed  laser  deposition.  X-ray 
diffraction  measurements  indicate  that  the  diamond  layer  is  200  A  thick  with  a  lattice  con¬ 
stant  of  3.56  A.  The  structures  of  melaslable  films  (cBN  and  diamond)  are  very  sensitive 
to  growth  conditions:  we  present  evidence  that  an  epitaxial-crystalline  to  incoherent  phase 
transition  occurs  when  the  thickness  of  the  films  exceeds  a  critical  value  200  A  for  our 
present  growth  conditions). 

INTRODUCTION 

The  development  of  both  cubic  boron  nitride  (cBN)  and  diamond  in  thin  film  form 
has  been  pursued  vigorously  over  the  last  several  years.  This  rapid  increase  in  wide-bandgap 
semiconductor  research  'an  be  attributed  to  the  technological  impact  that  these  materials 
would  have  on  electronic  and  optical  devices  (i{.  Several  deposition  processes  have  proven 
to  be  successful  in  the  growth  of  diamond  coatings,  but  the  most  widely  utilized  is  plasma 
enhanced  chemical  vapor  deposition  (PECV'D).  It  has  been  shown  that  under  appropriate 
growth  conditions  diamond  can  be  grown  on  a  variety  of  substrates  [2].  However,  regardless 
of  the  deposition  technique  chosen,  the  resulting  diamond  coating  is  usually  polycrystalline 
and  multifaceted  with  a  rough  surface.  Such  films  are  rarely  epitaxial  with  the  substrate 
except  when  grown  on  bulk  diamond  {3]  or  cubic  boron  nitride  [4].  Recent  work  on  ion- 
implanted  surfaces  reports  that  epitaxial  diamond  films  may  also  be  grown  on  copper  |5|. 

In  many  ways  thv  growth  of  high  quality  cBN  films  has  been  more  elusive  than  the 
growth  of  diamond.  While  many  deposition  techniques  have  been  pursued,  there  exists  no 
single  widely  used  process  for  the  growth  of  cBN  thin  films.  Deposition  techniques  such  as 
reactive  magnetron  sputtering,  PECVD,  ion  beam  bombardment,  and  reactive  evaporation 
result  in  multiphase,  polycrystalline,  randomly  oriented  boron  nitride  films  except  when 
grown  on  bulk  cBN  [6(  or  diamond  (T/.  As  with  diamond  fi/m§,  the  layers  are  either  of 
much  too  poor  quality  to  be  useful  for  electronic  device  applications  or,  as  is  the  case  with 
films  grown  on  bulk  diamond,  they  are  economically  unfeasable  to  be  considered  for  large 
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scale  production.  The  only  method  that  has  been  shown  to  produce  epitaxial  cBN  films 
on  a  substrate  other  than  diamond  or  bulk  cBN,  is  the  method  of  pulsed  excimer  laser 
deposition  (PLD)  |8].  With  this  technique^  thin  epitaxial  cBN  films  can  be  grown  on  (001) 
silicon  substrates. 

In  this  paper  we  present  new  results  on  the  growth  and  structural  characterization 
of  cubic  boron  nitride  films  grown  epitaxially  on  (001)  silicon  substrates.  We  2d6o  report 
evidence  for  the  first  successful  growth  of  oriented  diamond  films^  deposited  by  pulsed  laser 
deposition,  on  the  epitaxial  cBN. 

EXPERIMENTAL 

Boron  nitride  films  have  been  grown  on  polished,  p*typc  (001)  silicon  wafers.  All 
substrate  preparation  procedures  and  growth  conditions  for  the  boron  nitride  deposition 
have  been  described  in  previous  publications  (8,9).  The  most  recent  samples  prepared  by 
this  method  typically  have  a  total  film  thickness  of  approximately  200  A  of  BN,  and  are 
grown  on  one  inch  diameter  silicon  wafers. 

X-ray  diffraction  studies  were  carried  out  at  The  University  of  Michigan  using  a 
four-circle  diffractometer  with  a  rotating  Mo-anode  source  and  graphite  crystal  monochro- 
mater.  In  addition,  high  resolution  scans  have  been  performed  on  several  cBN/Si  films  with 
synchrotron  radiation  at  the  National  Synchrotron  Light  Source  at  Brookhaven  National 
Laboratory. 

DISCUSSION  AND  RESULTS 

The  crystallinity,  composition,  and  chemical  bonding  of  BN  films  (total  thickness 
1000  -  1200  A  )  grown  by  pulsed  excimer  laser  deposition  have  been  investigated  previously 
using  TEM  (8|,  x-ray  diffraction  (8),  Auger  electron  spectroscopy  (AES)  [9j,  electron  probe 
microanalysis  (EPMA)  |10),  Rutherford  backscattering  spectroscopy  (RBS)  [10],  electron 
energy  loss  spectroscopy  (EELS)  |9),  spectroscopic  ellipsometry  |ll|,  and  infrared  absorp¬ 
tion  (9|.  Taken  collectively,  these  data  indicate  that  a  thin  (<  200  A)  epitaxial  cBN  layer 
is  present  at  the  Si  interface  with  the  remainder  of  the  film  appearing  to  be  incoherent 
sp^-bonded  BN. 

The  high  resolution  (OOf)  x-ray  diffraction  measurements,  with  the  diffraction  vector 
perpendicular  to  the  silicon  substrate  surface,  give  no  evidence  for  either  elemental  boron  or 
hexagonal  BN  in  any  of  the  BN  films  we  have  prepared  {8j.  We  have  also  noted  previously 
that  the  cBN  (004)  x-ray  peaks  (which  lie  close  to  the  position  of  thr  normally  iV^bidueii 
Si(006)  reflection)  remain  instrumenially  narrow  even  for  very  thin  (<  100  A)  films.  This 
gives  evidence  that  the  Si  substrate  symmetry  may,  in  some  way,  be  contributing  to  these 
diffraction  peaks.  This  effect  is  currently  under  investigation. 

Fig.  1  shows  a  very  weak  x-ray  diffraction  peak  taken  from  a  BN  film.  The  position 
of  the  peak  indexes  to  the  (002)  reflection  of  cBN  with  a  lattice  constant  oq  =  3.62  A.  A 
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Figure  1:  Conventional  0-2^  x-ray  diffraction  scan  of  cBN/Si  using  a  Mo  rotating  anode 
generator  (A  =  0.71  A).  The  position  of  the  peak  is  consistent  with  an  (002)  reflection  from 
a  cBN  fiim  having  a  lattice  constant  of  3.62  A. 

structure  factor  analysis  of  the  zinc-blende  structure  indicates  that  the  strongest  reflection 
is  the  { 1 1 1),  which  is  10  —  20  times  more  intense  than  the  (002).  The  cBN  (111)  reflection 
has  not  been  observed  in  (00^)  scans  on  any  of  the  BN  films  we  have  grown  on  (001)  Si. 
1  his  indicates  that  the  cBN  is  net  randomly  oriented  with  the  silicon  substrate.  Using 
tiic  Debye-Scherrer  equation  |12|,  the  width  of  the  cBN  (002)  peak  indicates  that  the  cBN 
film  thickness  is  approximately  100  A»  even  though  the  total  film  thickness  is  known  to  be 
approximately  700  A.  The  inability  to  resolve  the  Koi  and  Kqj  splitting  of  the  cBN  (002) 
peak  inhibits  an  accurate  determination  of  the  film  thickness.  Since  the  intensity  of  this 
peak  is  nearing  the  instrumental  limit  of  detection  for  our  rotating  anode  generator,  w’e  have 
performed  synchrotron  studies  on  thin  (total  thickness  <  200  A)  films  to  more  accurately 
determine  the  thickness  of  the  epita  ial  cBN  layer.  Fig.  2  shows  a  scan  of  the  synchrotron 
x-ray  intensity  with  the  diffraction  vector,  k,  normal  to  the  substrate  surface.  The  data 
is  consistent  with  a  cBN  (002)  diffraction  peak  from  a  film  approximately  175  A  thick. 
These  x-ray  results  confirm  the  conclusions  of  our  previous  investigations  |8-10j.  That  is, 
an  epitaxial  cBN  film  200  A  thick  grows  initially  on  the  silicon  surface,  but  beyond  this 
thickness  the  BN  film  becomes  incoherent. 

The  apparent  ~  200  A  epitaxial  film  thickness  is  not  well  understood  at  this  time; 
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Figure  2:  X-ray  diffraction  (00£)  scan  of  cBN/Si  using  synchrotron  radiation  (A  =  J.744  A). 
The  position  and  width  of  the  peak  is  consistent  with  an  (002)  reflection  from  a  cBN  film 
having  a  lattice  constant  of  3.62  A,  and  a  thickness  of  --  175  A. 

however,  crystalline  to  incoherent  phase  transitions  have  been  observed  in  other  epitaxial 
systems  |i3.14).  In  the  growth  of  hr-moepitaxial  Si,  Eaglesham  ei  al.  [13]  have  shown  that 
there  is  an  epitaxial  thickness,  hep,,  at  which  a  growing  epitaxial  layer  becomes  incoherent 
( 10  to  30  A  for  growth  on  ambient  temperature  substrates).  They  attributed  the  breakdown 
in  epitaxy  to  a  roughening  of  the  growth  surface,  which  causes  a  nucleation  of  an  incoherent 
phase.  A  similar  breakdown  in  epitaxy  has  been  observed  [14]  in  the  homoepitaxia)  grow'th 
of  GaAs,  which  among  other  things  depends  strongly  on  composition.  This  point  may  be 
particularly  salient  to  the  epitaxial  growth  of  laser  deposited  cBN.  It  has  been  showm  [15| 
that  tlie  hBN  target  experiences  melting  and  undergoes  a  partial  elemental  decomposition 
during  the  laser  deposition  process.  That  is,  as  a  result  of  the  beam-solid  interaction, 
nitrogen  is  liberated  to  the  gas  phase  from  the  melt  and  the  irradiated  region  of  the  target 
condenses  to  a  nitrogen  deficient  material,  BNo.s-  Subsequent  laser  pulses  on  the  nitrogen 
deficient  target  lead  to  a  nitrogen  deficient  film.  Experimental  ♦**chniques  exist,  and  are 
currently  being  investigated,  to  increase  the  thickness  of  the  epitaxial  cJN  layer  [13, Hj. 

Because  of  the  good  lattice  match  (1.4  %),  diamond  ran  be  grown  heteroepitaxially 
on  cBN  (4).  We  attempted  to  grow  diamond  op  cBN/Si  (with  the  total  BN  film  thickness 
less  than  100  A)  using  the  hot-filament  CVD  technique.  These  attempts  were  unsuccessful 


because  the  carbon  species  generated  by  the  plasma  completely  etched  away  the  cBN  leaving 
bare  silicon.  This  is  not  surprising  in  view  of  the  fact  that  CH4/H2  plasmas  are  routinely 
used  to  etch  the  surfaces  of  III-V  compounds  prior  to  epitaxial  film  growth  [16], 

Recently,  we  grew  laser  deposited  carbon  on  some  of  our  cBN/Si  samples  in  hope 
that  the  cBN  would  nucleate  the  diamond  phase.  In  this  experiment,  cBN  films  were  first 
grown  on  (001)  Si  substrates  following  the  procedures  outlined  in  the  previous  section.  The 
substrates  were  allowed  to  cool  to  room  temperature  in  flowing  Na  and  the  hBN  target  (used 
to  grow  the  cBN  film)  was  replaced  with  pyrolytic  graphite.  With  the  substrate  at  room 
temperature  and  the  chamber  under  vacuum  (no  gases  flowing),  100  laser  pulses  were  used 
to  deposit  approximately  20  A  of  carbon  onto  the  cBN/Si.  During  the  growth  of  the  carbon 
layer,  the  KrF  laser  was  pulsed  at  5  Hz,  and  had  a  fluence  of  3.9  J  cm"*.  The  substrate 
temperature  was  then  elevated  to  600  and  another  1000  pulses  of  carbon  were  deposited 
in  approximately  3x10"*  torr  of  flowing  112.  In  PECV^D  diamond  growth,  H-aloms  are 
believed  to  selectively  etch  the  sp*  bonded  carbon  constituent  of  the  film.  Since  the  plasma 
generated  by  the  laser-target  interaction  is  believed  to  have  a  temperature  in  excess  of  10^ 
K  17,,  sufficient  thermal  energy  exists  near  the  target  to  dissociate  molecular  hydrogen. 
However,  it  is  not  known  what  effect  (if  any)  that  the  hydrogen  has  on  the  carbon  species 
grown  in  this  deposition.  Subsequent  to  deposition,  the  substrates  were  allowed  to  cool  to 
room  temperature  in  flowing  II2,  and  then  removed  from  the  chamber.  The  films  appeared 
optically  smooth,  clear  in  the  center  and  light  blue  on  the  edges. 

The  Raman  spectrum  of  one  of  the  C/cBN/Si  samples  is  shown  in  Fig.  3.  The 
spectrum  has  peaks  near  960,  1330  and  1604  cm"*.  Whereas  the  peak  near  960  cm"*  is  a 
second  order  feature  of  the  Raman-active  silicon  phonon,  the  peaks  at  1330  and  1604  cm"* 
are  characteristic  of  sp*  bonded  carbon  ji8|.  Because  the  Raman  scattering  efficiency  of 
diamond  is  nnich  less  than  that  of  sp*-bonded  carbon,  the  Raman  spectrum  (Fig.  3)  is  not  a 
sensitive  test  for  diamond  in  films  containing  other  forms  of  carbon  [18].  Low  energy  EELS 
measurements  are  sensitive  to  the  chemical  bonding  of  the  film  surface,  but  provide  no 
information  about  the  remainder  of  the  film.  Results  of  EELS  measurements  (not  shown) 
performed  on  a  C/cBN/Si  sample  are  also  consistent  with  the  spectrum  of  an  sp*-bonded 
carbon  film. 

X-ray  diffraction  experiments,  which  are  sensitive  to  the  crystalbnity  of  the  entire 
film  thickness,  w'ere  performed  on  the  C/cBN/Si  film.  The  data  indicate  that  the  carbon 
film  is  not  entirely  sp*-bonded  carbon.  A  plot  of  x-ray  intensity  rs.  diffraction  angle  (2^) 
is  shown  in  Fig.  4.  Near  29  -  47®,  a  set  of  diffraction  peaks  are  present  that  index  to  the 
hn\  and  A  02  (004)  reflections  of  diamond  (a©  ==  3.56  A).  The  measured  d-spacing  from 
tlie  diffraction  peaks  is  0.890  ±.  0.003  A,  which  is  in  cxceUent  agreement  with  the  (004) 
d-spacing  of  diamond  (0.892  A). 

We  found  no  evidence  in  llie  (00^)  x-ray  diffraction  data  for  graphite,  or  other 
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Figure  3:  Raman  spectrum  of  a  C/cBN/Si  film  prepared  by  pulsed  laser  deposition.  The 
peak  at  —  9G0  cm“^  is  a  second  order  excitation  of  a  Si  phonon,  while  the  peaks  at  1330 
and  1604  cm’*  are  characteristic  of  disordered  graphite. 

diamond  orientations.  The  (004)  diamond  refiectioii  is  not  coincident  with  any  diffraction 
peak  from  graphite,  boron  nitride,  or  silicon,  and  the  A*a|- A’oj  Sfditting  evident  in  the  figure 
eliminates  the  possibility  of  a  A/2  harmonic  from  an  x-ray  peak  of  the  silicon  substrate.  To 
our  knowledge,  this  is  the  first  evidence  for  the  growth  of  crystalline  diamond  by  pulsed  laser 
deposition.  Recently,  Martin  ei  al.  |19j  have  reported  that  a  few  layers  of  hexagonal  carbon 
with  some  sp^  bonding  can  be  grown  epitaxially  on  (001)  Si  by  pulsed  laser  deposition  of 
graphite,  but  cited  no  evidence  for  diamond.  Based  on  the  Raman  scattering,  EELS,  and 
diffraction  data,  we  speculate  that  the  diamond  x-ray  peaks  arise  from  a  thin  diamond  layer 
adjacent  to  the  cBN  layer,  and  the  remainder  of  the  carbon  film  is  characteristic  of  sp^- 
bunded  carbon.  Since  more  intense  diamond  diffraction  peaks  (e.g.,  Ill  and  220)  were  not 
observed  in  subsequent  (00/)  scans,  we  conclude  that  the  crystalline  diamond  is  oriented 
with  the  cBN,  and  hence  the  silicon  substrate.  That  is,  the  {001)  direction  of  the  diamond 
is  parallel  to  the  |00l)  directions  of  the  cBN  and  Si.  The  widths  of  the  [004]  diamond  peaks 
indicate  that  the  thickness  of  the  diamond  layer  is  approximately  200  A.  The  diamond 
peak  intensity  is  much  too  weak  to  enable  us  to  examine  the  in-plane  orientation  with  our 
rotating  anode  source.  Diffraction  experiments  using  synchrotron  radiation  are  planned  to 
investigate  the  possible  diamond  epitaxy.  Given  the  similarities  between  cBN  and  diamond, 


Intensity  (Counts/100  Sec) 
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Figure  1:  Conventional  6-20  scan  of  a  C/cBN/Si  film  using  a  Mo  source  (A  =  0.71  A). 
The  position  of  the  peaks  {Kqi  and  A  qj  wavelength  doublet)  is  consistent  with  the  (004) 
reflection  from  a  diamond  film  having  a  lattice  constant  of  3.56  A  and  a  thickness  of  200  A. 

it  is  possible  tliat  the  diamond  may  also  undergo  a  crystalline  to  incoherent  phase  transition 
when  the  tliickness  of  the  diamond  exceeds  200  A. 

In  conclusion,  we  have  shown  for  the  first  time,  that  pulsed  laser  deposition  of 
carbon  can  result  in  a  carbon  film  that  contains  crystalline  diamond,  and  that  the  diamond 
is  oriented  with  the  cBJV/Si.  We  have  also  presented  evidence  for  the  existence  of  an 
epitaxial-crystalline  to  incoherent  phase  transition  in  the  growth  of  cBN  on  (001)  Si.  With 
our  current  growth  conditions,  we  believe  that  an  epitaxial  thickness  of  approximately 
2U0  A  can  be  grown  before  the  onset  of  this  transition. 
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ABSTRACT 

We  are  studying  the  boron  nitride  system  by  using  a  pulsed  excimer  laser  to  ablate  from 
hexagonal  BN  (hBN)  targets  to  form  cubic  BN  (cBN)  films.  We  are  depositing  BN  films  on 
heat^  (600°C)  silicon  ( 100)  surfaces  in  a  flowing  (0-  10  seem)  ambient  background  gas  of  either 
NH3  or  N2  of  varying  partial  pressure  (0-100  mTorr).  Infrared  (IR)  reflection  spectroscopy 
indicates  the  films  have  short-range  hexagonal  order.  Some  films  grown  at  low  laser  energy 
densities  have  shown  the  cubic  phase  in  IR  transmission.  Auger  electron  spectroscopy  (AES) 
indicates  the  films  are  nitrogen  deficient,  which  is  linked  to  changes  in  the  target  stoichiometry 
with  increasing  laser  fluence.  Raman  spectroscopy  on  the  films  shows  only  a  strong  background 
luminescence  suggesting  a  high  concentration  of  defects  associated  with  the  nitrogen  vacancies. 
Atomic  force  microscopy  (AFM)  of  the  films  shows  a  surf»;e  morphology  that  roughens  as  the 
growth  rate  increases.  In  order  to  improve  the  film  stoichiometry  it  was  necessary  to  actively 
enhance  the  nitrogen  content  of  the  films.  It  was  found  that  bombarding  fibns  during  growth 
with  ions  from  an  ion  gun  filled  with  NH3  gas  increased  the  N/B  ratio  but  did  not  enhance  the 
cubic  phase.  RF  biasing  the  substrate  gave  films  which  showed  both  cubic  and  hexagonal 
features  in  IR  reflection.  High  resolution  transmission  electron  microscopy  (TEM)  confirms  the 
presence  of  cBN  grains  of  ~200A  size  in  films  grown  with  an  RF  bias. 

INTRODUCTION 

Pulsed  laser  deposition  (PLD)  is  an  emerging  technique  for  synthesis  of  thin  film 
materials  of  many  different  types(  1 1.  In  panicular,  thin  films  of  high  temperanitc 
.superconductors  with  very  high  quality  have  been  synthesized  by  PLD  and  studied  extensively. 
One  of  the  advantages  of  PLD  is  its  ability  to  deposit  multicomponent,  layered  structures  by 
ablating  from  several  different  targets  during  the  deposition  process.  In  Edition,  PLD  offers  the 
possibility  of  depositing  metasuble  phases,  such  as  cubic  boron  nitride  (cBN),  which  differ  in 
structure  from  the  original  target  due  to  the  energetics  involved  in  the  ablation  process.  In  the 
intense  plume  generated  during  ablation,  high  energy  ions,  radicals,  and  neutrals  can  be  excited 
allowing  for  chemical  reactions  both  in  the  plume  and  on  the  substrate  surface.  In  this  paper  we 
investigate  the  possibility  of  forming  cubic  boron  nitride  by  ablating  from  hexagonal  boron 
nitride  (hBN)  targets. 

cBN  films  arc  of  interest  technologically  due  to  their  high  hardness  and  high  thermal 
conductivity,  much  like  diamond  films.  cBN  is  superior  to  dianxtnd  in  several  aspects. 
Electronically,  cBN  can  be  doped  both  p-  and  n-type,  whereas  diamond  can  at  present  only  be 
doped  p-type.  In  addition,  cBN  has  a  larger  band  ^p  than  diatT»nd|2|.  Mechanically,  cBN  can 
be  used  to  machine  ferrous  alloys  that  graphitize  diamond  surfaces,  and  cBN  has  a  higher 
decomposition  temperature  than  diamond.  The  major  disadvantage  of  cBN  films  is  that  they  are 
harder  to  synthesize  than  diamond  films,  although  .several  groups  have  reported  success  growing 
polyciystalline  cBN  films( 3,4,5).  One  group  has  reported  the  growth  of  epitaxial  but 
polyctystalline  cBN  on  silicon  ( 100)  surfaces  by  Pli)16I.  The  purpose  of  this  paper  is  to  report 
on  a  parametric  study  done  to  assess  the  feasibility  of  synthesizing  cBN  films  through  laser 
ablation  of  hBN  targets. 
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EXPERIMENTAL  METHODS 


A  schematic  diagram  of  the 
deposition  chamber  is  shown  in  Fig.  1. 

The  vacuum  chamber  is  capable  of 
attaining  a  base  pressure  of  1  x  !(>’ 

Torr.  TTie  targets  were  ablated  with  a 
KrF  (248  nm)  laser  (Lambda  Physik 
LPX3(X))  capable  of  generating  30-ns- 
duration  L2-J  pulses  at  a  SO  Hz 
repetition  rate.  The  laser  light  was 
focused  through  a  spherical  lens  with  a 
30-cm  focal  length  through  an  AR 
coated  window  into  the  vacuum 
chamber.  The  beam  hit  the  rotatable 
target  at  a  45°  angle  forming  a 
rectangular  spot  with  an  aspect  ratio  of 
-5:1,  varying  in  area  dependent  upon  the 
position  of  the  focusing  lens.  The 
target-to-substrate  distance  could  be 
varied  but  was  generally  held  at  -4  cm. 

The  target  was  as  received  pyrolytic 
boron  nitride  (Union  Carbide).  The 
targets  were  sanded  clean  after  each 
exposure  to  laser  light  due  to  the  boron 
enrichment  problem  described  below. 

The  silicon  (100)  substrates  (p-doped  with  B  to  0.01-0.03  fJcm)  were  cleaned  to  remove  the 
surface  oxide  layer  by  a  wet  ip  procedure  involving  HF  and  NH4F  that  is  described 
el.sewhere[7|.  In  most  cases  no  in  situ  cleaning  of  the  Si  substrates  was  attempted  although  some 
samples  were  annealed  in  vacuum  at  8(X)°C  for  five  minutes  immediately  prior  to  deposition.  The 
Si  substrates  were  resistively  heated,  and  their  temperature  was  measured  by  a  thermocouple 
pressed  directly  to  their  backside.  A  thickness  monitor  at  room  temperature  could  be  moved  into 
position  in  front  of  the  sample  substrate  to  measure  the  deposition  rate.  Depositions  were  made 
in  in  a  flowing  background  of  either  Nj  or  NH3  gasses  (0  - 10  seem)  varying  in  pressure  up  to 
100  mTorr. 

Initially,  the  laser  energy  density,  film  thickness,  background  gas,  and  background  gas 
pressure  were  varied,  while  the  substrate  temperature  was  held  at  fiOCPC.  The  resultant  films  and 
expo.sed  targets  were  examined,  as  described  below,  and  found  to  be  nitrogen  deficient.  IR 
spectroscopy  revealed  the  films  to  be  sp^  bonded.  ConsequenUy.  ion  bombardment  and  RF 
biasing  with  varying  substrate  temperature  were  separately  used  in  an  attempt  to  enhance  the 
nitrogen  content  of  the  films  and  promote  growth  of  the  cubic  phase.  Ions  from  an  ion  gun  were 
used  to  bombard  the  substrate  during  growth.  The  gun  was  run  from  1  -5  ke  V  acceleration 
voltage,  using  either  N2  or  NHs  gas  as  a  source  of  ions.  For  the  samples  grown  in  an  RF 
discharge,  the  effect  of  the  substrate  RF  bias  voltage  on  sample  growth  was  studied  by  varying 
the  input  power  to  a  N2/Ar  plasma. 

Characterization  of  the  samples  was  accomplished  mainly  through  infrared  spectroscopy 
which  serves  as  a  quick  screening  process  to  determine  bulk  film  characteristics.  For  hBN  the 
bonding  is  sp^  in  nature  with  two  characteristic  peaks  at  1370  cm  '  and  800  cm  '  associated  with 
the  in-plane  B-N  bond  stretch  and  out  of  plane  B-N-B  bond  bend,  respectively|8J.  The  bonding 
in  the  cubic  material  is  sp^  in  nature  with  an  IR  active  TO  mode  at  1070  cm  '|9].  IR 
.spectroscopy  reveals  the  nature  of  the  bonding  in  the  film  but  not  the  long  range  crystallinity  or 
microstructure.  Long  range  order  in  the  films  was  assessed  using  x-ray  diffraction  (XRD) 
employing  a  thin  film  geometry  at  an  incident  angle  of  0.5°  and  a  rotating  anode  source  of  Cu  Ka 
radiation.  AES  provided  information  about  the  film  stoichiometry.  TEM  was  used  to  probe  the 
microstructure  of  the  films.  TEM  samples  were  prepared  by  scribing  the  backside  of  the  Si  and 
cleaving  small  rectangular  shaped  samples  from  the  larger  wafer.  These  samples  were  silver 
pasted  to  a  flap  cut  in  a  copper  grid  such  that  the  film  si^ace  could  be  mounted  vertically  in  the 
microscope  to  examine  one  comer  of  the  film. 


Fig  1.  A  diagram  of  the  ablation  system. 
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Fig.  2  Dcposiiion  rate  vs.  laser  fluence  for  varying  energy  density. 

RESULTS  AND  DISCUSSION 

In  order  to  study  laser-target  interactions,  the  thickness  monitor  was  used  to  measure  the 
ablation  rate  as  a  function  of  incident  laser  energy  density  and  fluence  for  rotating  and 
nonrotating  targets.  Fig.  2  shows  the  deposition  rate  as  a  function  of  laser  shots  for  various  la.ser 
energy  densities.  It  is  apparent  that  for  the  lower  laser  energy  densities  the  deposition  rate  falls 
off  as  the  number  of  incident  shots  increases.  For  higher  energy  densities  (>6  J/cm^)  the 
ablation  rate  is  nearly  constant.  Examination  of  the  exposed  targets  reveals  that  at  low  energy 
densities  the  once  pristine  hexagonal  boron  nitride  has  become  slighdy  pitted  with  dark  cones  that 
point  toward  the  incident  laser  beam.  AES  of  the  exposed  target  shows  that  these  regions  are 
boron  rich,  as  has  been  reported  by  othersl  10|.  The  decrease  in  the  ablation  rate  with  time  may 
be  explained  by  the  preferential  liberation  of  nitrogen  from  the  target  leaving  boron  rich  material 
that  has  a  higher  ablation  threshold  than  hBN.  The  targets  exposed  to  laser  energy  densities 
above  6  J/cm’  show  very  clean  ablation  pits  with  no  dark  boron  rich  regions.  AFM  pictures  of 
films  grown  at  these  high  energy  densities  show  rough  surfaces  with  large  particulates  (-1  pm). 
In  contrast,  the  films  grown  at  lower  energy  densities  do  not  show  these  large  paniculales  and 
are  smoother.  I  n  order  to  al  leviaie  the  problem  of  changing  target  stoichi'^rietry  for  low  laser 
energy  densities,  the  target  is  rotated  to  expose  a  larger  surface  area  to  the  incident  beam.  As  can 
be  seen  from  Fig.  2,  this  rotation  steadies  the  ablation  rate. 


Fig  3.  IR  reflectance  vs.  wavenumber  for  films  of  varying  thickness  grown  at  4,3  J/cm^  in  30 
pm  of  N2  gas  with  a  rotating  target.  No  peaks  appear  above  2000  wavenumbers. 
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IR  reflection  spectroscopy  was  done  on  all  of  our  samples  to  examine  the  phase 
composition  of  the  films.  Fig.  3  shows  a  typical  set  of  IR  spectra  obtained  from  a  series  of 
samples  grown  at  an  energy  density  of  4.3  J/cm^  in  30  mTorr  of  flowing  nitrogen  gas  with  a 
rotating  target.  The  samples  range  in  thickness  from  400  to  12,000A.  The  spectra  were  ratioed 
to  the  spectrum  of  silicon  that  was  cleaned  by  the  same  HF/NFUF  dipping  process  referenced 
abovef?].  The  two  peaks  at  800  and  1370  cm  '  indicative  of  the  hexagon^  phase  are  very 
prominent  in  the  thicker  samples  and  gradually  become  less  intense  as  the  samples  get  thinner. 
The  peak  at  1065  cm  '  indicative  of  the  cubic  phase  does  not  appear  in  these  samples. 

The  background  gas  pressure  was  varied  up  to  100  mTorr  in  order  to  determine  its  effect 
on  sample  quality.  Films  grown  in  vacuum  were  thicker  and  had  mote  particulates  than  those 
grown  in  high  pressures  of  N2,  but  the  IR  spectra  of  the  deposited  films  did  not  noticeably 
change  from  the  spectra  shown  in  Fig.  3.  Performing  the  same  snidy  with  NH3  as  the 
background  gas  revealed  no  changes  in  the  films,  as  determined  by  IR  spectroscopy. 

Varying  the  laser  energy  density  from  1  to  8  J/cm^  in  almost  all  cases  gave  samples  that 
were  hexagonal  in  phase  as  determined  by  IR  reflection  spectroscopy.  Three  samples  made  in  15 
mTorr  nitrogen  gas  pressure  with  a  nonrotating  target  at  energy  densities  of  1,  1 .5,  and  2  J/cm- 
show  the  peak  at  1065  cm  '  in  IR  transmission  indicative  of  the  cubic  phase,  as  can  be  seen  in 
Fig.  4.  (Repeating  the  measurement  in  the  IR  reflection  geometry  gave  the  same  result.)  One 
sample  made  at  1  J/cm^  showed  almost  entirely  cubic  phase  with  the  other  two  samples  showing 
increasing  hexagonal  phase  as  the  energy  density  increases.  Efforts  to  reproduce  the  results  of 
this  series  of  samples  have  not  proven  successful,  although  work  is  .still  in  progress  to  do  so. 
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Fig.  4  IR  transmission  vs  wave  number  for  three  samples  made  at  low  laser  energy  density. 

The  IR  transmission  above  2000  wavenumbers  shows  no  additional  peaks. 

in  general,  films  produced  by  PLX)  without  ion  enhancement  are  not  stoichiometric  BN. 
Auger  analysis  of  the  as^leposited  films  show  that  N/B  =  0.70.  This  nitrogen  deficiency 
problem  may  be  linked  to  the  target  depletion  problem  described  above.  XRO  analysis  has  not 
shown  peaks  indicative  of  either  the  cubic  or  hexagonal  phases  suggesting  that  the  films  have 
either  very  small  crystalline  grains  or  are  amorphous.  Raman  analysis  has  not  shown  any  peaks 
but  a  strong  background  luminescence  possibly  associated  with  the  large  nitrogen  deficiency  in 
these  films. 

The  results  above  indicate  to  us  that  some  form  of  active  nitrogen  enhancement  is 
necessary  in  order  to  produce  stoichiometric  films  and  encourage  growth  of  the  cubic  phase.  In 
order  to  investigate  these  possibilities  two  methods  were  examined.  The  first  method  involved 
the  use  of  an  ion  gun  to  bombard  the  samples  during  growth,  while  the  second  involved  RF 
biasing  the  substrate  and  varying  its  temperature. 

Two  series  of  samples  were  deposited  using  the  ion  gun,  one  with  N2  and  the  other  with 
NH3  gas  as  the  source  of  ions.  The  ion  energy  was  varied  from  1-5  keV.  IR  analysis  of  these 
samples  revealed  that  the  films  were  hexagoi^  and  that  the  cubic  phase  was  not  enhanced. 
Auger  analysis  showed  that  films  deposit^  with  NH3  as  an  ion  source  v'ere  closer  to 
stoichiometric  with  N/B  =  0.90.  The  Auger  line  shape  of  the  boron  peak  for  these  samples  was 
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consistent  with  the  presence  of  cBN  material  in  the  films;  however,  the  presence  of  surface 
oxygen  impurities  incorporated  during  sample  handling  made  it  difficult  to  state  this 
unambiguously  since  the  B  lineshape  in  B2O3  is  similar  to  that  of  B  in  cBN.[  1 1  ]  XRD  analysis 
of  these  films  did  not  show  any  peaks,  indicating  the  films  are  either  small  grained  or 
amorphous.  Although  ion  bombardment  shows  promise  as  a  means  for  increasing  the  nitrogen 
content  of  the  films,  our  preliminary  results  show  that  we  were  not  able  to  significantly  enhance 
the  cubic  phase  through  this  method. 


\V.i\ ctiuinlvr  um 

Fig.  5  IR  reflection  vs.  wavenumber  for  four  samples  grown  in  an  RF  plasina 
discharge  at  uifferent  DC  bias  voltages. 

Films  were  grow  n  in  an  RF  plasma  discharge,  and  the  RF  power  to  the  substrate  was 
varied  producing  a  DC  bias  between  0  and  ■45()V.  ITte  samples  were  grown  at  a  gas  pressure  of 
1.1  mTorr  in  a  flowing  gas  mixture  (.1.0  seem)  of  Ar  and  N2  at  a  ratio  of  10:1,  respectively. 
Samples  grown  with  RF  biasing  show  an  enhancement  in  the  amount  of  cubic  material.  Fig  .S 
shows  the  IR  spectra  for  four  samples  grown  at  different  bias  voltages.  Three  samples  show  a 


( 
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Fig.  6  TF,M  micrograph  of  a  BN  sample  grown 
at  -2(X)V  D(i!  bias.  The  measured  row 
spacing  of  1 .76A  is  consistent  with 
the  (2(K))planes  of  cBN. 


Fig.  7  Electron  diffraction  pattern  of  the 
region  shown  in  Fig.  6.  The 
diameters  of  the  rings  are  consistent 
with  tho.se  of  cBN.  Silicon  Bragg 
reflections  for  a  |0131  zone  axis  are 
also  seen. 
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nnixture  of  both  cubic  and  hexagonal 
phase.  The  sample  grown  at  -450V  bias 
shows  only  hexagonal  mateiial.  It  is 
apparent  that  at  a  bias  voltage  above  a 
cenain  threshold  value  between  -300V 
and  -450V  only  hexagonal  material 
appears.  Fig.  6  is  a  TBM  micrograph 
of  a  sample  grown  at  a  bias  voltage  of 
-200V.  The  1 .76A  spacing  between  the 
rows  of  Fig.  6  is  consistent  with  that  of 
the  (200)  planes  of  cBN.  The  positions 
of  the  rings  for  the  corresponding 
electron  diffraction  pattern  in  Fig.  7  have 
been  analyzed,  verifying  the  presence  of 
cubic  material  as  can  be  seen  in  Table  I. 
The  TEM  images  show  grain  sizes  of 

-200A. 


Measured  Standard  cBN 


d(hkl) 

Intensity 

3.52A) 

hjd 

3.150 

vw 

.... 

2.110 

s 

2.084 

Ill 

1.820 

m 

1,807 

200 

1.280 

s 

1.292 

202 

1.100 

s 

1.102 

113 

1.040 

m 

1.055 

222 

0.920 

w 

0.914 

400 

0.830 

m 

0.829 

313 

0.810 

m 

0.808 

204 

0.740 

m 

0,738 

224 

Table  I.  The  measured  d  spacings  of  Fig.  7 
compared  to  those  of  standard  cBN. 


CONCLUSIONS 

The  hexagonal  phase  is  predominant  for  the  samples  we  have  grown  with  PLD.  Varying 
the  laser  energy  density  has  produced  some  films  that  show  intlications  of  the  cubic  phase  in  IR 
spectroscopy,  although  we  have  not  been  able  to  reproduce  the  IR  data  in  other  films  grown 
under  the  same  conditions.  It  has  also  been  shown  that  it  is  very  difficult  to  grow  samples  with 
the  proper  stoichiometry;  most  samples  are  nitrogen  deficient.  TTiis  is  linked  to  nitrogen 
depletion  in  the  target  with  increasing  laser  fluence  making  it  necessary  to  supplement  the  growth 
procedure  by  using  some  activated  secondary  source  of  nitrogen.  Preliminary  efforts  to  do  so 
with  an  ion  gun  run  with  NH3  gas  show  improvements  in  the  N/B  ratio,  but  no  indication  of  the 
cubic  phase  in  IR  spectroscopy.  PLD  of  samples  in  the  presence  of  an  RF  discharge  has  led  to 
films  that  show  mixed  phase  cubic  and  hexagonal  material  in  IR  spectroscopy.  TEM  images  of 
these  samples  show  small  grained  cubic  material  of  -200A  grain  size.  Further  efforts  are  under 
way  to  increase  the  fraction  of  cubic  material  in  the  films  deposited  in  an  RF  discharge. 
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ABSTRACT 

Tetrahedrally  coordinated  phases  of  boron  nitride  (c-BN  and  w-BN)  were  produced  bv 
reactive  sputtering.  The  structure  of  the  films  was  investigated  by  XRD  and  TEM  diffrac¬ 
tion,  and  found  to  be  polycryslalline.  Films  with  microhardness  up  to  SSOOit^/mm^  were 
deposited  but  some  degradation  over  time  has  been  observed.  A  model  for  the  stabilization 
of  the  tetrahedral  phases  over  the  graphitic  one  is  proposed. 

INTRODUCTION 

Bulk  boron  nitride  exists  in  three  allotropic  forms;  the  hexagonal  graphite  like  form  (the 
thermodynamically  stable  phase),  the  zinc-blende  and  the  hexagonal  wurtzitc-type  forms 
which  can  be  formed  under  high  pressure  conditions.  Boron  nitride  thin  films  have  been 
produced  by  a  variety  of  deposition  methods,  such  as  CVD  (1),  plasma  assisted  CVD  (2). 
ion  plating  (3),  electron  beam  deposition  (4),  and  reactive  sputtering  (5,6).  In  general,  films 
produced  by  ion  assisted  processes  were  determined  to  have  a  significant  cubic  component 
but  results  from  different  laboratories  are  conflicting  and  there  is  no  consensus  as  to  the  un¬ 
derlying  cause  for  the  stabilization  of  c-BN  over  g-BN  under  inetastable  growth  conditions. 

In  this  paper,  we  present  data  on  the  growth,  structure,  chemistry  and  mechanical  prop¬ 
erties  of  n.\  films  produced  by  reactive  sputtering.  Evidence  is  presented  that  the  formation 
of  the  tetrahedral  phases  (c-BN  and  w-BN)  requires  the  incorporation  of  defects  such  as  N- 
or  U-vacancies. 

EXPERIMENTAL  METHODS 

The  boron  nitride  films  were  grown  by  rf  diode  sputtering.  The  boron  nitride  target, 
a  12.7  cm  diameter  and  0.6  cm  thick  disk,  was  Carborundum  grade  AX20  which  contains 
2%  The  substrates  (quartz,  sapphire,  silicon,  tungsten  carbide,  and  TiN-coated  \V(') 

were  held  6  cm  below  the  target  and  the  substrate  platform  was  electrically  floated  and 
heated  from  ambient  temperature  to  700®C.  The  deposition  system  was  pumped  to  a  base 
pressure  of  3  x  10*^  Torr  and  the  sputtering  was  performed  in  a  mixture  of  Ar  and  ^ 

total  pressure  from  2  to  10  mTorr.  The  partial  pressure  of  nitrogen  was  varied  from  09c  to 
100%.  The  power  in  the  discharge  was  varied  up  to  1000  Watts. 

The  structure  of  the  films  was  investigated  by  XRD  using  a  Rigaku  diffractometer  with 
parallel  beam  optics,  and  TEM  diffract’on  Irom  flakes  scraped  from  various  substrates  onto 
a  Cu-grid.  The  platelets  of  g-BN  tend  to  rest  on  the  grids  with  their  basal  planes  parallel 
to  the  grid  planes,  and  the  e  bca!;i  is  parallel  to  the  c-axis.  Under  such  circumstances,  re¬ 
flections  {hkl)  with  I/O  are  extinguished  and  the  diffraction  patterns  from  g-BN  and  c-BN 
are  qualitatively  similar.  The  distinction  between  the  two  structures  can  be  made  only  by 
carcfuil  determination  of  the  ratio  of  radii  of  the  diffraction  rings.  Oriented  g-BN  has  a  (10.0) 
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reflection  at  2.l693Aand  a  (11. U)  reflection  at  1.2521A.  The  ratio  of  the  two  d-spacings  is 
1.73  and  this  should  coinside  with  the  ratio  of  the  radii  of  the  two  difTraction  rings.  r-IlN 
has  a  (11  l)  reflection  at  2.088A  and  a  (220)  reflection  at  1.278.*)A,  and  the  ratio  of  tlie  radii 
of  the  two  dilFraction  rings  is  e.xpected  to  be  1.63.  w-BN  has  a  (10.0)  reflection  at  2.21lA. 
and  a  (11.0)  reflection  at  1.277A,  and  the  ratio  between  the  radii  of  the  two  difTraction  rings 
is  1.73.  Therefore,  based  on  TE.Vl  diffraction  alone,  one  can  not  distinguish  between  g-B.V 
and  w-BN- 

Tiim  cc'mposilion  was  determined  in  a  few  filnis  by  XPS  and  film  microstnicture  by  SE.M 
studies. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Film  Deposition  Process 

The  B.\'-largel  at  the  end  of  a  run  was  found  to  have  a  gray  color  when  sputtering  took 
place  in  pure  argon,  suggesting  that  under  these  conditions  the  target  was  reduced  and  in*- 
camc  boron  rich.  On  the  contrary,  the  color  of  the  target  remained  unchanged  when  the 
sputtering  discharge  contained  more  than  10%  nitrogen.  This  suggests  that  nitrogen  in  the 
plasma  reacts  both  with  the  target  as  well  as  with  the  growing  BN  film. 

The  film  growth  rate  was  found  to  increase  with  the  power  in  the  discharge,  a  result 
whirfi  is  e.Kpected.  However,  we  also  found  that  at  a  fixed  power  in  the  sputtering  discharge, 
the  film  growth  rate  increases  with  the  partial  pressure  of  nitrogen  in  the  plasma.  This  result 
is  illustrated  in  Fig.  I  for  a  series  of  films  deposited  at  200  Watts  forward  power  and  total 
pressure  of  Ar  ■»  ,V2  -  Sin  lorr.  The  film  deposition  rate  was  determined  from  the  thickness 
of  the  film  divided  by  the  deposition  lime.  Based  on  the  experience  of  reactive  sputtering 
from  elemental  targets,  one  would  have  expected  the  opposite  result.  Reactive  gases,  in 
general,  carry  a  significant  fraction  of  the  discharge  current,  but  contribute  very  little  to  the 
sputtering  rate(7). 


SuUslrotr  *- 
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I  -  0  Vb 
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Fig.  1.  Depo.sition  rtite  vs 
fraction  of  nitrogen  in  the 
discharge 


One  possible  explanation  of  this  result 


is  that  the  increase  in  deposition  rate  is  not  due 
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to  an  increase  in  the  sputtering  yield,  l)ut  it  is  due  to  an  increase  of  the  thickness  of  the 
film  because  of  its  structural  transformation  from  the  cubic  to  the  graphitic  phase.  In  other 
words,  a  material  produced  in  low  concentration  of  nitrogen  has  the  tetrahedrally  coor¬ 
dinated  structure  (denser)  while  that  produced  in  high  concentration  of  nitrogen  acquires 
the  graphitic  structure.  The  mass  densities  of  the  two  structures  (/?<-  p-v  -  Z.hgricm?  and 
Pa  fi-iV  2.2gTlcTn})  have  a  ratio  of  1.6,  in  approximate  agreement  with  the  observed  in¬ 
crease  in  deposition  rate. 

H.  Film  Composition,  structure,  and  microstnicture. 

The  composition  of  only  three  films  was  determined  by  XPS  analysis,  and  the  results 
are  shown  in  Table  I.  The  oxygen  in  the  films  is  probably  due  to  the  B2O3  impurities  of  the 
target,  and  oxygen  impurities  from  the  sputtering  gases  and  atmospheric  leaks.  The  carbon 
could  be  due  to  sputtering  from  the  graphite  substrate  holder. 

Table  1.  Composition  of  BN  Films 

Sample  j  B  I  _N  J  C  |  O 

B.\-207  1  ■10.4%  j  40.8%  !  7:i%‘  !  !1.5% 

B.N’-208  i  39.2%  '  37.8%  ;  10.7%  :  12.1% 

B.\-2n  I  W.e%  :  36.3%.  :  13.9%  I  9.0% 

The  .\IU)  pattern  of  a  D.N  film  produced  with  10/c  N-:  in  the  sputtering  discharge  on  a 
tung.sten  carbide  substrate  is  shown  in  Fig.  2a.  Shown  for  comparison  in  Fig. 2b  is  tlie  .\H1) 
pattern  of  the  substrate  alone.  It  is  obvious  that  the  broad  peak  at  20  ^  13®  is  due  to  the 
film.  However,  its  identifu-ation  is  not  unambiguous. 

The  most  intense  reflection  from  cubic  boron  nitride  occurs  at  20  43.3®  and  corre¬ 

sponds  to  ( 1  i  I )  reflecti  m,  whose  d-spacing  is  2.0872.\(8).  However,  there  are  two  reports  on 
shuck  wave  compressed  boron  nitride,  which  is  reported  to  have  the  wurtzite  structure  with 
intense  rellectiotis  in  tlie  same  2^  region.  The  first  type  (9)  w,is  produced  by  compression  of 
graphite  like  boron  nitride  up  to  .'>.'>()  kbar  and  it.s  three  more  intense  peaks,  in  an  order  of 
increasing  intensity  occur  at  20  •10.76'’. 42.72®, 46.29".  These  peaks  correspond  to  (100). 

(ilu2),  and  (101)  reflections,  whose  d  spacings  are  2-2nA,  2.114A,  and  1.959A.  The  second 
type  (lu)  was  produced  by  .shock  wave  compression  derived  from  explosion  of  a  cylindrical 
charge  of  H0-l.3Ug  of  hexugene.  fhe  XKI)  data  from  this  material  were  not  indexed.  The 
nio.sl  intense  peak.s  occur  at  20  1  J, OS".  23.07®, 27.6",  33.3", -10.9®,  43.5®  and  46.4®.  witli  cor- 

respoudirig  d-spacitigs  6.28/\.  3.8.5A,  3.22A,  2.686A,  2.20lA,  2.07A,  and  1.955A.  These  two 
results  suggest  that  boron  nitride  with  the  wurtzite  structure  ran  exist  in  many  polylypo 
forms,  due  probably  to  llie  formation  stacking  faults  parallel  to  the  (0002)  planes  (11). 
The  graphitic  BN  has  its  most  intense  peak  at  20  26.75",  which  corresponds  to  the  (0002) 

reflection  (d  3.328lA)  and  two  much  weaker  peaks  at  20  11.58"  and  43.85®,  which  cor¬ 

respond  to  the  (100)  and  (lOI)  reflections  (12).  Finally,  it  should  also  be  mentioned  that 
elemental  boron  has  one  peak  in  the  same  region.  The  most  intense  XRl)  peaks  of  boron 
occur  at  20  20.87°,  2 1 .8 1",  and  42.74®  and  correspond  to  (003),  (101),  and  (021)  reflections 
of  this  rhonibohedral  slructur'*  (13). 

From  the  evidence  presented  in  Fig.  2,  it  appears  that  the  observed  peak  is  due  either  to 
BN  (ruliic  or  wurlzitic)  or  to  elemental  boron.  However,  the  data  of  Table  I  suggests  that, 


602 


lo  within  a  few  percent,  the  concentration  of  boron  and  nitrogen  is  the  same  and  thus,  it  is 
very  unlikely  that  the  observed  XRD  peak  originated  from  phase  separated  elemental  boron- 
To  differentiate  between  all  of  these  alternative  interpretations  regarding  the  structure  of  the 
film  we  are  currently  studying  the  XRD  in  the  2^-region  smaller  than  25®. 


Ftg  2a.  \HD  pattern 
for  a  BS-film  on  a 
UX’  substrate 
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for  the  DT’  substf'ate 
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I’he  broadness  of  the  peak  at  28  ~  43®  could  be  either  due  to  the  small  size  of  the  crys- 
talliles  or  lo  strain.  The  later  should  also  cause  a  shift  in  the  position  of  the  peak.  From 
Dcbye-Scherrer  analysis  we  find  that  a  crystallite  size  of  about  30A  is  required  to  account 
for  the  width  of  the  line. 

Figs.  3a  and  3b  are  TKM  diffraction  patterns  for  two  BfV  films.  These  data  clearly 
indicate  that  the  films  are  polycrstalline  with  no  indication  of  an  amorphous  component.  A 
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careful  examination  of  the  two  patterns  indicate  that  besides  the  tw'o  main  rings,  pattern 
3b  has  another  diffraction  ring  in  the  perimeter  of  the  direct  beam.  This  ring  is  indexed 
as  the  (0002)  reflection  of  g*BN  whose  d-spacing  is  3.328lA.  Furthermore,  the  ratio  of  the 
radii  of  the  two  outer  rings  is  1.73.  As  discussed  previously  this  indicates  that  this  film  has 
either  the  g-BN  or  the  w-BN  structure.  The  existence  of  the  (0002)  reflection  suggests  that 
a  significant  fraction  of  this  film  has  the  g-BN  structure.  On  the  contrary,  the  diffraction 
pattern  of  Fig.  3a  is  consistent  with  c-BN.  The  (0002)  reflection  is  not  present,  and  the  ratio 
of  the  radii  of  the  two  diffraction  rings  is  1.63. 


o  me 


N  (b) 

Fig.  3.  TEM  diffraction  patterns  from  two  BN-films  (a)  c-BN  (b)  g-BN 

A  typical  surface  murphology  and  a  fractured  cross-section  for  a  BN-film  with  a  cubic 
BN  structure  is  shown  in  Fig.  4.  The  surface  is  smooth  and  featureless  and  the  cross-s'  '.'ion 
shows  no  discernible  columnar  morphology. 


Fig  /  ^>EM  morphology  of  a  c-BN  film 
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C.  Film  hardness  and  stability 

The  microhardness  was  measured  in  a  large  number  of  samples.  A  number  of  them  were 
found  to  have  microhardness  of  between  2500/k^/7nm^  to  3500A:^/mm^.  However,  significant 
degradation  in  the  hardness  has  been  observed  over  a  period  of  several  months  from  the  time 
of  growth.  These  studies  are  in  progress  and  are  going  to  be  the  subject  of  a  future  report. 

D.  .Model  of  growth  of  the  tetrahedrally  coordinated  phases  of  BN  films. 

The  theory  regarding  the  growth  of  c-BN  thin  films  is  reported  in  detail  separately  (14). 
In  this  theory,  the  incorporation  of  vacancies  (B-  or  N-vacancies)  at  the  growth  face  changes 
the  relative  binding  energy  of  cubic-  versus  graphilic-BN  so  that  c-BN  can  nucleate  and 
grow.  ESR  measurements  reported  separately  (15)  indicate  that  the  films  have  a  concentra¬ 
tion  of  N-vancancies  of  about  1%.  The  theory  also  predicts  that  off-stoichiometric  material  is 
generally  unstable  to  phase  separation.  Whether  the  observed  degradation  in  microhardness 
is  the  result  of  such  phase  separation  is  currently  under  study. 

CONCLUSIONS 

BN  films  with  structures  and  mechanical  properties  consistent  with  the  tetrahedrally 
coordinated  phases  (c-BN  and  w-BN)  were  produced  by  reactive  rf  diode  sputtering.  TEM 
studies  indicate  that  the  films  are  polycrystalline  and  XRD  studies  indicate  that  the  films 
arc  either  highly  strained  or  have  a  crystallite  size  of  the  order  of  30A.  SEM  microscopy 
indicates  that  the  films  are  dense  and  featureless.  A  degradation  in  microhardness  over  a 
period  of  several  months  has  been  observed  but  the  origin  of  this  phenomenon  has  not  been 
understood  yet. 
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ABSTRACT 

Defects  in  BN  thin  films,  produced  by  reactive  sputtering,  were  investigated  by  KU*c 
Iron  Paramagnetic  Resonance  (EPR)  measurements.  I'he  EPR  signals  of  films  produceil 
with  up  to  10%  N2  in  the  argon  discharge  are  consistent  with  films  having  a  cubic  structure, 
and  becoming  more  ordered  with  nitrogen  incorporation  in  the  films.  The  conccntrati*>ti 
of  spins  is  in  the  order  of  spins/g  and  they  are  attributed  to  nitrogen  vacancies  with 
an  electron  trapped  in.  Carbon  incorporation  changes  the  EPR  signal  and  increases  the 
concentration  of  spins  significantly.  This  result  is  consistent  with  the  notion  that  carl>on 
duping  stabilizes  the  electron  in  a  nitrogen  vacancy. 

INTRODUCTION 

Boron  nitride  can  exists  in  three  allolropic  forms:  the  cubic-BN  (zincblende  structure), 
the  HCP-BN  (wurtzite  structure)  and  the  graphitic-BN  (graphite  structure  with  different 
stacking  sequence).  The  first  two  phases  are  termodynamically  mctaslable  and  can  l)e 
formed  by  the  high  temperature  and  pressure  methods  |l  .  The  syntesis  of  this  melaslalile 
phases  by  vapor  phase  methods  has  been  the  subject  of  an  intense  interest  over  the  past 
several  year  [2|.  Such  materials  arc  anticipated  to  find  applications  as  hard  coatings, 
in.sulators  and  semiconductors. 

In  any  class  of  materials  defects  play  a  role  in  determining  the  mechanical,  thermal, 
optical  and  electronic  properties.  It  has  been  proposed  recently  that  defects  may  also  play 
a  role  in  the  stabilization  of  diamond  and  cubic  BN  during  the  growth  of  these  materials 
at  low  pressures  and  temperatures  [3,1'  as  well  as  in  the  stabilization  of  the  cubic  phases 
of  these  materials  during  high  pressures  and  temperatures  sintering  !5,6j. 

Defects  in  bulk  graphitic  BN  have  been  investigated  by  EPR  spectroscopy  )5-13.  15- 
19  .  Two  types  of  paramagnetic  center  were  identified  [7,8!.  One  is  due  to  an  unpaired 
electron  interacting  with  a  single  "B  atom  (one  boron  center)  giving  rise  to  a  four  •  line 
EPR  spectrum.  The  other  is  due  to  an  unpaired  electron  interacting  with  three  ’’B  atom.*; 
(three  boron  center)  giving  rise  to  a  ten  line  EPR  spectrum.  The  intensities  of  the  lines  for 
the  three  boron  center  are  in  the  ratio  1:3:6:10:12:12:10:6:3:1.  The  natural  abbundance  (»f 
B  is  80.2  %  and  of  is  19.8  %.  The  heavier  isotope,  which  has  nuclear  spin  1-3/2  and 
nuclear  g  value  gs  -  1.792421,  determines  the  EPR  spectrum  in  BN  of  natural  isotopic 
composition.  Khusidman  and  Neshpor  I9,10j  suggested  that  the  three  boron  centers  were 
nitrogen  vacancies  with  an  electron  trapped  in,  like  F-cenlers  in  alkali  halides.  Romeh 
11  suggested  also  that  the  unpaired  electron  stems  from  oxygen  substituting  nitrogen 
atoms. 

The  role  of  carbon  in  the  .stabilization  of  the  electron  in  the  nitrogen  vacancy  in 
graphitic  boron  nitride  was  pointed  out  by  several  authors  [9,10,12-16].  Moore  and  Singer 
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[12;  concluded  that  interstitial  carbon  is  responsible  for  the  coloring  and  paramagnetism 
in  h-BN  and  that  impurity  atoms  are  at  least  sufficient  if  not  necessary  in  creating  and 
stabilising  particular  defects  in  the  lattice.  The  decrease  in  the  hyperfine  splitting  due 
to  the  presence  of  carbon,  up  to  a  complete  collapse  with  high  carbon  concentration,  for 
the  three  boron  centers  (F-center)  in  h-BN  was  observed  by  Moore  and  Singer  [12  anri 
by  Andrei.  Kalzir  and  Suss  '15',  This  can  be  explained  by  a  decrease  of  the  degree  of 
delocalization  on  the  boron  nuclei  of  the  atoms  in  the  first  coordination  sphere  due  to 
the  presence  of  carbon  near  the  nitn>gen  vacancy.  Theoretical  studies  on  point  defects 
in  graphitic  R\  and  the  particular  problems  of  substitutional  and  interstitial  carbon 
were  presented  by  Zunger  and  Katzir  [l-l;.  Carbon  is  believed  to  play  a  similar  role  in 
the  zincblende  and  wurtzile  boron  nitride  as  suggested  by  Tikhonenko.  Shul’man  and 
Gerasimenko  :18  . 

The  EPR  spectrum  of  a  polycrystal  c*BN  consists  [6,17  and  19  of  a  single  line  wiili  g 
-  2.0023  and  peak  to  peak  linewidth  of  20  G,  more  recently  Zhang  and  Chen  '20  obtained 
a  single  line  with  g  =;  2.0O24S  and  peak  to  peak  linewidth  of  27  G. 

The  wurtzitic  boron  nitride  shows  a  single  resonance  line  at  g  =  2.0043  and  peak  tn 
peak  linewidth  of  22-25  G  f5\ 

In  this  paper  we  report  the  first  EPR  studies  of  defects  in  BN*  and  carbon  doped  BN 
thin  films  grown  by  reactive  sputtering  on  silicon  substrates. 

EXPERIMENTAL  METHODS 

The  BN  films  used  in  this  study  were  produced  by  reactive  sputtering  from  a  hexagonal 
BN  target  in  an  atmosphere  of  argon  and  nitrogen.  The  kinetics  of  growth  of  BN,  as  all 
other  in-\’  compounds,  requires  that  stoichiometric  films  can  only  be  formed  when  tlie 
Hux  of  group  V  element  (.N)  is  higher  than  the  flux  of  group  III  element  (B).  .A  set  of 
films  was  produced  by  varying  the  nitrogen  partial  ptessuie.  In  order  to  mvestigate  the 
role  of  carbon  impurities  in  the  EPR  signals  a  number  of  films  were  also  produced  in  an 
atmosphere  of  argon,  nitrogen  and  methane.  Films  for  this  study  were  grown  on  silicon 
(100)  substrates  and  self  supporting  films  were  obtained  by  disolving  the  substrate  in  a 
solution  containing  HF  and  HNOj.  Details  on  the  growth  conditions  have  been  repotted 
in  the  previous  paper  [21;. 

EPR  measurements  were  carried  out  on  an  X-band  Varian  E9  spectrometer  at  room 
temperature  and  using  a  lOO  KHz  field  modulation.  Different  modulation  amplitudes  were 
used  in  the  atempt  to  resolve  the  hyperfine  structure.  The  g-values  were  evaluated  by 
comparison  with  a  Mn:  SrO  reference.  The  absolute  number  of  spins  in  the  samples  was 
obtained  by  comparison,  under  the  same  experimental  conditions,  with  a  a.  r»'-diphenyl- 
J  picrylhydrazyl  (DPPH)  reference. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  EPR  signai  of  the  target  material,  pyroUtic  graphitic  boron  nitride,  is  shown 
in  figure  1.  The  g  value  of  the  spectrum  is  2.0029  0.0004,  the  hyperfine  interaction 
constant  is  .A  =  8.0  ^  0.5  Gauss  and  the  resolution  parameter  is  ~  0.5,  where 

Sffppy  is  the  peak  to  peak  linewidth  of  a  single  component.  From  the  isotropic  hyperfine 
interaction  constant  A  we  can  evaluate  'v(0)l*  at  the  boron  nuclei  of  atoms  in  the  first 
coordination  sphere  ’23’: 

-  — 5il3?/v.^.viV'(0)i‘  (1) 

w  here  g,  gy  are  the  electronic  and  nuclear  g  values  respectively,  3^  3y  are  the  electronic 
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Figure  1;  F.F*R  spectrum  for  the  pyroUtic  graphitic  BX. 
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Figure  2:  f.F’Fl  sigii-O-)  from  samples  grown  at  different  partial  .Vj  pressure. 


«ind  nuclear  Boh:  magnetons  and  tc(0)  is  the  norualized  wave  function  of  the  F  •  center 
electron.  We  have: 

!v(0)'^  =  (3} 

These  results  are  in  agreement  with  those  reported  earlier 

EPR  studies  were  conducted  on  BN  films  grown  at  different  partial  A';  pressure.  Such 
films  are  expected  to  have  a  variable  concentration  of  nitrogen  vacancies  which  have  a  sig¬ 
nificant  effect  on  the  structure  and  properties  of  the  films  ‘21,221.  More  specifically,  it  was 
found  21  that  films  produced  in  less  than  10%  of  Nj  in  the  sputtering  discharge  have  the 
cubic  structure,  while  those  produced  at  higher  Nj  partial  pressure  are  soft  and  unstable 
upon  exposure  to  the  atmosphere.  The  investigated  samples  and  the  .corresponding  EPR 
results  are  presented  in  Table  I.  The  EPR  signals  for  the  films  produced  in  pure  argon 
and  in  50%  argon  50%  nitrogen  are  presented  in  figure  2. 
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Table  I.  Growth  condition  and  experimental  results  for  different 

The  samples  grown  in  less  than  10%  Xj  show  a  g  value  consistent  with  the  results 
reported  on  the  cubic  phase  of  BN.  At  higher  partial  nitrogen  pressure  the  g  value  is 
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c :  r,s:s*.t;r :  v.;::;  th-:  r?por*.e\i  on  the  graphitic  BN.  The  density  o:  paramign-*..': 

(ief'-ct.:  in  the  i:;vt*<t:gate :  hints  was  found  to  depend  on  the  partial  pressure  of  nitrogen 
a.s  indicated  in  r.gure  3.  The  initiai  decrease  of  the  spin  density  witn  tne  partial  pressure 
of  N:  is  consistent  with  the  notion  that  the  defect  is  a  nitrogen  vacancy.  As  discussed 
in  the  previous  paper  [21]  the  increase  in  the  spin  density  at  higher  partial  pressure  of 
rdtrogen  may  be  related  to  the  structural  traafoiination  front  predominantly  cubic  to 
predominantly  more  defective  graphitic  structure.  The  decrease  of  the  peak  to  peas 
Line’width  with  the  increase  of  the  nitrogen  partial  pressure,  as  shown  in  figure  4,  is 
indicative  that  the  fUm  becomes  more  ordered  with  nitrogen  incorporation.  The  g  value, 
the  peak  to  peak  linewidth  as  w<dl  as  the  lack  of  a  resolved  hypernne  structure  a*e  in 
general  aereement  with  the  results  reported  for  the  cubic  phase  of  BN  ^6,1. *20;. 

As  pre'.dously  pointed  out  carbon  seems  to  play  an  important  role  in  the  stabilization 
and,  or  formation  of  the  paramagnetic  center.  We  invesigated  the  effect  of  carbon  in  BN 
dims  by  varying  the  partial  pressure  of  C in  the  dischaxgc.  The  investigated  sampies 
and  the  corresponding  EPR  results  axe  presented  in  Table  11.  The  EPR  signals  *or  tne 
dims  produced  in  0%  methane  5^  carbon  axe  presented  in  dguie  5. 
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g  v.il  :e  as  furction  of  partial  CH^  pressure. 


N've  obscc%’ed  aa  increase  in  the  g  value,  as  shown  in  fig.  6,  which  can  be  explained 
by  the  higher  spin-orbit  interaction  due  to  the  presence  of  caxbon.  No  hyperfine  splitting 
was  observed,  This  can  be  due  to  disorder  and/or  to  the  mentioned  reduction  of  the 
eiectronic  delocalization  on  B  neighbors.  The  collapse  of  the  hyperfine  splitting  is  then 
thf  result  of  rapid  electron  exchange  between  the  nitrogen  vacancies  and  nearby  carbon 
atom  or  clusters  of  carbon  atoms. 

The  density  of  paramagnetic  centers  increases  as  the  partial  pressure  of  C increases 
as  shown  in  fig.  7.  This  is  in  agreemiCnt  with  the  interpretation  of  the  role  of  carbon  in 
t'.abilyring  the  defects.  The  decrease  of  the  peak  to  peak  Unewidth  as  the  partial  pressure 
•'if  C H4  increases,  shown  in  fig.  S,  can  be  explained  by  the  exchange  narrowing  due  to  the 
increase  of  the  defects  concentration  [24;. 

The  saturation  data  for  all  the  samples  studied  show  partial  inhomogeneous  broadening 
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Figure  7: 
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Figure  Sr  Peak  to  peak  JinewiJth  as  function  of  partial  CH^  pri'Siure. 

related  Ui  disorder  or  unresolved  hyperfine  splitting.  This  also  e.Kplained  the  Eau'-ia:i 
eharacter  of  the  re>otiance  signai.  A  spin-lattice  relaxation  time  'A  seconds  in  the  onler 
of  lu  ^  was  evaluated  ;25  from  the  saturation  data  of  both  sets  of  samples.  The  sample 
grown  at  T'//*  has  a  1\  one  order  of  magnitude  smaller,  which  is  expected  due  to  the 
larger  concentration  of  defects. 

CO.N'CT.USfO.VS 

Defects  in  BN  films,  produced  by  reactive  sputtering  in  an  atmosphere  CM:it.u::i:ig 
A:  •  .\'j  as  well  as  .ArfN:  '■CH4.  were  investigated  by  EPfl  measurements. 

\Ve  found  that  films  produced  with  up  to  10^  NT  in  the  argon  discharge  have  a  single 
line  FPR  signals  with  g  value  and  linewidth  consistent  with  what  has  been  observed  in 
high  pressure  cubic  BN.  We  also  observed  that  the  concentration  of  spin,  which  are  in  the 
order  of  10*^  spins/g,  is  reduced  with  increasing  the  nitrogen  pressure  in  the  discharge 
suggesting  that  the  paramagnetic  center  is  a  nitrogen  vacancy  with  an  electron  trapped 
in.  .Additionally,  a  narrowing  of  the  linewidth  with  increasing  the  nitrogen  pressure  is  an 
indication  that  the  structural  order  of  the  films  improves  with  nitrogen  incorporation. 

Films  produced  at  a  nitrogen  partial  pressure  higher  than  10%  in  the  argon  discharge 
show  an  increase  in  the  spin  density  which  is  inconsistent  with  the  notion  that  nitrogen 
incorporation  reduces  the  number  of  nitrogen  vacancies.  Additionally,  the  g  vaducs  in 
this  films  is  2.0020  which  is  characteristic  of  g-BN.  Thus,  stoiochiocnetric  films,  i.e.  those 
produced  at  high  nitrogen  partial  pressure,  have  the  graphitic  structure,  in  agreement 
with  the  conclusions  of  the  previous  paper  [2T[.  The  higher  spin  density  can  be  accounted 
for  by  the  instability  of  the  graphitic  films  upon  exposure  to  the  atmosphere  '21  . 

Doping  by  carbon  increases  both  the  spin  density  as  well  as  the  g  value  in  agreemment 
with  the  notion  that  carbon  stabilizes  the  electron  in  the  nitrogen  vacancy.  It  is  important 
to  notice  that  even  in  our  films  which  were  not  intentionally  doped  with  carbon  there 
should  be  some  impurities  (i.e.  C,  O)  w'hich  stabilize  the  electron  in  the  nitrogen  vacancy. 

These  findings  are  consistent  with  the  model  that  nitrogen  vacancies  are  required  to 
stabilize  the  cubic  pha.se  of  this  material  i3,4j. 
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ABSTRACT 

Electron  spin  rt*sonanco  (F.SR)  spectrum  have  been  used  to 
study  undoped  cubic  boron  nitride  crystals. The  results  show  that 
the  peak-to-peak  width  of  the  ESR  signal  is  27x10“%  and  the  g- 
vaiue  IS  2.00248,  the  spin  density  N  3  is  2.8x10^^  enr^,  it  is  con¬ 
sidered  that  the  ESR  signal  is  originated  from  the  nitrogen 
dangling  bond.  Raman  spectrum  measurements  have  been  also  carri¬ 
ed  out  .  the  pt'ak  positions  are  at  1054  cm' ^  and  i30b  cm" 


Introduction 


Since  the  r«.'alizat  ion  of  the  synthesis  of  cubic  boron  ;ii- 
tride  tcBN)  crystals  by  Wentorf  (I]  in  1957,  the  development  of 
cBN  crystals  has  pursiuMi  vigorously  in  the  past  few  years. Simi¬ 
lar  to  diamond,  bonding  in  cBN  have  the  covcileni  aspects  which 
j.ito\'ide  d  t et r ahedra  1 -bond i ng  structure--the  cubic  structure  of 
zinc  liLende.  so  this  compound  was  found  to  t»e  chemically  inert, 
thermally  conducting,  electrically  resistive,  and  with  a  hard¬ 
ness  second  only  to  that  of  diamorid,  it  is  an  attractive  mate¬ 
rial  tor  mechdtncdl,  electronic  and  optical  app 1 icat 10ns . 

Th»'  use  of  cBN  in  electronic  devices  designed  to  operate  at 
high  t  empe  rat  ur«.'  is  especially  noticeable,  t  hi.*  high-temperat  ure 
diode  [2]  and  the  u  1 1 rav  10  let  -  I  ight  emiting  diode  (3]  have  been 
dir*.‘ady  reportt^d.  Bui  the  high  defect  density  in  synthetic  cBN 
have  strong  influence  on  the  performance  of  these  devices, 
which  f'bst  ructs  the  widespread  uses  of  this  kind  of  material. 
In  t  his  work,  electron  spin  resonance  (ESR)  and  Raman  spc'ct  ra 
measurem«'nt  s  have  bo*-n  carried  out  to  study  the  defect  and 
m  i<-rost  rucr  ure  in  cftN,  and  the  origination  of  the  d<^fects  has 
I'et'n  t.'xplored. 


Fxper  1  mont  a  1 


cBN  crystals  usi'd  in  this  work  w('re  prepared  by  high-pres- 
suit:,  h  i  cjh- 1  emperat  ure  method,  the  grain  size  was  about  2  mm  x 
1  mm  X  0.5  mm.  Equilibrium  ESR  spectrum  measurements  of  these 
grain.s  hav*.>  b<*<*n  carried  out  by  using  a  BRUKER  EH  200D-SRC 
spf-ct  ramett‘r  in  X-band  at  300  K.  Modulation  field  was  100  KHz, 
the  microwave  power  was  kept  below  2  mW  to  avoid  the  saturation 
of  the  dot<'ct  signals,  the  ctuiter  magnetic  field  was  3492xl0*'*T . 

Raman  spectrum  of  cBN  was  obtained  by  a  SPEX  1403  model 
IhaM.uu  spectrometer.  A  5145  A  line  of  an  Ar  laser  was  used  for 
t  ht'  (.‘xci  t  at  ion ,  the  incid(?nt  power  was  200  mW. 


Res u 1 1 s  and  discussions 

A  typical  ESR  spectrum  of  cBN  is  shown  in  Fig.l.  As  we  can 
see  from  this  figure,  the  lineshapo  of  the  ESR  signal  is  of 
Lorentz  type,  the  g-value  calculated  from  the  ESR  spectrum  is 
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Fig. 2.  Raman  spectrum  of  cBN  crystals. 

-4 

2.00248,  tho  peak-peak  width  ^Hpp  is  27x10  T,the  spin  density 
IS  ^  .  8x  10  ^  ^cm' ^  .  I’hc  calibrating  specimen  for  the  quantitative 
measurements  is  LirFzLi  with  g=  2,00229,  and  ^Hpp  =  O.BxlO"*^!. 
From  the  g-value  wc  deduced  that  the  ESR  signal  of  the  cBN 
originated  from  the  nitrogen  dangling  bond. 
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Shown  in  Fig, 2  is  the  Raman  spectrum  of  the  cBN.  Here  we  can 
see  that, the  Raman  scattering  peak  of  the  TO-mode  is  at  i045.5cm~^ 
and  the  LO-mode  is  at  1306.5  cm"^,  the  peak  intensity  ratio  of 
the  TO-modo  and  LO-mode  is  about  2,  this  result  is  consistent 
with  that  of  Ref. 4.  Fig. 2  also  demonstrates  that  there  is  a  fair¬ 
ly  wide  scattering  band,  this  indicates  that  there  exists  a  cer¬ 
tain  component  of  disordered  phase  in  the  cBN,  which  is  respon¬ 
sible  for  the  high  defect  density  obtained  from  the  ESR  measure¬ 
ments  . 
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ABSTRACT 

The  effect  of  substrate  bias  on  the  properties  of  rf  sputtered  boron  nitride  films  on  Si  and  GaAs 
substrate  were  investigated.  IR  transmission  and  reflectivity  of  films  with  different  substrate  bias 
were  measured  with  Perkin  Elmer  983  IR  spectroscopy.  From  the  IR  reflectivity  data,  transverse 
optical  niode(TO)  and  longitudinal  optical  mode(L01  frequencies  were  derived  by  fitting  Kramcr- 
Kronig  model.  Absorption  coefficient  was  determined  from  IR  transmission  data.  The  resultant  TO 
and  LO  modes  showed  that  substrate  bias  caused  broadening  of  reststrahlen  band  of  rf  sputtered 
boron  nitride.  We  also  tried  to  dope  boron  nitride  films  with  silicon  by  alternate  sputtering  of  BN 
and  Si  targets  controlling  sputtering  time  of  each  target  followed  by  annealing.  Electrical  resistivity 
was  measured  over  the  temperature  range  between  175  K  to  370  K  for  both  intrinsic  and  Si-doped 
boron  nitride  films.  Intrinsic  rf  sputtered  boron  nitride  showed  bltle  change  in  resisti.ily  (10*  U 
cm  •  10’*  fl  cm  )  over  the  temperature  range  studied.  While  SI  doped  BN  showed  linear  change  in 
resistivity  with  increasing  temperature  and  its  activation  energy  was  about  0  22  eV.  The  effect  of 
substrate  bias  was  also  investigated  by  monitoring  th  *  XPS  core  level  spectra  of  both  P  !  ’  N 

Is  peaks,  respectively.  Substrate  bias  caused  the  shift  of  both  B  Is  and  N  )s  peak  to  h’^^ucr  bnd’f'g 
energy  1  lie  effect  of  substrate  bias  on  refractive  iiiocx  was  also  studied. 

1.  INTRODUCTION 

Boron  nitride  has  many  useful  properties  BN  can  be  prepared  several  ways,  such  as  8putlering|l  - 
2).  chemical  vapor  deposilion(3],  ion  plaling[4j.  etc.  Espe^  ally  in  the  sputtered  BN  films,  substrate 
bias  has  been  known  to  affect  the  phase  of  sputtered  BN.  Some  authon-j-lj  re|*,^.,cd  that 
substrate  bias  is  solely  responsible  for  the  formatbo  of  cubic  phase  BN  while  Seidel  et  al|2]’  data 
showed  slight  broadening  of  IR  band  on  increasing  bias.  However  not  much  study  has  been  done  on 
the  effect  of  substrate  bias  on  the  optical  properties  of  sputtered  BN  films.  Therefore  we  studied  the 
effect  of  substrate  bias  on  the  optical  properties  of  rf  sputtered  BN  films  by  monitoring  reststrahlen 
band  characteristics  of  films  prepared  with  various  substrate  bias  voltage.  TO  and  LO  modes  of 
resultant  films  were  calculated  by  Kramer-Kronig  model[5j  from  IR  reflectivity  data.  In  addition. 
XPS  spectra  of  B  Is  and  N  Is  was  also  taken  to  see  how  the  substrate  bias  effect  the  chemical 
bonding  of  sputtered  B.N.  Another  important  aspect  in  the  study  of  BN  film  lies  in  the  electrical 
doping.  Here  we  attempted  to  dope  BN  with  Si  by  alternate  sputtering  of  BN  and  Si.  Electrical 
resistivity  was  measured  over  the  temperature  range  for  both  intrinsic  and  Si-doped  BN  films. 

2.  EXPERIMENTAL  DETAILS 

Boron  nitride  films  were  sputtered  from  B.N  target(99.99%)  by  MRS  8667  three  target  sequential 
rf  sputtering  unit.  Most  of  films  were  were  deposited  in  Ar/Ni  mixture.  Films  were  deposited  with 
a  rf  power  of  250  W  both  at  room  temperature  and  at  200‘’C.  Substrates  were  sputter  etched  for 
30  minutes  at  200VV  just  prior  to  deposition.  The  partial  pressure  of  nitrogen  was  kept  at  4.0mT 
-  5.0  mT  to  make  near- stoichiometric  BN  films  as  indicated  by  our  earlier  experiments.  The  total 
pressure  of  Ar/Nj  mixture  was  kept  fixed  at  8  mTorr  for  ail  depositions.  Substrate  bias  between 
100  V  to  0  V'  was  applied  during  sputtering-  Deposition  rate  of  boron  nitride  films  varied  from 
19  to  28/4/min  with  substrate  bias  voltage.  For  doping  with  Si,  Si  was  deposited  at  a  power  of 
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Bias  voItage(V) 

Refractive  index 

0.0 

2.0 

-20.0 

1.9 

-50.0 

1.6 

•100.0 

1.67 

Tab]«  1:  Refractive  index  vs.  bias  voitage. 
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Figure  1;  The  effect  of  substrate  bias  on  IR  transnussioD  of  BN  films 

100  W  in  the  same  environment  used  to  deposit  boron  nitride.  After  Si-doped  BN  was  annealed 
at  SOO^C  for  30  minutes  in  Nj  atmosphere.  X-ray  pbotoelectron  spectroscopy  was  carried  out  by 
Physical  Electronics  PHI  5500  multitechnique  surface  analyzer.  The  lest  chamber  was  pumped  by 
a  sputter  ion  pump  with  auxiliary  titanium  sublimation  pump  and  the  base  vacuum  was  about  7 
X  10"*^  Torr.  All  the  measurements  were  done  in  the  vacuum  better  than  2  x  10"*  Torr.  Mg  Ko 
radiation  of  1253.6  eV  was  used  as  the  excitation  source.  Analyzer  energy  was  71.55  eV.  To  avoid 
the  shift  of  peak  by  static  charging,  all  peaks  were  referenced  to  Is  peak  of  adventitious  carbon  at 
284.6  eV\  measured  at  an  accuracy  of  O.l  eV.  Infrared  transmission  and  reflectance  was  studied  over 
the  wavenumber  of  4000cm"*  -  600cm"*  by  a  Perkin  Elmer  983  double  beam  IR  spectrophotometer. 
Refractive  index  was  measured  by  ellipsomeler  at  a  wavelength  of  6328^.  Electrical  resistivity  was 
measured  by  four  point  probe  method  using  two  Kiethley  616  electrometer  at  room  temperature. 
The  change  in  resistivity  with  temperature  increase  was  monitored  by  conventional  two  point  probe. 
Two  aluminum  contacts  separated  by  the  distance  of  I.O  mm  were  deposited  on  BN  films  on  AljOi 
substrates  by  rf  sputtering. 

3.  RESULTS  AND  DISCUSSION 

The  effect  of  substrate  bias  on  refractive  index  of  BN  film  is  shown  in  Table  1.  Substrate  bias 
seems  to  reduce  refractive  index. 

Figure  1  shows  IR  transmission  curves  of  BN  film.s  deposited  with  different  bias.  For  ail  the 
films,  two  absorption  peaks  characteristic  to  hexagonal  boron  nitride  are  found  at  1378  cm"*  and  780 
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Figure  2:  The  effect  of  substrate  biM  on  absorption  cocffident  of  BN  films  deposited  n) 

Si  b)  GaAS  substrates 

cm'’^  which  is  due  to  B~N  stretching  and  B-N-B  bending.  Films  sputtered  with  -20V  bias,  showed 
two  additional  peaks  at  3400  and  around  2500  jm'*  which  Udcs  io  the  films  deposited  with 
higher  bias.  These  peaks  are  thought  to  be  due  to  N-H  stretching  and  B-H  stretching(6].  Seidel  et 
a][2]  reported  similar  results.  Therefore  it  is  possible  to  aay  that  substrate  bias  reduces  the  amount 
of  hydrogen  in  the  films.  However,  we  could  not  see  any  shift  in  both  1378  and  780  cm**  with  the 
change  of  the  substrate  bias 

The  effect  of  bias  on  the  absorption  coefficient  is  shown  in  figure  2.  For  BN  films  deposited  both 
on  Si  and  GaAs  substrates,  the  absorption  coefficient  decreases  with  the  increase  of  substrate  bias. 
In  order  to  find  out  TO  and  LO  modes  of  the  films,  IR  reflectivity  data  was  fitted  using  Kramer- 
Kronig  relatioo.  Figure  3  exhibits  good  agreement  between  measured  reflectivity  and  fitted  data 
by  Kamer-Kronig  relatioo  for  films  deposited  without  bias.  Figure  4  shows  the  effect  of  bias  on  the 
refractive  index  calculated  by  Kramer-Kronig  rdaiton. 

Table  2  lists  TO  and  LO  modes  of  biased  and  unbiased  films.  LO  and  TO  modes  were  obtained 
from  the  minima  and  maxima  of  modulus  of  the  didectric  constant.  As  shown  io  table  2,  there  is 
DO  shift  io  the  position  of  TO  mode  with  substrate  bias.  This  corroborates  the  fact  that  there  is  no 
shift  io  1380  cm**  in  IR  transmission.  Contrary  to  TO  mode,  LO  mode  showed  a  shift  to  higher 
energy  with  substrate  bias,  thereby  causing  broadening  of  the  reststrahleo  band.  Based  on  the  IR 
data  we  assume  that  our  BN  film  is  amorphous  or  DasocrystaUine  hexagonal.  However,  we  have 
not  seen  appreciable  change  in  the  structure  of  filrrts  except  broadening  of  IR  band  with  substrate 
bias.  Gissier  et  41(8]  reported  similar  results  for  BN  films  by  magnetron  sputtering. 

The  effect  of  su^trate  heating  was  also  studied.  AHhough  substrate  beating  seems  to  increase 
the  deposition  rate,  it  has  little  effect  on  optical  properties.  Figure  5  shows  the  effect  of  beating  on 
the  absorption  coefficient. 

Figure  6  shows  XPS  survey  spectra  of  BN  films  deposited  with  -50  V  substrate  bias.  Figure  7 
shows  the  effect  of  substrate  bias  on  XPS  core  level  spectra  of  B  Is  and  N  Is.  Substrate  bias  caused 
the  shift  of  both  B  Is  and  N  Is  peak  to  higher  binding  energy. 

BN  is  a  wide  bardgap  semiconductor  and  it  is  very  important  to  be  able  to  control  its  electrical 
properties.  We  tried  to  dope  BN  films  with  silicon  by  alternate  sputtering  of  BN  and  Si  targets. 
Resistivity  of  intrinsic  BN  films  is  in  the  range  of  (10*  0  cm  -  10**  0  cm  at  room  temperature. 
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Figure  3:  Meuured  and  fitted  IR  refieetance  of  BN  films  prepared  with  no  bias. 
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Figure  4.  The  effect  of  substrate  bias 
00  refractive  index  of  BN  films  on  Si. 
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Figure  5.  The  effect  of  substrate  beating 
on  absorption  coefficients  of  BN  films. 


Films _ LO  mode  TO  mode 


Undoped,  unbiased  1728  cm'*  1378  cm'’ 
Undoped,  biased  174;  cm'*  1378  cm'’ 


Table  2:  LO  and  TO  modm  of  BN  films. 
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riflin'  fi'  XPS  .survoy  spectra  of  BN  films  deposited  with  -50V  substrate  bias 
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Figure  7:  The  shift  of  XPS  peaks  of  a)  B  Is  b)  N  Is  for  different  substrate  bias. 
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Figure  8;  Conductivity  as  a  function  of  temperature  a)mtrinsic  b)  Si  doped  BN  film. 
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The  ronductivity  of  intrinsic  BN  films  as  a  function  of  temperature  deposited  with  -50V  substrate 
bias  is  shown  figure  8  a).  There  is  little  change  in  the  conductivity  over  the  temperature  range 
studied.  The  conductivity  of  Si-doped  BN  film  sputtered  under  the  same  condition  is  shown  as  a 
function  of  temperature  in  figure  $  b).  It  shows  linear  increase  in  the  conductivity  with  the  increase 
in  temperature,  which  proves  that  the  film  is  doped.  Activation  of  Si-doped  BN  films  was  about 
0  22  eV.  Mishima[7)  reported  similar  results  for  Si-doped  n  type  BN  films.  Detailed  discussion  of 
Si-doped  BN  films  will  be  published  elsewhere. 

4.  CONCLUSIONS 

The  effects  of  substrate  bias  on  the  propertiers  of  rf  sputtered  BN  film  has  been  investigated 
for  both  undoped  and  Si-doped  BN.  Reststrahlen  band  was  calculated  using  Kramer-Kronig  model 
from  IR  reflectivity  data.  Substrate  bias  is  seen  to  cause  broadening  of  reststrahlen  band  of  rf 
sputtered  BN  It  is  also  shown  that  doping  of  BN  Si  can  be  achieved  by  alternate  sputtering  of  BN 
and  Si.  Linear  increase  in  the  conductivity  of  Si  doped  film  with  temperature  increase  showed  that 
film  is  doped.  Its  activation  energy  was  about  0.22  eV. 
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ABSTRACT 


The  submillimeter  optical  properties  of  hot-inessed  boron  nitride  with  a  hexagonal  crystal 
structure  were  studied  at  room  temperature  from  approximately  20  cm  '  to  120  cm  '  (SOOpm  - 
84  pm)  with  a  Fourier  Transform  Spectrometer,  ^veral  grades  were  studied  and  probed  both 
parallel  and  perpendicular  to  the  material's  optic  axis.  The  material  was  found  to  behave  as  a 
negatively  uniaxial  birefringent  crystal.  In  one  case,  the  birefringence  (An  =  -  n,,)  was  quite 

large  with  a  value  of  -0.152.  The  material's  absorption  properties  were  also  studied.  For 
certain  grades,  a  modest  dichroism  was  observed.  The  low  absorption  (a  <  1  cm  ')  for  grade  A 
at  frequencies  below  38  cm  '  suggests  the  possibility  for  millimeter/submillimeter  wave 
applications.  Results  ate  compared  with  data  by  other  researchers  on  related  materials. 


INTRODUCTION 


Boron  nitride  (BN)  has  received  considerable  attention  within  the  last  few  years  due  to  its 
favorable  mechanical,  electrical,  optical  and  chemical  properties  over  a  wide  range  of 
temperatures.  BN  crystallizes  in  two  forms;  cubic  (zinc  blende)  and  hexagonal  structures.  BN 
films  grown  by  processes  such  as  CVD  and  sputtering  have  the  cubic  ciystal  structure  (similar 
ID  that  of  GaAs).  This  material  is  used  in  applications  such  as  transmitting  substrates  for  X-ray 
lithography  masks,  high  quality  insulating  Films  for  metal-insulator-superconductor  (MIS) 
structures,  and  coatings  to  increase  the  hardness  of  materials.'  The  material  used  in  this  study 
was  hot-pressed  BN  where  the  raw  material  is  subjected  to  a  high  uniaxial  compressive  force  at 
an  elevated  temperature.  This  results  in  an  orderly  arrangement  of  the  boron  and  nitrogen  atoms 
(a  structure  similar  to  that  of  graphite,  see  Figure  I).  B^n  nitride  has  previously  been  studied 
in  the  ultraviolet,  optical,  infrared,  and  microwave  frequencies.^'^-*  Its  low  absorption 
coefficient  in  the  microwave  has  made  BN  a  candidate  for  window  material  for  gyrotrons,  free 
electron  lasers  and  reentry  vehicle  communication  systems.*'’  This  paper  repons  the  optical 
properties  of  hexagonal  BN  (/i-BN)  in  the  submillimeter  region  of  the  spectrum. 

A  material  with  a  hexagonal  crystal  structure  is  known  to  be  optically  anisotropic  with  a 
single  optic  axis  coinciding  with  the  axis  of  crystal  symmetry.*  In  this  case,  the  dielectric- 
constant  e  is  a  3x3  tensor.  The  dielectric  tensor  can  be  shown  to  be  symmetric^  and  the  nine 
components  reduce  to  six  where  E,j  =  E,i  for  j  *  i.  Furthermore,  there  exists  an  orientation  of  the 
canesian  coordinate  system  where  its  axes  are  alined  with  the  material's  preferred  axes  (i.e.  in 
the  hexagonal  case,  one  of  the  cartesian  axes  alined  with  the  optic  axis),  lliis  coordinate  system 
is  referred  to  as  the  principal  set  of  axes  and  the  six  components  of  E  will  reduce  to  three  (e,,  Ey, 
E,)  where  the  off  axis  elements  arc  zero. 


'Materials  with  a  letragonal.  trigonal  or  hexagonal  crystal  s&ruclure  have  ■  lingle  opiic  axis  and  are  said  to  be  uniaxial. 
Orthorhombic,  monoclinic  and  triclinic  systems  have  two  optic  axes  and  are  said  to  be  biaxial.  The  remuning 
crystaliographic  system,  cubic,  is  optically  isotropic.^ 
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With  the  cartesian  coordinate  system  alined  along  the  materials's  preferred  axes  as  in 
Figure  1.  Ey  will  equal  Ej,  due  to  the  degree  of  symmetry  inherent  in  the  hexagonal  crystal 
structure.  In  this  case,  the  x  axis  is  the  axis  of  symmetry  (the  optic  axis)  and  the  planes  of 
atoms  are  in  the  y-z  plane.  This  leaves  the  dielectric  constant  (or  equivalently  the  complex 
refractive  index,  n  -  ik)  to  be  determined  for  just  nvo  cases;  (1)  the  electric  field  parallel  to  the  x 
axis  and  (2)  the  electric  field  in  the  y-z  plane. 

Hot  pressed  hexagonal  boron  nitride  was  obtained  in  four  grades  (A,  HP,  M,  M26)  from 
The  Carborundum  Co.  in  Niagara  Fall,  NY.  Two  samples  per  gr^  were  provided;  one  whose 
flat  surface  was  parallel  to  the  crystal  planes  and  one  whose  flat  surface  was  perpendicular  to  the 
crystal  planes.  With  a  controlled  incident  linear  state  of  polarization,  the  response  of  both 
parallel  and  perpendicular  directions  to  the  optic  axis  could  be  probed. 


Figure  I 


planes  of  atoms 


Oricnttition  t)f  the  cartesian  cooridinale  system  to  coincide  with  the  material's 
preferred  axis  and  the  amingcment  of  planes  of  atoms 


KXI’FRIMFNTM. 


The  optic  axis  of  the  parallel  cut  samples  is  obviously  normal  to  the  sample  surface.  For 
nonnally  incident  radiation,  these  disks  were  expected  to  behave  as  optically  isotropic  materials. 
The  optic  axis  of  the  perpendicular  cut  samples  lay  somewhere  along  a  diameter  and  had  to  be 
ItK-ated.  This  direction  was  determined  in  the  following  manner.  5 1 3pm  radiation  from  a  CO; 
optically  pumped  submillimeter  laser  was  propagated  through  a  pair  of  wiregrid  polarizers,  the 
wires  oriented  orthogonally  with  respect  to  one  another.  The  BN  sample,  mounted  in  a 
computer  contr<>lled  rotation  stage,  was  situated  between  the  two  wiregrids  as  shown  in  Figure 


WGl  WG2 


Figure  2  Experiment  to  determine  the  location  of  the  optic  axis  on 
the  perpendicular  cut  samples 


Ihe  laser  radiation,  linearly  polarized  by  WGl.  was  incident  on  the  BN  which  was  rotated  while 
the  detector  collected  intensity  data.  In  general,  the  birefringent  properties  of  the  perpendicular 
cut  BN  depolarized  the  incident  linear  state  of  polarization  and  WG2  passed  a  portion  of  this  to 
the  detector.  I  lowcver,  when  the  optic  axis  of  the  BN  crystal  was  parallel  or  perpendicular  to 
the  wires  of  WG 1 .  the  linear  state  incident  on  the  BN  remained  polarized  since  this  state  probed 
only  or  Ey,  not  a  combination  of  both.  For  these  orientations  (obviously  four  orientations  per 
sample)  WG2  refiected  all  radiation  incident  upon  it  and  the  intensity  at  the  detector  was  zero. 
This  prrKcdtire  allowed  for  the  determination  of  the  two  orthogonal  axes  in  the  plane  of  each 
|ierpendicul;u- cut  sample  to  within  two  degrees. 
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In  order  to  distinguish  the  optic  axis,  a  Fourier  Transform  Spectrometer  was  employed 
from  18  cm  '  to  118  cm-i.  Our  instrument  has  been  optimized  for  long  wavelength  data 
collection  by  using  a  liquid  helium  cooled  silicon  bolometer  with  a  cooled  low-pass  filter  as  the 
detector.  Data  was  collected  with  a  resolution  of  0.1  cm  '.  A  pair  of  wiregrid  polarizers 
configured  with  their  wires  parallel  were  positioned  in  front  of  the  BN  to  insure  a  well  defined 
linear  state  incident  on  the  material.  Twelve  spectra  were  collected  in  total.  The  first  four  were 
grades  A,  HP.  M  and  M26  in  the  parallel  orientation.  The  remaining  eight  were  the  four  grades 
w  ith  the  optic  axis  parallel  and  perpendicular  to  the  incident  linearly  polarized  radiation.  The 
transmission  spectra  for  grades  A  and  M26  in  the  pcipendicular  orientation  are  shown  in  Figure 


18  as  "58  78  '"sa  118 


frequency  cm-i 


Figure  3a 

Grade  A  (exiraordmary  axis) 


Figure  3b 

Grade  A  (ordinary  axis) 


Figure  3c 

Grade  U26  (extraordinary  axis) 


Figure  3d 

Grade  M26  (ordinary  axis) 


Spectra  for  grades  HP  and  M  in  the  perpendicular  orientation  are  similar  to  (but  not  identical)  to 
the  M26  spectra  and  are  not  shown.  The  spectra  of  the  parallel  cut  samples  are  not  shown  as 
they  were  nearly  identical  to  one  of  the  two  perpendicular  cut  samples  (as  expected)  and  were 
useful  only  in  deiemiining  which  axis  was  the  extraordinary  (optic)  axis  and  which  one  was  the 
ordinary  axis.  Grade  A  is  interesting  because  of  its  lower  loss  and  M26  is  interesting  because  of 
its  dichroic  behavior.  Both  of  these  ptiims  will  be  relumed  to  later  in  the  Results  and  Discussion 
section. 


IX-rivalion  of  the  Oniical  Properties 


The  material's  refractive  index  n.  and  absorption  coefficient  a,  were  both  determined 
from  the  transmissivity  data.  Characteristic  of  all  of  the  spectra  is  the  rapid  oscillation  which  is 
caused  by  the  interference  between  the  front  and  back  surfaces  of  the  sample  (channel  spectra). 
A  transmission  maxima  occurs  when  an  integral  number  of  wavelengths  within  the  material 
equals  twice  the  thickness; 
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m  X„  =  2t, 

where  X„  equals  X/n  and  m  =  0,  1,2,  3,...  or  written  another  way:  n  =  where  v  is  the 

frequency  in  cm  The  thickness  of  the  samples  were  measured  with  an  uncertainty  of 
±0.(HX)1"  (±3|am).  With  the  order  number  and  location  in  frequency  of  each  of  the  maxima 
determined,  a  value  of  n  could  then  be  associated  with  each  peak  of  the  spectra.  Values  of  n  for 
the  extraordinary  (optic)  axis  and  perpendicular  to  it  (ordinary  axis)  are  given  in  Figure  4  and  arc 
labelled  nc  and  no  respectively.  The  uncertainty  in  n  is  ±  0.006  and  is  due  primarily  to  the 
uncertainty  in  the  material's  thickness  (5l/t  =  0.003). 


Real  pan  of  ihc  Refractive  Intle*  for 
Graiie  A  Boron  NiiriiJc 
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Figure  4a 
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Rea)  Pin  of  the  Refractive  Index  for 
Grade  M26  Boron  Nitride 
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Figure  4d 


Calculation  of  the  material’s  absorption  coefficient,  a,  as  a  function  of  frequency  was 
performed  in  the  following  way.  First  realize  that  the  transmissivity  T  through  a  homogeneous 
etalon  of  uniform  thickness  is  a  function  of  the  complex  refractive  index,  thickness  and  the 
wavelength; 

Tc.pi  =  fll-  <•  ^)- 

I  or  each  peak  in  the  spectra,  n,  t,  A.  and  arc  known.  This  leaves  the  a  single  unknown, 
k,  to  be  dcieniiined  (a  =  47tkA).  A  value  of  k  at  a  given  peak  is  found  by  increasing  k  from  0 
until  a  modelled  value  of  the  transmissivity  (Tmtxjei)  using  the  appropriate  n,  t  and  X,  matches 
the  experimental  value.  Values  of  the  absorption  coefficient  a  are  given  for  the  four  grades  in 
l-igure  5. 
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Absorption  cocilictcni  furCiratic  A 


Figure  5a 


Abaotptton  coefncieni  for  Grade  IIP 
Boron  Nitride 


Absorption  ciK'fnuiMH  for  (»ri«Ic  M 
H>mwi  Nitmle 


Absorption  coefficient  for  Grade  M26 
Boron  Nitride 


(  igiire  5c  Figure  5d 

Ttic  uncertainly  in  a  is  difficult  to  calculate  because  it  cannot  be  solved  analytically  in  terms  of 
Tcvpi,  n,  X,  and  t.  However,  since  the  major  source  of  error  in  a  is  the  uncertainty  in  Tc,p,,  5a 
can  be  estimated  in  the  following  manner.  The  accuracy  of  the  transmissivity  data  is  S  0.02. 
After  a  value  of  k  is  found  at  a  panicular  peak  that  reproduces  the  data,  it  is  then  varied  again 
(either  higher  or  lower)  unlit  jT^odd  -  Tc,|„|  >  0.02.  This  value  of  k  is  called  kerror  and  an 

estimate  in  the  uncertainty  in  k  is  given  by|k  -  kcn„,|.  The  corresponding  uncertainty  in  a  is 
indicated  by  the  error  bars  on  two  data  points  in  each  of  the  plots.  Two  bars  are  given  to 
indicate  any  slow  chtinges  in  the  uncertainty  with  frequency. 


RESULTS  AM)  Dl.SCU.SSION 


The  birefringence  was  found  to  be  roughly  constant  in  this  frequency  range  for  all  of  the 
grades.  Values  of  An  were  -0. 10«,  -0.09S,  -0.065,  and  -0, 152  for  grades  A,  HP,  M  and  M26 
respectively.  Optical  properties  of  related  ceramics  also  show  a  strong  birefringence. 
Aluminum  Oxide  has  a  rhombohcdral  crystal  structure  and  is  therefore  a  uniaxial  material.  An 
has  been  measured  by  Ref.  8  to  be  0.36  at  l(K)  cm  '.  Beryllium  Oxide  with  a  hexagonal  crystal 
structure  was  found  to  have  a  birefringence’  of  0.144  at  100  cm’'.  One  difference  between 
these  maleriiils  and  /i-BN  is  that  fi-BN  exhibits  a  negative  birefringence. 
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All  grades  of  BN  studied  were  found  to  exhibit  dichroic  behavior  to  some  degree  as  can 
be  seen  in  Figure  5.  In  grades  A,  M,  and  M26,  the  dichroism  (Ao  =  tte  -  oto)  is  seen  to  be 
frequency  dependent  with  increasing  values  towards  shorter  wavelengths.  Grade  HP  is  the  only 
exception  with  Aa  barely  larger  than  the  uncertainty  at  the  longest  wavelengths  studied.  In  all 
cases  the  absorption  measured  for  the  electric  field  parallel  to  the  optic  axis  was  found  to  be 
greater  than  the  absorption  for  the  electric  field  perpendicular  to  the  optic  axis  and  so  the 
dichroism  is  said  to  be  positive. 

For  low  loss  applications  in  the  submillimeter,  grade  A  possesses  the  most  desirable 
properties.  Its  refractive  index  remains  roughly  constant  over  the  frequency  range  studied  and  it 
exhibits  the  least  absorption  of  the  four  grades  studied  (a=  1  cm  '  at  frequencies  <  38  cm  '). 


CONCLUSION 


Hexagonal  Boron  Nitride,  a  wide  bandgap  semiconductor,  has  received  recent  attention 
in  the  millinieter/submillimeter  spectral  region  due  to  its  many  desirable  properties.  Several 
grades  of  h-BN  were  obtained  from  Tbe  Carborundum  Company  and  their  room  temperature 
optical  properties  were  studied  from  18  cm  '  -  1 18  cm  '.  The  refractive  index  n  and  absorption 
eiK'fficient  a  were  determined  in  the  subinillimeter  The  material  was  found  to  possess  a 
measurable  birefringence,  and  in  some  cases,  exhibited  a  slight  dichroic  behavior.  For  low  loss 
applications  in  the  submillimeter,  grade  A  appears  to  be  the  most  desirable  with  the  lowest 
abstrrption  ctxTficieni  of  the  grades  studied. 
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ABSTRACT 

This  paper  describes  the  therioelectric  properties  of  aaorphous  or 
polycrystalline  boron  and  boron  phosphide  fills  prepared  using  cheiical 
<  vapor  deposition  and  lolecular  beai  deposition.  The  teiperature  dependencies 

of  electrical  conductivity  of  a-B  and  distorted  Bi3Pj  fills  obey  the  Mott’s 
rule  of  logo  vs  T"'^*,  vhile  those  of  polycrystalline  BP  fills  have  linear 
relationship  between  logo  vs  T"'.  The  a-B  and  BuPj  fills  have  high 
electric  resistivity  and  show  p-type  conductors  while  BP  fill  shows  n-type 
conductor.  The  estiiated  therioelectric  figure  of  lerit  of  boron  phosphide 
fill  is  coipatible  to  that  of  sintered  speciien,  but  there  reiains  sole 
probleis  for  a-B  to  alter. 

I. INTRODUCTION 

Boron-based  seiiconductors  are  refractory  seiiconductors  and  are  divided 
into  two  categories,  i.e.,  boron  rich  seiiconductors  derived  froi  four 
crystalline  boron  lodifications  and  DI-V  coipound  seiiconductors  of  BP  and 
BAs.  One  of  their  coiion  characteristics  is  high  therioelectric  power,  which 
is  proiising  for  high  teiperature  therioelectric  devices.  The  foriation  of 
p-n  junction  is  required  for  therioelectric  device,  but  there  exist 
sole  probleis. 

The  undoped  boron  shows  p-type  conductor  and  it  is  very  difficult  to 
prepare  n-type  boron  rich  seiiconductors  by  doping  [1,2,3].  As  for  boron 
phosphide,  its  single  crystalline  wafer  has  high  therioelectric  power[4],but 
the  therial  conductivity  is  also  bigh[5,6]  which  reduces  therioelectric 
,  figure  of  lerit  of  Ixl0'®/K[7].  Then  BP  single  crystalline  wafer  is  not 

applicable  to  therioelectric  device.  The  therial  conductivity  of  BP  sintered 
polycrystal [8]  is  sialler  than  that  of  single  crystslline  wafer,  which  would 
expect  to  increase  the  figure  of  lerit.  However  therioelectric  power  of  BP 
sinterd  speciien  depends  on  the  purity  of  starting  powder[7].  ke  have 
obtained  high  therioelectric  power  and  high  figure  of  lerit  using  high 
purity  BP  powder  prepared  by  hydroisostatic  pressnig[7].  In  this  case  it  is 
very  difficult  to  obtain  n-type  BP  sintered  speciien. 

Then  we  have  chosen  boron  fill  for  p-type  laterial  and  BP  polycrystalline 
fill  for  n-type  laterial  as  a  first  step  to  integrate  the  therioelectric 
device. 

The  present  paper  describes  such  therioelectric  properties  as  electric 
conductivity  and  therioelectric  power  of  boron  and  boron  phosphide 
aiorphous  or  polycrystalline  files  by  lolecular  beai  lethod  and  by 
i  cheiical  vapor  deposition. 
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2.Exp«riMntal  Procadure 


2.1  The  preparation  of  thin  filas 

The  BP  thii  filas  acre  prepared  on  sapphire  substrate  by  theraal  decoa- 
position  of  a  BiHt-PHs  aiature  in  hydroten  ataosphere[4] .  BP  fila  «as 
aade  at  gas  floa  rates  of  20  ,  500  and  2500  cc/ain,  for  BiHtdX  in  Hj), 
PHslOX  in  Hi)  and  Hi,  respectively,  in  the  teaperature  of  800X),  900X:  and 
1000X1  at  a  deposition  tine  of  l.Shr.  X-ray  diffraction  pattern  of  the 
file  {roan  at  800X1  contains  a-B  phase,  ahile  others  shoa  BP  sincle  phase 
aith  the  lattice  constant  of  a. =4. 54  k.  The  boron  thin  filas  aere 
prepared  by  aolecular  beaa  evaporation  aethod.  The  scheaatic  diagran  of 
apparatuslEiko  Entineering,  EV-10)  is  shoan  in  Pit.l. 


Fit.l  Scheaatic  illustration  of  aolecular  bean  deposition  of  boron  and 
boron  pnictide  filas. 

The  vacuun  chanber  aas  evacuated  by  titaniua  subliaation  puap  and  an  oil 
diffusion  puap  systens,  and  the  ultiaate  pressure  aas  lxl0~’  Torr.  The 
sapphire  substrate  aas  fixed  on  sheet  heater  and  aas  heated  up  to  800X1. 
After  the  substrate  aas  cleaned  at  800X1  for  Ihr  in  vacuua  of  lxl0~'Torr, 
boron  aas  evaporated  by  an  electron  tun  in  the  vacuua  of  Ixl0"’~lxl0*' 
Torr  aith  an  incident  frequency  of  l.50xl0“ca”’  s'*. 

Boron  rod  used  in  the  experiaent  aas  prepared  by  zone  aelting  process 
using  halogen-luap  iaage  furnace.  The  analysis  of  iapurities  of  boron  rod 
is  shoan  in  Table  1. 


Table  1  lapurity  analysis  of  boron  rod  used  in  the  experiaent(ppa) 


riT 

A1 

Si 

Ca 

Cr 

>*«  1 

Hi 

Cu 

Cd  Sn 

<1 

<0.1 

40 

20 

O.O 

<0.1 

<0.1 

?o  1 

3 

0.1 

0.2  <0.5 

These  iapurities  except  for  Pe  acre  lost  during  vacuua  evaporation 
process,  ahich  is  confiraed  by  ICP-HS  aethod.  Then  the  obtained  file  is 
high  purity.  RHEED  pattern  of  boron  fila  indicates  distorted  crystalline 
pattern  but  that  of  X-ray  diffraction  shoss  aaorphous. 

Boron  evaporated  by  an  electron  bean  gun  and  Pi  aolecular  flux  by 
cracking  of  PHi(20X  in  hydrogen)  aere  supplied  siaultaneously  on  the 
substrate  as  shoan  in  Pig.l,  and  boron  phosphide  fila  aas  deposit^  on  the 


sapphire  substrate  at  800'C.  The  deposition  uas  perforied  with  the  PHb  fioH 
rate  of  ~1.0cc/«in  under  the  vacuua  of  '-5*10'’Torr,  iihich  is  upper  Unit 
of  the  operation  of  electron  bean  (un.  The  coaposition  of  files  deterained 
using  an  electron  probe  aicroanalyser  shows  near  the  coaposition, BioPa 
phase[9]  being  consistent  with  X-ray  diffraction  pattern.  However, the  RHEED 
and  X  ray  diffraction  patterns  of  boron  pnictide  filn  indicate  distorted 
crystalline  structure. 

2.2  Measureaent  of  theraoelectric  properties 
Ohalc  contacts  of  the  filas  were  aade  by  evaporated  of  Al,  followed  by 
annealing  in  argon  at  400‘C  for  Ihr.  Block  diagraa  of  the  apparatus  for 
theraoelectric  aeasureaent  is  the  saae  as  the  literatureClO].  Electrical 
conductivity  of  the  filas  were  aeasured  by  two  terainal  aethod  at  teapera- 
ture  between  rooa  teaperature  and  BOOT!  under  argon  ataosphere. 
Theraoelectric  voltage  between  hot  and  cold  junctions  was  aeasured  under 
constant  teaperature  gradient  of  2-3X1. 

3.  EXPERIMENTAL  RESULT  AND  DISCUSSION 


Electrical  conductivity  of  boron  fila  varies  froa  1*10”‘  S-ca“’  at  rooa 
teaperature  to  0.8  S-ca"‘  at  870K.  By  applying  logo  vs  1/T  plot,  we 
obtained  Eg=0.6eV,  which  is  auch  saaller  than  other  aaorphous  boron  fila. 

On  the  other  hand  the  present  boron  fila  is  aaorphous,  so  that  the 
electric  condition  is  expected  to  be  due  to  hopping  condition. 

NottCll]  has  derived  the  equation  for  hopping  conduction 
a  -  a,  exp[  -(  T./T)'''*  ]  (1) 

where  o.  and  T.  are  constants.  The  plots  of  logo  of  a-B  fila  as  a 
function  of  T"'  *  is  shown  in  Pig. 2. 

The  observed  values  show  a  good  linear  relation  between  logo  and  T'*'*, 
and  values  of  o. =1.0x10”  S-ca"'  and  T. =1.3x10’  K  are  obtained.  T.  is 
given  as  a  function  of  the  density  of  localized  states  at  Ferai  level 
N(Ef) 

(2) 
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Pig. 2  Dependence  of  conductivity 

on  T-‘”,  No.4:a-B,  No.SlBuPa. 


Pig. 3  Teaperature  dependence  of 

conductivity  of  BP  filas  by  CVD 
process.  No. i:Ts=800Xl, 
No.2:ts=  90(rc  no.3:ts=iooox:. 


«here  (  is  the  exponential  decay  factor  of  localized  states  ( £  ~'^5A).Froi  t 
he  value  of  T.  and  Eq.(2)>  N(Ep)=1.1x10‘“  ci~’eV'*  are  obtained,  uhich 
is  in  good  agreeient  Hith  the  value  for  aiorphous  boron  fills 
3.8x10*“  ci““-eV'*[12]  and  for  aiorphous  boron  bulk  iTlO’“ci"’-eV*  [13].  Also 
T. =6.1X10*  K  and  N(Ep)=2.4xlO‘“ci'*-eV"*  are  obtained  for  distorted  thin 
fills.  The  evaporation  of  phosphorus  froi  the  fill  during  grouth  process  uould 
be  probable  in  the  present  boron  pnictide  fill,  which  produces  the  deviation 
froi  the  coiposition  of  B13P1.  The  Hall  leasureient  of  the  present  boron 
pnictide  fill  indicates  as  low  lobility  of  1.8  ci*/s-V  as  a-B  fill.  Then  the 
conduction  of  the  present  boron  and  boron  pnictide  fllis  could  be  explained  by 
hopping  conduction  between  icosahedron  of  boron.  Teiperature  dependencies  of 
conductivity  of  boron  phosphide  fills  are  shown  in  Pig. 3.  The  conductivity  of 
the  present  BP  fills  are  sialler  than  those  of  single  crystalline  BP  wafers 
[4],  but  the  activation  energy  of  conduction  are  aliost  sane  values  of 
0.18-0.20eV  as  single  crystalline  wafers. 

Teiperature  dependences  of  therioeiectric  power  for  boron  and  boron 
phosphide  fills  are  shown  in  Fig. 4.  The  therioeiectric  power  of  boron  and 
boron  pnictide  fills  show  p-type  conduction.  They  could  not  be  leasured  below 
BOOK  because  they  were  too  stall  in  coiparison  with  the  electrical  noise  in 
these  teiperature  range.  The  laxiiun  value  of  BOO^iV/K  for  a-B  fill  at  650K 
decreases  rapidly  down  to  the  liniiui  values  of  270a>V/K  at  BOOK,  which 
indicates  the  foriation  of  donors.  The  therioeiectric  powers  reported  for  bulk 
boron[14-16]  show  a  large  peak  at  lower  teiperature,  coipared  with  those  for 
boron  fill,  which  would  be  explained  by  higher  concentrations  of  iipurities  or 
defects  in  aiorphous  boron  fills. 


Fig. 4  Teiperature  dependences  of  therioeiectric  power  of  boron  and  boron 
phosphide  fills,  syibols  correspond  to  those  in  Fig. 2  and  3. 

Hakaiura[12]  prepared  aiorphous  boron  fills  containing  carbon  iipurities  by 
pyrolysis  of  decaborane  in  lolecular  flow  region  and  also  reported 
rapid  increase  of  therioeiectric  power  froi  lOTfiV/K  at  2301C  to  a  laxiiui 
value  of  400mV/K  at  a  4273^  and  gradual  decrease  to  310mV/K  at  730T1. 
The  present  boron  fils  is  high  purity  with  high  resistivity  so  that  such 
pronounce  peak  in  therioeiectric  power  would  not  be  observed. 

Boron  phosphide  thin  fills  show  n-type  conductor,  which  would  be  caused 
by  excess  phosphorus  in  BP.  The  absolute  therioeiectric  power  increases  in 
increasing  teiperature  which  behavior  is  siiilar  to  that  of  single 


T  (K) 


Fi(.S  Electric  poeer  factor  as  a  function  of  tenperature,  syabols 
correspond  to  those  in  Pit. 4. 
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crystalline  iiafer[4i7].  This  is  due  to  the  fact  that  electron  concentration 
ranges  iipurity  region  and  the  Perii  energy  lovers  by  the  electron  supply 
froe  donor  level  in  increasing  teaperature.  This  is  consistent  vith  the 

behavior  of  teaperature  dependence  of  electrical  conductivity.  The 
theraoelectric  pover  of  BP  files  groan  at  8001C  and  1000X1  tend  to  saturate 
in  increasing  teaperature.  The  absolute  theraoelectric  pover  of  BP  file 
groan  at  800X1  is  iover  than  that  of  groan  at  900X1>  ahich  vould  be  caused 
by  the  coapensation  of  the  hole  by  boron  phase.  Contrarily,  the  BP  file 
groan  at  1000X1  shoa  single  phase,  then  hole  aould  begin  to  be  theraally 
excited  by  inter  band  transition,  ahich  transition  teaperature  to  decrease 
theraoeiectric  pover  vould  be  high  because  of  aide  bandgap(2.0eV)  of  BP. 

The  teaperature  dependencies  of  electric  pover  factor,  a  of  these 
files  are  shoan  in  Fig. 5.  The  efficiency  of  energy  conversion  of  therao¬ 
electric  device  becoaes  high  at  larger  figure  of  aerit  and  at  high 
teaperature.  Figure  of  aerit  for  aaterial  is  defined  of  as 
1  =  a  /  K  (3) 

ahere  k  is  the  theraai  conductivity. 


Our  previous  resuits  on  the  theraai  conductivity  of  sinter!  BP[7] 
indicates  alaost  constant  values  of  ~0.0S  V/ca-K  at  entire  teaperature  up  to 
800K,  ahich  is  due  to  phonon  scattering  at  grain  boundary.  Vhen  ae  use  the 
theraai  conductivity  of  the  present  BP  files  for  0.05h/ca-K,  the  figure  of 
aerit  of  BP  file  groan  at  800X1  and  900X1  is  to  be  '~1.0xl0‘’/K  at  high 
teaperature,  ahich  is  coapatible  to  that  of  sintered  BP  speciaen  [7]. 

Contrarily,  the  conductivity  of  a-B[l3]  at  rooa  teaperature  spreads  froa 
8x10"’  to  3xlO'’h/ca'K  because  of  uncertainty  of  aaorphous  on  the  atoaic  scale 
and  the  aicrostructure  such  as  crack  or  void,  but  it  increases  in  raising 
teaperature.  The  theraai  conductivity  of  aaorphous  boron  is  assuaed  to  be 
IxlO'^  k/ca-X,  theraoelectric  figure  of  aerit  in  the  present  a-B  fila  shoes 
the  order  of  lO'^/K  being  one  order  saaller  than  that  of  BP  fila. 
Nakaaura  [12]  found  that  a-B  filas  containing  0.5^1  carbon  at.X  vary  froa 
8xlO"’S-ca‘'  at  300K  to  30  S-ca"‘  at  lOOOX.  Then  the  present  a-B  fila  aould 
increase  the  eiectrical  conductivity  by  about  tao  order  of  aaxnitude  aithout 
the  theraoelectric  figure  of  aerit  about  up  to  10‘’/K. 

4. CONCLUSION 

he  have  prepared  p-type  aaorphous  boron  and  distorted  polycrystalline  boron 
pnictide  thin  filas  by  aolecular  beaa  deposition,  and  n-type  polycrystalline 
BP  filas  by  cheaical  vapor  deposition  and  have  aeasured  the  theraoelectric 
properties  of  these  fiias.  The  calculated  theraoelectric  figure  of  aerit 
for  BP  fiia  is  to  be  lxl0~’/K,  ahich  is  coapatible  to  that  of  BP  sintered 
speciaen.  The  estiaated  theraoelectric  figure  of  aerit  for  a-B  fila  is  saaller 
than  that  for  BP  by  one  order  aagnitude,but  it  aould  expect  to  be  coapatible 
to  BP  fila  by  doping  carbon. 
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ABSTRACT 

Boron  carbide  films  have  been  fabricated  from  pentaborane  (B5H,)  and 
methane  using  plasma  enhanced  chemical  vapor  deposition  (PECVD). 
Availability  of  high  quality  specimens  has  facilitated  analysis  of  electronic  and 
optical  properties.  We  have  undertaken  measurements  of  photoluminescence 
spectra  and  infra-red  band-edge  ab.sorption.  Results  show  that  the  bandgap  is 
strongly  influenced  by  the  ratio  of  boron  to  carbon.  There  is  evidence  for  the 
existence  of  shallow  trapping  levels. 

INTRODUCTION 

There  are  many  potential  applications  for  boron  carbide  due  to  its 
hardness  and  temperature  stability.  Many  possible  phases  have  been 
identified  [l.2|.  Initial  efforts  to  fabricate  boron  carbide  employed  intense 
heat  and  pressure,  resulting  in  films  stable  for  9-20%  carbon.  More  recent 
experiments  using  CVD  have  increased  the  range  of  attainable  compositions  to 
over  40%  carbon  (.Jl.  In  combining  pentaborane(9)  with  methane  at  low 
pressures  and  temperatures,  we  have  produced  some  highly  uniform  films 
which  are  suitable  for  electronic  and  optical  measurements.  Using  PECVD. 
we  and  others  have  shown  that  composition  of  boron  carbide  films  can  be 
controlled  over  a  wide  range  by  adjusting  reactant  partial  pre.ssures  14,5). 


EXPERIMENTAL 

Deposition  of  the  films  was  performed  in  PECVD  apparatus  described 
previously  |5|.  Plate  separation  was  approximately  one  inch.  Temperature, 
deposition  time,  total  pressure,  and  microwave  power  were  held  constant  as 
the  partial  pressure  ratio  of  the  two  reactants  was  varied  over  the  range  of 
approximately  O.I  to  10.  Growth  temperatures  and  pressures  were 
approximately  400»C  and  .'iO  mTorr  respectively.  Two  types  of  substrates 
were  used;  silicon  and  high  temperature  glass. 
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Measurements  of  composition  were  performed  on  all  of  the  stable  films 
by  Auger  electron  spectroscopy.  The  system  was  calibrated  using  the  boron 
1 79  eV  line  and  the  carbon  272  eV  line  of  a  B,C  standard.  Ar  sputtering  was 
used  to  profile  the  films.  A  set  of  films  with  measured  composition  was  used 
for  all  further  experiments. 

Most  of  the  films  were  about  one  tenth  micron  thick.  Measurements  of 
film  thickness  were  greatly  influenced  by  substrate  warp  and  thickness 
variations.  To  reduce  this  error.  Auger  profiling  was  limited  by  a  mask  to  a  2 
mm  square.  The  depth  of  this  sputtered  square  was  measured  using  a  Sloan 
Deklak  profiler.  Auger  profile  data  was  then  calibrated  to  this  measured 
depth. 


Optical  absorption  spectra  for  several  of  the  film  .samples  were  made 
using  a  Cary  Model  14  Spectraphotometer,  over  the  wavelength  range  of  0.4- 
1,6  urn.  The  absorption  band  edge  and  its  shape  were  used  to  determine 
bandgap  (6,7|. 

Photoluminescence  measurements  were  performed  using  a  one  meter 
dual  grating  spectrometer.  Room  temperature  spectra  were  done  using  a  200 
niW  514.5  nm  laser.  Measurements  at  12  K  were  done  using  a  15  mW  632.8 
nm  laser.  Film  compositions  for  spectra  shown  were  approximately  2% 
carbon. 


R'^SULTS 

Optical  absorption  data,  in  the  form  was  plotted  as  a  function 

of  energy.  Here  E  is  energy  in  units  of  eV,  and  o  is  absorption  coefiicient  in 
units  of  l/um  .  E.xtrapolation  of  this  curve  to  zero  gives  the  optical  gap  |6.7J. 
Figure  I  shows  a  typical  absorption  curve  for  a  film  with  a  boronxarbon  ratio 
of  approximately  48: 1 ;  extrapolation  to  z.ero  shows  that  the  optical  bandgap  is 
1,77  eV.  Using  this  method  for  films  over  our  entire  composition  range 
indicates  that  bandgap  varies  monotonically  over  a  range  of  0.8  eV  to  1,77 
eV,  as  shown  in  Figure  2.  Films  with  the  least  carbon  have  the  highest 
bandgap. 


Figure  2.  Banilgap.  <leferniined  bv  optical  absorption  at  room  temperature, 
compared  wiili  composition  determined  by  Auger  electron  spectroscopy. 
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Figure  3.  Photolumincscence  spectrum  taken  at  300  K. 
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Figure  4.  Photoluminescence  spectrum  taken  at  12  K. 
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Photoluminescence  measurements  of  high  bandgap  films  are  shown  in 
Figures  3  and  4.  From  300  K  to  12  K,  FWHM  of  the  photoluminescence 
peaks  changes  from  0.30  eV  to  0.14  eV.  The  peak  position  changes  from 
1.73  eV  to  1.76  eV  over  the  same  temperature  range.  We  interpret  the 
photoluminescence  data  at  12K  to  indicate  that  the  bandgap  is  1.76  eV. 
Additional  sharp  features  occur  at  1.71  eV,  1.70  eV,  1.65  eV.  and  1.64  eV. 

DISCUSSION 

Theories  about  the  structure  of  boron  carbides  in  the  stable  9-20% 
carbon  range  are  based  on  twelve  atom  boron-rich  icosahedra  with  connecting 
chains  of  boron  and  carbon  atoms  [S).  Most  measured  conductivities  in  this 
composition  range  are  above  I  (a-cm)-*  at  300IC,  which  is  very  high  |91. 
Electronic  tran.sport  involves  the  connecting  chains  of  atoms  or  substitutional 
carbon  in  the  icosahedra  |9|.  It  has  been  suggested  that  carbon  precipitates  in 
substantial  quantity  dominate  DC  electronic  transport  |10j.  Conductivity  vs 
composition  measurements  performed  in  this  work  indicate  that  there  may  be 
a  heterogeneous  population  of  carriers,  but  that  in  all  cases  conductivities 
were  below  10-‘  (s»-cm)-*  (1 1 J.  This  may  be  attributable  to  the  presence  of  a 
tetragonal  phase,  about  which  little  is  known  1 121. 

Low  temperature  photohiminescence  data  for  boron  rich  boron  carbide 
provides  a  bandgap  of  1.76  eV.  This  is  in  good  agreement  with  the  optical 
absorption  edge  measurement  data  shown  in  Figure  2.  The  low  temperature 
photoluminescence  spectrum  in  Figure  4  suggests  the  presence  of  additional 
shallow  trapping  levels,  visible  as  sharp  peaks.  The  deep  acceptor  level  first 
suggested  in  (13|  was  ab.sent.  weak,  or  non-radiative. 

CONCLUSION 

We  have  used  PECVD,  a  novel  thin  film  technology,  to  fabricate  boron 
carbide  films  of  .sufficient  quality  to  undertake  electronic  and  optical 
measurements  of  material  properties.  This  method  uses  PECVD  of  a 
carborane  cluster  combined  with  methane  to  yield  films  whose  bandgap 
depends  on  composition.  Two  types  of  measurements  used  to  provide 
quantitative  bandgap  data  provide  veiy  similar  results  for  one  of  the  films. 
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ABSTRACT 


The  formation  of  submicron  crystals  of  boron  carbide  (B4C)  by  rapid  carbothermal 
reduction  of  intimately  mixed  carton-boron  oxide  precursor  prwdets  in  an  aerosol  flow  reactor 
at  temperatures  above  the  toiling  point  of  boron  oxide  is  investigated.  The  employed  high 
heating  rates  (10^  K/s)  of  the  process  force  release  of  gaseous  birron  oxide  and  sutoxides  and 
rupture  of  the  precursor  particles  resulting  in  formation  of  boron  carbide  molecular  clusters  that 
grow  to  macroscopic  particles  by  coagulation.  Consequently,  the  formation  and  growth  of 
B4C  particles  is  described  by  simultaneous  inletpatticle  collision  and  coalesc-ence  using  a  twiv 
dimensional  distribution  model  that  traces  the  evolution  of  both  size  and  shape  characteristics  of 
the  particles  through  their  volume  and  surface  area.  Here,  in  addition  to  the  coagulation  term, 
the  governing  population  balance  equation  includes  a  coalescence  contribution  based  on  B4C 
sintering  law.  The  predicted  evolution  of  the  two-dimensional  particle  size  distribution  leads  to 
a  direct  characterization  of  morphology  as  well  as  the  average  size  and  polydispersity  of  the 
powders.  Furthermore,  model  predictions  of  the  volume  atS  surface  area  of  toron  carbide 
panicles  can  be  directly  compared  with  experimental  data  of  B4C  specific  surface  area  and  grain 
size. 


INTRODUCTION 


There  is  substantial  interest  in  the  manufacture  of  boron  carbide  (B4C)  due  to  its  high 
hardness  and  various  desirable  chemical  and  electrical  properties  [  1  ].  Conventional  methixls 
for  manufacturing  toron  carbide  involve  the  reduction  of  boron  oxide  with  carbon  in  a  batch 
electric  arc  furnace  [2].  These  processes  are  characterized  by  slow,  nonuniform  heating, 
chemical  impurities,  and  subsequent  prwessing  complications.  Recently.  Weimer  et  al.  [1] 
described  a  rapid  carbothermal  reduction  process  in  a  flow  reactor  configuration  for 
continuously  manufacturing  submicron  crystals  of  boron  carbide.  A  uniform  solid  mixture  of 
calcined  com  starch  (carbon  "soot")  and  toron  oxide  is  milled  to  particles  of  less  than  45  pm. 
These  particles  are  suspended  in  argon  gas  and  fed  into  a  0. 14  m  I.D.  x  1 .68  m  long  ^aphite 
flow  reactor  which  is  maintained  at  approximately  2200  K  [IJ-  Additional  argon  gas  is  fed 
around  the  particle  inlet  to  mitigate  deposits  to  reactor  walls.  The  precursor  particles  contain 
carbon  and  toron  oxide  in  stoichiometric  amounts  that  convert  to  Ixiron  carbide  according  to: 


7C(s)  +  2B203(1,  g)  =  B4C(s)  +  6CO(g)  ( 1) 

As  the  particles  enter  the  reactor  they  are  heated  to  a  temperature  which  is  below  the  toiling 
point  of  carton  but  above  the  toiling  point  of  toron  oxide,  2133  K  [3J.  The  reactor 
temperature  is  also  above  the  temperature,  1733  K,  at  which  liquid  boron  oxide  is  reduced  to 
gaseous  boron  oxide  in  the  presence  of  carton  j4].  As  a  result,  rapid  heating  (10^  K/s  [5]) 
promotes  rapid  volatilization  of  B2O3  and  release  of  CO  from  the  precursor  particles,  forcing 
particle  rupture  in  a  similar  fashion  to  the  breakup  of  ctral  particles  in  pulverized  coal 
combustion  [6], 
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Assuming  instantaneous  breakup  of  precursor  particles  and  formation  of  boron  carbide 
clusters,  particle  formation  and  growth  can  be  modeled  by  simultaneous  coagulation  and 
coalescence.  This  paper  studies  formation  and  growth  of  boron  carbide  particles  by  the  rapid 
carbothermal  reduction  process  using  a  two-dimensional  size  distribution  model.  The  predicted 
B4C  grain  (crystallite)  sizes  are  compared  with  experimental  data. 


THEORY 


A  two-dimensional  particle  size  distribution  function  is  defined  as  ni(v,a)  where  ni(v,a)dadv 
is  the  number  density  of  particles  having  volume  between  v  and  v  +  dv  and  surface  area  in  the 
range  a  to  a  +  da  at  time  t.  For  an  aerosol  that  is  rapidly  formed  by  gas  phase  reaction  at  high 
temperatures,  the  rate  of  change  in  ni(v,a)  is  given  by  the  rate  of  simultaneous  coagulation  and 
coalescence  among  aerosol  particles.  The  two-dimensional  population  balance  equation  can  be 
written  in  a  continuous  form  as  [7, 8]; 


()nt(v,a) 


at 


•  nt(v.a) 


if 


0(a  >  +  ( 


P5.v-v<a.a-a)nt(v,a)nt(v-v,a-a)dadv 


nPv.s<a.^nt(v,a)dadv  + 1  —  ([a  -  {^)^'^ao]n,(v.a)) 

at  aa '  ''»  ' 


(2) 


where  Vo  and  ao  are  the  volume  and  surface  area  respectively,  of  a  primary  spherical  particle. 
An  agglomerate  of  volume  v  is  thus  composed  of  v/V,,  primary  particles,  its  surface  area  lies 
between  that  of  a  perfect  sphere  when  complete  coalescence  has  taken  place,  (vA'„)2/3a„,  and 
that  of  an  aggregate  of  primary  particles  ju.st  touching  one  another,  (vA-oiao. 

The  first  right-hand-side  ( RHS)  term  of  Eqn.  2  accounts  for  the  gain  of  particles  of  volume 
V  and  surface  area  a  by  coagulation  of  smaller  panicles.  The  step  function  6  is  intrixiuced 
because  a  particle  of  volume  v  prixluced  by  collision  between  particles  of  volume  v  and  v  -  v 
cannot  have  upon  contact  surface  area  less  than  the  sum  of  the  surface  area  of  the  two  particles. 
Only  coalescence  can  reduce  the  resulting  particle  surface  area  to  the  theoretical  minimum,  i.e. 
that  of  a  sphere  of  volume  v.  The  second  RHS  term  in  Eqn.  2  accounts  for  the  loss  of  particles 
of  volume  v  and  surface  area  a  by  coagulation  with  all  particulate  entities,  fl,  the  coagulation 
coefficient,  is  a  function  of  the  particle  volume  and  surface  area  of  the  colliding  particles.  In 
this  study,  Fuchs  expression  for  the  Brownian  coagulation  coefficient  aivering  the  whole  size 
regime  [9,  10]  is  used  with  corrections  taking  into  account  the  variable  cross  sectional  area  [8]. 

The  third  RHS  term  in  Eqn.  2  is  the  sintering  contribution  related  through  the  continuity 
equation  to  a  linear  approximation  of  the  sintering  law  as  expressed  by  the  surface  area 
reduction  rate  [7].  The  characteristic  sintering  time,  xf,  depends  on  the  B4C  sintering 
mechanism.  Rtron  carbide  and  other  covalently-bonded  solids  such  as  SiC  and  Si3N4  sinter 
by  solid-state  diffiisional  processes  [II].  For  solid-state  diffusion,  the  characteristic  sintering 
time  of  two  equal -sized  grains  of  diameter  dg  is  given  by  [12]; 


Tt  a 


keT 


D*Qy 


(3) 


where  D*  is  the  self-diffusion  coefficient  for  the  mobile  species,  ii  is  the  atomic  volume  of  the 
diffutiing  material,  and  y  is  the  surface  energy.  There  is  little  data  on  pre.ssurele.ss  sintering  of 
boron  carbide  in  the  absence  of  additives  and  to  the  best  of  the  authors'  knowledge,  the  D*  and 
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Y  of  B4C  have  not  been  reported  in  the  literature.  Excess  carbon  enhances  self-diffusion  in 
both  Sic  and  B4C.  van  Rijswijk  and  Shanefield  [13]  showed  that  in  a  carbon-rich  atmosphere, 
the  bulk-diffusion  rate  of  silicon  substantially  increases  such  that  carbon  self-diffusion 
becomes  slower  and,  as  a  result,  rate  controlling.  This  results  in  an  lOO-fold  increase  in  the 
overall  self-diffusion  rate  of  SiC.  If  excess  carbon  has  the  same  effect  on  boron  carbide  self¬ 
diffusion,  the  silicon  carbide  self-difbision  coefficient  in  a  carbon-rich  atmosphere  can  be  used 
as  a  first  approximation  in  describing  the  B4C  sintering.  From  Fig.  1  of  [13],  an  expression 
for  the  B4C  self-diffusion  coefficient  is  deduced  as: 


D*  =  0,3exp[-55^j  (4) 

The  carbon  vacancy  volume  Q  is  calculated  as  3.64  x  10'^  cm*. 

The  surface  energy  of  B4C  also  needs  to  be  estimated  from  related  compounds,  preferably 
covalent  carbides  such  as  SiC  and  TiC.  Livey  and  Murray  [14]  found  that  the  surface  energies 
of  the  carbides  of  Zr,  U,  Ti  and  Ta  show  a  linear  relationship  with  the  heat  of  formation  of 
these  carbides.  They  reported  the  surface  energy  of  TiC  at  1373  K  as  1190  +  350  dyne/cm. 
A.ssuming  that  B4C  and  SiC  also  follow  approximately  the  same  relationship,  then  their  surface 
energies  can  be  estimated  from  their  heat  of  formation  and  the  surface  energy  and  heat  of 
formation  of  the  refractory  monocarbides.  Dean  [15]  gives  the  heat  of  formation  values  for 
B4C,  SiC  and  TiC  as  -17,  -17.5,  -44.0  kcal/mole,  respectively.  According  to  the  above 
reasoning.  B4C  and  SiC  should  have  about  the  same  surface  energy:  -  1000  dyne/cm.  Using 
these  estimated  values  of  D*  and  y.  a  quantitative  expression  of  the  characteristic  sintering  time 
for  B4C  is  obtained: 


r,  =  97Td,3exp(-5§:f-q 

where  a  constant  5/80  is  used  to  equate  Eqn.  3  [12].  The  average  grain  size  within  an 
agglomerate  of  volume  v  and  surface  area  a  can  be  curtained  from: 


dg  =  (6) 

Equation  2  is  a  two-dimeasional  partial  integro-differential  equation  that  needs  to  be  solved 
numerically.  A  one-dimeasional  sectional  method  [16,  17]  is  extended  to  include  the  surface 
area  dimeasion  [8].  This  results  in  a  set  of  ordinary  differential  equations  (ODEs)  that  are 
.solved  using  an  efficient  ODEs  solver,  subroutine  IVPAG  [18], 


RESULTS  AND  DISCUSSION 


Tables  1  and  II  of  Weimer  et  al.  [1]  list  the  experimental  runs  made  at  reactor  temperatures 
above  the  boiling  point  of  boa>n  oxide  (-2133  K).  From  the  measured  specific  surface  area  an 
experimentally  determined  average  grain  size  of  the  product  B4C  powders  can  be  (Obtained: 


where  the  particle  density  pp  is  2.52  g/cm*  for  B4C  and  A  is  the  measured  specific  surface 
area. 
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Since  the  powder  feeding  rate  was  kept  constant,  the  average  size  and  morphology  of 
product  B4C  powders  are  affected  by  the  argon  feeding  rate  and  reactor  temperature.  A  higher 
argon  flow  rate  means  a  shorter  reactor  resi^nce  time  period,  resulting  in  smaller  average 
product  particle  sizes.  While  increasing  temperature  enhances  the  coagulation  rate  (p  a  it 
decreases  the  residence  time  more  profoundly  (t  a  T  *).  Consequently,  for  a  given  argon  flow 
rate,  the  agglomerate  particle  size  decreases  with  increasing  temperature.  With  respect  to 
particle  morphology,  increasing  both  the  reactor  residence  time  and  temperature  promotes 
atalescence  and  subsequently  increases  the  grain/cryslallite  size  of  the  linal  product. 

Figure  1  shows  two  snapshots  of  the  number  density  of  B4C  agglomerates  in  the  two- 
dimensional  space  of  particle  volume  and  surface  area  at  2173  K  and  residence  times  0.2  s  and 
1.12s  (product),  respectively.  The  number  of  agglomerate  B4C  particles  is  reduced  by 
coagulation  and  consequently  the  average  agglomerate  size  increa-ses  as  the  residence  time 
increases  from  0.2  to  1 . 12  s.  It  is  worth  noting  that  coagulation  greatly  depletes  the  small 
particles  but  does  very  little  in  increasing  the  size  of  the  large  ones  over  this  time  period.  The 
two-dimensional  distribution  is  bound  by  the  two  heavy  solid  lines.  The  diagonal  line 
corresponds  to  aggregates  consisting  of  B4C  primary  particles  just  touching  one  another  upon 
collision  without  sintering  (the  collision  line).  The  line  on  the  left  corresponds  to  fully 
coalesced  B4C  particles  (the  coalescence  line).  Therefore,  the  ^in  size  of  B4C  agglomerates 
increases  from  the  collision  to  the  coalescence  line  as  the  initially  aggregated  clusters  are 
progressively  densified  by  sintering  of  the  primary  particles  in  the  cluster. 


2173K.  0.2s  2173K,  1.1s 


Figure  I .  Number  density  of  B4C  agglomerates  at  2173  K  and  residence  times  0.2  s  and 
1.12  s.  respectively,  in  the  two-dimensional  space  of  particle  volume  and  surface  area. 


Temperature  has  a  much  .stronger  effect  on  the  particle  coalescence  rale  than  on  the  panicle 
collision  rale  as  indicated  hy  the  exponential  temperature  dependence  of  the  characteristic 
sintering  lime  of  B4C  (Eqn.  5).  The  two-dimensional  particle  size  distribution  shifts  towards 
the  aralescence  line  as  temperature  increases  indicating  more  progressed  particle  sintering  at 
high  temperatures.  For  ag^omerates  of  the  same  volume,  there  are  relatively  more  particles 
having  low  surface  area  (large  grains,  Eqn.  6)  at  high  temperatures.  If  favorable  sintering 
conditions  are  sustained,  the  ag^omerates  eventually  approach  a  spherical  geometry  and  their 
surface  area  becomes  proportional  to  v^ri  (coalescence  line).  Indeed,  the  simulatioas  show  that 
the  average  B4C  grain  size  is  dg  =  0.06  pm  at  2173  Kand  1.12  s  while  at  2373  K  and  0.71  s 
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dg  =  0.09  |un.  In  contrast,  the  corresponding  mean  solid  sphere  diameter  of  the  agglomerate 
particles  is  0.44  pm  at  2173  K  and  0.37  pm  at  2373  K  at  the  above  residence  times.  This 
model  prediction  is  in  qualitative  agreement  with  micrographs  of  B4C  powders  made  at  the 
above  temperatures  [1]. 

Figure  2  compares  model  predictions  of  the  B4C  average  grain  size  as  a  function  of 
temperature  with  experimental  data  [1].  Oearly,  the  equivalent  solid  sphere  diameter  of  the 
agglomerate  particles  is  much  larger  than  the  grain  size.  The  two-dimensional  model  (triangles) 
predicts  correctly  the  grain  growth  trend.  Quantitative  agreement  with  experimental  data  is 
excellent,  in  view  of  the  estimated  B4C  sintering  rates  (diffiisivity  and  surface  energy).  When 
the  sintering  rate  is  increased  by  a  factor  of  10,  model  predictions  (squares)  match  the 
experimental  data  (stats).  Thus,  the  present  two-dimensional  particle  size  distribution  model 
can  be  used  to  infer  effective  sintering  rates  from  experimental  measurements.  This  is 
particularly  valuable  for  ceramic  materials  whose  sintering  rate  expressions  are  often 
unavailable. 
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Figure  2.  Comparison  of  mtxlel  predicted  average  grain  size  of  the  B4C  powders  with 

experiment^  data. 


CONCLUSIONS 


The  formation  of  submicron  crystals  of  txiron  carbide  by  the  rapid  carbolhermal  reduction 
of  solid  precursors  in  an  aero.s<il  flow  reactor  is  investigated.  At  temperatures  above  the  boiling 
point  of  boron  oxide  (2133  K)  and  high  heating  rates  ( 10^  K/s),  B4C  molecular  clusters  are 
formed  iastantaneously  and  they  grow  to  macroscopic  particles  by  coagulation  and 
coalescence.  This  formation  and  growth  prtxxtss  is  modeled  by  a  two-dimensional  aerosol 
distribution  model  that  traces  the  evolution  of  both  size  and  shape  characteristics  of  panicles 
through  their  volume  and  surface  area.  Model  predictions  for  the  average  volume  and 
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grain/crystallite  size  of  the  product  B4C  powders  are  in  excellent  agreement  with  experimental 
micrographs  and  specific  surface  area  data.  The  effect  of  temperature  and  residence  time  on 
particle  size  and  morphology  is  also  adequately  represented  by  the  model.  In  fact,  it  is  the  first 
time  that  a  model  of  both  sound  theoretical  backg^nd  and  numerical  feasibility  has  been 
developed  and  used  to  predict  the  grain/crystallite  size  growth  during  gas  phase  particulate 
manufacture. 
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AMORPHOUS  AND  MICROCRYSTALLINE  SIC  AS  NEW  SYNTHETIC 
WIDE  GAP  SEMICONDUCTORS 

Y.Hamakawa  and  H.Okamoto 

Faculty  of  engineering  Science,  Osaka  University,  Toyonaka,  Osaka,  Japan  560. 

ABSTRACT 

A  review  is  given  on  recent  progress  in  amorphous  and  microcryslalline  silicon- 
carbide  (a-SiC,  ttc-SiC)  semiconductors  and  their  technological  applications  to  optoe¬ 
lectronic  functional  devices.  Firstly,  some  significant  properties  in  this  alloy  as  a  new 
synthetic  material  are  pointed  out  with  recent  advances  of  thin  film  technologies,  such  as 
plasma  CVD.  ECR-CVD  and  ion-beam  CVD  etc.  There  exists  an  energy  gap  controlla¬ 
bility  from  1 .7eV  to  3.6  eV  with  retaining  the  valency  electron  control  from  n-type  through 
i-  to  p-type  semiconductors.  While  its  conductivity  can  also  be  controlled  more  than  ten 
order  of  magnitudes,  e  g.,  from  10’to  10’Scm  ’  by  controlling  the  impurity  doping  and 
preparation  conditions. 

Secondly,  a  series  of  technical  data  on  the  electronic  and  optoelectronic  properties 
of  a-Si,  ,C,and  pc-SiC  are  demonstrated  from  recent  achievements.  In  the  final  part  of 
the  paper,  current  slate  of  the  art  in  the  field  of  optoelectronic  applications  from  live 
technologies  on  amorphous  silicon  solar  celts.  a-SiC  visible  light  LED  and  EL  devices 
are  reviewed.  A  technological  evolution  from  'microelectronic^  to  "macroeleciron- 
/csf  wilt  be  discussed. 

INTRODUCTION 

Since  the  recent  success  of  valency  electron  control  in  the  glow  discharge-pro¬ 
duced  amorphous  silicon  carbon  alloy  (a-SiC:H)  in  1981  [1].  a  new  age  in  amorphous 
silicon  alloys  has  opened  up.  and  a  group  of  new  materials  such  as  amorphous  silicon- 
germanium  (a-SiGe:H).  amorphous  silicon-nitride  (a-SiN;H)  and  amorphous  silicon-tin 
(a-SiSn:H)  have  been  successively  developed  in  the  past  few  years.  The  significance  of 
this  material  innovation  is  that  one  can  control  electrical,  optical  and  also  opto-electronic 
properties  by  controlling  atomic  compositions  in  the  mixed  alloys.  Therefore,  a  wide 
variety  of  application  fields  has  also  been  developed  with  these  new  electronic  materi¬ 
als.  In  fact.  a-SiC:H/a-Si:H  heterojunction  solar  cells  (2).  a-Si;H/a-SiGe:H  slacked  solar 
cells  [3|.  superlatlice  devices  (4).  a-Si:H/a-SiN:H  thin  film  transistors  (5).  photo-receptors 
(6|.  X-ray  sensor  [7).  color  sensors  (8).  etc.  have  been  developed,  and  some  of  them  are 
already  being  marketed. 

In  the  recent  lew  years^an  intensive  effort  has  been  made  to  realize  a-SiC:H  TFLED 
(Thin  Film  Light  Emitting  Diode)  and  TFEL  (Thin  Film  Electroluminescence)  devices, 
which  would  have  a  number  of  attractive  advantages  such  as  low  power  dissipation, 
capability  of  large-area  multi-color  emission,  and  completely  solid  state  flat  panel  modu¬ 
lar  display.  As  a  result,  a  visible  light  injection  type  EL  device  has  been  developed  with 
the  cell  structure  of  a-SiC:H  p-i-n  junction,  and  the  emission  colors  of  red.  orange,  yellow 
and  green  are  obtained  by  controlling  the  carbon  content  in  a-SiC:H  [9],  110).  Recently, 
Toyama  el  al  have  succeeded  in  obtaining  blue  color  emission  with  a  thin-film  intrinsic 
EL  structure  of  TCO/YjOj/a-CiH  (amorphous  carbon)/a-Si,N,  ,:H/YjO^AI  with  luminance 
intensity  of  more  than  30  cd/m’  at  180V^.  10kHz  (1 1J.  In  this  paper,  recent  advances  in 
the  a-SiC  and  pc-SiC  film  technologies  are  reviewed  from  material  preparation  technolo¬ 
gies  to  their  applications  to  optoelectronic  functional  devices. 
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TOPICS  OF  THE  MATERIAL  PREPARATION  TECHNOLOGY 

As  the  preparation  technology  for  a-SiC  alloy,  the  plasma  CVD  is  now  widely  util¬ 
ized  everywhere.  Whiie  ECR  CVD  and  Ion-beam  CVD  (IB-CVD)  are  intensively  investi¬ 
gated  in  a  recent  few  years. 

Figure  1  (a)  shows  a  schematic  illustration  of  the  ECR  CVD  apparatus.  Microwave 
power  at  2.45  GHz  is  introduced  into  the  ECR  plasma  excitation  chamber  through  a 
rectangular  wave  guide  through  a  window  made  of  fused  quarts  plate.  The  ECR  excita¬ 
tion  chamber  forms  a  cylindrical  resonator  of  TE1  „  mode  of  the  introduced  microwave. 
In  the  system,  the  magnetic  flux  required  for  satisfying  the  electron  cyclotron  resonance 
condition  is  about  875  Gauss  at  the  center  of  the  magnetic  coil.  The  generated  ECR 
plasma  is  extracted  from  the  ECR  excitation  chamber  into  the  deposition  chamber  along 
with  the  gradient  of  dispersed  magnetic  field  as  shown  in  Fig.  1(b).  The  extracted  ECR 
plasma  interacts  with  the  reaction  gas  introduced  into  the  deposition  chamber  and  de¬ 
composes  them  ,that  is,  produces  active  species  tor  film  growth. 

The  unique  advantage  of  the  ECR  CVD  is  that  the  growing  surface  receives  almost 
no  bombardment  damages  by  electrons  and/or  other  heavy  species  soft  landing  having 
an  energy  of  several  tens  of  eV  [12] .  This  effect  might  result  not  only  in  prevention  of 
weak  bonds  from  being  introduced  into  the  network  but  also  suppression  of  the  diffusion 
of  long-lifetime  radical  species  due  to  the  raised  surface  temperature.  It  is  expected  that 
films  with  dense  network  and  low  defect  density  are  formed. 

For  the  deposition  of  a-SiC  and  pc-SiC,  hydrogen  is  used  as  an  ECR  plasma  exci¬ 
tation  gas,  and  a  mixture  of  SiH^,  CH,  and  BjH,or  PH,  are  usually  employed  as  a  reac- 
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tion  gas  for  the  growth  of  p-  and  n-type  SiC:H.  Details  of  the  preparation  conditions  are 
summarized  in  Table  1.  Since  the  operation  pressure  is  in  the  range  of  10  ’  and  10  ' 
Torr,  the  lifetime  of  chemically  active  hydrogen  radicals  is  quite  long,  so  that  a  large 
amount  of  hydrogen  radicals  will  reach  the  growing  surface  and  play  an  important  role  in 
determining  the  properties  of  growing  films.  Therefore,  the  dependence  of  the  material 
properties  on  the  hydrogen  dilution  ratio  in  the  reaction  gas  has  been  investigated. 
Figure  2  shows  the  dependence  of  the  (^tical  energy  gap  and  dark  conductivity  of  the 
samples  on  the  H, dilution  ratio.  As  the  ratio  increases,  the  optical  gap  (E.)  and  also  the 
dark-conductivity  (o,)  of  both  p-  and  n-type  films  increase. 


Table  I.  Preparation  comtilinns  of  p-type  amorphous  and 
micnicryslal  .SiC  in  F.CR  plasma CVD. 


?5\iljst  rn  t«*  Tf’mpe  rat  lire 
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-  400*C 

Microwave  Power 
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-  400  W 
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=  to-’ 

-  to  ^  Torr 

Plasma  excitation  Oas  (flow  rate) 

=  "2 

(10  -  100 

seem) 

Reaction  Caa  (Flow  rate) 

:  SIH 

(10  -  50 
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=  CH,^ 
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Fig.  2  Dependence  of  the  optical  energy  gap  and  dark 
conductivities  of  p-  and  n-iype  pc-SiC;ll  on  the  hydrogen 
dilution  ratio  in  the  teaction  gas  in  HCR  CVD, 
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As  can  be  seen  from  Fig. 2,  there  are  two  main  factors  which  determine  the  optical 
energy  gap;  one  is  the  composition  ratio  of  Si:C:H  corresponding  to  the  source  gas  ratio 
CH/SiH,,  and  the  other  is  the  grade  of  H,  dilution  which  might  be  related  to  the  details  of 
the  network  structure.  The  film  properties  are  strongly  dependent  not  only  on  the  sub¬ 
strate  temperature  and  microwave  power  but  also  on  the  ratio  of  hydrogen  to  reaction 
gases  (H/(CH.+SiH.)  during  deposition.  Although  the  optical  energy  gap  increases  with 
the  flow  rate  of  CH,,  the  effect  is  not  as  remarkable  as  the  deprendence  of  hydrogen 
dilution.  Hydrogen  dilution  has  the  effect  of  reducing  the  hydrogen  content  in  the  film, 
and  also  of  enhancing  the  degree  of  microcrystallinity. 

The  formation  of  Si  and  SiC  microcrystallites  is  confirmed  by  Raman  spectra  as 
mentioned  in  the  original  work  ( 1 2].  The  Raman  spectrum  of  the  films  prepared  at  micro- 
wave  powers  higher  than  250  Watts  exhibits  (fistinct  structures  at  arourid  520  and  740 
cm which  correspond  to  TO  phonon  modes  of  crystalline  Si  and  SiC  clusters. 

The  conductivity  of  pc-SiC:H  can  also  be  controlled  by  adjusting  the  flow  ratio  of 
dopant  gas  to  host  reaction  gas.  Figure  3  shows  the  dependence  of  the  optical  energy 
gap  and  dark  conductivity  of  pc-SiCrH  prepared  by  ECR  CVD  on  the  flow  ratio  of  B,H,  p- 
type  doping  gas.  Here,  the  hydrogen  dilution  ratio  is  kept  constant  at  74.  The  data  for  p 
a-SiC:H  prepared  by  RF  plasma  CVD  are  also  shown  for  comparison.  The  carbon 
content  x  in  both  the  cases  is  about  0.3.  It  is  dear  that  the  total  doping  efficiency  in  p  pc- 
SiC;H  is  higher  than  that  in  p  a-SiC:H  by  several  orders  of  magnitude. 

Figure  4  summarizes  the  relation  between  the  dark  conductivity  and  the  optical 
energy  gap  of  p-  and  n-type  a-SiC;H  prepared  by  conventional  RF  plasma  CVD  and  p- 
and  n-type  (ic-SiC:H  prepared  by  ECR  plasma  CVD.  As  the  optical  energy  gap  in¬ 
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amorphous  and  microcrystalline  SiC;H 
prepared  by  RF  and  ECR  plasma  CVD. 


*»'v 


655 


creases,  the  dark  conductivity  of  the  films  prepared  by  the  RF  plasma  CVD  rapidly  de¬ 
creases.  while  that  of  the  films  prepared  by  the  ECR  >asma  CVD  remains  higher  than 
10->  Scm  '  even  when  the  optical  energy  gap  exceeds  2.5  eV.  In  the  figure,  the  star 
marked  highly  H,  diluted  p-type  pc-SiC:H  film  has  more  than  3x10"  cm’  hole  concentra¬ 
tions  with  24  cmWs  mobility  which  are  identified  by  Hall  measurements  [12]. 

Another  topics  in  the  material  preparation  technology  field  is  the  IBD  (Ion  Beam 
Deposition)  method  [13].  A  high  stability  film  against  the  light  induced  degradation  with 
high  deposition  rate  is  still  important  key  issue  in  the  field.  To  conquer  these  problems, 
tremendous  R&D  efforts  have  been  in  progress  by  the  wide  varieties  of  approaches, 
e  g.;  the  Chemical  Annealing  Treatment  (CAT)  [14],  Intense  Xenon  Light  Pulse  Assisted 
Plasma  CVD  [15],  IBD  and  so  on.  Among  these.  IBD  method  is  a  unique  challenge  in 
views  of  a  wide  range  controllability  on  both  hydrogen  content  and  decomposed  species 
ion  energy. 

Figure  5  shows  a  schematic  illustration  of  the  IBD  system.  A  typical  a-Si  film 
growth  condition  in  this  system  is;  the  ion  acceleration  voltage  V,„=100-300V,  ionic 
current  I.,  with  voltage  V^  are  0.8A  at  400V,  and  substrate  temperature  T,=100-300'’C, 
while  chamber  base  pressure  is  10*  Torr  or  less. 

As  the  preliminary  experiment,  a  systematic  investigations  on  the  undoped  a-Si 
film  deposition  has  been  made  by  a  series  of  deposition  parameters.  The  result  shows 
a  considerably  good  film  quality  having  10'-10“  photo-  to  dark-conductivity  ratio  ajo, 
with  optical  energy  gaps  of  1.7-1. 8  eV.  A  noticeable  feature  of  IBD  produced  film  is  a 
better  stability  against  light  exposure.  Figure  6  shows  a  comparison  of  changes  in  the 
photoconductivity  with  AMI  tight  illumination  for  IBD  produced  film  and  conventional 
plasma  CVD  produced  Him  [13J.  As  a  summary  of  this  section,  Fig.7  shows  plots  of 
recent  results  of  dark  o,  and  photoconductivity  0,^  of  a-Si  alloys  with  their  optical  energy 
gap. 


Fig.  .5  A  scheinatic  rrprcsentalion  of  IBD  (Ion  Beam 
Deposiiinn)  system. 
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APPLICATION  TO  a-Si  SOLAR  CELL  TECHNOLOGY 

An  improvement  in  cell  efiiciency  is  ol  prime  importance,  which  is  directly  con¬ 
nected  to  cost-reduction  in  photovoltaic  systems.  A  wide  variety  of  R  &  D  efforts  have 
been  in  progress  from  the  field  of  material  preparation  technology  to  device  structure, 
and  also  to  PV  system  engineering.  Among  these,  a  remarkable  advances  has  been 
seen  In  the  technology  of  the  wide  gap  windows  heterojunction,  graded  band  profiling,  d 
doping,  superlaltice,  BSF  treatment  and  also  the  stacked  junctions  with  new  materials 
such  as  a-SiC,  pc-SiC  alloys  {1.2,3J.  As  the  results,  amorphous  silicon  solar  cell  effi¬ 
ciency  is  being  improved  day  by  day.  Present  day,  a  utilization  of  a-SiC  as  the  wide  gap 
window  has  become  the  routine  technology  for  high  efficiency  solar  cells.  According  to 
a  recent  histogram  of  several  thousands  modules  mass-production  data  [16],  the  In-line 
efiiciency  has  reached  to  9%,  and  several  insfitutes  reported  more  than  t0%  efficiency 


657 


for  the  1 0Ocmr  or  more  area  as  the  top  data  in  recent  few  years.  While,  the  laboratory 
phase  efficiencies  are  more  than  12%  with  a-SiC/a-Si  heterojunction. 

As  it  has  been  reported  elsewhere  [17]  that  the  amount  of  percentage  light  induced 
degradation  increase  with  increasing  i-layer  thickness.  The  reason  is  that  the  volume 
recombination  of  the  photo-generated  carriers  become  relatively  large  with  decreeising 
the  lowest  electric  field  in  the  i-layer.  For  the  purpose  of  suppressing  this  effect,  the 
tandem  type  solar  cell  has  been  recommended  as  a  more  reliable  a-Si  solar  cell.  Figure 
8  shows  light  induced  change  in  the  conversion  efficiencies  of  a-Si  single,  a-Si/a-Si 
tandem  and  a-SiC/a-Si/a-SiGe  triple  tandem  solar  cells  (18). 


10'  to*  10’  10' 

Exposure  time  (min.) 


Fig.  8  l.ight-imlticed  change  in  conventional  efficiencies  of 
single,  tandem,  and  triple  a-Si  solar  cells  which  is 
normalired  to  initial  values,  (inverted  triangles:  a-Si  single 
cell,  triangles:  a-Si/a-Si  tandem  cell,  squares:  a-Si/a-Si/a- 
SvGe  triple  cell). 

Recently,  a  concept  of  the  band  profiling  design  has  been  initiated  as  an  optimum 
design  of  the  ambipolar  carrier  transport  in  i-layer  of  the  multi-band  gap  junction.  As  an 
example  of  result,  band  profile  of  the  a-SiC/a-Si/a-SIGe  triple  band  gap  tandem  solar  cell 
is  illustrated  in  Fig. 9  with  its  photovoltaic  performance  [18].  At  the  present  stage  of 
investigation  on  a-Si/poly  Si  tandem  junctions,  a  conversion  efficiency  of  15.04%  with 
V^=  1 .478V,  J^=  16.1 7mA/cm'  and  FF=63%  has  been  obtained  on  a  two-teminal  cell  of 


Fig.  9  (a)  Bandgap  profile  of  a-SiC/a- 
Si/a-SiCie  miilti-handgap  slacked  solar 
cell. 


Fig.  9  (b)  Voltage-current  and  solar  cell 
characteristics  of  a-SiC/a-Si/a-SiOe 
miilti-bandgap  slacked  solar  cell. 
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sensitive  area  5x6mm2  under  AMI  illumination.  Quite  recently,  by  the  same  combina* 
tion  on  four-terminal  cell  19.1%  efficiency  has  been  obtained  by  Ma  Wen  et  al.  as  shown 
in  Fig. 10  [19]. 
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Fig.  10  OtitpiK  chariicteri.<stics  of  a-Si//poly-Si  four- 
icnniiial  lamteni  solar  cell;  lop  a-.Si  transparent  solar  cell 
and  hotlom  pc-SiC/poly-Si  heterojunction  solar  cell 
(filtered  by  top  cell). 

PROGRESS  IN  TFLED’S  PERFORMANCE 

Full  use  of  the  significances  of  the  wide  area  produceability  with  a  wide  band  gap 
controllability  and  also  the  valency  electron  controllability  in  a-SiC  alloys,  thin  film  visible 
color  light  emitting  diode  (TFLED)  has  been  developed  in  the  recent  few  years  (10). 
Figure  1 1  shows  a  typical  junction  structure  of  the  TFLED. 

An  injection  type  electroluminescence  occurs  under  the  fonward  biased  condition, 
as  it  does  in  crystalline  LED's.  The  thicknesses  of  p-type  and  n-type  a-SiC:H  carrier 
injector  layers  are  usually  set  at  150A  and  300A,  respectively.  Due  to  the  limitation  of 
the  valency  electron  controllability  of  high  band  gap  a-SiC;H,  the  optical  band  gap  of  the 
p  and  n  injection  layers  has  to  be  kept  as  low  as  2  eV,  while  for  a  visible  emission  the 
optical  band  gap  of  the  i-layer  should  be  larger  than  about  2.5eV.  This  implies  the 
existence  of  notch  barriers  at  the  p/i  (AE.)  and  i/n  (aE,)  interfaces.  These  band  disconti- 


n.lSiCCtOU  A) 
a  ^it  (250-1000  A) 

pa  SiCdSn  A) 
ITO/SnO, 

(ilass  substrate 


Fig.  1 1  Schematic  illustration  of  p  a-SiC:FI/i  a-SiC:H/n  a- 
SifMf  thin  film  I.F.D  formed  on  glass/rrO/SnC)2  substrate. 
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nuities  have  been  estimated  from  the  results  of  internal  photoemission  measurement 
(20].  For  instance,  (or  E,  of  i  layer  =  2.5eeV  and  E,  of  p-,  n-  layer  =  2.00eV.  the  conduc¬ 
tion  band  discontinuity  of  AE,  at  the  i/n  interface  and  the  valence  band  discontinuity  AE, 
at  the  p/i  interface  are  0.19  eV  and  0.48  eV,  respectively. 

Figure  12  shows  logarithmic  plots  of  the  J-V  characteristics  measured  at  room 
temperature  for  various  optical  gaps  of  i-layers  (2.58.  2.68,  2.97  and  3.25  eV.).  In  these 
samples,  the  thickness  of  the  i-layer  was  set  at  500A.  As  can  be  seen  in  the  data,  even 
though  a-SiC:H  is  employed  as  the  i-layer,  the  rectification  ratio  of  more  than  10’  is 
obtained  at  8  V  for  the  sample  with  E,  =  2.58  eV.  However,  it  should  be  noted  that  when 
the  optical  gap  -  in  other  words,  the  carbon  content  -  of  the  i-layer  increases,  the  thresh¬ 
old  voltage  which  is  here  defined  as  the  voltage  required  to  give  a  current  of  10’  A/cm’ 
increases  markedly.  This  may  be  partly  due  to  the  increase  of  series  resistance  in  the  i- 
layer  itself  and  to  the  increase  of  the  barrier  height  at  both  p/i  and  i/n  interfaces. 

An  attempt  has  been  made  to  improve  the  carrier  injection  efficiency  by  two  ap¬ 
proaches.  One  is  to  utilize  wide-gap  with  highly-conductive  p  type  pc  (microcrystalline)- 
SiC:H  as  an  injector;  this  was  produced  by  Electron  Cyclotron  Resonance  (ECR) 
plasma  CVO.  The  result  shows  that  as  the  optical  energy  gap  of  p-layer  increases,  the 
EL  spectrum  shifts  towards  a  shorter  wavelength  and  the  emitting  color  changes  drasti¬ 
cally  from  red  to  orange  and  then  to  yellow.  The  highest  luminance  of  a  yellow-emission 
LED  achieved  so  far  on  this  device  structure  was  about  10  cd/m^,  with  an  injection  cur¬ 
rent  density  of  lOOmA/cm’  and  bias  voltage  of  lOV. 

Another  approach  to  the  improvement  of  LED  performance  is  a  use  of  hot  carrier 
tunneling  injection  (HIT)  through  an  insulating  (wide  band  gap)  layer  at  either  the  p/i  or  1/ 
n  interface,  or  at  both  the  interfaces  (20, 21].  For  the  a-SiC  material,  a  wide  band  gap  a- 
SiC:H  (E,  =  3.5eV)  and  a  near-stoichiometric  a-SiN:H  (E,  =  5eV)  can  be  utilized  profita- 


Fig.  12  Ciirrcm-vollage  (J-V)  channcterislics  of  LEDs 
consisiing  of  a-.SiC:H  ami  a-C:H  luminescent  i-layers. 


bly  as  the  insulating  layer.  The  silicon  nitride  layer  was  formed  by  the  conventional 
plasma  CVD  with  the  use  of  a  1  '.9  SiH4-NH,  gas  mixture.  When  an  electric  field  is 
applied  to  LED  provided  with  such  insulation  layers,  the  electric  field  will  be  mainly  ap¬ 
plied  across  the  thin  insulating  layers.  This  high  electric  field  accelerates  carriers,  then, 
increases  the  concentration  of  carriers  injected  into  the  conduction  or  valence  band  oi 
the  i-layer;  we  thereby  call  the  insulating  layers  hot-carrier  tunneling  injector  (HTI)  lay¬ 
ers.  Moreover,  a  decrease  in  the  electric  field  in  the  i-layer  due  to  the  presence  of  HTI 
layers  would  result  in  the  reduction  of  field-quenching  effects  of  radiative  recombination, 
and  eventually  a  significant  improvement  of  the  LED  performance  could  be  expected 
with  the  utilization  of  HTI  layers. 

Figure  13  demonstrates  the  luminance  in  LEDs  with  the  HTI  structure.  The  pa¬ 
rameter  in  the  figure  -  for  example,  100/300/100  -  shows  that  the  thickness  of  the  a- 
SiC;H  HTI  layer  at  the  p/i  interface  is  100  A,  that  of  the  luminescent  i-layer,  300A,  and 
that  of  the  HTI  layer  at  the  i/n  interface,  lOOA.  As  can  be  seen  in  the  figure,  the  lumi¬ 
nance  of  the  LEDs  based  on  the  HTI  structure  is  higher  than  that  of  a  conventional  type 
by  more  ttian  one  order  of  magnitude.  With  this  novel  structure,  the  luminance  was 
improved  to  about  20cd/cm’  with  injection  current  density  of  about  600  mA/cm>  for  a 
yellow-emission  LED.  An  essentially  similar  result  has  been  obtained  with  the  use  of 
HTI  layers  based  upon  near-stoichiometric  a-SiN;H,  although  the  optimum  thickness  is 
about  hall  of  that  in  the  case  of  a-SiC  HTI  layer,  presumably  due  to  the  wider  band  gap. 
By  combing  a  new  preparation  technology  such  as  ECR  microcryslalline  SiC,  with  new 
device  structures  -  e  g.,  superlattice  i-layer  and  stacked  p-i-n/p-i-n  etc.I21 , 22]  we  hope 
that  the  final  goal  of  the  luminance  for  practical  use  of  more  than  50  cd/m2  can  be 
achieved  in  the  near  future. 
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Fig.  It  Improvement  of  the  luminance  by  utilizing  a-SiC 
HTI  stnictures  in  the  I.F.Ds. 
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a-C:H  TFEL  DEVICE 

Another  interesting  device  developed  by  a-SiC  alloys  is  an  ac  driven  Thin  Film 
Electroluminescent  (TFEL)  cell.  The  device  is  constructed  with  multilayers  of  glass/ITO/ 
SnO,A',0,  (3000A)/a-SiC:H  ora-C:H  (2.8-3.0eV,  1000A)/a-SIN:H  (500A)/Y,03  (3000A)/ 
Al.  Semi-insulating  Y,0,  layers  were  deposited  by  electron  beam  evaporation.  Dielec¬ 
tric  constants  lor  Y,0,  and  a-SiN:H  are  roughly  estimated  to  be  16  and  8,  respectively. 
In  this  multilayer  cell  configuration,  a  blue  light  emission  in  a-C:H  active  layer  has  been 
observed  [11].  Figure  14  shows  the  luminance-voltage  characteristics  of  a-C:H  TFEL 
devices  under  operation  with  a  10kHz  sinusoidal  ac  voltage  with  a  photograph  demon¬ 
stration.  The  blue-emission  cell  shows  the  maximum  luminance  of  SOcd/m'  with  an 
efficiency  in  excess  of  10‘lmAW.  A  series  of  material  selection  trials  on  insulator  layers 
shows  that  Y,0,  layer  may  play  an  important  role  in  injecting  excess  electrons  (more 
than  10'C/cm’at  10kHz  operation)  into  the  active  luminescent  a-C;H  layer.  An  insertion 
of  a-SiN:H  is  also  essential  for  the  blue  shift  of  the  emission  spectrum  [23]. 

Comparing  the  EL  performances  of  a-C:H  cells  with  that  of  a-SiC:H  cells,  the  a-C:H 
devices  has  about  one  order  of  magnitude  higher  emission  with  higher  EL  peak  energy 
by  0.36  eV.  That  is,  the  emission  color  of  whitish  orange  in  a-SiC  .H  cells  shifts  to  blue  in 
a-C:H  cells.  Moreover,  the  a  C:H  EL  device  has  a  threshold  voltage  lower  by  40 
than  that  of  the  a-SiC;H  EL  device  This  may  be  due  to  a  lower  dielectric  constant  of  a- 
C  H  (about  2.2);  a  greater  electric  field  is  distributed  across  the  luminescent  layer  before 
the  onset  of  emission. 

The  emission  spectrum  of  the  a-C:H  TFEL  device  is  compared  with  the  PL  spec¬ 
trum  in  Fig  1 5.  The  EL  spectrum  has  several  structures,  in  sharp  contrast  to  featureless 
PL  spectrum  The  peak  positions  have  no  unique  dependence  on  the  total  device  thick¬ 
ness  or  on  details  of  the  multi-layered  stnjcture,  excluding  optical  interference  from 
possible  inlerprelaiions.  Tfie  dominanf  EL  peak  energy  lies  at  2,4  eV,  which  is  very 
dose  to  the  PL  peak  energy.  This  peak  corresponds  to  greenish  blue,  while  total  emis¬ 
sion  color  identified  by  the  naked  eye  is  a  purer  blue,  presumably  due  to  the  contribution 
from  higher  energy  subpeaks  in  the  EL  spectrum. 
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Fig.  1.5  Emission  spectra  of  F.l,  devices 
utilizing  a-C:H  and  a-SiC:II  luminescent 
layers. 


662 


As  it  has  been  discussed  In  the  former  sections,  the  significance  of  amorphous 
semiconductors  is  that  they  are  free  from  difficufly  in  epitaxial  growth,  which  is  indis- 
pensble  for  growth  of  crystalline  materals.  Therefn''e,  these  new  materials  can  be  de¬ 
posited  easily  with  uniform  on  a  wide  surface  of  any  foreign  material,  facilitating  process¬ 
ing  and  mass  production.  Amorphous  silicon  alloys  have  enabled  us  to  produce  large 
area  integrated  solar  cells  even  40cmx120cm  ”NEDO’  size  module  and  also  manufac¬ 
ture  of  large  area  TFT  matrixes  for  driving  liquid  crystal  TV  units.  The  TFLED  and  TFEL 
devices  might  be  a  promising  candidate  for  solid  state  display  panel  for  HDTV. 

Overviewing  these  advancement  of  material  Innovation,  a  new  kind  of  evolution 
has  been  going  on  in  the  field  of  semiconductor  electronics.  Stated  simply,  these  devel¬ 
opments  point  to  the  emergence  of  a  new  technology  which  could  be  called  "macro- 
elecIronlcsT ,  as  opposed  to  "microelectronics!'.  In  response  to  this  new  trend,  a  tech¬ 
nological  innovation  has  taken  place  in  semiconductor  material  science  from  the  "bulk 
crystalline  age"  to  that  of  high-quality  "multilayered  thin  film  age/'.  In  the  near  future, 
this  innovation  will  be  spread  not  only  to  fields  in  semiconductors,  but  also  in  those 
related  to  all  functional  materials  of  dielectrics,  thin-film  superconductors,  etc.  As  pre¬ 
cursors  of  technological  innovations  in  the  21  st  century,  new  "waves"  in  these  and  other 
fields  are  well  worth  watching  How  big  and  what  kinds  of  new  flowers  and  fruits  will 
bloom  on  new  trees?  It  will  be  great  fun  to  watch. 
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ABSTRACT 

A  total  area  conversion  efficiency  of  11.1%  has  been  achieved 
for  a  lOcm^lOcm  integrated-type  single-junction  a-Si  solar  cell 
submodule  using  a  high-quality  wide-bandgap  p-layer  doped  with 
BiCHala  and  other  advanced  techniques.  This  is  the  highest 
conversion  efficiency  ever  reported  for  an  a-Si  solar  cell  with  an 
area  of  lOOcm^.  As  for  a  multi- junction  solar  cell,  12.1%  was 
obtained  for  a  Icm^  cell  with  a  high-quality  wide-bandgap  a-Si 
i-layer.  The  layer  was  fabricated  by  a  hydrogen  dilution  method  at  a 
low  substrate  temperature  for  a  front  active  layer  of  an  a-Si/a-Si/ 
a-SiGe  stacked  solar  cell. 

For  further  improvement  in  conversion  efficiency,  a  wider- 
bandgap  a-SiC  was  developed  using  a  novel  plasma  CVD  method,  called 
the  CPM  (Controlled  Plasma  Magnetron)  method.  From  XPS  and  IR 
measurements,  the  resultant  films  were  found  to  have  high  Si-C  bond 
density  and  low  Si-H  bond  density,  p-type  a-SiC  w^  fabricated  using 
the  post-doping  technique,  and  dark  conductivity  more  them 
10”®(<2  cm)”*  was  obtained  (EoptaS  2eV  ;  Eoptzi  2.2eV),  whereas  that 
of  conventional  p-type  a-SiC  is  less  than  10"®(Q  cm)"*.  These 
properties  are  very  promising  for  application  to  the  p-layers  of 
advanced  a-Si  solar  cells. 


INTRODUCTION 

It  is  necessary  for  us  to  establish  a  clean  energy  system  that 
will  not  destroy  the  global  environment.  Solar  cells,  therefore, 
are  receiving  much  attention  as  a  clean  energy  source.  Amorphous 
silicon  (a-Si)  soIeu-  cells  have  many  attractive  features,  such  as 
low  fabrication  cost  and  large  area  availability.  Thus,  intensive 
research  efforts  have  been  concentrated  on  developing  a-Si  solar 
cells,  especially  on  improvements  in  conversion  efficiency.  For  this 
purpose,  the  development  of  a  high-quality  wide-bandgap  material  is 
very  important,  because  it  is  us^  as  the  window  layer  of  an  a-Si 
solar  cell  or  the  front  active  layer  of  a  multi-junction  solar  cell. 
Consequently,  many  investigations  have  been  performed  in  this  area. 

In  1981,  a  p-type  a-SiC/i/n  a-Si  solar  cell  was  first  proposed 
by  the  Hamakawa  group,  resulting  in  a  considerable  increase  in 
conversion  efficiency!  1].  Since  then,  much  research  has  been 
performed  to  obtain  high-quality  p-type  a-SiC  for  high-performance 
a-Si  solar  cells  and  other  devices  as  shown  in  Table  1.  p-type  a-SiC 
dop^  with  BlCHala  has  excellent  properties  for  the  window  layer  of 
a-Si  solar  cell[  2].  Recently,  we  achieved  the  highest  conversion 
efficiency  of  11.1%  for  a  lOcm^lOcra  int^rated-type  single-junction 
a-Si  solar  cell  submodule  using  p-type  a-SiC  doped  with  BiCHsla  and 
other  advanced  techniques  including:!  1)  the  "Super  Chamber”  method; 
(2)  a  highly-textured  TCO;  (3)  an  ultra-thin 
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Table  1  History  of  a~SiC  and  related  devices 
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interface  layer;  and  (4)  a  low-damage  laser  patterning  process. 

For  further  improvement  in  conversion  efficiency,  multi¬ 

junction  solar  cells  have  been  investigated.  Usually,  a-Si  or  a-SiC 
are  used  as  a  front  active  layer  m  multi-junction  solar  cells. 
However,  there  is  the  problem  that  film  properties  deteriorate  with 
increasing  optical  bandgap.  Recently,  high-quality  a-SiC  alloys 

■were  report^[  3],  but  their  opto-electric  properties  were  still 
inferior  to  those  of  a-Si.  Therefore,  wide-bandgap  high-quality 

a-Si  films  without  carbon  were  studied  using  the  hydrogen  dilution 

method  at  a  low  substrate  temperature  [  4].  Through  this  method  and 
other  advanced  technologies,  a  conversion  efficiency  of  12.1%  was 
obtained  for  a  1cm®  a-Si/a-Si/a-SiCe  stacked  solar  cell. 

For  further  improvement  in  conversion  efficiency,  wider-bandgap 
matericils  were  also  developed.  A  more  transparent  and  conductive 
p-layer  was  fabricated  using  a  novel  plasma  CVD  method,  called  the 
CPM  (Controlled  Plasma  Magnetron)  method!  5]  8ind  a  post-doping 
technique.  IR  (infrared)  measurements  and  5^  (X-ray  Photoelectron 
Spectroscopy)  studies  showed  that  these  films  have  a  high  Si-C  bond 
density  and  a  low  Si-H  bond  density.  The  absorption  coefficients  of 
these  films  were  about  one  order  of  m^nitude  lower  than  those  of 
conventional  a-SiC,  and  a  dark  conductivity  of  1.4xiO-*(Q  -  cm)-’  was 
obtained. 

In  this  paper,  we  propose  some  useful  techniques  for  obtaining 
high-quality  wide-bandgap  a-SiC  or  a-Si.  First,  several  excellent 
properties  of  p-type  a-SiC  doj^  with  BlCH^ls  are  described.  Second, 
high-quality  wide-bandgap  a-Si  fabricated  by  the  hydrogen  dilution 
method  at  a  low  sutetrate  temperature  is  discussed.  Finally,  we 
propose  a  carbon-rich  a-SiC  prepared  by  the  CPM  method  for  higher- 
efficiency  a-Si  solar  cells. 
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Fig.  1  Optical  bandgap  (Eopts)  of 
p-type  a-SiC  as  a  function 
of  boron  concentration 


Fig.2  Photoconductivity  of  p- 
type  a-SiC  films  as  a 
function  of  optical 
bandgaplEopta) 


HIGH-EFFICIENCY  A-SI  SOLAR  CELLS 

Approaches  to  obtain  high-quality  window  layers  for  high-efficiency 
solar  cells 

p-type  a-SiC  is  conventionally  used  for  the  p-layer  of  a-Si 
solar  cells.  Usually.  BaHe  is  used  as  a  p-type  doping  gas,  but  B-B 
and  B-H  bonds  included  in  BaHe  are  thought  to  remain  easily  in  a-SiC 
films,  resulting  in  high  defect  densities.  Therefore,  BfCHala,  which 
has  no  B-B  and  8-H  bonds,  was  studied  instead  of  BaHe. 

Conventional  a-SiC  films  doped  with  BaHg  have  the  problem  of 
bandgap  narrowing  in  the  highly  doped  region.  The  change  in  optical 
bandgap  (Eopta)  of  p-type  a-SiC  is  shown  in  Fig.l  as  a  function  of 
boron  concentration.  The  optical  bandgap  was  determined  from  the  ht 
vs  (ah  i/  plot  using  the  T/{l-R)  method  [6].  This  method  has 
good  linearity  in  the  low  energy  region  compared  with  the 
conventional  Tauc's  plot  {  hv  vs  (ohi-  )''*  plot),  especially  in 
the  case  of  a-Si  related  alloys,  as  described  later.  The  optical 
bandgap  of  a-SiC  doped  with  BzHs  decreased  as  the  boron 
concentration  increased.  In  contrast,  that  of  a-SiC  doped  with 
B(CH.,)3  was  almost  constant  (Eopta- L8eV).  Since  carbon  content  of 
a-SiC  doped  with  BfCHsla  was  found  to  be  almost  constant  in  this 
region,  it  was  determined  that  bandgap  narrowing  could  be  avoided  by 
using  B(CH3)3. 

Fig.2  shows  the  relationship  between  photoconductivity  and 
optical  bandgap.  As  shown  in  this  figure,  the  photoconductivity  of 
a-SiC  films  was  improved  about  one  order  of  magnitude  by  using 
BfCHals.  From  the  SIMS  (Secondary  Ion  Mass  Spectroscopy) 
measurement,  the  ratio  of  B-B  bonds/B  atoms  in  a-SiC  doped  with 
B(CH3)3  was  about  ten  times  smaller  than  that  of  a-SiC  doped  with 
BzHe.  Thus,  it  is  considered  that  the  higher  doping  efficiency  and 
the  higher  photoconductivity  of  a-SiC  doped  with  B(CH3)3  is  depend 
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Fig.  3  Structure  and  illuminated  I-V  characteristic  of  an  integrated- 
type  a-Si  solar  cell  submodule 

on  low  defect  density  due  to  low  densities  of  B-B  and  B-H  bonds. 

Various  advanced  techniques,  including  the  use  of  BCCHala, 
have  led  us  to  the  world's  highest  conversion  efficiency  of  11.1% 
(total  area  efficiency)  for  a  10cm  x  iQcm  integrated-type 
single-junction  a-Si  solar  cell  submodule,  as  shown  in  Fig.  3. 
Successful  techniques  developed  to  improve  a-Si  solar  cell 
efficiency  include: 

(1)  A  high-quality  i-layer  and  p/i  buffer  layer  using  a  separated 
ultra-high  vacuum  reaction  chamber  apparatus  called  the  "Super 
Chamber'’[  7].  Using  this  chamber,  the  defect  density  in  the 
i-layer  2md  p/i  buffer  layer  can  be  reduced,  leading  to  improved 
output  characteristics  for  a-Si  solar  cells. 

(2)  A  high-quality  and  low  absorption  coefficient  p-layer  of  a-SiC 
doped  with  BjCHala,  improves  photosensitivity  in  the  sho  t 
wavelength  region. 

(3)  A  highly-textured  TCO  with  a  high  haze  ratio  and  gentle  slope  in 
the  grains  yields  a  more  uniform  p-layer,  which  can  improve 
photo-sensitivity  in  the  long  wavelength  region. 

(4)  A  new  type  of  ultra-thin  interface  layer  between  the  i-  and 
n-layers  has  been  developed.  This  new  interface  layer  can  reduce 
the  defect  density  of  n-layer. 

(5)  A  new  laser  patterning  technique,  called  the  ’’Ablation  Oriented 
Laser  Patterning"  method,  which  can  make  integrated-type  a-Si 
solar  cell  submodules  with  very  low  damage.  It  has  led  to 
improvement  of  the  effective  area  and  short  circuit  current. 

All  of  these  improvements  were  introduced  for  the  fabrication 
of  integrated-type  single-junction  a-Si  solar  cell  submodules.  The 
resultant  cell  had  an  open  circuit  voltage  of  12.63V,  short  circuit 
current  of  123.2mA,  fill  factor  of  0.715  and  a  conversion  efficiency 
of  11.1%. 
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Fig.  4  Photo-response  spectra  of 
a-Si  and  related  alloys 


Fig.5  Conductivity  of  a-Si  as  a 
function  of  the  hydrogen 
flow  ratio 


High-.iuality  a-Si  i-layer  for  high-efficiency  multi-junction  solar 
cells 


For  further  improvement  in  conversion  efficiency,  high-quality 
widf-bandgap  a-Si  was  investigated  from  the  viewpoint  of  the  front 
active  layers  of  multi-junction  solar  cells,  as  shown  in  Fig.4. 
Although  it  is  well  known  that  deposition  at  low  substrate 
temperatures  results  in  wide-bandgap  a-Si,  the  quality  was  very  poor 
wheii  conventional  deposition  parameters  were  used.  Therefore, 
hydrogen  dilution  of  the  source  gas  and  optimization  of  the 
depo.'ition  parameters  was  investigate.  Typical  experimental  results 
for  a-Si  fabricate  at  a  low  substrate  temperature  are  shown  in 
Fig.5  Although,  the  photoconductivity  of  the  a-Si  film  was  less 
than  10-“(Q  cm)"*  when  pure  SiH<  was  use,  it  increase  rapidly  as 
the  SiH4  was  dilute  with  hydrogen.  When  [Hz]/[SiH«]=5,  the  photo¬ 
conductivity  was  improve  to  more  thtm  10”®(2  cm)-*,  and  the  photo- 
sent  tivity  rose  as  high  as  10®,  at  a  low  substrate  temperature  of 
sot  These  values  are  comparable  to  those  obtaine  in  conventional 
device-qutdity  films  deposite  at  200X; .  Concerning  the  optical 
band>:ap  (Eopt)  of  these  films,  Eoptz  was  around  2.0eV  when  the  h»  vs 
(aht  )*'’*  plot  (  Tauc's  plot)  was  use,  and  aroue  1.7eV  when  the  h» 
vs  («h»)*'®  plot  (Eopt.,)  was  use.  The  Eopt  were  higher  than  those 
for  conventional  a-Si  films  fabricate  at  20010  by  lOO-lSOmeV. 
In  addition,  the  thermal  stability  of  this  wide-bandgap  a-Si  was 
examine  using  annealing  experiments. 

Fig.  6  shows  the  characteristics  of  a-Si  solar  cells  whose  i- 
layer  was  prepare  by  the  hydrogen  dilution  methe  at  a  low 
substrate  temperature.  As  shown  in  this  figtire,  the  open  circuit 
voltage  (Voc)  is  as  high  as  0.95V.  The  increase  in  Voc  is  attribute 
to  the  increase  built-in  potential  of  the  solar  cell,  which  is  due 
to  the  wide-bandgap  of  i-layer.  The  conversion  efficiency  of  9%  was 
even  obtaine  for  a  -15001  thick  i-layer.  By  using  this  high-quality 
wid^bandgap  a-Si  as  the  front  active  layer  for  a  lcm“  a-Si/a-Si/ 
a-SiGe  stacke  solar  cell,  conversion  efficiency  of  12.1%  was 


i-layer  thickness  (A) 


Fig.  6  Characteristics  of  a-Si 
solar  cells  as  a  function 
of  the  i-layer  thickness, 
i-layers  were  wide-bandgap 
a-Si  prepared  by  the 
hydrogen  dilution  method  at 
a  low  substrate  temperature 


obtained,  as  shown  in  Fig.  7. 


hydrogen  dilution  at  tow  temperature 


VoltBge(V) 


Fig.  7  Illuminated  I-V 

characteristics  of  a  3- 
stacked  solar  cell  whose 
front  cell  was  fabricated 
by  the  hydrogen  dilution 
method  at  a  low  substrate 
temperature 


WIDER-BANDGAP  A-SICPREPARED  BY  THE  CPM  (CONTROLLED  PLASMA 
MAGNETRON)  METHOD 

Although  high-quality  wide-bandgap  a-Si  can  be  fabricated  by 
the  hydrogen  dilution  method  at  low  substrate  temperatures,  as 
mentioned  in  the  last  section,  it  is  difficult  to  raise  Eopts  above 
2.0eV.  Therefore,  carbon-rich  a-SiC  was  investigated.  It  is  well 
known  that  film  quality  deteriorates  as  the  carbon  content 
increases.  This  is  thought  to  be  caused  by  the  existence  of  C-H3 
bonds  in  films  in  large  quantities!  8].  Therefore,  we  investigated 
the  possibility  of  increasing  the  number  of  Si-C  bonds,  instead  of 
C-H3  bonds,  with  a  novel  plasma  CVD  method,  called  the  CPM 
(Controlled  Plasma  Magnetron)  method!  5]. 


The  CPM  (Controlled  Plasma  Magnetron)  method 

A  schematic  diagram  of  the  CPM  method  is  shown  in  Fig.  8.  This 
method  is  basically  a  capacitively  coupled  RF  glow  discharge  plasma 
CVD  method.  Electromagnets  are  positioned  under  the  RF  electrode  to 
generate  a  magnetic  field  in  the  plasma,  and  thus  the  plasma  can  be 
confined  near  the  RF  electrode.  Therefore,  a  high  electron  density 


Magnetron  current  (A) 

Fig.8  Schematic  diagram  of  the  Fig.9  The  CH”  emission  intensity 

CPM  method  near  the  RF  electrode  as 

a  function  of  Img 

plasma  can  be  easily  obtained  and  plasma  damage  to  the  substrate 

decrease. 

The  strength  of  the  magnetic  field  is  controlled  by  the 
magnetron  current  (Img)  through  the  electromagnet.  100  gauss  of 
magnetic  field  can  be  obtained  at  lmg=2A  near  the  center  of  the  RF 
electrode.  Fig.9  shows  the  emission  intensity  of  CH*(431nm)  near  the 
RF  electrode  in  a  CH4  plasma  measiired  by  the  OES  (Optic^  Emission 
Spectroscopy)  method  as  a  function  of  Img.  CH*  emission  intensity 
increased  with  Img,  and  became  about  1  order  of  magnitude  larger 

than  that  with  conventional  method  (lmg=0A)  in  the  case  of  Img=2A. 
Then  the  CH4  wtis  found  to  be  effectively  decomposed  by  the  CPM 

method.  This  indicates  carbon-rich  a-SiC  films  can  be  easily 
obtained  by  the  CPM  method.  When  a  mfgnetic  field  was  applied  to  the 
plasma,  optical  emission  could  not  be  observed  near  the  substrate. 

In  contrast,  plasma  emission  is  almost  constant  between  the 

substrate  and  the  RF  electrode  in  the  conventional  RF  plasma  CVD 

method.  Therefore,  plasma  damage  to  the  substrate  in  the  CPM  method 
is  thought  to  be  small  compared  with  that  in  the  conventional 

method. 

The  specifications  of  this  reaction  chamber  are  almost 
^uivalent  to  those  for  the  super  chamber.  The  background  pressure 
is  below  4xl0~*Pa,  even  at  a  substrate  temperature  of  4001,  so 

undesirable  impurities,  such  as  oxygen  or  nitrogen,  can  be  reduced 
below  5x10 ‘"cm”®. 


a-SiC  films 


the  CPM  method 


Undoped  a-SiC  was  prgjared  using  the  CPM  method  The  depositon 
conditions  are  shown  in  Table  2.  The  gases  were  SiH4(100X)  and 
CH4(diluted  to  lOX  in  Ha).  The  total  pressure  was  13.3Pa.  The 
magnetic  field,  which  was  controlled  by  the  magnetron  current  (Img), 
was  0  to  100  Gauss  (Img=0-2A). 

...  substrates  were  glass  (Corning  7059)  and  single  crystalline 
silicon  (c-Si;>1000S -cm).  Both  the  transmittance!  T)  and 
r^Iectance(R)  of  a-SiC  on  glass  was  measured  and  then  the 
absorption  coefficient  was  calculated  by  the  T/(l-R)  method[5].  From 
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the  IR  spectra,  hydrogen  contents  were  estimated  using  the 
absortence  of  the  Si-H  stretching  mode  (-2050cm“‘).  The  XPS  spectra 
were  characterized  by  fitting  Gaussian  curves  to  the  peaks. 
Conductivity  was  determined  using  a  coplanar  A1  electrode. 

Fig.  10  shows  the  absorption  coefficient  (a)  of  a-SiC  films 
prep2U'ed  by  the  conventional  plasma  CVD  method  and  the  CPM  method. 
The  a  decreases  as  the  magnetic  field  increases,  and  the  a  with  2A 
of  Img  is  about  one  order  of  magnitude  lower  than  that  of 
conventional  a-SiC.  Although  the  a  of  conventional  a-SiC  at  a 
photon  energy  of  3eV  is  2xl0®cm"*,  that  of  a-SiC  prepared  by  the  CPM 
method  is  2xl0'‘cm“'.  Figs.  11  and  12  show  the  plot  of  hi/  vs 
(ahu  (Tauc's  plot)  and  hi/  vs  (a  hi/  )*'^.  Tauc’s  plot  is  often 
used  to  determine  the  optical  bandgaplEoptz)  of  a-Si  and  related 
alloys  such  as  a-SiC  and  a-SiGe,  but  it  significantly  deviates  from 
a  linear  relationship  in  the  low  energy  region,  especially  in  the 
case  of  a-Si  related  alloys.  Therefore  other  ways  of  determining 
optical  bandgap  (hi/  vs  (a  hi/  )*'*)  have  been  attempted  and  good 
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Fig.  10  The  a  of  a-SiC  by  the  CPM 
method  and  conventional 
method 


Photon  energy  (eV) 


Photon  energy  (eV) 


Fig.ll  hi/  vs  (o  hi/  )*'*  plots  of  Fig.l2  hi/  vs  (o  hi/  I*'®  plots  of 
a-SiC  (Tauc's  plot)  a-SiC 


671 


290  285  280  lOS  100  95 

Binding  energy  (eV) 


Wavenumber  (cm"’) 


Fig.  13  The  XPS  spectra  of  a-SiC  Fig.  14  The  IR  absorption  spectra 
prepraed  by  the  CPM  method  of  a-SiC  prepared  by  the 

CPM  method 


linearity  was  found[6].  Indeed,  the  linearity  of  Fig.  12  is  better 
than  that  of  Fig.  11.  This  indicates  that  the  hi»  vs  (ahv  )*'“  plot 
is  useful  to  determine  the  optical  bandgap  (Eopts).  The  Eopta  of 
a-SiC  by  the  CPM  method  was  about  2.2eV  (Eopt2=2.5eV  ),  which  was 
about  0.4eV  higher  than  that  of  conventional  a-SiC.  Since  a  higher 
optical  bandgap  is  desirable  for  the  window  layer  of  a-Si  solar 
cells,  this  a-SiC  was  expected  to  be  effective  for  improving 
conversion  efficiency. 

XPS  and  AES  (Auger  Electron  Spectroscopy)  measurements  were 
used  to  analyse  the  carbon  content  of  films  quantitatively.  The  XPS 
spectra  are  shown  in  Fig.  13.  Carbon  bonded  as  Si~C  at  a  binding 
energy  of  -282eV  was  found  to  drastically  increase  as  Img  increased. 
The  ratio  of  Si-C  bonds  to  Si  was  estimated  by  fitting  these  spectra 
to  Gaussian  curves,  using  the  reference  XPS  spectra  of  crystalline 
(stoichiometric)  SiC.  Although  the  ratio  of  Si-C  to  Si  in 
conventional  a-SiC  was  about  0.15,  that  of  a-SiC  by  the  CPM  method 
was  0.6.  These  results  indicate  that  a-SiC  films  with  a  high  Si-C 
bond  density  can  be  easily  produced  usin^  the  CPM  method.  The  AES 
was  used  to  estimate  the  film  composition,  and  the  x  value  in 
a-Sii-xCx  was  found  to  increase  0.3  (conventional  a-SiC)  to  0.55 
(Iinp=2A).  This  indicates  that  the  a-SiC  with  Img=2A  is  nearly 
stoichiometric.  Fig.  14  shows  the  IR  spectra  of  these  films.  As  the 
magnetic  field  increased,  the  absorption  coefficient  of  Si-C  bonds 
increased  as  same  as  the  XPS  results.  However,  Si-H  bond  density  was 
found  to  decrease  about  1/4.  The  hydrogen  content  bonded  to  Si  was 
estimated  to  be  30X  (Inig^OA)  and  8X  (Iin^2A),  when  the  A  factor  was 
equal  to  that  of  a-Si  (A=1.4*10*®cm“).  From  the  XPS  and  IR 
measurements,  a-SiC  films  prepared  by  the  Cl^  method  were  found  to 
have  many  Si-C  bonds  and  low  Si-H  bond  density. 


p-type  a-SiC  films 


As  mentioned  above,  wide-bandgap  (EoptsS:  2.0eV)  a-SiC  could  be 
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fabricated  by  the  CPM  method.  Thus,  boron  doping  of  such  films  was 
investigated. 

Usually,  p-type  a-SiC  is  deposited  by  the  decomposition  of  a 
mixture  gases,  including  SiH^,  CH4  and  BzHs.  Using  this  method, 
however,  highly  transparent  and  highly  conductive  p-type  a-SiC  could 
not  be  obtained  in  this  experiment.  Thus,  we  adopted  another  doping 
method,  called  the  post  doping  method.  Undop^  a-SiC  was  first 
deposited  on  the  substrate,  and  then  it  was  exposed  to  the  BzHe 
plasma,  as  shown  in  the  left  part  of  Fig.  15. 

The  right  part  of  Fig.  15  shows  the  boron  profile  of  a  post 
doped  film  measured  by  SIMS  to  estimate  the  effective  depth  for  the 
p-layer.  Post  doping  was  performed  for  lOmin.  on  2000 A  thick  a-SiC. 
The  conditions  included  an  RF  power  of  0.05  W/cm®,  Img  of  OA,  a  gas 
flow  late  of  lOOsccm  and  a  pressure  of  13.3Pa.  As  shown  in  Fig.  15, 
the  effective  depth  as  a  p-layer  was  estimated  about  200A ,  in 
which  the  boron  concentration  was  about  1/e  compared  with  that  at 
the  surface.  This  thickness  is  sufficient  for  the  p-layer  of  a-Si 
solar  cells.  Fig.  16  shows  the  dark  conductivity  (od)  of  p-type 
a-SiC  prepared  by  these  two  methods.  The  dark  conductivity  was 
measur^  for  a-SiC  with  a  thickness  of  200A  in  the  case  of 
post  doping.  As  for  the  conventional  method,  o  d  of  10%  of  BzHb  to 
SiH^  is  SxlO-^fQ  -  cm)"*  and  lower  than  that  of  p-type  a-SiC.  By 
using  the  post-doping  method,  <t  d  increased  to  1.4xlO“^(Q  cm)"’, 
which  is  higher  than  that  of  conventional  p-type  a-SiC.  Therefore, 

the  post-doping  method  was  found  to  be  effective  for  obtaining 

highly-conductive  p-type  a-SiC  in  the  case  of  doping  such 
carbon-rich  films. 

Fig.  17  shows  a  of  p-type  a-SiC  films  prepared  by  the  CPM 
method  and  conventional  method.  Since  a  can  not  be  determined 
accurately  for  a  thin  film,  the  post-doped  films  was  fabricated  by 

the  5  cycle  repetition  of  deposition  and  post  doping  ((120A+post 
doping  5mia)x5times).  The  dark  conductivity  of  these  films  was 
almost  same  (3xl0"^(2  cm)"’).  Although  the  a  of  p-type  a-SiC  was 
higher  than  that  of  undop^  a-SiC,  that  prepared  by  the  CPM  method 
was  lower  than  that  prep2U'ed  by  the  conventional  method.  The 

post-doped  film  was  found  to  have  the  lowest  o  ,  especially  in  the 
short  wavelength  regioa  Although  a  of  conventional  film  was 
2xl0®cm  ’  at  400nm,  that  of  film  prepared  by  the  CPM  method  was 
5xl0'‘cm"’.  This  means  that  the  absorbance  in  a  lOOA  thick  p-layer 


Fig.  15 


plasma  treatment 


Post-doping  method  and 
doped  by  this  method 


Depth  (A) 


boron  depth 


profile  of  p-type  a-SiC 
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in-sMu  doping  post-doping 


B2H6/SiH4(%)  Treatment  (min) 


Fig.  16  The  <t  d  of  p-type  a-SiC  by  Fig.  17 
the  CPM  method  using  the 
post-doping  technique  and 
conventions  method 

Table  3  Film  properties  ot  p-type  a-SiC  prepared  by  the  CPM  method 
using  the  post-doping  technique 


CPM 

Conventional 

Carbon  content 
(from  AES) 

-0.5 

<0.2 

Un- 

XPS  peak  ratio 

Ctf  (Si"C)/Si2o 

-0.6 

-0,15 

doped 

Hydrogen  content 
(Si-Hx) 

<10at.% 

-30  at.% 

Absorp.  coeff. 
at  400nm 

6X10‘-2X10’ 

cm' 

>2X1 OW 

P- 

Eopt]  (Eoptz) 

>2.0  (2.2)  eV 

<1.7  (l.9)eV 

type 

Dark  conductivity 

3X10 '-1X10“ 
(Qcm)' 

-10'‘(Qcm)' 

can  be  decreased  from  20  to  5%  using  the  CPM  method.  By  using  this 
wider  bandgap  (Eopta^  2.0eV)  and  highly  conductive  (<rdS10“® 
(Q  cm)  ')  p-type  a-SiC  as  a  window  layer,  the  conversion  efficiency 
of  a-Si  solar  cells  is  expected  to  be  improved  furthermore.  Table  3 
shows  a  summary  of  film  properties  prepared  by  the  CPM  method. 


CONCLUSIONS 

High-quality  wide-bandgap  materials  were  developed  to  improve 


Photon  energy  (eV) 


The  a  of  p-type  a-SiC 
with  the  add  3x10”'' 
(Q  cm)-* 
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the  conversion  efficiency  of  a-Si  solar  cells.  A  total  area 
conversion  efficiency  of  11.1%  was  achieved  for  a  lOcmxlOcm 
integrated-type  a-Si  solar  cell  submodule,  using  p-type  a-SiC  doped 
with  BfCHala  and  other  advanced  techniques. 

High-quality  wide-bandgap  a-Si  was  obtained  by  the  hydrogen 
dilution  method  at  a  low  substrate  temperature.  By  using  this 
wide-bandgap  a-Si  as  the  front  active  layer  in  a-Si/a-Si/a-SiGe 
stacked  solar  cells,  a  conversion  efficiency  of  12.1%  was  obtained 
for  a  lcm“  cell. 

For  further  improvement  in  conversion  efficiency,  wider-bandgap 
(Eopta^  2.0eV)  a-SiC  was  prepared  by  the  CPM  method,  which  can 
decompose  material  gases  effectively.  The  obtained  film  has  a  high 
Si-C  jx)nd  density  and  low  Si-H  bond  density.  The  absorption 
coefficient  of  these  films  was  about  1  order  of  magnitude  lower  than 
that  of  conventional  a-SiC.  Post  doping  technique  was  adopted  to 
this  c^bon-rich  a-SiC  to  prepare  p-type  a-SiC,  and  highly 
-conductive  ( <7  dS  10“®{2 -cmp*)  and  wide-bandgap  (Eopta^  2.0eV) 
films  were  obtained.  These  film  properties  promise  higher  efficiency 
a-Si  solar  cells. 
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DOPED  AMORPHOUS  AND  MICROCRYSTALLINE  SILICON  CARBIDE  AS  WIDE 
BAND-GAP  MATERIAL 


F.  Demichelis*  ,  C.F.  Pi  Ti*  ,  E.  Tresso*  and  P.  Rava* 

^  Dipar t imento  di  Fisica,  Politecnico  -  C.  so  Duca  degli  Abruzzi 
24,  10129  Torino  (Italy) 

-  Eletfrorava  S.p.A.,  10040  Savonera  Torino  (Italy) 


Amorphous  and  microcrystalline  silicon  carbide,  undoped  and 
doped,  are  promising  materials  as  wide  band  gap  semiconductors 
Itg  >  2  eV)  .  In  the  present  work  results  on  hydrogenated  and 
fluorinated  a-SiC  and  uc-SiC  films  intrinsic  ,  B  or  P  doped  are 
reported.  Energy  gap  higher  than  2  eV  are  obtained  together  with 
electrical  dark  conductivities  in  the  range  10'*^  -  10'* 


INTRODUCTION 

Anderson  and  Spear  (1)  first  reported  results  on  hydrogenated 
amorphous  silicon  carbide  (a-SiC:HJ  films,  deposited  by  the 
glow -d i scharge  method,  and  showed  that  the  optical  band-gap  of 
the  films  increases  continuously  with  increasing  carbon  content. 
In  recent  years  there  has  been  a  great  interest  to  control  the 
electrical  conductivity  of  wide  band-gap  a-SiC:H  thin  films  for 
application  in  devices  such  as  hetero junct ion  bipolar  transistors 
(2)  and  phutovoltaic  cells  (3).  So  a  number  of  i  nvest  i  gat  ic>ns 
have  been  made  on  a-Si(':H  and  related  materials.  Fundamental 
changes  in  the  electro- opt ical  character ist ic«  of  a-SiC;H  orcur 
with  doping. 

Boron  doped  a-SiC:H  (p-type)  is  widely  used  as  a  window  layer 
foi  hetero]unct ion  amorphous  silicon  solar  cells  resulting  in 
significant  improvement  in  efficiency  (4).  However  B  doping 
degrades  some  properties  of  a-SiCiH  in  fact,  as  the  boron 
concentration  increases  defects  are  introduced  in  the  pseudo-gap, 
decreasing  the  energy  gap. 

Ph()Kph(»rus  doped  a-SiCiM  (n-type)  films  show  good  optical 
properties  and  high  band  gap  even  at  high  dopant  concentration, 
but  they  do  not  reach  high  electrical  conductivity  {?)>. 

In  fluorinated  amorphous  silicon  carbide,  a  SiCiH.F,  the 
optK'al  gap  increases  with  fluorine  content  up  to  values  as  high 
as  3.1  eV  (6).  Using  suitable  deposition  conditions  excellent 
films  having  large  optical  gap  and  high  photoconduct i vi t y  have 
been  obtained  (7). 

Recently  Hattori  et  al.  (8)  have  deduced  from  Raman  experiments 
that  samples  composed  of  Si  microcrystals  embedded  in  an  amorphous 
SiU  matrix  show  opt ical  transparency  and  good  electrical 
c'jnduct  i  vi  t  y .  A  further  improvement  in  the  conductivity  without 
t'hanges  in  the  high  optical  gap  can  be  obtained  by  doping  the 
mierocrystal 1 ine  samples  (9,10). 

In  r>rder  to  establish  how  silicon  carbide  alloys  c'ould  provide 
wide  band  gap  material  as  well  a.s  a  good  control  of  electrical 
properties  we  investigated  the  optical  and  electrical  properties 
of  undoped  and  doped  amorphou.s  and  microcrys  t  ai  1  i  ne  silicon 
carbide  alloys.  Optical  gap  higher  than  2  eV  together  with 
conductivity  in  the  range  10"'*  -  10’*  0  cm  have  been  obtained. 
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TABLE  I 

Deposition  conditions 


SiH4 

(seem) 

CH4 

(seem) 

(seem) 

PHa  -Ba 
( vppm ) 

Td 

(°C) 

P 

(Pa) 

P 

(W) 

PECVD 
a-SiC :H 

0-70 

0 

0 

200 

40 

50 

PECVD 

3-13 

0-10 

180-200 

0-1  10< 

200 

30-40 

150 

Hz 

(seem) 

Td 

(°r) 

P 

(Pa) 

P 

(K) 

PECl'D 

uc  -  S  i  C  :  H ,  F 

H 

0.5-2 

200 

200 

30 

160 

Hz 

(seem) 

T. 

(°C) 

P 

(Pa) 

P 

(K) 

SPUTT. 

a-SiC:H,F 

100 

1.5-11 

7-17 

260 

EXPERIMENTAL 

lilms  of  a-SiC:H  and  mc  -  SiC:H  were  deposited  by  PJasma 
Enhanced  Chemical  Vapour  Deposition  (PECVD)  of  SiH4 -^084 (H2  ) 
miNtures  with  controlled  addition  of  B2 or  PHs . 

The  a-SiC:H,F  films  were  prepared  by  R.F.  spu'  tering  of  a 
silicon  target  in  Ar-H2*CF4  mixture. 

The  iic-SiC:H,F  films  were  deposited  by  PFCVD  in  SiH4*CF4-^H2 
mixtures . 

The  deposition  conditions  of  the  films  are  listed  in  Table 
I.  The  cr ist a  1 1  ini t y  of  the  films  was  verified  by  IR  and  Raman 
spectroscopies  and  Transmission  Electron  Microscopy  (TEM) . 

Optical  t ransmi t t ance  and  reflectance  were  measured  by  a 
Perkin  Elmer  I’V-visible-NIR  Lambda  9  spectrophotometer  in  the 
wd\elength  region  200-2500  nm.  D.C.  electrical  conductivity  was 
measured  in  coplanar  configuration  under  vacuum  with  a  Hewlett 
Packard  -1329  A  High  Resistance  Meter. 

RESULTS  AND  DISCUSSio.V 

The  absorption  coefficient  as  deduced  from  direct  optical 
and  PDS  me ’sui  ement s  is  shown  in  Fig.  1  for  undoped,  p-doped  and 
n  doped  a-SiC:H  typical  samples  and  in  Fig.  2  for  undoped  and 
doped  uc  -SiC:H  samples.  It  can  b<»  observed  that  in  a-SiC:H  the 
ucdoped  films  show  an  absorption  coefficient  vs.  photon  energy 
typical  of  semiconductors  with  energy  gaps  higher  than  2  eV.  As 
dopant  atoms  are  incorporated  the  optical  properties  degrade  and 
tn:-  energy  gap  decreases,  more  strongly  for  boron  doped  than  for 
phosphorus  doped  amorphous  films.  For  tn7-SiC:H  films  the  optical 
pt  jperties  are  only  slightly  affected  by  doping  and  all  the 
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samples  show  energy  gaps  higher  than  2  e\ . 

In  order  to  compare  our  results  with  those  published  by  other 
authors,  the  optical  gap  Eg  was  deduced  using  Tauc's  definition, 
even  if  its  applicability  to  microcrystalline  films,  to  doped 
amorphous  semiconductors  and  carbon-rich  materials  is 
questionable  (11,12).  Moreover  also  the  Eo<  gap  defined  as  the 
energy  corresponding  to  o  =  10*  cm"*  was  deduced.  Both  Eg  and 
Eo <  for  the  different  sets  of  samples  are  summarized  in  Table 
IT.  In  undoped  a-SiC:H,  Eg  is  included  in  the  range  1.9  -  2.5 
eV  ,  depending  on  carbon  contents.  In  amorphous  samples  a  narrowing 
in  Eg  can  be  observed  as  the  doping  concentration  increases, 
higher  in  boron  than  in  phosphorus  doped  films.  This  fact  can  be 
explained  for  boron  doped  samples  by  the  decrease  of  H  content 
and  an  increase  of  defects  as  BgKs  partial  pressure  increases. 
In  phosphorus  doped  films  H  decrease  was  not  observed  and  the 
nan  owing  of  the  band-gap  is  probably  only  due  to  dopant  induced 
defects  ( 5 )  . 

Microcrystalline  undoped  SiC:H  films,  investigated  by  TEM,  have 
shown  crystalline  fraction  lower  than  50%  and  crystalline  size 
of  about  20u  A.  Values  of  Eg  are  around  1.9  -  2.2  eV  independently 
from  microcrystal  fraction  and  size  and  with  carbon  and  hydrogen 
percentage  ranging  from  5  to  15%  and  from  5  to  20%  respectively. 
In  phosphorus  doped  microcrystalline  films  an  enhancement  in 
microorysta 1 1  ini  ty  has  been  observed  (13)  and  the  optical 
properties  are  practically  independent  from  P  content  (10).  It 
is  Itnown  that  boron  inhibits  microorysta!  formation  (14),  so  only 
slightly  doped  films  are  microcrystalline  and  have  energy  gap 
higher  than  2  eV.  As  the  boron  content  increases  the  microcrystal 
fraction  and  size  decreases  and  the  optical  properties  of  the 
films  follow  the  trend  of  p  doped  aSiCiH. 

A  particular  interest  must  be  devoted  to  fluorinated  silicon 
carbide  samples.  Both  amorphous  and  microcrystalline  SiC:H,F  show 
high  values  of  Eg  (as  it  can  be  observed  in  Fig. 3-4).  In  a-SiC:H,F 
samples  prepared  by  sputtering  energy  gap  from  2.0  up  to  3.1  eV 
have  been  obtained.  In  samples  prepared  by  PECVD  the  values  of 
Eg  are  included  in  the  range  2.25  2.45  eV.  Probably  the  fluorine 
incorporation  gives  rise  to  the  removal  of  localized  states  near 
the  band  edges  increasing  the  energy  gap  (6,15). 

The  dark  conductivity  a,  for  the  different  samples  is  reported 
in  Table  II.  It  can  be  seen  that  the  conductivity  of  a-SiC:H  is 
very  low  and  it  increases  about  7  orders  of  magnitude  in  boron 
doped  samples  and  about  5  orders  of  magnitude  in  phosphorus  doped 
ones . 

.A  remarkable  improvement  in  conductivity  is  obtained  in  uc 
-SiC:H.  From  values  included  in  the  range  10"’  -  10"'  tl  cm  '  for 
undoped  samples,  values  as  high  as  10"'  Q  cm  and  10"'  0  cm  ' 
for  boron  and  phosphorus  doped  respectively  can  be  achieved. 

The  hi-'h  optic.il  gap  together  with  the  high  conductivity  is 
attributed  to  the  change  in  the  network  structure,  i.e.  the 
microcrystal 1 izat ion ,  As  far  as  the  a-SiC:H,F  films  are  concerned 
it  can  be  observed  that  the  fluorine  incorporation  widens 
drastically  the  gap  whereas  the  conductivity  is  only  one  order 
of  magnitude  higher  than  that  of  a  SiC:H  (6). 


i-ig.  1  -  Absorption  coefficient 
vs.  energy  for  device-quality 
a-SiC:H  with  10  at%  of  C: 

( O  )  undoped,  (  A  )  P  doped 
with  4200  vppm  of  PH-  and 
(  *  )  B  doped  with  4200  vppm 

Of  B,H-. 


Fig.  2  -  Absorption  coef¬ 
ficient  vs.  energy  for 
l»c-SiC:H  with  5  at%  of  C: 

(  I  undoped,  (  A  )  P 
doped  with  2200  vppm  of  PH- 
and  ( ®  )  B  doped  with  5000 
vppm  of  B,H.. . 


Fig.  3  -  Absorption  coefficient 
vs.  energy  for  undoped  a-SiC:H,F 
produced  by  sputtering  with 
different  CF.  partial  pressure: 

(  )  8  mPa,  (  O  )  23  mPa, 

(  A  )  51  mPa. 


Fig.  4  -  Absorption  coef¬ 
ficient  VO.  M'ergy  for 
PECVD  undoped  |lc-SiC:H,F 
with  different  CF  partial 
pressure:  (  ■  )  75  mPa, 

(  &  )  225  mPa,  (  *  )  375  raPa 
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TABLE  II 

Band-gap  and  electrical  conductivity 


E, 

(eV) 

Eo  4 

(eV) 

0. 

(n“cm-') 

PECVD 

a-SiC:H 

undoped 

1.9-2. 5 

2. 0-2. 7 

10- 10 -10- <7 

PECVD 

a-SiC:H 

B -doped 

1.6-1. 9 

1. 8-2.1 

10- » -10-0 

PECVD 

a-SiC:H 

P-doped 

1. 9-2.1 

2. 0-2. 2 

10-’-10-“> 

PECVD 

MC-SiC:H 

undoped 

1 .9-2.2 

2. 1-2. 2 

10-0-10-0 

PECVD 

UC-SiC:H 

B-doped 

1.9-2. 2 

1.9-2. 2 

lO-o-lO-o 

PECVD 

l«c-SiC:H 

P-doped 

1.9-2. 2 

2. 1-2. 2 

10-0  -10-0 

PECVD 

|ic-SiC:H,F 

undoped 

2. 0-2. 4 

2. 1-2.6 

10-7-10-0 

SPUTT. 

a-SiC:H 

undoped 

2. 0-2. 6 

2. 0-2. 7 

10-0-10- “> 

SPUTT. 

a-SiC:H,F 

undoped 

2. 0-3.1 

2. 0-3.1 

10-0  -10-‘  ■ 

CONCLUSIONS 

As  a  conclusion  it  can  be  deduced  that  in  silicon-carbon 
alloys  high  optical  band-gap  can  be  achieved  both  in  amorphous 
and  in  microcrys ta  1 1  ine  films.  In  amorphous  films  the  high  band-gap 
is  coupled  to  a  difficulty  to  control  electrical  properties.  In 
doped  films  the  electrical  conductivity  ranges  from  10" '•  to  10-’ 
n'cm  '  with  a  decrease  of  optical  gap  from  2.1  to  1.6  eV. 

In  microcrystalline  SiC:H  films  energy  gaps  in  the  range  2  -  2.25 
eV  have  been  obtained  with  dark  electrical  conductivity  from  10"’ 
to  10"  *  Q'  ‘  cm 

In  fluorinated  undoped  SiC;H,F  films  energy  gaps  up  to  3.1  eV 
for  amorphous  and  2.4  for  microcrystalline  films  have  been 
optained.  In  such  films  the  conductivity  is  of  the  order  of  10-* 
ii  ‘  cm  ' 
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ABSTRACT 

Polysilane  thin  films  have  been  grown  by  the  rf  glow  discharge  decomposition  of 
SiH4  at  substrate  temperatures  ranging  from  -84  to  -110°C.  The  infrared  absorption 
spectra  have  shown  that  polysilane  chains  (SiH2)n  are  predominantly  incorporated 
in  the  matrix  together  with  SiHg  which  terminates  the  chain.  Also,  the  infrared 
absorption  band  at  2120-2140  cm  ’  and  a  distinct  Raman  peak  at  -430  cm  ’ 
indicates  that  farriy  long  chains  (SiHg)^  with  n>11  are  produced.  Polysilane 
prepared  at  -110’C  has  an  optical  bandgap  of  about  3.1  eV  and  exhibits  a  visible 
luminescence  around  2.75  eV  at  100  K. 

INTRODUCTION 

The  physical  properties  of  binary  Si:H  materials  are  tightly  connected  with  the 
hydrogen  contents  and  the  Si-H  bonding  configurations.  As  is  well  known  device¬ 
quality  hydrogenated  amorphous  silicon  with  an  optical  bandgap  of  1.7-1  8  eV 
contains  about  10-15  at.%  hydrogen  in  the  form  of  monohydride  when  it  is  prepared 
at  temperatures  from  200  to  300°C  by  the  plasma  enhanced  CVD  using  SiH^.  Wide- 
optical-gap  (2.4-2.55  eV)  binary  Si:H  alloys  consisting  of  a  significant  amount  of 
polysilane  (SiHjln  groups  have  been  grown  at  -53  ‘C  by  the  disilane  glow  discharge 
decomposition  [1]  or  at  room  temperature  by  the  homogeneous  chemical  vapor 
deposition  (HOMOCVD)  of  silane[2].  Despite  a  number  of  work  on  hydrogen-rich 
Si:H  alloys,  very  little  is  known  on  the  specific  feature  of  vibrational  spectra  and  on  an 
optical  bandgap  value  for  ideal  polysilane. 

In  this  paper,  we  describe  the  procedure  of  fabricating  long  chain  polysilane 
from  an  SiH^  discharge  at  cryogenic  temperatures.  The  optical  characterization  of 
the  deposited  films  has  been  carried  out  to  confirm  the  existence  of  long  polysilane 
chains  and  a  wide  optical  bandgap  formation. 

EXPERIMENTAL 

Binary  Si:H  films  were  deposited  on  quartz,  Al  and  c-Si  substrates  by  the  rf  glow 
discharge  decomposition  of  3%  SiH^  diluted  with  Hj  in  a  capacitively  coupled 
reactor[3].  The  substrate  temperature  was  changed  in  the  range  -57  to  -11  OX  by 
controlling  liquid  nitrogen  flow  rate  The  total  gas  pressure  and  the  rf  power  density 
were  maintained  at  0  2  Torr  and  0  44  W/cm^.  respectively. 

RESULTS  AND  DISCUSSION 
Film  Growth  and  Structural  Analysis 

The  film  growth  rate  is  kept  constant  at  about  0  3  A/sec  in  the  temperature  range 
from  -57  to  -81  °C,  while  it  is  abruptly  increased  up  to  about  2  A/sec  below  -84°C  as 
shown  in  Fig.  1 .  The  growth  rate  enhancement  could  be  attributed  to  an  increase  in 
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SUBSTRATE  TEMPERATURE  (“C) 

Fig.  1  Si:H  film  growth  rate  as  a  function  of  substrate  temperature. 


Fig.  2  Infrared  absorption  speclia  of  the  S'Hx  stretching  modes  for  binary  Si:H  films 
grown  at  different  substrate  temperatures. 

the  effective  sticking  probability  of  gas  phase  products  or  the  increased  surface 
residence-time  of  n  ajor  film  precursors.  Also,  the  etching  reaction  promoted  by 
hydrogen  radicals  might  be  effectively  quenched  at  such  low  temperatures[4]. 
Further  discussion  on  the  film  growth  rate  should  be  done  in  connection  with 
incorporated  hydrogen  bonds. 

The  infrared  absorption  spectra  for  films  grown  at  temperatures  below  -84°C  exhibit 
the  predominant  incorporation  of  polysilane  chains  (SiHgjn  whose  vibrational  bands 
appear  at  2120  and  2140  cm  ’  [5]  as  represented  in  Fig.  2  An  appreciable  amount 
of  SiHj  units,  which  give  rise  to  the  absorption  at  2140  cm  ’  and  terminate  the 
(SiHjlp  chains,  are  also  incorporated  in  the  matrix.  At  temperatures  above  -81  °C, 
the  isolated  SiHj  bond  absorption  at  2090  cm  '  or  the  SiH  bond  absorption  at  2000^ 
cm  ’  is  predominant  as  in  the  case  of  hydrogenated  amorphous  silicon  grown  at 
200~300”C.  The  hydrogen  content  estimated  by  the  integrated  absorption  intensity 
of  the  stretching  mode  using  a  proportional  constant  of  1.4x10^°  cm'^  [6]  rapidly 
decreases  with  increasing  the  substrate  temperature,  being  about  28  at.%  for  a 
sample  prepared  at  -57°C  The  proportional  constant  can  not  be  used  for  the  case  of 
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Fig.  3  Optical  bandgap  Eopt  and  refractive  index  as  a  function  of  substrate 
temperature.  Open  circles  denote  Eopt  determined  from  the  photon  energy  at  which 
the  absorption  coefficient  becomes  equal  to  10^  cm' V 


polysilane  The  polysilane  chain  length  is  evaluated  from  the  absorption  peak  shift  of 
the  stretching  mode  or  the  infrared  absorption  intensity  ratio  of  845  cm'’  (bend- 
scissors)  band  to  890  cm  ’  (wagging)  [8],  indicating  that  the  value  of  n  for  (SiHj)^  is 
larger  than  11  for  films  grown  at  substrate  temperatures  below  -84°C.  From  these 
results  it  is  likely  that  the  growth  rate  enhancement  at  temperatures  below  •84°C  and 
corresponding  long-chain  polysilane  formation  are  caused  by  a  higher  condensation 
rate  of  gas  phase  products  and  their  polymerization  reactions  on  the  surface  without 
any  hydrogen  radial  etching.  Note  that  the  gas  phase  polymerization  reaction  is 
negligible  in  the  present  experimental  conditions  because  a  silane  partial  pressure  is 
as  low  as  6  mTorr 


Optical  Properties 

The  optical  bandgap  was  determined  by  the  Tauc  plot  and  also  by  the  photon 
energy  at  which  the  absorption  coefficient  reaches  10“*  cm  ’  as  shown  in  Fig  3.  The 
measured  optical  bandgap  is  3. 1-3.2  eV  for  films  deposited  at  a  substrate 
temperature  of  -110°C,  being  in  consistence  with  a  theoretical  value  (3.1  eV) 
predicted  for  an  ideal  linear-chained  polysilanel?].  Gradual  decrease  of  the 
refractive  index  with  lowering  the  substrate  temperature  is  basically  explained  by  the 
increase  of  the  optical  bandgap.  This  implies  that  the  growth  rate  enhancement  at 
low  substrate  temperatures  is  not  due  to  a  decrease  in  the  film  density. 

The  Raman  spectrum  taken  for  polysilane  grown  on  an  Al  plate  at  -84'’C  provides 
additional  information  on  the  material  structure.  A  distinct  peak  with  a  full  width  at 
half  maximum  of  -25  cm  ’  appears  at  -430  cm  ’,  being  very  different  from  a  broad 
peak  at  480  cm  ’  that  originates  from  the  Si-Si  TO  mode  in  conventional  a-Si:H  with 
a  hydrogen  content  of  12  at  %  as  compared  in  Fig.  4.  The  fairly  sharp  -430  cm  ’ 
peak  has  been  assigned  as  the  LO  mode  of  Si  skeleton  for  long-chain 
polysilane[5,9).  This  is  consistent  with  the  chain  length  n>1l  estimated  by  the 
infrared  absorption. 
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Fig.  4  Raman  spectta  for  polysilane  grown  at  -84°C  and  conventional  a-Si:H 
prepared  at  300°C.  An  Ar*  ion  laser  was  used  as  an  excitation  source 


Fig.  5  Photoluminescence  spectrum  obtained  at  100  K  for  polysilane  grown  at 
-110°C.  A  337.1  nm  line  from  an  N2  laser  is  utilized  as  an  excitation  source. 

The  polysilane  film  prepared  at  -IIO'C,  whose  optical  bandgap  is  3.1  eV,  exhibits  a 
visible  photoluminescence  at  2.75  eV  with  a  full  width  at  half  maximum  of  0.8  eV  at 
100  K  for  the  excitation  with  a  337.1  nm  light  from  an  N2  laser  as  shown  in  Fig.  5. 
Although  an  infinitely  chained  polysilane  (SiH2)n  has  a  direct  allowed  gap  at  the  r 
point  as  predicted  by  the  calculation  using  the  Slater-Koster  LCAO  method  [10],  the 
origin  of  this  luminescence  band  is  still  unknown  and  might  be  due  to  the  band-tail 
transition  with  strong  phonon  coupling  or  defect  related  bound-exciton  rather  than 
the  interband  transition. 

Structural  Stability 

The  result  of  the  gas-evolution  measurement  for  polysilane  grown  at  -84°C  is 
shown  in  Fig.  6.  The  evolution  spectrum  for  conventional  a-Si:H  prepared  at  300° C 
is  also  shown  for  comparison.  In  a-Si;H  the  hydrogen  evolution  peak  appears 
around  400°C,  while  in  the  polysilane  the  evolution  maximum  for  molecular 
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Fig.  6  Gas-evolution  intensity  for  polysilane  grown  at  -84“C  and  conventional  a-Si:H 
prepared  at  300°C-  Samples  were  heated  at  a  constant  heating  rate  of  6  °C/min 


AIR  EXPOSURE  TIME  (min) 

Fig.  7  Infrared  absorbance  of  the  Si-O-Si  stretching  mode  at  -1050  cm'^  as  a 
function  of  air  exposure  time  for  films  grown  at  different  temperatures. 
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Fig.  8  Infrared  absorption  spectra  for  polysilane  grown  at  -110"C  for  different  air 
exposure  times. 
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hydrogen  is  shifted  down  to  320°C  because  of  the  absence  of  three  dimensional  Si 
network.  It  is  interesting  to  note  that  the  evolution  of  SiH^  molecular  units  arising 
from  the  thermal  dissociation  of  the  (SiHg)^  chain  is  observable  at  about  280°C.  This 
is  a  possible  cause  of  polysilane  surface  oxidation  at  room  temperature.  The  IR 
absorption  at  -1050  cm'^  due  to  the  Si-O-Si  stretching  mode  is  measured  as  a 
function  of  air  exposure  time  for  films  grown  at  different  temperatures  (Fig.  7). 
Polysilane  deposited  at  temperatures  below  -93‘‘C  contains  a  significant  amount  of 
SiHg  units  and  the  film  is  easily  oxidized.  The  oxidation  starts  from  the  backbond  of 
SiH3  in  the  film  as  shown  in  Fig.  8,  where  polysilane  uptakes  oxygen  to  produce 
OSiHa  (-2160  cm-1),  OSiHg  (-2180  cm  ’)  and  OgSiHg  (-2230  cm  ’)  units[11].  The 
Si-Si  bond  connected  with  SiHg  which  is  located  at  the  edge  of  polysilane  chain  is 
more  reactive  than  that  of  the  Si  skeleton  in  the  (SiHgjp  chain  because  of  a  little  high 
electronegativity  of  H  compared  to  that  of  Si.  Oxygen  molecule  preferentially  attacks 
the  backbond  of  SiHg  and  the  incorporation  of  highly  electronegative  oxygen  causes 
the  further  oxidation  of  the  Si  skeleton.  On  the  other  hand,  no  oxidation  proceeds  for 
polysilane  grown  at  temperatures  above  -84°C  because  of  less  amount  of  SiHg. 

CONCLUSIONS 

We  have  demonstrated  that  wide-bandgap  (-3.1  eV)  binary  Si:H  films 
consisting  of  long-chained  (SiHg)^  (n>11)  units  can  be  deposited  at  temperatures 
below  -84°C  by  plasma  enhanced  CVD  and  that  polysilane  grown  at  -110°C  exhibits 
visible  photoluminescence  band  around  2.75  eV  at  100K.  It  is  also  shown  that 
polysilane  which  contains  an  appreciable  amount  of  SiHg  units  tends  to  be  oxidized. 
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ABSTRACT 

The  creation  mechanisms  of  Si  and  N  dangling  bond  defect 
centers  in  amorphous  hydrogenated  silicon  nitride  thin  films  by 
ultra-violet  (UV)  Illumination  are  investigated.  The  creation 
efficiency  and  density  of  Si  centers  in  the  N-rich  films  are 
independent  of  illumination  temperature,  strongly  suggesting 
that  the  creation  mechanism  of  the  spins  is  electronic  in 
nature,  l.e.,  a  charge  transfer  mechanism.  However,  our  results 
suggest  that  the  creation  of  the  Si  dangling  bond  in  the  Si-rich 
films  are  different.  Last,  we  find  that  the  creation  of  the  N 
dangling-bond  in  N-rich  films  can  be  fit  to  a  stretched 
exponential  time  dependence,  which  is  characteristic  of 
dispersive  charge  transport. 

INTRODUCTION 

Amorphous  hydrogenated  silicon  nitride  (a-SiNjjiH)  is  a 
rather  unique  material  due  to  its  use  in  a  wide  variety  of 
applications.  For  instance,  a-SiNv:H  is  extensively  used  in 
non-volatile  memories  because  of  its  excellent  charge  trapping 
properties,  or  as  the  primary  dielectric  for  thin  film 
transistors.  In  order  to  fabricate  higher  quality  films,  much 
effort  has  been  employed  in  understanding  the  origin  and  nature 
of  paramagnetic  and  diamagnetic  defects  in  this  material  [1-6]; 
interesting  enough,  these  defects  appear  to  be  an  intrinsic  part 
of  the  material  [6]. 

It  has  been  known  for  quite  some  time  that  optical 
illumination  creates  paramagnetic  defects  in  a-SiNjj:H  thin  films 
[2, 3, 5, 6]  as  is  the  case  for  several  amorphous  materials,  i.e., 
a-Si  [1,7],  a-se,  a-As2Se3,  a-As  [8],  etc.  Typically  the  only 
paramagnetic  defect  observed  in  UV-illuminated  as-deposited  a- 
SiN^:H  is  the  Si  dangling  bond  (db)  [1-3, 5, 6].  However,  after 
annealing  N-rich  films  at  temperatures  exceeding  the  substrate 
temperature  (T-) ,  the  N  db  becomes  the  dominant  defect  center 
generated  by  UV  Illumination  [6,9].  In  order  to  further 
understand  the  mechanism(s)  by  which  the  intrinsic  diamagnetic 
defect  sites  are  brought  to  their  neutral  paramagnetic  state,  we 
have  employed  electron  paramagnetic  resonance  (EPR) ,  optical 
illumination  at  different  '.emperatures ,  and  differing  processing 
conditions  in  this  study. 

EXPERIMENTAL  CONDITIONS 

The  a-SiN^:H  thin  films  were  deposited  by  plasma  enhanced 
chemical  vapor  deposition  (PECVD)  on  fused  silica  substrates  to 
a  thickness  of  approximately  l  micron  at  T^  of  250  or  400°C. 

The  stoichiometry,  determined  by  an  electron  microprobe 
technique,  was  changed  by  varying  the  NH3  to  SiH^  ratio  [9-11]. 
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The  EPR  measurements  were  made  using  non-saturating  microwave 
power  conditions.  The  density  of  Si  and  N  dbs  were  determined 
by  using  a  microwave  cavity  and  a  weak  pitch  spin 

standard.  UV-illumination  (hv  <  5.5  eV)  was  performed  using  an 
Oriel  lOOH  Hg  lamp  at  either  room  temperature  or  100  K. 
:4onochromatlc  illumination  was  obtained  by  filtering  the 
broadband  light  with  appropriate  narrow-band  (10  nm) 
interference  filters. 


RESULTS  AND  DISCUSSION 


Fig.  1  Illustrates  the  variation  of  the  Si  db  densities 
with  film  stoichiometry  (x)  for  as-deposited  and  broad-band  UV- 
illuminated  a-SiN^:H  thin  films.  The  variation  of  the  Si  db 
with  X  have  been  reported  for  as-deposited  films  by  a  number  of 
investigators  [10, ll].  some  general  features  of  the  EPR  spectra 
are  the  zero-crossing  g-value  and  the  peak-to-peak  derivative 
linewidth  of  the  Si  db  varies  from  g  =  2,005  and  =  7  G  in 

a-Si  to  g  =  2.0028  and  AH__  =  13.6  G,  respectively , or  both 
the  as-deposited  and  UV-illuminated  a-SiN„:H  films.  The 
broadening  has  been  attributed  to  spin  delocalization  on  the  N 
neighbors  as  the  N  content  increases  [6,12].  As  shown  in  Fig. 

1,  the  Si  db  concentrations  for  both  the  as-deposited  and  UV- 
illuminated  films  are  dependent  on  film  stoichiometry;  they  are 
the  lowest  for  N-rich  and  a-Si:H  films  [3,10,11].  (3)  The  as- 
deposited  Si  db  density  is  dependent  on  substrate  temperature 
[3,10];  however,  the  UV-induced  spin  density  is  not  [3]. 


0.00  0.32  0.64  0.96  1.28  1.60 


X  -  N/Si  Atomic  Ratio 

Fig.  1  Si  db  concentration  for  as-deposited  and  UV-illuminated 
a-SiNjjiH  films.  The  triangles  are  for  films  deposited  at  Tg  = 
250°C  and  the  circles  are  for  films  deposited  at  Tg  =  400°C. 

The  Si  spin  densities  for  a-Si:H  were  obtained  from  ref.  7. 


It  is  very  important  to  note  that  the  time  needed  to 
saturate  the  Si  db  density  is  dependent  on  film  stoichiometry  as 
illustrated  in  Fig.  2.  The  samples  in  Fig.  2  were  all  deposited 
at  Tg  “  250*C  and  the  UV-illumination  was  performed  at  room 
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trapcratvir*  using  broad-band  lllualnation.  Tha  spin  saturation 
time  in  tha  N-rich  filas  is  axtraaaly  short  coaparad  to  tha  spin 
saturation  tiaa  in  tha  si-rich  filas.  Na  baliava  that  this  aay 
ba  a  clua  to  tha  spin  craation  aachanisa  in  thasa  filas.  For 
axaapla,  tha  short  tiaas  naadad  to  craata  tha  spins  in  tha  M- 
rich  filas  aay  suggast  that  tha  craation  aachanisa  is  alactronic 
in  natura.  Haanwhila,  for  tha  Si-rich  filas  tha  tiaa  dapandanca 
approachas  that  obsarvad  for  craating  Si  dbs  in  a-Si:ll,  whara 
braaking  of  waak  Si-Si  bonds  is  baliavad  to  ba  tha  spin  craation 
aachanisa  [7].  Froa  a  chaaical  standpoint,  this  appaars 
raasonabla  sinca  to  first  ordar  ona  would  anticipata 
significantly  aora  waak  Si-Si  bonds  in  tha  Si-rich  filas  [13]. 
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X  N/Si  Atomic  Ratio 

Fig.  2  Saturation  tiaa  to  craata  tha  Si  dangling  bonds  in 
nitride  filas  with  different  stolcbloaatrlas .  The  filas  were 
illualnated  at  rooa  teaperature  using  a  broad-band  UV  laap. 


Of  course,  it  is  possible  that  tha  various  saturation 
tines,  and  saturation  densities,  result  froa  different 
absorption  coefficients  of  tha  filas  to  tha  broad-band  UV  light 
[3].  To  saa  if  this  is  tha  case,  tha  filas  ware  illualnated 
with  aonochronatic  lijbt  corresponding  to  an  absorption 
coefficient  of  10*  ca  ^  for  tha  different  filas,  this  anaurad 
that  tha  light  is  absorbed  uniforaly  throughout  tha  filas;  the 
power  density  was  kept  constant  for  all  of  tha  filas  using 
appropriate  neutral  density  filters.  Na  find  that  tha 
extrapolated  saturation  tiaas  are  still  significantly  longer  in 
tha  Si-rich  filas  than  for  tha  M-rlch  filas.  For  axaiv>la,  tha 
tiaa  to  saturate  tha  spin  density  for  tha  x  >  1.48  filas  was  240 
Bin.;  it  was  over  4000  ain.  for  tha  x  -  1.08  filas,  and  over 
7000  Bin.  for  tha  x  •  0.86  filas.  This  result  indicates  that  a 
different  aachanisa  aust  ba  responsible  for  si  db  craation  in 
tha  N-rleh  and  tha  Sl-rlch  filas. 

Thera  appaars  to  ba  a  fair  aaount  of  evidence  that  tha 
craation  of  Si  dangling  bonds  in  tha  N-rieh  nitride  filas  is 
electronic  in  natura;  it  slaply  involves  a  change  of  spin  and 
charge  state  of  pre-existing  dlaaagnatic  positively  (*Si)  and 
negatively  (*’81)  charged  si  sites  (2, 3, 5, 6].  To  fxirthar 
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•lucidata  tha  craatlon  aachaniaa,  m  hava  ■aaaui.ad  tba  Si  db 
concantration  as  a  function  of  ilXuMinatlon  tins  at  dlffarant 
ta^paraturas  as  illustratad  in  ri^.  3.  Tha  N-rich  filns  (x  • 
1.48)  wara  illunlnatad  in  situ  in  tha  BPR  cavity  at  300  and  100 
K  using  a  5.17  aV  narrow-band  intarfaranca  filtar.  Tha  craation 
kinatics  ara  ta^paratura  Indapandant. 

Wa  baliava  that  this  ta^paratura  Indapandanca  is  consistent 
with  the  notion  that  neutral  Si  db  canters  ara  created  by  tha 
photo-excitation  of  electrons  fros  "Si  sitas  [3];  tha  asittad 
alactrcns  ara  subaaguant  captured  by  '*‘Si  sitas  to  also  create 
neutral  Si  dbs.  On  tha  other  hand,  if  tha  annihilation  of 
axcltons  [14],  diffusion  of  atonic  hydrogen  [7],  or  bond 
breaking  events  [1,13]  wara  involved  in  tha  craation  of  Si  dbs 
for  tha  N-rich  films,  a  taaparatura  dapandanca  would  have  been 
expected. 


Fig.  3  Creation  kinatics  of  Si  dbs  in  N-rich  a-SiNj^  48'^  filns 
at  300  K  and  100  K  using  nonochroaatic  (5.17  aV)  ligAt.  Tha 
lines  were  plotted  using  agn.  (1). 


As  first  observed  by  Kanlcki  at  al.  [5],  we  also  find  that 
tha  illunination  time  dependence  for  creating  Si  dbs  can  be  fit 
by  a  stretched  exponential  function  both  at  100  and  300  K  as 
illustratad  in  Fig.  3.  The  function  can  be  expressed  as: 

N(t)  -  N.{1  -  exp[-(t/r)®)}  (1) 

where  N(t)  is  either  tha  si  or  N  db  density  at  time  t,  N^  is  tba 
saturated  Si  or  N  db  spin  density,^ is  tha  tine  constant  and  B 
is  a  characteristic  stretching  paraaatar  related  to  dispersive 
carrier  transport.  Earlier  works  have  shown  that  carrier 
transport  is  dispersive  in  a-SiNj^  48*^  115].  Dispersive  charge 
transport  leads  to  a  stretched  exponential  function,  conaon  to 
nany  aaorphous  naterlals  [16].  The  values  for  the  stretched 
exponential  at  300  K  are  0.48  and  3900  sec  for  B  andY  , 
respectively,  and  are  0.48  and  5000  sec  for  B  andT  , 
respectively  at  lOO  K.  Generally,  B  can  be  related  to  the 
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transport  of  slsctrons  (or  hoiss)  by  drift  or  diffusion.  A 
larger  B  value  indicates  that  the  ■eehanisa  is  less  dispersive. 
This  stretched  exponential  foraalisa  further  agrees  with  the 
assertation  that  the  creation  of  spins  in  a-SlNj^^  43:11  is 
electronic  in  nature. 

As  mentioned  earlier,  the  N  db  has  also  been  observed  in  N- 
rich  a-SlN^:!!  filaw.  The  N  db  is  not  observed  in  Si-rich 
nitrides  because  it  falls  into  the  valence  band  [9].  To  create 
the  N  dbs  a  two  step  process  is  generally  needed  [17]:  (1)  the 
N-rich  films  are  annealed  above  T,,  and  (2)  subsequently 
illuminated  with  UV-llght.  nie  density  of  N  dbs  is  dependent  on 
the  films'  initial  hydrogen  concentration  suggesting  that  the 
creation  involves  the  evolution  of  hydrogen  from  an  M-H  site. 

Recently,  it  was  suggested  that  once  the  hydrogen  evolves 
from  an  N-H  group,  H-charged  sites  are  left  behind  that  becMM 
paramagnetic  upon  exposure  to  UV-light  [17].  If  the  OV-light 
does  change  the  spin  state  and  charge  state  of  diamagnetic  M- 
charged  sites:  an  analog  to  the  creation  of  neutral  paramagnetic 
Si  dbs  in  the  N-rich  films,  except  that  now  the  precursors  are 
charged  diamagnetic  M  sites,  one  might  anticipate  that  the 
creation  kinetics  of  the  paramagnetic  neutral  N  dbs  should  be 
similar  to  that  observed  for  the  Si  dbs.  Fig.  4  shows  that  this 
is  roughly  the  case.  (The  samples  used  in  Fig.  4  were  annealed 
at  650*0  for  IS  min,  followed  by  in  situ  UV-illuminatlon  in  the 
EPR  cavity  using  broad-band  UV  light.)  Not  only  are  the  shapes 
of  Figs.  3  and  4  similar,  but  the  creation  of  both  paramagnetic 
centers  is  relatively  temperature  independent. 


lllsalnatiem  Tiatc  (aiia) 

Fig.  4  Creation  kinetics  of  N  dbs  in  N-rich  a-SlN,  49:8  films 
at  300  X  and  100  K  using  broad-band  UV-llght.  The  lines  were 
plotted  using  eqn.  (1).  Before  uv-lllumination,  the  films  were 
annealed  at  6S0*C  for  15  min. 


Last,  we  find  that  the  illumination  time  dependence  for  the 
creation  of  N  dbs  can  also  be  fit  by  a  stretched  exponential 
function  as  shown  in  Fig.  4.  The  values  for  the  stret^ed 
exponential  at  300  K  are  0.61  and  2500  sec  for  B  and  T , 
respectively,  and  are  0.49  and  6500  sec  for  B  and  , 
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respectively  at  lOO  K.  Hence,  these  results  (stretched 
exponential  euid  tenperature  Independence  for  creating  the  spins) 
lend  support  for  the  aforemntloned  H  dangling  bond  creation 
nechanlsn. 


CONCLUSIONS 

In  siinmary,  we  have  explored  the  creation  mechanisms  of  Si 
and  N  dangling  bonds  In  a-SlNj^:H  thin  films  by  UV-llght.  We 
find  evidence  that  the  creation  of  Si  and  N  dangling  bonds  In  N- 
rich  films  Is  a  charge  transfer  mechanism,  and  that  charged 
diamagnetic  sites  eure  most  likely  the  precursors  to  the  neutral 
EPR  active  sites.  For  the  sl-rlch  coagwsltlons,  the  results  are 
consistent  with  the  Si  dangling  bond  being  created  by  a 
different  mechanism;  breaking  weak  si-Si  bonds  appears  most 
reasonable. 
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ABSTRACT 

The  microstructure,  electrical,  and  optical  properties  of  in  situ  phosphorus  doped 
hydrogenated  microcrystalline  silicon  ((ic-Si;H:P)  films  ate  strongly  alTected  by  dqxtsition 
parameters  and  subsequent  thermal  processes.  /ic-Si;H:P  Aims  with  thiduiess  tanging  from 
200  to  lOOOA  have  b^  deposited  on  Si  and  ^Oi  substrates.  The  ;(c-Si:H:P  Aim  is  best 
deposited  at  200*C  in  terms  of  structure,  and  H  and  P  content  In  this  Aim, 
microcrystallites  are  embedded  in  an  amorphous  matrix  and  have  a  volume  fraction  of 
=285%.  The  band-gap  of  the  film  is  1.8  eV.  In  this  paper,  the  materials  and  processing 
issues  of  MC-Si:H:P  de^sited  in  a  parallel  plate  RF  plasma  and  in  a  downstream  RF  plasma 
chemical  deposition  reactor  have  been  studied  using  HRTEM,  SIMS,  electricaL  and  optical 
measurements. 


INTRODUCTION 

The  concept  of  using  a  wide  band-gap  emitter  or  a  narrow  band-gap  base  in  a 
heterojunction  bipolar  transistors  (HBT)  to  improve  the  transistor  porformance  was  intro¬ 
duced  by  Shockley  and  Kroemer  in  1950s  [1].  This  idea  has  been  realized  later  using  the 
more  advanced  epitaxial  growth  and  thin  film  deposition  tedmologies.  Recently, 
hydrogenated  amorphous  silicon  (a-Si:H)  [2],  hydrogenated  microcrystaUine  silicon 
(ftc-Si:H)  [3],  and  hydrogenated  amorphous  siliocn  carlnde  (a-SiC:H)  [4]  have  been  used  as 
emitter  contacts  in  HBTs  to  suppress  minority  ourier  injection  and  improve  the  current 
gain.  Nevertheless,  the  resistivity,  thermal  stability,  stress,  and  the  reproducibility  of  these 
materials  still  need  to  be  optimi^  and  controlled.  In  this  paper,  the  correlations  between 
structural,  chemical,  electrical,  and  optical  characteristics  of  MC-Si:H;P  grown  by  ptesma 
enhanced  chemical  vapor  deposition  (PECVD)  have  been  studied.  The  effects  of  thermal 
processing  on  the  structure  and  properties  of  r<c-Si:H:P  are  reported.  The  use  of  a  silicon 
nitride  cap  prior  to  anneal  is  shown  to  limit  crystallization  during  RTA.  It  has  also  been 
demonstrate  that  polysilicon  can  be  deposited  by  low  pressure  chemical  vapor  deposition 
(LPCVD)  at  630*C  on  top  of  a  thick  ftc-Si:H  Aim  without  changing  the  structure  of  the 
nc-Si:H  Aim. 


EXPERIMENTAL 

f(c-Si:H:P  Alms  were  deposited  on  Si  and  SiOs  substrates  in  a  parallel  plate  RF 
powered  reactor  with  the  gas  mixture  of  1%  PHs  in  SiH«  and  100%  Ht.  Before  deposi¬ 
tion,  Si  substrate  were  cleaned  by  the  RCA  procedure  [S],  then  10:1  HP  dip,  and  imme¬ 
diately  loaded  into  the  process  chamber  and  pumped  down  to  a  base  pressure  of  2  x  10* 
Torr.  Films  with  a  thickness  of  200A  to  O.lfun  were  deposited  at  dtfTerent  substrate  tem¬ 
peratures  and  gas  dilutions  (  %  of  (1%  PH>/SiH«)  in  Hi).  RF  power  density,  toul  pres- 
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sure,  and  the  flow  rate  of  1%  PHs  in  SiH«  was  0.1  W-c»r>,  1.0  Torr,  and  10  seem, 
respectively.  Table  I  summarizes  the  deposition  parameters,  the  structure,  resistivity,  and 
H  and  P  content  of  the  Aims. 

^c-Si:H:P  flints  with  and  without  a  nlicon  nitride  cap  were  then  rapid  thermal  annealed 
at  a  temperature  between  600  and  1000*C  in  N>  for  10-30  sec  Polystlkon  was  deposited 
on  thick  /ic-Si;H  films  at  630*C  in  a  conventional  LPCVD  batch  reactor  from  silane. 
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Table  I.  The  deposition  conditions  and  the  corresponding  structure  (either  amorphous  (A) 
or  microcrystallinc  (M)),  deposition  rate,  average  grain  size,  resistivity,  and  the  H,  P  con¬ 
cents  in  the  films. 


RiiSULTS  AND  DISCUSSION 

From  Table  I,  the  film  deposition  rate  decreases  with  increasing  Hi  flow  because  the 
atomic  H  produced  in  the  plasma  enhances  a  competing  etching  process.  This  reverse 
etching  process  can  be  promoted  by  the  addition  of  H  will  also  p^erentially  eliminate  the 
energetically  unfavorable  amorphous  structure.  Hence,  nupocrystallinity  can  be  promoted 
by  gas  dilution  [6].  The  microcrystalline  film  shown  in  Figure  I  was  obtained  at  a 
substrate  temperature  of  lOO'C  by  using  a  1%  dilution  of  (1%  PHi/Sill*)  in  H,,  while 
those  films  deposited  with  10%  dilution  are  entirely  amorphous  at  this  temperature.  In 
Fig.  I,  microcrystallites  with  average  size  of  25A  are  embedded  in  the  amor^ous  matrix 
and  have  the  volume  fraction  of  ~85%.  The  j«c-Si:H:P/c-Si  interface  is  clean  without 
visiUe  residual  oxide. 

At  a  constant  growth  temperature,  the  film  resistivity  decreases  as  the  film  thickness  is 
increased  because  the  crystallite  grain  size  is  larger  in  the  thicker  film  [7],  and  also  because 
more  P  atoms  activated  with  a  larger  crystallite  size.  At  a  constant  film  thickness,  the 
crystallites  size  increases  with  increasing  growth  temperature,  while  the  film  resi.<ttivity 
decreases  as  shown  in  Table  I.  At  a  higher  temperature,  the  adsorbed  surface  species  (Sill, 
and  PH,)  are  more  mobile  and  can  migrate  to  tower  energy  sites.  Therefore,  Si  atoms  can 
be  incorporated  into  an  ordered  crystalline  structure  thereby  increasing  the  crystallite  size 
and  activating  more  P  atoms.  From  the  electrical  and  conmsitional  measurements, 
approximately  10%  of  the  P  is  aaivated  in  the  fic-Si:H:P  film,  and  the  rest  of  the  P  is  likely 
segregated  at  grain  boundaries  or  in  the  amorphous  phase. 


Figure  1.  A  high  resolution  lattice  image  of  a  350A  -thick  MC-Si;H:P  film  deposited  at 
I00*C  and  with  1%  of  (1%  PHi/SiH4)  in  Hi.  The  arrows  indicate  the  clean  MC-Si:H:P/c-Si 
interface. 


Figure  2.  Cross-sectional  lattice  image  of  a  2dOA  ^-Si:H:P  film  after  a  900‘C,  30  see  RTA 
without  an  a-SLAf.:H  capping  layer.  The  ^c-Si:H:P  film  is  totally  recrystalHzed,  and  the  on- 
ginal  /iC'Si:ll;P/crystalliiie  Si  interlhce  is  indicated  by  the  arrows. 


I 


Figure  3.  Cross-Mctional  lattice  image  of  a  260A  ^c-Si:H:P  film  after  a  900*C.  30  me  RTA 
with  a  SOOOA  a-SiA^:H  capping  layer.  The  original  #ic-Si:H:P/cry*talline  Si  interface  is  indi¬ 
cated  by  the  arrowi. 


I 


ngure  4.  Cron-wctional  iraagei  of  the  teat  itructure  (a)  polyiilicon//ic-Si:H:P/c-Si  and  (b) 
poiytilicon/^-SL'H:P/Si>N<.  The  structure  of  the  /(C-Si:H:P  remains  unchanged  after  a 
630*C,  5  min  potysilicon  deposition. 
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The  Mructuie,  dectri^  and  optical  duracteriatict  of  /ic-Si:H:P  are  affected 

by  thermal  process.  To  hmit  recriwtallization  during  RTA,  a  0.5ian-thick  ndrogen-rich 
hydrogenated  silicon  nitride  (a-SiAl.:H)  capping  lays’  was  d^sited  onto  iic-Si:H:P  before 
RTA.  The  latbce  imiws  of  a  260A  MC-Si:H:P  film  after  a  RTA  at  900*C  for  30  sec  without 
and  with  a  O.Siun  a-SiAr.:H  capping  tays,  respectively,  are  diown  in  Figs.  2  and  3. 

Without  the  capping  layer  (Fig.  2),  the  mkrocrystalline  film  is  found  to  totally  recrys¬ 
tallize  and  align  widi  the  the  subdrate.  Voids  are  also  obscsrved  in  the  fita  which  ate 
believed  to  be  trapped  Hi  bubblea,  whidi  lead  to  surface  roughness.  SIMS  measuranmts 
show  that  the  H  concentration  decreases  after  a  RTA.  The  optical  band-gap  decreases  with 
increasing  RTA  ten^ieraturea,  and  it  was  measured  to  be  approximately  1.8  eV,  1.33  eV, 
and  I. IS  eV,  respectively,  after  a  600*C,  700*C,  and  900*C,  10  sec  RTA. 

With  an  a-SilV.:H  capping  layer  (Fig.  3)  the  structure  consists  of  a  dOA  reaystidlized 
layer  at  the  fic-Si;H:P/cystanine  silicon  interface  and  a  220A  layer  of  polyiaystalline  silicon 
with  an  average  grain  size  of  ~  40A.  Thus,  an  a-SiW/H  layer  has  been  diown  to  inhibit 
recrystallization  of  iic-Si:H:P  film,  limit  formation  of  Hi  bubbles,  aiKl  hmce  prevent  surface 
rou^ening. 

Polysilicon  films  were  deposited  onto  the  f(C-Si:H:P  films  to  test  the  thermal  stability 
of  the  /ic-Si:H;P  films.  First,  a  /ic-Si:H:P  film  was  deposited  on  a  Si  substrate  or  on  top  of 
a  SiiN«  layer  by  PECVD  at  200*C.  Subsequently,  a  polysilicon  film  was  deposited  on 
these  structures  by  LPCVD  at  630*C.  The  MC-Si:H:P  film  structure  on  both  Si  substrate 
and  SiiNi  is  unchanged  after  the  630*C,  5  min  polysiiicon  deposition. 


CONCLUSIONS 

In  conclusion,  itc*St:H:P  is  best  deposited  at  200-300*C  by  PECVD  in  terms  of  mkro- 
structure,  H  and  P  content,  and  dopant  activation. 

1.  The  microstructure  and  optical  band-gap  of  iic-Si:H;P  films  was  found  to  be  stable  if 
subsequent  thermal  cycle  is  kept  below  6S0*C. 

2.  An  a-Si/V.:H  capping  layer  is  deposited  prior  to  the  anneal  has  been  found  to  suppress 
H  evolution  and  inhibit  the  recrystailization  of  pc-Si:H;P  film  during  higher  temperature 
RTA.  This  a-SiAr,:H  cap  can  be  easily  removed  by  wet  etching  in  10:1  HF  or  HsPO*. 

3.  It  has  been  shown  that  polysilicon  can  be  deposited  by  LPCVD  at  630*C  on  top  of 
microcrystalline  silicon  without  altering  the  structure  of  the  microcrystalline  filia 
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ABSTRACT 

Hydrogenated  alcrocrystalllne  silicon  with  oxygen(BC-Sl:0:H)  Is  grown 
using  radio  frequency  glow  discharge  aethod. Oxygen  Is  Introduced  during 
growth  by  varying  it's  partial  pressure  In  the  growth  chaaber.The 
crystalline  voluae  fraction  ‘f  and  the  crystallite  size  'S’  are  found  to 
vary  with  the  oxygen  content.  Results  Indicate  that  oxygen  can  etch  the 
silicon  surface  when  present  In  low  aaount  while  it  foms  a-St02_^  with 

Increasing  contents. Optical  absorption  studies  in  the  range  of  2  to  3  eV 
suggest  that  the  absorption  coefficient  ’a*  lies  in  between  the  values  of 
c-Sl  and  a-Si:H  , being  closer  to  a-Sl:H.The  Hall  aobillty  aeasureaents  for 
these  saml^s  Indicate  that  for  optlaua  oxygen  contents  tlw  nobility  as  high 
as  3S  CB  V  sec  can  be  obtained.  Results  on  I-V  characteristics  for  p-l-n 
structure  are  presented. 


INTRODUCTION 

Role  of  oxygen  in  silicon  as  an  n-type  dopant  ispurlty  was  recognized 
by  Kalser( 1] ,and  the  exact  nechanisa  for  such  a  behaviour  is  still  not  well 
understood.lt  is  well  established  however  that  oxygen  alters  the  electrical 
behaviour  In  c-Sl  depending  on  it's  concentration  and  shows  reprodixsible 
results  for  annealing  behaviour(21.  The  hydrogenated  alcrocrystalllne 

silicon  Is  studied  over  last  decade  ,both  as  a  potential  application 
aaterlal  In  devices  (3,4,S,6]  and  to  understand  growth  of  silicon  froh  a 
silane  plasaa  [7].  So  far  effect  of  oxygen  incorporation  In  ac-Si;H  .on  It’s 
electrical  and  optical  behaviour  has  not  been  reported. In  this  paper  ve 
report  , effect  of  intentional  oxygen  incorporation  on  f,d, optical  absorption 
a,ilall  aobillty  P||,and  the  conductivity  v  of  ac-Sl : H. Cbcygen  containing 

bc-S1:H  will  be  referred  as  bc-S1:0:H. 


EXPERIMENTAL 

The  fllas  were  deposited  under  the  13.56  Mlz  r.f.glow  discharge  in  an 
Anelva  (Japan)  Bade  systeae.The  deposition  conditions  were;  SIH^  and  IL  flow 

rates-0.5  and  lOOscca  ^ respectively, substrate  teaperature-  300”C,the 
r.f. power  denslty-0. 47V/ca‘  and  the  pressure  during  depcMdtlon-  O.ETorr.The 
background  pressure  in  the  systea  was  less  than  10  i.The  files  were 
deposited  on  7059  corning  and  (100)  oriented  Si  wafers  after  following 
standard  cleaning  procedures. The  X-ray  diffraction  aeasureaents  were  carried 
out  on  a  Seaaan-Bohl in  arrangeaent.aodel  Rotaflex  .2(X)B, by  Rigaku, Jtgpan.  The 
X-ray  diffraction  was  aeasured  with  Incident  angles  In  the  range  of  0.2  to 
7  .Voluae  fraction  was  deteralned  froa  the  area  under  (111)  plane 
diffraction  peak.as  the  relative  intensity  for  all  other  planes  In  different 
saaples  was  within  experlaental  errors. 8  was  deteralned  froa  FHHM 
aeasureaents  of  (111)  dlfractlon  peaks  using  Debye  Sherrer  foraulalS) . Infra 
red  (I.R. )  absorption  aeasureaents  were  carried  out  on  a  Perkln-Elaer 
I . R. spectroaeter  (aodel  783). The  0^  partial  pressure  was  adjusted  using  a 

precision  leak  valve  before  Introducing  SIH.  and  H_.The  partial  pressure  was 

-7  -3  *  ^  -B 

varied  froa  2  x  10  to  5  x  10  Torr.  However  beyond  5  x  10  Torr  ,the 

Mat.  Ras.  See.  Symp.  Proc.  Vol.  242.  «1992  MatarMt  Raaaarch  Sodaly 
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■Icrocrystallanlty  was  lost.Henc^  results  arg  presented  in  the  oxygen 
partial  pressure  range  of  2  x  10  to  5  x  10  Torr.The  est lasted  pumping 
speed  at  the  chaaber  is  70  Itr/sec. Optical  transaisslon  and  reflectance 
aeasureaents  are  carried  out  in  the  UV-visible-NIR  wavelength  region  using  a 
Hitachi-330  spectrometer  The  optical  gap  was  Cou^  from  the  extrapol^ed 
line  intrcepts  from  the  high  absorption  (a  ~  10  cm  *)  region  in  (ohv)  'vs 
(hv)  plots  for  each  sample. The  Hall  measurements  were  carried  out  on  the 
films  deposited  on  70S9  corning  glass  substrates  having  film  dimensions  ,3 
am  width  .IS  mm  length  aitd  ears  for  electrode  plEu:enent.The  measurements 
were  carried  out  in  dark  with  constant  ambient  temperature.  The  Hall  voltage 
was  measured  on  a  Kelthley  electrometer  (model  614). Typically  time  required 
for  a  stable  reading  varied  from  1  to  4  hours. The  conductivity  measurements 
were  performed  usng  Van  der  Paw  as  well  as  2  point  probe  method. 


RESULTS  AMD  DISCUSSIONS 


Effect  on  the  film  morphology 


Fig.  1  shows  variation  of  f  and  6 
a  function  of  the  oxygen  partial 

(S50  ♦  50 


pressure  maximum  for  S 


A“) 


is  obtained  around  1.6 

value  is  obtained 


10'®T  of 


p^.  Similar 
02 


in  me 


Sl:H  prepared  by  photo-CVD  method 
.while  by  r.  f.  glow  discharge  to  be 


_  around  400A  (9, 10]. Since  the  only 


parameter  varied  is  p  .the  variation 
oa 

in  8  can  be  related  to  the  presence  of 
Descent  oxygen  in  the  plasma. The  sample 
without  intentional  oxygen 

incorporation  (here  after  referred  as 
sample  U  )  has  the  highest  f  value 

decreases 


(0.64). With  increasing  p^  f 


0^  contents 


down  to  0.43. The  relative 
of  these  films  is  obtained  from  the 
I. R. absorption  measurements. As  can  be 
seen  from  the  Fig.  2.  the  Sl-O-Sl 
stretchiiu  mode  lies  in  between  1000  to 
—  .with  a  tendancy  towards  11(X) 
p  increases.  In  fact  we  could 


volume  **99 

cm  as 


Figure  1-  Variation  of 
fraction  f  and  crystallite  size  8  as 
a  function  of  oxygen  partial  pressure  dearly  identify  Si0_  at  high  enough 


r^). 


Hence  the 


p  .The  continuous  line  is  only  as  a 

Po,  *  P.«.~  *° 

guide  to  the  eye. 

oxygen  related  stoichiometry  in  the  films  is  like  S102_j^.The  growth  rate  is 

observed  to  be  1.1  A°/sec  for  sample  U. while  it  is  less  than  0.8 
films  in  the  presence  of  intentional  oxygen.8  increases  with  p, 

-6 


A  /sec  for 
untlll  1.6 


X  10  ”  T  (Fig.  1). Larger  value  of  8  Indicates  smaller  value  of  surface  nuclei 
during  growth. Hence  .increasing  8  while  simultaneously  decreasing  growth 
rate  with  p^  indicates  that  oxygen  from  plasma  is  etching  the  surface 

during  the  growth. This  behaviour  of  oxygen  is  different  compared  to  that  of 
hydrogen. which  is  shown  to  Influence  the  growth  of  microcrystallanlty  via 
mechanisms  other  than  etchlng(7]. 
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Figure  2-  I.R. 
U  absorption  spe 
• —  ctra  for  alcroc 
>0  rystalllne  fll 
as  deposited 
with  different 
-7  oxygen  partial 
SlD;  pressures. 
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WAVENUMBER  (cffT^) 


A  — Si-H 
•  — Si-O-Si 


Fig.  3  shows  that  the  oxygen 
contents  In  the  fllB3  Increases  with 
p  .  For  pressures  exceeding  2.x 


10  T, both 


®  /  10  T,  both  ,  S  and  f  decrease 

?  /  (Fig.  D.Froa  the  shift  and  the  Eirea 

/  under  the  I.R.  spectra  In  Fig.  2,  It  Is 

S  /  seen  that  S102_^  content  Is  Increasing 

?  /  with  a  concoBltant  shift  of  x  towards 

”  J  O.Thls  Indicates  that  under  high  enough 

ft  t  pressure  .oxygen  atoas  cluster  around 

g  Jj  the  adsorbed  Si  atons  foraing  stable 

g  /j  SlO_  nuclei, that  help  build  aaorpbous 

2  / 1  “ 

S  0,4-  y  /  network  around  it. 

o  /  Fig.  3  also  shows  that  relative 

S  /  hydrogen  content  In  the  flla  increases 

^  *  /  with  p__.The  hydrogen  content  Is  6  X  in 

^  /  02 

g  j/  the  saaple  U, where _bs  It  Increases  to 

g  a - 20  %  at  Pj|g=5  x  10  °  T.  Thus  oxygen  In 

I  the  flla,  daaps  the  hydrogen  reaoval 

nl  ...  1  ■  ...  I  ...  I  Ifroa  the  flla  during  growth.  Me  expect 
5xlf  1x10®  SxlO"®  aost  of  the  hydrogen  and  oxygen  to  be 

_ Po,  (Torrl _ _  incorporated  In  the  aaorphous  regions 

_.  _  _  ,  o*’  the  files  that  fora  the 

Igure  3-  Shows  Intergranular  regions  between  different 

concentration  of  SI -H  and  Sl-0  bonds  .icrorystallltes.  Indeed,  the  films  get 
as  calculated  froa  the  area  of  as  can  be  seen  fro.  the 

absorpt^n  coefficient  Vs  wave  number  ^.easureaents  discussed  In  the 

curves.  The  absolute  content  of  the  .  »  . 

hydrogen  can  be  obtained  by  P®P® 

multiplying  the  ^ 

concentration  by  1.24  x  10  cm  .The“  - “ - “  “ — 


•  Poj  (Torrl  — 

Shows 


and  opt leal 


area  for  hydrogen  Is  co^Mered_,nly  ^  absorption  coefficient  « 
under  the  wagging  mode  at  640  c.  .  the  ra,^  of  2  to  3  eV.For 
comparison  .a  for  c-Sl  and  that  for  a-Sl:H  (bandgap^l.B  eV)  Is  also 
shown. All  these  films  show  absorption  higher  by  an  order  of  magnitude  than 
c-Sl  above  2.2  eV. However  a  rapidly  decreases  near  2  eV. The  bandgap  from  the 
Tauc  plots  for  these  films  Is  estimated  to  be  around  1.8  eV  while  it  Is 


t 
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close  to  2.0  eV  for  the  sample  U. 

Fig.  5  shows  <r  and  n  (b),as  a  function  of  p^.  Thermal  gradient 

test  shows  ^.^t_^ll  these  films  aregnj^iTM-For  the  sample  U  ,n  Is  of  the 
order  of  10  cm  while  Is  ~  1  cm  V  sec  131.  Increasing  the  oxygen  (and 

hydrogen)  content  Increases  the  nobility  .simultaneously  decreases  the 
ceu-rier  density  until!  x  lo”°.Ue  speculate  that  the  carriers  In  the 

sample  U  are  contributed  from  the  defect  complexes  In  the  intergranular 
region  of  the  mlcrocrystallltes.On  addition  of  oxygen  and  hydrogen  .these 
donor  states  alongwith  trap  states  associated  with  these  complexes  are 
remgYed, rendering  high  mobility. The  maximum  mobility  is  about  40  cm^  v”^ 
sec  .which  Is  comparable  to  the  one  obtained  for  polycrystalline  samples 


optical  absorption  coefficient  a  in  Figure  5-  (a)  Variation  of  room 
the  photon  energy  range  of  2  to  3  eV  temperature  conductivity  o-  euid  (b) 
for  various  p^. Corresponding  plots  that  of  Hall  mobility  and  carrier 


for  c-Si  and  a-Sl;H  are  also  given  density  n  .with  p  . 
for  comparison. 

having  grain  size  ~  300  A°( 111.  Thus  cleeu'ly  a  passivation  effect  Is 
observed. when  we  compare  the  p^  values  of  mc-Sl:H  films  grown  by 

r.f.d^sc^arge. methods  where  for  400  grain  size  th^  value  does  not  exceed 
2  cm  V  sec  *[121. On  Increasing  p^  to  5  x  10  T.p^^  decreases  to  8 

cm^V  ^sec  Correspondlgly.  the  S  value  decreases  to  120  A°.He  find  that  the 
p^  varies  sensitively  with  the  oxygen  content.lt  Increases  with  5  but  Is 

Insensitive  to  f. Effect  of  oxygen  on  the  mobility  can  be  understood 
qualitatively  using  an  expression  for  p^^^  based  on  phenomenological 

considerations  for  polycrystalline  semiconducting  materials  having  grain 
size  s  600  A°[13]. 

•  1/2 

M  »  4  /  (Cl-n  t/N  d)+  exp(qV^/KT)  x(2n  iiKT)  4/sqcl) 

9ff  9  t  d  b  9 


(1) 


!  (Amp) 
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where, M  nobility  in  the  grain, n  is  the  filled  trap  density, t  is  the 

9  t 

thickness  of  the  grain  boundary, N  is  the  dopant  concentration, d  is  the 


0«rk 

IttumiAQtien 


average  size  of  the 
]electonic  charge,  s  Is 


grain, q  is 
a  correction 


IparaBeter,and  V  is  grain  boundary 
b 

potential. 

The  increase  in  observed  in  the 


•c-St:0:H 

increase 


saaples  is 


in  d,  decrease  in 
reaoval  of  trap 


attributable  to 
V  and 


b 

states 


Sfl02/p~meSi:H/ fn<SiO:H/n.incShH 


Vg£  B  iU  nw 

a  lt.B  «A/cni^ 
ff  a  0-93 


Aaaoa  /-MaHT’aM^ 


I  n^.  Thus 

I  oxygen  and  associated  hydrogen 
incorporation  etnd  increetse  in  6  seen  to 
be  the  sain  effects  responsible  for  the 
increased  nobility, within  the  nodel 
used  in  expression  (i). 

Since  nobility  for  nc-Si:0:H  is 
higher  than  nc-Si:H  by  an  order  of 
magnitude, the  product  pT, where  t  is  the 
lifetime  of  the  photo-generated 
carriers, is  also  large. It’s  absorption 
properties  in  the  2  to  3  eV  range  are 
comparable  with  a-Si:H. Hence  it  is 
expected  to  favourably  response  as  an 
active  1  layer  in  a  p-l-n  type  solar 


cell.Ue  have  deposited  on 


SnO., 


-ir 


deposited  glass  substrates  (resistance 
~  10  Q/a  )  following  sequence  of 

rs.a-Si:H  (p  -  type)40  a“  :mc-  Si:H 
Up  -  type)  300  A°:mc  -  Si.0:H  3000 
A  : me  -  Si:H  (n  -  type)  180  A  . ; 
Figure  6-  I-V  characteristics  for  the  metallisation  with  Ag.Flg.6  shows  the 
sructure  SnO^N  p-  a-  S1:H  (40  A  )\p-I-V  plots  for  this  configuration  with 


V  (VMItl 


-SlrH  (300  A  )\mc  -Sl;0:H  (3000 


and  without  illumination  under  reverse 


on 

the 


?)\n  -me-  Si :  H  ( 180  A°)\Ag  ,  with  and^  f  •  Cle^ly  a  .  current  gain 

without  Illumination  under  reverse ~ 
bias  conditions. The  inset  shows  theP*'f°.  conducting  pro^rtles  of  this 

forward  characteristics  for  solar 

,, _ a,  _  a-Si:H.The  inset  shows  the  forward  bias 

cell  operation.  characteristics  for  the  solar  cell 

application. Over  1  mm^  area  a  fill  factor  around  efficiency  of 

7.5  X  could  be  obtained.  values  up  to  22  mA/cm^  are  observed. The  is 

however  relatively  low  (~  0.5  V).We  have  measured  the  capacitate  for  this 
structure  as  a  function  of  reverse  and  forward  voltage.  The  l/u  Vs  V  plots 
are  linear  and  indicate  a  value  1.05  V  for  the  barrier  potential  from 


the  Intercept  on  the  V  axis. It  is  possible  that  relatively  hlghier  series 
resistance, aind  the  recombinations  at  the  Junctions  are  reducing  the  VQ^.With 

appropriet  deposition  conditions  it  can  be  improved. Further  work  is  in 
progress  in  that  direction. These  results  suggest  that  mc-51:0;H  can  be  a 
potential  material  in  the  photo-voltaic  devices. 
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CONCLUSION 


Intentional  Inclusion  of  the  oxygen  In  the  r.f.plasata  during  the  growth 
of  iac-Sl:H,zd‘fects  the  morphology  of  the  film  as  well  as  it’s  elctrlcal  and 
optical  properties. Effects  on  the  morphology  are  manifested  mainly  in  terms 
of  changes  in  S  and  f.The  variation  of  S  and  f  with  p^  suggest  that  the 
oxygen  on  the  surface  introduces  two  competing  reactions;  one  is  etching  of 
the  adsorbed  Si  atoms  when  oxygen  concentration  is  less  while  other  is 
formation  of  S102_j^  at  higher  concentration  that  presumably  leads  to 

amorphous  network  around  it. 

On  optimYffl  oxygen  incorporation,  elctron  mobility  can  be  improved  above 
30  cm  V  *sec  in  mc-Sl:0:H. It  shows  comparable  absorption  in  the  2.2  to  3.0 
eV  photon  energy  range  to  t^t  of^  a-Sl :  H. The  unintentional  n-type  dopant 
density  in  this  case  is  ~  10^  cm  .Results  on  p-l-n  structure  demonstrate 
that  the  material  has  potential  for  photo-voltaic  devices. 
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ABSTRACT 

A  variety  of  appiications  are  identified  for  heteroepitaxial  structures  of  wide  gap 
I-Iil-Vl2  and  ll-iV-V2  semiconductors,  and  are  assessed  in  comparison  with  ternary  lll-V 
alloys  and  other  wide  gap  materials.  Non-linear  optical  applications  of  the  I-Ill-Vt2  and 
li-iV-V2  compound  heterostmctures  are  discussed,  which  require  the  growth  of  thick 
epitaxial  layers  imposing  stringent  requirements  on  the  conditions  of  heteroepitaxy.  In 
particular,  recent  results  concerning  the  MOCVD  growth  of  ZnSixGei-xPz  alloys  lattice¬ 
matching  Si  or  GaP  substrates  are  reviewed.  Also,  heterostmctures  of  CuzAgi.zGaS2 
alloys  that  lattice-match  Si,  Ge,  GaP  or  GaAs  substrates  are  considered  in  the  context 
of  optoelectronic  devices  operating  in  the  blue  wavelength  regime.  Since  under  the 
conditions  of  MOCVD,  metastable  alloys  of  the  lt-tV-V2  compounds  and  group  IV 
elements  are  realized,  li-IV-V2  alloys  may  also  serve  as  interlayers  in  the  integration  of 
silicon  and  germanium  with  exactly  lattice-matched  tetrahedrally  coordinated  com¬ 
pound  semiconductors,  e.g.  ZnSixGei-xPa. 


1 .  PRINCIPLES  OF  WIDE  BANDGAP  MATERIALS  SELECTION 

Wide  bandgap  semiconductors,  i.e.  semiconductors  with  bandgaps  ^2  eV,  are  as¬ 
sociated  with  high  chemical  stability  as  well  as  low  intrinsic  earner  concentrations,  and 
consequently  large  built-in  voltage/smatl  leakage  current  across  electrical  junctions. 
Therefore,  they  may  be  operated  at  elevated  temperature  and  represent  valuable  sup¬ 
plements  to  conventional  semiconductors  that  have  smaller  bandgaps,  i.e.  Si  and 
GaAs,  in  specialized  applications  that  expose  the  electronic  circuits  to  hostile  corro¬ 
sive,  radiative  or  thermal  environments.  Another  possibly  advantageous  use  of  wide 
bandgap  materials  is  in  the  construction  of  microwave  transistors  having  high  Johnson 
figure  of  merit 

[PmZf'^F,-^.  (1) 


M«L  Rn.  Soe.  Symp.  Prae.  VoL  242.  •1W2  MatorW*  RMureh  SoeMy 
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However,  the  large  gains  in  the  Johnson  figure  of  merit,  that  have  been  reported  in  the 
literature  as  an  incentive  for  research  and  development  [1],  refer  to  break-down  fields 
Cb  in  the  limit  of  very  small  ionized  dopam  concentrations.  This  implies  larger  impe¬ 
dance  Z  than  for  the  less  depleted  junctions  in  conventional  semiconductors  and  thus 
translates  into  less  dramatic  improvements  in  the  maximum  power  Pm  and  cut-off  fre¬ 
quency  Ft  than  in  the  figure  of  merit.  Controlled  complementary  doping  and  low  resis¬ 
tivity  ohmic  contacts  are  important  topics  of  the  experimental  evaluation  of  the  perfor¬ 
mance  and  reliability  of  microwave  devices  built  from  wide  gap  materials  which,  in 
time,  will  reveal  their  true  potential.  The  engineering  of  appropriate  doping  profiles  at 
electrical  Junctions  is  a  particular  problem  of  wide  gap  materials  because  of  the 
difficulties  in  identifying  shallow  dopants  and  in  controlling  their  stoichiometry  within 
narrow  tolerances.  The  latter  is  important  because  of  the  role  of  native  point  defects  in 
the  formation  of  DX  and  recombination  centers  degrading  the  control  of  the  conduc- 


Figure  1 .  A  Selection  of  semiconductors  ordered  by  their  bandgaps  and  a-axis  lattice 
parameters.  Open  diamonds:  group  IV  elements;  open  circles:  lll-V  com¬ 
pounds;  filled  circles:  II-IV-V2  compounds;  open  squares:  ll-VI  compounds; 
filled  squares:  I-III-VI2  compounds.  The  asterisk  denotes  the  wurzite  structu¬ 
re.  In  this  case,  V2xa(wurzite)  is  used  for  the  plot. 
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tivity  and  carrier  lifetime  [2,3].  Also,  within  a  given  class  of  materials,  larger  bandgaps 
correspond  generally  to  larger  effective  masses.  Therefore,  it  is  prudent  to  select  for  a 
specific  optoelectronic  applications  a  suitable  material  with  minimum  required  band- 
gap. 

Figure  1  shows  a  selection  of  semiconductors  ordered  by  their  bandgaps  and  a- 
axis  lattice  parameters.  Diamond  holds  a  unique  position  among  these  materials 
because  of  its  high  thermal  conductivity  a  =  20  W/cmK  and  saturation  velocity  Vg  = 
2.7x1 0?  cm/s  that  may  provide  for  potential  gains  with  regard  to  the  power  dissipation 
and  possibly  also  reduced  delay  in  future  microelectronic  circuits  made  from  diamond 
as  suggested  by  its  relatively  high  Keyes  figure  of  merit  ofvs/ei)^/^  [i].  The  lll-V 
compounds  with  bandgaps  26  eV.  e.g.  BN,  BP  and  AIN,  have  thermal  conductivities  a 
<  1  W/cmK.  Consequently  they  are  not  a  match  to  the  potential  of  diamond  with  regard 
to  replacing  conventional  semiconductors  in  future  microelectronic  circuits.  However, 
they  may  become  useful  as  nearly  lattice-matched  dielectrics  for  the  realization  of 
diamond  and  silicon  carbide  MIS  transistors.  Another  field  of  applications,  where 
ternary  alloys  and  compounds  can  make  an  impact,  is  optical  electronics.  In  principle, 
nearly  lattice  matched  BN/diamond,  and  exactly  lattice-matched  BNyPi.y/GaN  and 
slightly  mismatched  AlxGai.xN/SiC  and  AlxGai-xN/GaN  heterostructures  could  be¬ 
come  useful  materials  combinations  for  the  fabrication  of  uv  emission  and  detection 
devices  if  the  problem  of  controlling  their  electrical  properties  can  be  solved.  In  spite  of 
the  long  time  of  R&O  on  SiC  and  GaN  light  emitting  devices,  laser  emission  has  not 
been  achieved  in  these  materials  thus  far.  Considerable  progress  has  been  made  with 
respect  to  AlxGai-xN/GaN  heterostructures  in  the  past  decade,  but  the  doping  of  Al-rich 
alloys  still  remains  to  be  a  serious  problem,  as  is  the  lattice-mismatch  of  AIN  and  GaN. 
Therefore,  a  closer  look  at  alternative  materials  is  in  order.  There  exist  several 
semiconductors  that  have  direct  bandgaps  in  the  range  2.5  ^  EgS  3.5  eV  and  a-axis 
lattice  parameters  25A.  Semiconductors  with  even  lower  energy  gaps  are  appropriate 
for  use  as  low  gap  components  in  the  engineering  of  quantum  wells,  wires  and  boxes, 
where  above  band  gap  optical  transitions  in  the  blue  wavelength  regime  are  made 
possible  by  confinement  effects.  At  least  some  of  these  materials  systems  exactly 
lattice-match  readily  available  substrate  wafers  of  excellent  mechanical  and  thermal 
properties,  e.g.  Si,  which  adds  further  credence  to  their  exploration. 

All  compounds  of  interest  in  this  context  represent  normal  tetrahedral  stru^ures 
obeying  the  Grimm-Sommerfeld  rule  [4]  and  are  related  by  cation  substitutions  as 
illustrated  in  fig.2.  The  lowering  of  the  symmetry  from  Fd3m  for  diamond  to  F43m  for 
the  zb  structures  ll-VI  and  lll-V  compounds  to  I42d  for  the  cp  structure  II-IV-V2  and  l-ltl- 
VI2  compounds,  in  conjunction  with  spin  orbit  splitting,  completely  lifts  the  valence 
band  degeneracy  at  the  zone  center  for  the  cp  structure  materials  with  potential  advan¬ 
tages  to  their  use  in  the  construction  of  spin  polarized  electron  photoemitters.  Also,  the 
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Figure2.  Schematic  representation  of  the  diamond,  zincblende  and  chalcopyrite 
structures. 


smalier  first  Briilouin  zones,  associated  vnth  the  larger  unit  cells  of  the  cp  structure 
materials  as  compared  to  their  zb  structure  parent  compounds,  cause  certain 
vectors,that  are  fractions  of  a  reciprocal  lattice  vector  in  the  zb  stnicture,  to  become  full 
reciprocal  lattice  vectors  in  the  cp  structure  which  results  in  a  remapping  o1  several 
high  symmetry  points  from  the  zone  boundary  into  the  zone  center,  e.g.  Xzo  maps  into 
Tcp.  Thus  indirect  bandgaps  in  the  zb  structure  may  become  direct  in  the  cp  structure, 
as  for  example  in  the  case  ZnGeP2  which  is  the  ll-IV-Va  analog  to  GaP.  However,  the 
bond  length  differences,  established  in  the  bonding  of  the  anions  to  the  two  different 
cations  in  the  cp  structure,  result  in  a  displacement  of  the  anions  from  the  ideal  zb 
structure  sublattice  positions  and  cause  ratios  of  the  c-  and  a-axis  lattice  parameters 
c/a  *  2,  which  is  not  recognized  by  zone  folding  schemes. 

Rrst  principles  band  stnjcture  calculations  for  the  l-lll-VI  and  ll-IV-V  semiconductors 
have  been  carried  out  [5]  that  incorporate  the  contributions  of  the  outer  d-electrons  of 
the  group  I  and  group  II  elements  to  the  bonding  and  account  for  the  tetragonal  distor¬ 
tions.  They  show  that  in  the  I-III-VI2  compounds,  the  group  I  d-electrons  contribute 
substantially  to  the  charge  density  in  the  upper  valence  band  which  is  corroborated  by 
the  sulfur  K-edge  features  observed  In  x-ray  absorption  near  edge  line  structure 
measurements  [6].  The  hybridization  of  the  group  I  d-eiectrons  with  the  chalcogen  p- 
electrons  in  the  upper  valence  band  has  a  pronounced  effect  onto  the  band  gap 
accounting  tor  about  half  of  the  band  gap  narrowing  in  the  I-III-VI2  semicon-ductors  as 
compared  to  their  ll-VI  parent  compounds.  For  this  reason,  CuQaS2  has  a  substantially 
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smaller  bandgap  2nS  (see  fig.1).  On  the  one  hand,  this  places  CuGaSa  outside  the 
range  of  compounds  that  can  be  used  for  the  fabrication  of  blue  Ught  emitting  diodes, 
but  on  the  other  hand,  it  implies  significantly  lower  tendency  to  self-compensation  than 
for  ZnS.  The  bandgap  depression  is  less  for  the  silver  containing  I-III-VI2  compounds, 
as  illustrated  by  the  higher  bandgap  of  AgGaSa  as  compared  to  providing  the 
opportunity  for  blue  emission  from  alloys  on  the  pseudobinary  CuGaSa-AgGaSa. 
Another  suitable  cp  structure  materials  system  is  the  ZnGePa-ZnSiPa  system.  Both 
systems  provide  readily  for  p-type  concfoctivity  and  exactly  lattice-match  GaP  or  Si 
substrates.  Also,  ZnGePa  and  AgGaSa  exhibit  substantial  birefringence  and  are  thus 
suitable  choices  for  phase-matched  non-linear  optical  applications.  Therefore,  we 
focus  in  part  3  of  this  paper  onto  heteroepitaxial  stmctures  of  cp  structure  materials, 
since  the  ordering  of  ternary  lll-V  alloys  of  composition  ABCa  observed  under  the 
conditions  of  MOCVD  and  molecular  beam  epitaxy  (MBE)  [6-17],  established  an  addi¬ 
tional  tie  of  the  lll-V  alloys  to  the  cp  structure  materials,  and  considerable  knowledge 
has  been  gained  in  the  heteroepitaxy  of  lll-V  systems  that  pertains  to  the 
heteroepitaxial  growth  of  the  cp  stmcture  materials,  a  few  remarks  are  added  in  the 
following  part  2  of  this  paper  on  ternary  lll-V  heterostructures. 

2.  HETROSTRUCTURES  EMPLOYING  TERNARY  lll-V  ALLOYS 

There  exists  a  substantial  body  of  knowledge  regarding  the  heteroepitaxial  growth 
of  nearly  lattice-matched  Itl-V  alloys  on  silicon  and  germanium  that  gives  valuable  in¬ 
sights  into  critical  steps  during  the  nudealion  stage  aruf  into  interdifusion/autodoping 
during  growth: 

1.  Lattice-matching  is  not  necessarily  a  guaranty  tor  high  quality  epitaxial  growth, 
i.e.  appropriate  in-situ  surface  cleaning  is  essential.  For  example,  the  relativeiy  dose 
lattice  matching  of  GaP  to  Si  resulted  only  recently  in  superior  defect  structure  in  GaP/ 
Si  heterostructures  as  compared  to  substantially  mismatched  GaAs/Si  heterostruc¬ 
tures  which  was  dearly  related  to  improvements  in  the  surtace  deaning  [18]. 

2.  Even  at  the  relatively  low  substrate  temperatures  of  MCX^D  growth,  intercSffu- 
sion/autodoping  can  be  substantial  and  requires  the  development  of  growth  methods 
that  proceed  at  low  temperature.  Figure  3  shows  the  SIMS  profiles  of  the  Ge  doping 
profile  at  the  interfaces  of  nearly  lattice-matched  AlxGai-xAs/Ge  heterostructures 
grown  by  MOCVD  grown  at  seleded  temperatures  without  any  intentional  introduction 
of  Ge  into  the  vapor  phase.  The  enhanced  interfadai  recombination  assodated  with 
enhanced  Ge  doping  in  the  interfadai  region  at  the  higher  growth  temperature  forces, 
in  this  case,  a  compromise  between  low  Interfadai  recombination  velocity  at  low 
growth  temperature  and  high  bulk  lifetime  of  minority  carriers  in  AlxGai-xAs  epUayers 
grown  at  high  substrate  temperature  [19]. 
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Rgure  3.  SIMS  profile  of  Ge  at  the  interface  of  Alo.osGao.gaAs  epilayers  grown  by 
MCX)VO  on  Ge  at  selected  growth  temperatures. 

3.  In  the  same  study  [19],  microscopic  APBs  were  obsenred  at  the  AlxGaAsiVGe 
interface  that  terminated  upon  a  short  period  of  growth.  The  mechanism  for  the 
termination  process  is  not  known  at  present,  and  remains  to  be  an  important  research 
topic  since  microscopic  APBs  at  interfaces  could  have  significant  effects  on  the  perfor¬ 
mance  and  reliability  of  heterostructure  devices.  The  cause  for  the  formation  of 
localized  APBs  could  very  well  be  related  to  the  break-up  of  double  steps  on  vicinal 
surfaces  of  Si  and  Ge  into  single  steps  at  kinks  as  revealed  by  STM  [20].  Since  the 
production  of  discontinuities  in  surface  steps  by  impurities  is  also  well  known,  this 
enhances  the  above  stated  importance  of  an  effective  in-situ  surface  cleaning  step  as 
part  of  the  epitaxial  growth  sequence. 

The  growth  temperature  of  MOCVD  can  be  lowered,  and  the  interdiffusion/autodop¬ 
ing  problem  can  thus  be  reduced,  by  either  an  atomic  layer  epitaxy  (ALE)  approach, 
which  makes  use  of  sequential  chemisorption  /  reaction  cycles  [21],  or  enhancement  of 
the  growth  rate  at  a  low  temperature  by  plasma/llght  excitation  of  the  precursor 
molecules  [22].  The  former  two  approaches  work  well  for  small  layer  thickness 
because  they  are  inherently  very  slow.  This  is  tolerable  in  the  construction  of  thin 
confined  hete-rostructures,  but  is  prohitritive  In  cases  where  thick  epilayers  must  be 
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produced.  For  reasons  discussed  below,  this  is  necessary  for  non-linear  optical 
applications  of  heterostructures  of  the  cp  structure  materials.  Plasma  enhanced 
MOCVD  has  been  used  by  us  for  surface  cleaning  of  silicon  substrates  prior  to  GaP 
growth  and  for  the  in-situ  generation  of  phoshine  and  highly  reactive  fragments  thereof 
from  solid  red  phosphorus  in  a  remote  helium-hydrogen  plasma  [23].  Extreme  caution 
is  required  in  such  a  process  since  the  semiconductor  surface  may  be  easily  damaged 
by  energetic  particles  extracted  from  the  plasma.  Thus  light  enhanced  MOCVD 
appears  to  be  the  most  favorable  approach  in  the  context  of  the  desired  heterostruc¬ 
tures  in  particular  since  such  a  process  can  be  carried  out  in  an  ALE  mode  with 
alternating  chemisorption  /  illumination-reaction  cycles,  if  so  desired  in  the  context  of 
Confined  heterostructures. 

The  ordering  of  ternary  lll-V  alloys  of  composition  ABCa  in  the  CuR,  CuAu-l  or  cp 
structures  has  been  reported  for  a  variety  of  systems  [6-17].  Although  initially  theore¬ 
tical  predictions  characterized  the  ordering  as  an  equilibrium  phenomenon,  more 
recently,  these  predictions  have  been  revised  to  support  the  conclusion  that  the 
excess  free  energy  Is  positive  for  all  mismatched  systems  and  nearly  zero  for  the 
lattice  matched  systems  considered  [24].  Possible  exception  are  AlInPa  and  AllnAsa 
for  which  first  principles  calculations  result  in  a  negative  bulk  formation  enthalpy  [25] 
which  is  at  variance  with  the  results  of  the  empirical  tight  binding  calculations  ^  * 
reference  [24].  In  view  of  difficulties  with  accounting  for  entropy  effects  in  the  tempera¬ 
ture  dependence  of  the  free  energy  and  the  very  small  values  for  the  excess  enthalpy, 
theoretical  approaches  presently  cannot  explain  the  experimentally  observed  order¬ 
ing,  which  may  be  related  to  surface  energetics  that  could  stabilize  ordering  [26]  in 
conjunction  with  kinetic  hindrances  that  prevent  the  rearrangement  of  atoms,  once 
ordered,  into  the  thermodynamic  equilibrium  configuration.  Under  certain  conditions  of 
epitaxy,  the  ordering  may  be  entirely  controlled  by  kinetics,  i.e.  the  modification  of  the 
energy  barrier  to  the  addition  of  a  new  layer  of  cations,  A  or  B,  on  polar  surfaces  may 
be  affected  by  the  backbonding  of  the  anions  C  to  the  next  subsurface  layer  of  cations, 
B  or  A,  which  generally  possess  different  electronegativities  and  sizes.  This  principle, 
in  conjunction  with  the  choice  of  ligands  on  the  precursor  molecules  for  growth,  may 
favor  the  alternative  addition  of  A  and  B  atomic  layers  even  though  a  disordered  bulk 
lattice  is  energetically  favored.  However,  regardless  of  the  mechanism  of  ordering,  the 
prospect  of  subsequent  disordering  and  concomitant  bandgap  changes  in  the 
presence  of  fast  diffusing  impurities  [27]  or  of  radiation  enhanced  diffusion  in  the  voiu- 
me  filled  by  laser  light  of  relatively  high  energy,  the  lack  of  thermodynamic  equilibrium 
is  of  concern  in  the  context  of  device  reliability.  Therefore,  in  opinion  of  the  author,  the 
thermodynamically  stable  ll-IV-Va  and  I-III-VI2  semiconductors  are  superior  to 
metastable  ordered  epitaxial  structures,  such  as  ordered  Itl-V  layers,  in  all  applications 
that  require  a  non-cubic  component  in  a  heterostructure,  e.g.  non-linear  optical  ap- 

I  plications  that  require  birefringence  for  phase-matching. 

I 


3.  HETEROSTRUCTURES  OF  CHALCOPYRITE  STRUCTURE  SEMICONDUCTORS 


Both  positive  and  negative  values  of  the  birefringence  are  realized  in  cp  structure 
semiconductors  [28]  so  that  type  I  as  well  as  type  II  phase  matching  may  be  realized  in 
frequency  mixing,  harmonic  generation  and  other  non-linear  optical  applications  of 
single  crystals  of  these  materials.  Second  harmonic  generation  (SHG)  with  3% 
conversion  efficiency  for  Q-switched  CO  laser  light  has  been  reported  in  ZnGePa  bulk 
single  crystals  of  ~1  cm  size  [29].  Also,  a  remarkable  49%  external  conversion 
efficiency  (80%  internal  conversion  efficiency)  was  achieved  for  SHG  with  pulsed  CO2 
laser  radiation  of  up  to  IGW/cm^  power  density  and  2ns  pulse  width  [29].  Since  the 
COa  laser  is  one  of  the  most  powerful  sources  of  coherent  radiation  known  to  date,  the 
extension  of  its  use  to  shorter  wavelengths  with  high  conversion  efficiency  is  an 
impotant  accomplishment  that  should  stimulate  more  research  in  this  field  of  applica¬ 
tion.  A  critical  impediment  to  the  optimization  of  frequency  mixing  and  harmonic  gene¬ 
ration  in  cp  materials  is  the  residual  absorption  within  their  transparency  ranges  which 
reduces  the  conversion  efficiency  and  contributes  to  the  laser  damage  threshold 
affecting  thus  critically  the  reliability  of  the  non-linear  optical  components.  It  is  due  to 
both  impurities  and  native  point  defects  requiring  extraordinary  care  under  the 
conditions  of  bulk  crystal  growth  to  achieve  the  needed  level  of  control  of  the  purity 
and  stoichiometry  of  the  compound.  High  pressure  methods  of  crystal  growth  are  help¬ 
ful  in  this  regard,  but  thus  far  is  not  capabie  of  producing  large  crystals  [30], 

An  additional  problem  of  the  growth  of  large  bulk  single  crystals  of  congruently  mel¬ 
ting  cp  structure  materials  from  the  melt  is  cracking  during  cooling  to  room  temperature 
because  of  the  disordering  of  the  cations  at  elevated  temperature,  due  to  the  larger 
entropy  of  the  disordered  zb  phase.  Fortunately  the  transition  temperatures  for  the  II- 
IV-V2  and  I-III-VI2  compounds  represent  large  fractions  of  their  melting  temperatures 
so  that  this  problem  is  eliminated  at  the  relatively  low  substrate  temperatures  employ¬ 
ed  in  heteroepitaxial  growth.  Also,  the  lower  processing  temperature  of  heteroepitaxial 
structures  provides  for  better  purity  [31]  and  allows  the  growth  of  cp  structure  epilayers 
for  materials  that  melt  incongruently.  For  example  CdSnP2  forms  in  a  peritectic  reac¬ 
tion  from  tin  and  CdPa  at  585®C  and  has  been  produced  in  the  form  of  epitaxial  films 
on  InP  by  liquid  phase  epitaxy  from  Sn  solutions  below  the  peritectic  temperature  [32]. 
However,  the  habit  of  the  nuclei  of  the  epilayer  in  the  form  of  platelets  with  slowest 
growth  on  the  (112)  plane  and  substrate  dissolution  control  make  the  growth  of 
homogeneous  epilayers  for  optical  applications  by  LPE  very  difficult,  thus  favoring 
vapor  phase  deposition. 

High  quality  epitaxial  films  of  ZnGeAs2  [33]  and  ZnGeP2  [34,35]  have  been  grown 
by  atmospheric  pressure  MOCVD  on  GaAs  and  GaP  substrate  wafers,  respectively, 
utilizing  dimethylzinc,  germane,  phosphine  and  arsine  as  source  materials.  Figures  4 


2|im 

Figure  4.  XTEM  image  of  a  GaP/ZnGePz/GaP  double  heterostructure.  Courtesy  of  Dr. 

G.-C.  Xing,  North  Carolina  State  University  [34]. 

shows  a  cross  sectional  transmis^on  electron  microscopy  (XTEM)  image  of  a  (001)- 
GaP/ZnGePa/GaP  double  heterostructure  [34].  Also,  multiple  heterostructures 
GaP/ZnGeP2/GaP/ZnGeP2/...  have  been  grown.  The  perfectly  smooth  interface  mor¬ 
phology  of  double  and  multiple  heterostructure  makes  MOCVD  suitable  for  the  growth 
of  confined  heterostructures  combining  zb  and  cp  staicture  materials  and  to  utilize 
double  heterostructures  of  cp  and  zb  materials  for  the  guiding  of  light  and  carrier 
confinement  in  conventional  optoelectronic  device  structures.  APBs  have  been  ob¬ 
served  for  ZnGeAsz  epilayer  on  (001)  GaAs  substrates,  but  are  not  observed  under  the 
conditions  of  OMVCD  growth  of  ZnGeP2  on  GaP  [36].  The  reasons  for  this  difference  in 
behavior  is  presently  not  understood.  In-plane  phase  matched  SHG  with  CO-laser 
light  should  be  possible  for  (1 1 1  )-GaP/(1 1 2)-ZnGeP2/(l  1 1  )-GaP  double  heterostructu¬ 
res  [35].  In  view  of  the  availability  of  large  lll-V  and  group  IV  substrate  crystals  of  excel¬ 
lent  mechanical  strength  and  perfection,  heteroepitaxy  could  provide  for  substantially 
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longer  beam  path  than  achievable  with  bulk  crystal  growth  technology  for  cp  structure 
materials,  i.e.  ~7.5  cm  with  currently' available  technology  for  the  heteroepitaxial 
growth  on  lll-V  substrates.  However  a  substantial  development  effort  will  be  required  to 
generate  films  of  uniform  properties  over  a  thickness  of  tens  of  micrometer  which  is 
needed  for  SHG  using  infrared  radiation  in  the  2  to  10  pm  wavelength  range. 

Extended  ranges  of  metastable  solid  solutions  have  been  discovered  recently  in 
the  investigation  of  the  OMCVD  of  ZnGePa  on  GaP  where  an  excess  of  at  least  15% 
Ge  can  be  incorporated  into  the  lattice  of  the  ZnGePa  at  a  substrate  temperature  of 
58500  without  any  sign  of  predpitation  [34,35].  This  is  in  contrast  to  the  behavior 
ZnGePa  crystals  grown  from  the  melt  where  even  a  small  excess  of  Ge  is  precipitated. 
The  excess  Ge  is  incorporated  into  both  the  cation  and  anion  sublattices,  so  that  with 
increasing  Ge  concentration  the  alloys  gradually  approach  the  diamond  structure  of 
pure  Ge.  In  contrast  to  melt-grown  single  crystals  of  ZnGePa  that  have  high  resistivity, 
the  ZnGeP2:Ge  alloys  are  low  resistivity  p-type.  Recently  epitaxial  films  of  diluted  pseu¬ 
doternary  alloys  in  the  system  Ge-ZnGePa-ZnSiPa  have  been  produced  by  OMCVD 
[34,35]  with  net  acceptor  concentrations  at  much  lower  levels  than  encountered  in  the 
ZnGeP2:Ge  alloys.  Therefore,  these  alloys  are  better  suited  for  the  fabrication  of  pn- 
junction  or  Schottky  barrier  devices  than  the  highly  resistive  ZnGeP2  bulk  crystals  and 

ZnSiPj 


Figure  5.  Composition  tetrahedron  ZnSiP2-ZnGeP2-Si-Ge  showing  the  plane  of 
exactly  lattice-matched  compositions  to  silicon  at  300K. 


i 
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the  highly  conductive  ZnGeP2:  Ge  alloys.  Since  there  may  be  a  continuous  range  of 
pseudoquatemary  alloys  in  the  system  ZnSiP2-ZnGeP2-Si-Ge  as  illustrated  in  figure  5, 
and  ll-IV-V2-rich  alloys  have  been  produced  by  us  already  in  this  system,  it  may  beco¬ 
me  useful  for  the  continuous  grading  from  the  diamond  stmcture  of  pure  silicon  into  the 
cp  structure  maintaining  exact  lattice  matching  through  the  entire  graded  layer. 

The  heteroepitaxial  growth  of  CuGaS2  on  GaP  substrates  by  MOCVD  has  been 
demonstrated  utilizing  triethylphosphine-cyclopentadienyl  copper(l),  triethylgallium 
and  diethylsulfide  or  hydrogensulfide  as  source  materials  [37].  Since  both  CuGaS2 
and  AgGaS  can  be  produced  with  p-type  conductivity,  up  to  20  Gem  for  CuGaS2  and 
much  lower  values  for  AgGaS2,  there  exists  an  excellent  chance  to  produce  lightly 
doped  p-type  CuGaS2-AgGaS2  alloy  epilayers  on  p+-GaP  (or  p+-Si)  or  p+-GaAs  (or 
p+-Ge)  substrates.  Preferred  device  structures  employing  these  alloys  would  be 
Schottky  barriers  for  broad  band  uv  detection  and  hetero-structures  employing  n+- 
ZnxCdi-xS  or  n+'ZnSySey  front  layers  for  near  uv  detection  and  blue  light  emission. 
The  lattice  matching  alloy  compositions  are  ZnxCdi.xS/CuzAgi.zGaS2/Si,  ZnxCdi-xS/ 
CuzAgi.zGaS2/GaP,  ZnxCdi-xS/CuzAgi.zGa/Ge  and  ZnxCdi-xS/CuzAgi.zGa/Ge,  re¬ 
spectively.  Unknown  factors  in  the  realization  of  such  heterostructure  devices  are  the 
possible  formation  of  APBs  and  the  chemical  stability  of  the  l-lll-VI/IV  interface.  For  lll-V 
substrates,  the  formation  of  volatile  group  III  subsulfides  upon  exposure  to  H2S  could 
be  utilized  as  an  efficient  in-situ  cleaning  method  [38].  Because  of  the  chemical 
matching  at  the  interface  also  the  direct  growth  of  p-CuxAgt.xGaS  on  n-ZnS  substrates 
represents  an  interesting  option. 

In  summary,  a  variety  of  interesting  applications  for  heteroepitaxial  structures  of 
wide  gap  I-III-VI2  and  II-IV-V2  semiconductors  have  been  identified,  e.g  partially  solar 
blind  uv  detectors,  blue  light  emitting  diodes  and  possibly  lasers  as  well  as  non-linear 
optical  applications  of  i-lll-Vt2  and  II-IV-V2,  which  require  the  growth  of  thick  epitaxial 
layers  imposing  stringent  requirements  on  the  conditions  of  heteroepitaxy.  MOCVD 
growth  of  ZnGeP2  and  CuGaS2  as  well  as  ZnSixGei.xP2  alloys  has  been  achieved 
with  encouraging  surface  and  bulk  properties.  CuzAgi.zGaS2  alloys  lattice-matching 
Si,  Ge,  GaP  or  GaAs  substrates  may  have  utility  in  the  context  of  optoelectronic 
devices  operating  in  the  blue  wavelength  regime.  Since  under  the  conditions  of 
MOCVD,  metastable  alloys  of  the  lt-IV-V2  compounds  and  group  IV  elements  are 
realized,  II-IV-V2  alloys  may  also  serve  as  interlayers  in  the  integration  of  silicon  and 
germanium  with  exactly  lattice-matched  tetrahedrally  coordinated  compound  semi¬ 
conductors. 
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ABSTRACT 

A  new  method  for  the  direct  observation  of  two-dimensional  gas  flow 
patterns  in  a  CVD  reactor  has  been  developed  by  combining  a  laser  scanning 
technique  with  generating  micron-sized  TiOz  particles.  With  this  specially 
developed  technology,  the  size  of  generated  TiOi  particles  are  quite  uniform, 
and  of  high  density  by  the  use  of  hydrolysis  of  Ti-alkoxide  in  the  ceramic 
honeycomb  at  the  top  inlet  of  the  model  chamber.  In  this  system,  vertical 
cross  sections  of  the  gas  flow  patterns  can  be  visualized  by  illuminated  TiOz 
particles  in  a  He-Ne  laser  light  sheet.  Using  this  technique,  detailed  gas  flow 
patterns  can  be  clearly  identified  in  the  reaction  chamber.  Changes  in  the  gas 
flow  patterns  with  the  various  growth  conditions,  such  as  ^as  flow  rate  and 
pressure,  have  been  measured.  In  this  presentation,  GaAs  thin  film  growth  by 
the  MOCVD  method  will  be  reported  as  an  example. 

This  gas  flow  visualization  method  could  be  a  useful  tool  to  identify  the 
mechanism  of  CVD  reactions  to  give  better  understanding  about  carrier  gas 
transport  and  thin  film  growth  for  wide  band  gap  semiconductors  such  as 
GaN,  a-SiC,  SiNx,  etc. 


INTRODUCTION 

In  the  last  decade,  remarkable  progress  has  been  seen  in  thin  film 
deposition  technologies  over  the  wide  varieties  of  materials  in  metals, 
semiconductors  and  dielectrics.  These  growth  technologies  have  made  it 
possible  to  synthesize  electrical,  optical  and  optoelectronic  properties  of 
compound  semiconductors  by  controlling  atomic  composition  in  the  mixed 
alloys  [1,2]  and  also  by  controlling  the  epitaxial  growth  process  even  at  the 
monolayer  level  [3,4,5].  With  these  growth  technologies,  e.g.  metal  organic 
chemical  vapor  deposition  (MOCVD),  molecular  beam  epitaxy  (MBE),  plasma 
assisted  chemical  vapor  deposition  (plasma  CVD),  etc.,  there  exists  a 
possibility  to  develop  a  new  type  of  multilayered  functional  device  such  as 
three-dimensional  integrated  circuits  (SDIC's),  optoelectronics  integrated 
circuits  (OEIC  s)  and  super  lattice  devices. 

Among  these,  the  growth  mechanisms  in  the  CVD  processes  are  very 
complex  because  they  contain  the  mass  transport  phenomena  with  various 
chemical  reactions  in  the  gas  phase.  Especially  in  Ae  MfXTVD  process,  the 
epitaxially  grown  film  quality,  which  directly  affects  thickness,  composition 
and  impurity  doping  profile,  is  strongly  dependent  on  gas  flow  dynamics  in 
the  reactor  because  this  process  is  operated  at  atmospheric  or  slightly  reduced 
pressure  ('~0. 1  atm)  conditions.  Thus,  a  basic  understanding  of  gas  flow 
patterns  inside  the  reactor  is  a  key  issue  to  produce  highly  uniform  epitaxial 
thin  films  in  a  reproducible  method  on  a  large  scale. 

Recently,  much  attention  has  been  given  to  the  area  of  gas  flow  motions  in 
the  vertical  and  horizontal  MOCVD  reactors  through  flow  visualization  studies 
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using  User  light  and  through  numerical  simulation  studies  via  a 
supercomputer.  In  past  studies  of  flow  visualization,  interference  holography 
of  gas  density  variations  [6,7]  and  scattering  of  a  laser  light  sheet  using 
micron-sized  TiOi  particles  as  a  gas  tracer  [8,9,10]  have  been  attempted  in  the 
reactor.  Flow  visualization  by  means  of  a  laser  light  sheet  is  an  excellent 
method  because  of  the  ability  to  see  cross  sections  of  gas  flow  structures. 
However,  there  still  remains  problems  caused  by  the  non- uniformity  of  the 
Ti02  particles.  This  includes  their  size  and  smoke  density  based  upon  a  very 
active  reaction  of  particle  generation.  We  have  paid  particular  attention  to  this 
point,  and  started  a  series  of  systematic  investigations  on  the  production  of 
hne  and  uniform  micron-sized  TiCh  particles  without  disturbing  the  gas  flow 
in  the  reactor.  In  this  paper,  we  will  present  a  new  flow  visualization 
technique  and  discuss  the  influence  of  recirculating  vortexes  over  the  GaAs 
substrate  in  the  MOCVD  reactor  chamber. 


EXPERIMENTAL  PROCEDURE 
1. Epitaxial  Growth  of  GaAs  and  AlAs 

A  vertical  MOCVD  reactor  which  we  employed  in  our  experiment  is  shown 
in  Fig.  1.  It  consists  of  a  vertical  tapered  quartz  tube  and  a  reheated  susceptor 
with  diameters  of  100mm  and  80mm  respectively.  The  graphite  susceptor  does 
not  rotate.  The  carrier  and  source  gases  are  introduced  into  the  reactor  at  the 
top  inlet  through  a  stainless  steel  pipe  with  a  diameter  of  6.4Smm. 

Triethylg allium  (TEG),  trimethylaluminum  (TMA)  and  10%  AsH>  as  the 
source  materials  and  Hi  as  a  carrier  gas  are  used  for  GaAs/AlAs  heteroepitaxy. 
A  2-inch  GaAs  substrate  was  used  to  measure  the  distribution  of  the  film 
thickness  as  observed  in  SEM  cross-sections.  The  epitaxial  growth  was 
performed  at  a  susceptor  temperature  of  610X2,  with  two  different  reactor 
pressures  and  total  flow  rate  conditions.  One  is  mainuined  at  lOTorr  and  Isim 
(standard  liter  per  minute),  the  other,  at  lOOTorr  and  3s Im  respectively. 


Total  mass  flow  rate 
Isim 


Fig.  1  A  schematic  diagram  of 
the  vertical  MOCVD  reactor.  The 
source  materials  and  carrier  gas 
are  introduced  into  the  reactor  at 
the  top  inlet  through  a  stainless 
steel  pipe. 
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Fig. 2  shows  the  distribution  profiles  of  GaAs  epitaxial  film  thickness 
under  the  two  growth  conditions.  In  the  latter  condition,  that  is  lOOTorr  and 
3slm,  we  obtained  a  thickness  uniformity  of  ±3%  distribution  even  without 
rotating  the  susceptor  and  produced  a^ood  surface  morphology.  However,  the 
former  condition  showed  a  peculiar  dtstribution  profile  whose  shape  was  like 
the  letter  "W”  over  the  2-inch  substrate.  In  addition,  the  morphology  was  very 
poor  especially  at  the  thick  distributed  film  area.  But  this  *W*  shape  indicates 
that  the  gas  flows  axisymmetrically  over  the  substrate  in  the  reactor  chamber. 


Fig. 2  Distribution  profiles  of 
GaAs  epitaxial  film  thickness  over 
a  2-inch  GaAs  substrate  under 
two  growth  conditions. 


2. Flow  Visualization 

In  the  MOCVD  process,  the  gas  flow  behavior  is  governed  by  H>  carrier 
gas  because  the  concentration  of  the  source  materials  is  very  small.  The 
typical  dimensionless  numbers  whose  magnitude  determine  the  fluid 
characteristics  are  shown  in  Table  I.  In  this  MOCVD  process,  when  we  uke  a 
characteristic  length  at  the  gas  inlet  of  the  reactor,  the  Reynolds  (Re)  number 
is  very  small  (^SO).  The  flows  are  laminar.  Moreover,  the  Mach  (Ma)  number 
and  the  Knudsen  (Kn)  number  are  also  very  small.  Thus  we  treat  the  flows  as 
an  incompressible  and  viscous  fluid.  The  ratio  of  the  buoyancy  force,  which 
is  generated  by  a  temperature  difference  between  the  susceptor  and  the 
introduced  gas,  to  the  inertial  force  of  jet  gas  (Grashof  number  (Gr)  /  Re*)  is 
very  small  in  this  case.  The  fluid  is  considered  as  a  forced  convection  flow. 

Fig. 3  shows  an  experimental  apparatus  for  flow  visualization  studies. 
This  apparatus  consists  of  a  model  chamber,  a  system  for  generating  TiOs 
smoke  particles  and  a  He-Ne  laser.  To  examine  the  detailed  gas  flow  patterns 
over  the  susceptor,  we  constructed  a  rectangular  model  chamber  twice  as  large 
as  the  genuine  MOCVD  reactor.  It  is  made  of  acrylic  plates.  The  flow 
visualization  studies  applied  the  similarity  law  and  were  performed  under 
atmospheric  pressure  by  adjusting  to  the  value  of  the  Reynolds  number.  The 
operating  conditions  in  the  flow  visualization  are  shown  in  Table  II.  The  gas 
velocity  at  the  inlet  part  of  the  reactor  wu  20m/sec  in  the  growing  conditions 
(pressure:  20Torr,  gas  flow  rate  of  Ht :  Islm  ).  However  corresponding  to  the 
Reynolds  number  under  atmospheric  pressure  by  the  use  of  Ns  carrier  gas  in 
place  of  Ha,  the  gas  velocity  will  become  extremely  slow  (about  SOmmfyec)  in 
the  flow  visualization  model  chamber. 
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TABLE  I.  Typical  dimensionless 
numbers  and  fluid  cnaracteristics  in  the 
growth  conditions  at  20Torr  and  Islm. 
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In  addition,  we  can  estimate  the  susceptor  temjmauire  in  the  model 
chamber  which  is  reiated  to  the  temperature  difference  betweec^  the  susceptor 
and  the  inlet  gas  (ATt^)  by  fixing  the  value  oft  Or/Re*  .  As  a  result,  it 
became  very  smali  (iess  than  O.Oll^.  Hence,  theunsceptor  must  be  kept  at 
room  temperature.  V 


Fig. 3  A  schematic  diagram  of  ih«  experimental  apparatus  used  for 
flow  visualization.  The  micron-sized  TiOi  pardom  are  generated 
without  disturbing  the  gas  flow  patterns. 


A  special  feature  of  this  flow  visualization  apparatus  exists  in  the  process 
of  generating  micron-sized  TiOi  particles  which  are  highly  uniform  in  size  and 
smoke  density.  That  is,  Ni  carrier  gas  containing  eth^l  alcohol  vapor  comes 
into  contact  with  TiCl4  just  on  the  surface  of  the  TiCU  liquid.  TiCU  will 
change  into  Ti-alkoxide  (Ti(0^iCHs)4).  which  is  a  colorless  and  clear  gas, 
through  a  reaction  with  ethyl  alcohoL  Then  the  carrier  gas  with  the  Ti- 
alkoxide  is  passed  through  an  AbOs-saade  ceramic  honeycomb  whkh  is 
mounted  at  the  top  Inlet  of  the  model  diamber.  The  interior  walls  of  the 
ceramic  honeycomb  are  extremely  porous,  so  a  lane  aatonni  of  water  is 
adsorbed.  Ti-alkoxide  gu  will  tarn  into  mkron-sind  TiOt  particles  dirOngh  a 
hvdrolytic  reaction  with  the  adsorbed  water.  The  HOi  partsdes  are  generated 
via  a  2-step  reaction  of  TiCb.  Furthermore,  die  concentration  of  smtdce  can 
be  adjusted  by  a  needle  valve  whi^  is  nt  up  in  the  pathway  between  ethyl 
alcohol  and  TiCk.  Moreover,  the  ceramic  honeycomb  pwys  another  important 
role,  that  it  rectifying  the  inlet  gat  flow  direcdon  by  the  use  of  rectifier  grids. 
In  the  flow  vituaUzation.  a  He-Ne  laam  light  beam  it  spread  out  to  the  shqie 
of  a  sheet  through  a  cytodrical  lens  and  illuminate  TiOs  particles  in  the  gas 
flow  field.  The  gas  flow  patterns  are  recorded  on  films  by  a  camera  in  front  of 
the  model  chamber. 


TABLE  II.  Operating  conditions 
for  flow  visualization. 


X2  Momidwate 


It  is  very  difficult  to  visualize  the  gas  flow  at  an  extremely  low  velocity 
because  it  can  be  easily  influenced  by  the  disturbance  of  external  conditions. 
For  instance,  when  ethyl  alcohol  or  nCk  are  bubbled  by  the  carrier  gas,  we 
will  obtain  pulsative  flows  by  small  changes  in  pressure.  Utilizing  the  high 
vapor  pressure  of  ethyl  alcohol,  this  problem  has  been  avoided.  If  we  do  not 
use  rectifier  grids  we  will  not  be  able  to  make  the  gas  flow  straight  toward  the 
susceptor  from  the  gas  inlet  which  is  300mm  away.  In  addition,  if  we 
illuminated  the  particles  with  a  tungsten  lamp  as  a  source  of  light  instead  of  a 
laser  light,  non-axis ymmetric  flows  will  occur  instandy  by  increasing  the 
temperature  at  the  model  chamber's  side  wall.  Oor  system  has  solved  all  of 
these  problems. 


results  and  DISCUSSION 

Adopting  these  new  flow  visualization  techniques,  TiOi  partidM  can  be 
geaerakd  in  a  smooth  and  thick  fashion.  As  a  result,  we  were  able  to  observe 
the  vertical  cross  sections  of  detailed  gas  flow  patterns  on  the  susceptor 


precisely,  clearly  and  continuooaly  since  these  reactions  were  very  stable. 


(a)  Impinging  jet 


(b)  Suble  flow 


(c)  Diffusion 


(d)  Lack  of  hydrolytic  reaction 


Fig. 4  The  photographs  of  the  flow  visualization. 


The  photographs  of  the  flow  visualisation  are  shown  in  Fig. 4.  From  these 
photographs,  we  couM  see  that  the  introduced  gas  from  the  top  inlet  of  the 
reactor  was  a  jet.  The  width  of  the  jet  was  not  well  developed  between  the  top 
inlet  and  the  susceptor.  The  moment  the  initial  introduced  jet  gas  imaged  on 
the  substrate  and  created  vortexes  was  centred  in  (rig.4-a).  ^is  was 
because  the  gas  around  the  jet  was  quiescent  at  the  first  stage  in  the  model 
chamber.  These  vortexes  reached  the  reactor's  side  wall  and  disappeared. 
Then  the  flow  induced  by  the  jet  is  axisymmetric  near  the  substrate  and 
becomes  suble  (Fig.4-b).  After  approximately  30  minutts,  the  diffusion  of 
gas  in  the  reactor  was  also  observed  (Fig.4-c).  Fig.4-c  shows  that  the 
environmental  gas  is  also  moving  and  generating  vortexes.  The  shortage  of 
adsorbed  waur  in  the  ceramic  boneyconib  could  not  show  a  hydrolytic  reaction 
inside  the  flux  of  the  jet  gu.  Consequently  TiOi  particles  could  not  be 


727 


generated  with  high  density  (Fif.4-d).  This  happened  when  the  TiOi  panicles 
had  become  attached  to  the  interior  walls  of  the  ceramic  honejtcomb. 

The  gas  flow  states  in  Fig.4-b  have  been  investigated  in  more  detail.  It 
has  been  shown  that  the  injected  gas.  which  impinges  the  substrate 
perpendicularly,  flows  radially  oatwwd  along  the  snbstrate  surface,  separates 
and  then  forms  recirculating  cells  under  the  susceptor  edge.  The  cells  then 
move  onto  the  substrate  and  stop.  It  seems  dial  the  cells  are  balanced  with  the 
momentum  of  the  flux.  Fig.4-b  does  not  show  vortexes  but  the  vortexes  are 
always  located  between  the  jet  and  where  the  flow  separated  (see  Fig4>c). 

Fig.S  shows  the  recirculating  cells  which  rotate  clockwise  and 
counterclockwise  on  the  right  and  the  left  respectively.  The  main  stream  can 
be  separated  from  the  substrate  by  the  existence  of  the  recirculating  cells. 
When  we  increase  the  gas  flow  rate,  the  gas  flow  velocity  will  increase  as 
well.  This  causes  the  cells  to  move  outward  to  another  position  where  the 
momentum  is  balanced  on  the  substrate.  These  phenomena  are  very 
interesting.  The  reasons  why  these  phenomena  exist  are  thought  to  be  caused 
by  the  interaction  between  the  following  effects.  (1)  The  shape  of  the 
susceptor  edge.  (2)  The  distance  between  the  susceptor  and  the  reactor's  side 
wall.  (3)  The  total  gas  flow  rate  (i.e.the  velocity  of  the  jet  gas). 


Fig.S  The  recirculating  cells  and  the  flow  separations  on  the  substrate. 


The  result  of  the  film  thickness  distributiou  proflie  at  the  conditions  of 
20  Torr  and  Islm  and  that  of  flow  visualisation  nndw  atnmspberic  pressure 
being  Rusted  to  the  Reynolds  nnmjber  are  coaspased.  The  result  is  slwwn  in 
Fi|.6.  Ike  position  when  the  film  b  thick  correapnds  to  tte  flow  separmion 
point.  The  presence  of  the  vortexes  on  the  snbstrhie  strongly  affects  the  Him 
quality.  When  the  material  species  are  entered  into  the  recirculating  celts  once, 
they  will  not  be  able  to  get  out  except  by  diffusion.  Thus  fresh  gas  supply 
cannot  be  sufficient  to  the  substtaie  surface  under  the  recirculating  ceUs.  It 
decreases  the  partial  pressure  of  AsH*  and  as  a  result,  the  epitaxial  growth  is 
not  well  done. 

The  Reynolds  number  is  independent  of  reactor  pressure  when  the  gas 
flow  rate  is  fixed,  because  the  gas  velocity  changes  at  an  inverse  proportional 
rate  to  those  of  the  reactor  pressure.  On  the  other  hand  the  pas  density  is 
directly  proportional  to  the  pressure  (Reoc  jp  •  u ).  Further,  increasing  the 
total  gas  flow  rate  implies  increasing  the  Reynolds  number.  Fig. 7  shows  the 
photographs  taken  when  total  gas  flow  rates  are  increased.  As  total  gas  flow 
rates  are  increased,  the  cells  are  moved  outward. 
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(c)  TottI  gas  flow  rates  1.9  l/min.  (d)  Total  gas  flow  rates  2.5  1/min. 


Fig. 7  Flow  visualization  photographs  when  total  gas  flow 

rates  are  increased.  As  total  gas  flow  rates  are  increased,  the 
cells  are  moved  outward. 


The  gas  flow  pattern  of  the  epitaxial  growth  conditions  which  are  100 
Torr  and  3  slm  is  visualized  in  Fig.  8.  The  position  of  the  recirculating  cells 
are  moved  to  the  substrate  edge  and  good  epitaxial  growth  is  achieved  with  a 
good  uniform  film  thickness.  According  to  these  results,  three  times  the  total 

fas  flow  rate  will  be  necessary  to  move  the  recirculating  cells  ouuide  of  the 
-inch  substrate. _ . _ _ 


listanct  (■) 

Fig. 8  The  distribution  profile  of  the  epitaxial  film  (lOOTorr, 
3slm)  and  the  gas  flow  pattern.  The  position  of  the  recirculating 
cells  is  moved  to  the  substrate  edge.  As  a  result,  the  film  thickness 
uniformity  was  ±S%  distribution. 


Fig. 9  summarizes  the  relationship  between  the  toul  flow  rates  (=  the 
Reynolds  number)  and  the  distance  of  the  two  recirculating  cells  (-  the  gas 
separations)  in  the  flow  visualization  model  chamber.  The  position  of  the  cells 
is  in  proportion  to  the  total  gas  flow  rates.  Thus  the  gas  flow  behavior  is 
strongly  influenced  by  the  total  gas  flow  rates. 


Re  Number 


CONCLUSION 


A  new  flow  visualization  method  has  been  developed  and  applied  to  study 
gas  flow  patterns  in  a  MOCVD  vertical  reactor.  Employing  this  method,  the 
vertical  cross  sections  of  detailed  gas  flow  patterns  on  the  susceptor  can  be 
observed  precisely,  clearly  and  furthermore  continuously  without  disturbing 
the  genuine  gas  stream.  In  this  study,  we  found  a  good  agreement  between  the 
film  thickness  distributions  and  the  gas  flow  patterns.  The  gas  flow 
separations  which  are  caused  by  the  recirculating  celu  are  moved  by  changing 
the  total  gas  flow  rates.  The  existence  of  these  separations  and  cells  prevent 
fresh  gas  being  supplied  to  the  substrate  and  consequently  epitaxial  growth  is 
not  well  done.  Thus,  the  total  gas  flow  rates  severely  affect  the  gas  flow 
patterns. 

This  flow  visualization  technique  is  of  wide  application  to  the  CVD 
process  in  the  region  of  being  governed  by  viscous  fluid.  It  might  be  a  useful 
tool  to  identify  the  mechanism  of  CVD  reactions  to  give  better  understanding 
about  carrier  gas  transport  and  thin  film  growth  for  wide  band  gap 
semiconductors. 
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ABSTRACT 

Vanadium  pentoxide  (vanadia)  is  a  wide  band  gap  semiconductor.  Its  layered 
onfaorbombic  structure  consists  of  altemating  suUayas  of  V-fO  atoms  and  O  atoms  (vanadyl 
O)  alone  aligned  perpendicular  to  the  b-axis.  This  unique  smicture  makes  vanadia  a  usefU 
host  for  alkali  atom  intercalation  for  elcctrochiomic  applications,  and  therefore,  an 
understanding  of  its  optical  propenies  is  inqtortant.  Here,  we  study  the  optical  absorption 
characteristics  of  vanadia  in  the  incidem  photon  energy  range  E=:2.S-ti.O  eV  (Xs49<p200 
nm).  ThBmatBrialisinthefannofQ.llunthidcfi]msqiut»depositedinNcA^<fischarges. 
Two  types  of  films  were  studied:  an^-oriented  films  with  the  b-axis  petpemucular  to  the 
substrate,  and  amorphous  films  witii  an  oxygen  deficiency.  The  <q>tical  absorption 
coefficient,  a(E),  was  determined  and  interimiBd  in  terms  of  the  structure  of  the  V  3d 
conduction  band.  Ammi^ous,  O-deficient  vanadia  were  examined  for  room  tenqtenmre 
aging  and  were  found  to  oxidize  and  increase  in  transmittance  in  the  photon  energy  range 
studio 


INTRCXJUCnW 


Vanadia,  V2OS,  is  a  wide  band  gap  semiconductor  at  room  temperature.  Itcrysudlues 
in  dK  orthorhombic  crystal  structure  with  bulk  pruameters  a=l  1.519  A,  b==4.373  A,  and 
c=3.S64  A  (l-<6].  The  crystal  structure  is  shown  in  Fig.  la  [7].  Perpendicular  to  the  b 
cryaal  axis,  Le.,  in  the  (010)  plane,  vanadia  has  a  layered  structure  consisting  of  ahcmatiiw 
rows  of  V-iO  atoms  and  O  atoms  alone.  In  vanadia,  a  central  V  atom  is  bonded  to  six  O 
atoms  in  a  distorted  octahedral  symmeoy.  Four  O  atoms  ate  coplanar,  a  fifth  O  lies  1J9  A 
above  the  central  V  atom  and  is  referred  to  as  the  vanadyl  O,  and  a  sixth  O  atom  lies  2.78  A 
below  the  central  V.  Hgute  lb  shows  the  local  atomic  arrangement  Bonding  petpendicolar 
to  the  layer  is  weak  because  of  the  large  sqreration  between  a  central  V  atom  arid  the  vaiudjd 
Oof  an  adjacent  layer. 
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Fig.  1:  a)  Perspective  drawing  of  the  vanadia  lattice,  with 
small  circles  indicating  V  ai^  larger  circles  indicating  O 
(from  Ref.^.  b)  The  local  arrangement  around  a  central  V 
atom  in  distorted  octahedral  coordination  with  six  O 
[Ovsvanadyl  O,  Oc  =chain  O,  Ob=btidge  O] 


o 

Interest  in  the  optical  properties  of  vanadia  originated  as  a  result  of  a  better 
understanding  of  the  catalytic  process  of  hydrocarbon  oxidation  [7-11].  The  oxygen 
molecule  dissociates  at  the  suiftoe  ttf  noosimchiainetric  vanadia  by  trapping  an  oxygen  atom 
at  a  vacant  vanadyl  oxygen  site.  Optical-related  stiafies  showed  presence  of  a  broad  infimd 
band  centered  at  about  Ipm,  the  intensity  of  which  increased  or  decreased  upon  rednetioo  or 
oxidation  of  vanadia  respectively  [9.1 1].  The  band  was  attributed  to  elecnonic  transitions 
within  occupied  3d  band  (i-e  3d* — >3dl). 

The  wide  interlayer  spacing  allows  intercalation  of  alkali  atoms  within  the  vandia 
lattice,  and  diat,  in  nim  resulted  in  the  ineerest  in  diin  films  of  vanadia  in  solid  state  baiseties 
[12]  and  electrochromic  devices  for  sman  windows  [13-16].  Intercalation  and 
de-intercalation  are  associated  with  reduction  and  oxidation  of  the  material,  and  hence  the  IR 
band  in  thin  film  vanadia  has  repeatedly  been  invesdgaied  [13.16,18].  However,  there  have 
been  few  studies  of  optical  behavior  at  energy  greater  than  the  baiid  gap.  i.e.  in  the  nlttaviolet 
spectral  region,  which  is  the  subject  of  the  present  paper.  Aita  et  al.  [17-21]  have  been 
studying  the  effect  of  various  gutter  deposition  parameters  on  the  vanadia  filim  stmctnral 
and  optical  properties  grown  in  Ar/Oj  discharges. 

We  report  here  the  optical  properties  of  single  (010)  orientation  vanadia  and  amorphous 
vanadia  filrns  for  incident  photon  energy,  E^2.5^0  eV  (wavelength  X=4^200  nm).  Rims 
are  grown  by  radio  frequency  reactive  sputter  deposition  in  Ne/02  discharges.  The  effect  of 
using  Ne/02  discharges  on  the  films’  structural  properties  is  discussed  in  Ref.  27.  Optical 
absorption  characteristics  in  the  ultraviolet  region  are  related  lo  the  structure  of  the  vanadia 
conduction  band.  The  effect  of  room  temperature  aging  tf  the  amorphous  films  is  discussed 
in  terms  of  film  oxidation. 


i 


EXPERIMENT 


Film  Growth 


A  liquid  N2-cold  trapped,  hot-oil  diffusion  pumped,  tf-excited  planar  diode  sputter 
deposition  system  was  us^  to  grow  the  films.  The  target  was  a  12.7  cm-diam,  99.7%  V 
disc  bonded  to  a  water-cooled  cathode.  The  substrates  were  pyrex  glass  slides  and  fused 
silica  placed  on  a  water-cooled  Cu  anode.  The  anode-cathode  spacing  was  5  cm. 

The  chamber  was  evacuated  to  6.65  x  lO*^  pa  (3x10'^  torr)  before  backfilling  with 
sputtering  gas.  The  toul  gas  pressure  was  measut^  with  a  capacitance  manometer  and  kept 
constant  at  1.33  Pa  (1x10’^  torr).  S>9.999%  pure  Ne  and  99.997%  pure  Cb  were  used. 
Each  component  was  introduced  separately  into  the  sputtering  chambw.  Ne;02  ratios  were 
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established  using  an  MKS  Baiatron  Series  260  control  system.  Model  2S8  flow  transducers, 
and  Model  248A  solenoid  control  valves.  With  a  shutter  covering  the  substrates,  a  two-step 
pre-sputter  procedure  was  carried  out  in  which  the  target  was  sputtered  in  Ne  for  4S  minutes, 
and  then  for  an  adcfilional  45  minotes  in  the  gas  mixtiire  used  for  the  actual  dqtosition, 

after  which  the  shutter  was  opened.  Peak-io-p^  cathode  voltage,  V^,  was  -1.6  kV. 
Specific  dqtosition  cooditioos  are  recorded  in  Tule  1. 

Ne  gas  was  used  as  the  ottering  rate  gas  instead  of  the  commonly  used  Ar  for  several 
reasons.  A  wdl-knowncharaottristic  of  reactive  patter  deposittonfiom  an  etemental  target 
is  that  conqxnind  formation  at  the  target  surface  above  a  critical  reactive  gas  content,  for 
example  oxygen  content  [21-22].  In  that  'mode'  oi  the  target,  the  flux  of  species  sputtered 
off  the  target  and  arriving  at  the  substrate  is  almost  totally  in  molecular  form,  b  is  also 
known  that  metastable  Ne  (Ne">s  16.62  and  16.71  eV)  can  Penning  ionize  ground  state  Ch 
molecules  Oonization  potential  Ej  >12.1  eV)  whereas  Ar  metastables  (At"  >1 1.SS  and  1 1.72 

eV)  cannot  [23-25].  Tte  product  of  Pennin|  ionization  (Ne^-t-Oj - >02'*’  +  Ne^+  le)is 

a  positively-charged  oxy^  qiecies  whkfa  is  readily  attracted  to  the  negatitmy  biased  target, 
enhancing  target  oxidamm.  The  tat]^  surface  no  tagergeom  all  oxygoi  from  the  plasm, 
making  it  av^UMe  for  reaction  wim  metal  or  snboxide  qrecies  at  the  substrate.  While  tiuu 
property  of  Ne  is  unattractive  for  forming  metal  suboxidm  by  reactive  sputtering,  it  is  very 
convenient  for  forming  high  vatertce  metal  oxides.  In  addition,  the  low  mass  of  results 
in  a  lower  sputtering  yield  and  hence  lower  dqwritioo  rate.  The  mobility  of  qiecies  at  the 
substarte  is  not  only  tengterature  dependent  but  also  time  dependent  For  both  of  these 
reasons,  crystalline  grovi^  is  in  general  enhanced  (disordeted  or  amoqtiious  giowtii  is 
minimized)  when  Ne  rather  than  Ar  is  used  as  the  rare  gas  component  of  the  discharge, 
aiding  at  die  formation  of  highly  orientated  uniqntaxial  films  (Le.  polycrystalline  widi  sh^ 
fiber  texture)  [26-27]. 


Film  rhanictrriTMtion 


Film  thickness  was  determined  usiru  a  Tencor  Aljiba  Stqp  hfodel  200  pndiloiiieter  to 
measure  the  height  of  a  step  produced  by  masking  a  region  of  the  substrate  during 
deposition.  Grov^  rate  was  d^etmined  by  thviding  duckness  by  deposition  time. 

Crystallography  was  determined  by  double-angle  x-ray  diffiaction  (XRD)  using  Cu  Ku 
radiation  (X  =  1.3418  A)  for  films  grown  on  glass  sUdes.  I^ak  position  (26),  intensity,  arxi 
full  width  at  one-half  of  the  tnaxittuim  intensity  (FWHM)  were  measured.  The  difEracmmeter 
was  calibrated  using  the  [01.1]  diffraction  p^  of  a  quartz  standard  at  2e=26.66l0.Q2*’ 
whose  width  is  0.25**.  The  inietplanar  spacing,  d[hkl]  was  calculated  using  the  Bragg 
equation  for  n^  order  diffiaction:  d[hkl}>nX/2sin6. 

A  Petkin-Elmer  Model  330  UV-Visible-Near  Dt  douUe  beam  spectrophotometer  with  a 
specular  reflection  attachment  was  used  to  measure  the  transmittance  and  reflection  of  near 
ncrnnal  incidence  radiation  in  the  200-650  nm  range  for  films  on  fused  silica.  Measurements 
were  performed  iitunediately  after  deposition  and  dien  again  after  a  period  of  nine  months.  In 
the  transmittance  teginie,  a  bate  fused  silica  substrate  was  placed  in  the  path  of  the  reference 
beam  so  that  the  recorded  transmittance  is  due  to  die  transmission  through  the  film  alone. 
Reflectance  measurenwnts  were  made  relative  to  an  A1  mirror.  No  sample  was  placed  in  die 
reference  beam  path.  In  the  energy  region  studied  here,  which  is  near  and  above  the  bond 
gap,  the  film  is  highly  absorbing  so  that  reflection  of  the  incident  beam  at  the  fifan-sobstrate 
interface  is  minimized,  thus  allowing  die  use  of  Eq.  (I)  for  abwnption  coeffictent  calculations 


T-[(I-R)2exp(-ox)]/[l-R2exp(-2ax)J.  (1) 

T  is  transmittance,  R  is  reflectance,  x  is  film  thickness,  and  a  is  the  absorption  coefficient 
calculated  as  a  function  of  wavelength. 
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RESULTS 


Rltii  tbicknm.  growth  rale,  and  x-tay  diffiracdon  resaltt  ttc  given  in  Ti>ble  L  Rtans 
that  showed  no  x-ray  difiiactioo  peaks  were  green  in  color  and  are  referr^  to  Itereu 

amotnboosvanadia.  Ctystallinefiliiit  showed  two  x-iaydiffiaciiaii  pedes  amuwted  to  not 
andm^  onto  dUBa^onof^lQ  planes  of  orthothooibic  vanadia. 

Table  t  Rim  designation,  spattering  gas  O2  content  (*(^,  film  thickness  CO.  grawih  rate 
(G).  crystal  structure  (CS).  and  interlayer  qtacing  0»- 


Rhn 

%02 

T(A) 

Gik/ttaii) 

CS 

B(A) 

A 

2 

1300 

11 

Anauphous 

— 

B 

4 

840 

14 

Amorphous 

— 

C 

10 

890 

7 

(01Q)ottho- 

rhombic 

4.40S 

D 

25 

1300 

11 

(OKQortho- 

ihOB^ 

4.398 

Hgore  2  shows  the  absorption  coefficient  calculated  using  Eq.  1  as  a  function  of 
incidem  photon  energy  fm  Rims  A.  C  and  D.  Tire  transmittance  through  asniqxwited 
amorphoas  Rims  A  and  B  is  compared  to  that  afto  a  period  of  nine  months  of  ai^g  to  test 

for  film  stability.  The  results  are  shown  in  Rg.  3. 


Rg.  2:  Absorption  coefficient  as  a  function  of  incident  phomn  energy  for  crystalline 
vanadia  Rim  C  (-»-)  and  Rfan  D  (x)  and  amotphous  vanadia  Rim  A  (d). 


Wavdength,  nm 


Fig.3:  Transmittance  through  Rim  A  (■«■),  and  Rim  B  (c)  in  as  deposited  state.  In  d>e 
aged  state,  Rims  A  and  B  ate  designated  by  (  x  )  and  (*  )  icspecdvdy. 


DISCUSSION 


Vanadia  films  grown  in  discharges  of  O2  content  greater  than  4%  and  at  cathode 
voltage  of  l.dkV  had  a  solely  <010>  orientadon,  i.e  the  films  are  uniepitaxial,  with  the  b 
axis  lying  perpendicular  to  the  substrate.  The  interlayer  spacing  was  alwa^  greater  than  the 
bulk  value  (4.373A).  No  long  range  order  was  detected  in  films  grown  in  O2  content  less 
than  4%.  It  was  previously  r^orted  that  the  critical  O2  content  needed  to  ptodube  aystaOine 
vanadia  in  N</02  discharges  decreased  with  increasing  cathode  voltage  [77],  and  is  less  than 
the  critical  (^content  found  in  Ar/C^  discharges  at  1.6  kV,  consistent  with  the  previous 
discussion  of  Penning  ionization  of  0^. 

A  comparison  of  the  absorption  bdiavior  of  crystalline  vanadia  Films  C  and  D  and 
amorphous  vanadia  Rim  Ain  Rg  2  reveals  two  main  differences; 

1)  an  absorption  band  with  an  onset  at  2.5  eV  and  centered  at  3.2  eV  present  only  in 
crystalline  vanadia,  followed  by  anodwr  broader  band,  the  onset  of  which  is  at  3.8  eV. 

2)  a  shift  in  the  absorption  edge  for  hv  >  2.8  eV  toward  higher  energy  in  amorphous 
vanadia. 

The  structure  of  the  optical  absorption  curve  of  crystalline  vanadia  can  be  explained  as 
follows.  The  valance  band  in  vanadia  has  an  O  2p  nature.  The  conduction  band  consists  of 
two  split-off  V  3d  bands,  a  feature  characteristic  of  the  symmetiy  of  crystalline  vanadia.  The 
lower  V  3d  band  was  first  calculated  by  Bullet  to  be  0.4  eV  wade,  arid  separated  by  0.3  eV 
from  the  upper  and  broader  V  3d  band  [29].  The  onset  of  absorption  at  2.5  eV  is  therefore 
attributed  to  electronic  transitions  from  the  02p  to  the  lower  V  3d  band.  The  broader,  Ug^ 
energy  band  whose  onset  is  3.8  eV,  is  attribute  to  transitions  from  the  O  2p  to  the  upper  V 
3d  band.  The  first  spectroscopic  measurements  on  single  crystal  V2O5  to  reveal  such  a  band 
structure  was  performed  by  Mokerov  et  al.  [30].  In  the  real  pan,  n,  arid  imaginaty  pan,  k,  of 
the  complex  refractive  index,  a  band  with  a  maximum  at  2.5  eV  and  0.4  eV  wid^  followed 
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by  a  stronger  band  centered  at  2.92  eV  for  polarized  light  with  Ella,  and  at  3.  IS  eV  for  E  II 
c  was  reported. 

The  split-off  V  3d  bands  lose  resolution  in  as-deposited  amorphous  vanadia  films, 
accompani^  by  a  shift  in  the  absotpdoa  edge  to  higher  energy.  The  latter  effect  has 
prevkHisly  been  observed  to  occur  in  nanoctysialline  vanadia  thin  Sms  after  Lf' imetcalation 
to  produce  V'^  sites  [16],  consistent  with  die  substcdchiometiic  nature  of  the  amoiphous 
filtns.  Crystalline  filtm  <h>  not  age  at  room  temperature,  whereas  amoqihoos  films  do.  We 
attribute  this  aging  to  oxidation  which  anniulates  V'*'^  ilefects.  A  similar  result  was 
previously  reported  for  subsioichiomettic  vanadia  on  sapphire  [17]. 


REFERENCES 


1 .  ASTM  Joint  Cotmidssion  on  Powder  Diffiacdoo  Standanls  Rle  No.  9-387,  (1974).  b 
and  c  are  reversed  in  this  reference  fiom  the  manner  in  whidi  they  appear  tlnoughout 
the  literature. 

2.  H.  G.  Bachmann,  F.R.  Ahmed,  and  WJL  Barnes.  Z.  KristaL  112.  S.ll  (1961). 

3.  L.  Fiermans  and  J.  Vennik,  Surf.  ScL  S.  187  (19M). 

4.  E.  Gillis  and  E.  Boesman,  Phys.  Status  Sdidi  14. 337  (1966). 

3.  P.  Clauws  and  J.  Vennik,  Kys.  Status  Srdidi  B  66.  SS3  (1974). 

6.  W.  Lambrecht,  B.  Djafati-Rouhani,  and  J.  Vennik,  J.  Phys.  C 12,  369  (1986). 

7.  HRamirez,  B.  Casal.  L.  Utna,  and  E.  Ridz-Hitzky ,  J.  Chem.  Phys.  in  press. 

8.  L.  Fietnuuis,  P.  Clauws,  W.  Lambrecht,  L.  Vatidenbrouche,  and  J.  Vennik,  Phys. 
Status  SoUdi  A  22.493(1980). 

9.  L.  Fiermans,  L.  Vandenbrouche,  R.  Vandenberge,  J.  Vetmik,  and  G.  Dalnud,  J. 
Mictosc.  Spectros.  Electrott.  4.S43  (1979). 

10.  J.H.  Petlstein,  J.  Solid  State  Chem.  2 . 217  (1971). 

1 1.  J.  BuUot,  P.  COrdier,  O.  Gallais,  M.  Ckuthier,  and  F.  Babonneau,  J.  Non-ciyst.  Sol. 
6&,  133  (1984). 

12.  J.B.  Bates,  N.J.  Dudney,  C.F.  Luck,  and  L.  Klatt,  Ceranuc  Transactions  IL  33 
(1990). 

13.  SJP.  Cogan,  N.M.  Nguyen,  S.J.  Penotd,  and  R.  D.  Rauh  in  Ordeal  Materials 
Technology  for  Energy  Efficiency  and  Solar  Energy  Conversion  VII  (SPIE, 
1016.19881  pp.  37-62. 

14.  S.F.  Cogan,  N.M  Nguyen,  S.  J.  Perrotd,  and  R.  D.  Rauh:  J.  Appl.  Phys.  6&  1989, 
1333. 

13.  A.  Talledo,  A.M.  Andersson,  C.G.  GranqvisL'  J.  Mater.  Res.  2. 1233  (1990). 

16.  A.  Talledo,  A.M.  Andersson,  and  C.G.  Granqvist,  J.  Appl.  Physics.  69.  3261  (1991). 

17.  SJ>.  Hansen  and  C.R.  Aita:  J.  Vac.  Sci.  Tedinol.  A  2. 660  (IMS). 

18.  C.R.Aita  ,  Y.-L.  Uu,  M.L.  Kao,  and  SJD.  Hansen,  J.  Appl.  Phys.  60.  749  (1986). 

19.  C.R.Aita,  C.-K.  Kw^,  and  M.L.  Kao,  Mat  Res.  Soc.  Ptoc  .22.  433  (1M7). 

20.  C.R.  Aita  and  M.L.  Kao,  J.  Vac.  Sci.  Technol.  A2. 2714  (1987). 

21..C.R.  Aita,  L.-J.  Liou,  C-K.  Kwok,  R.C.  Lee,  and  E.  Kolawa,  Thin  Solid  Filins 
193-4.  18  (1991). 

22.  R.C.  Lee  and  C.R.  Aita,  J.  An>l.  Phys.  20. 2094  (1991). 

23.  CJR.  Aita  and  Ngoc  C.  Tran,  J.  Appl  Phys.  50. 958  (1984). 

24.  J.W.Cobum  and  E.  Kay,  Appl.  Phys.  Lett  18.433  (1971). 

23.  C.R.  Aita  and  M.E.  Maihic,  1.  Vac.  Sci.  Technol.  A,  1(1),  69  (1983). 

26.  N.M.  Abuhadba  and  CR.  Aita,  J.  Appl.  Phys.  ZL  axx  (1992). 

27.  N.M.  Abuhadba  and  C.R.  Aita,  Mater.  Sci.  Technol.  Xxx  (1991). 

28.  J.l.  Pankove,  Optical  ProcessM  in  Semiconductors  (Prentice-Hill,  Englewood  Cliffs, 
NJ,  1971),  p.  93. 

29.  D.W.  BuUet,  J.Phys.  C.Solid  St.  Phys.  J2.  L59S  (1980). 

30.  V.G.  Mokerov,  V.L.  Makarov,  V.B.  Tulvinski,  and  A.R.  Begishev,  Opt.  Spectrosc., 
Mi,  38  (1976). 


737 


imSE  MAPPING  SPUTTER  DEPOSITED  WIDE  BANIM3AP 
METAL  OXIDES 


CR.  ATTA .♦  R.C.  LEE,*  C.-K.KWOK.*  AND  Ej\.  KCTJVWA** 

*Materials  Depanmeut,  University  of  R^sconsin-Milwaukee,  P.O.  Box  784,  Milwiokee,  WI 
53201 

**Depattiiient  of  Electrical  Engineering,  California  Institute  of  Tecfamdogy,  Pasadena,  CA 
91125 


ABSTRACT 

Reactive  sputter  deposition  is  a  widely-used  process  for  growing  films  of  high  mdiii^ 
point  materials  near  room  temperature  and  desirable  metastable  structures  not  attainable  in 
material  grown  under  condilions  of  thermodynaniiceipiilibrinm.  Both  categories  include  wide 
band-gap  metal  oxides.  A  first  st^  tosrards  reproducible  growth  is  todevdop  a  "phase  map" 
for  the  metal-oxygen  system  of  interest  The  map  grai&cally  relates  indqtoi^t  spatter 
dqtosition  proc^  parameters,  the  growth  environment,  the  metallurgical  phasefs)  formed 
in  the  film.  This  paper  shows  how  phase  maps  are  constructed  and  used  to  oboove  general 
trends  in  oxide  phase  ftHtnation  sequence,  widi  exanqdes  fiom  the  Nb-O,  Y-O,  and  Zr-O 
systems. 


INTRfMJUCnON 

In  this  study,  metal  oxide  films  were  grown  on  uidieated  substrates  by  sputtering  a  metal 
target  in  radio  frequency  (iQ-excited  tare  gas-02  discharges.  Optical  emissioa  spectrometry 
was  used  for  in  situ  sputtering  dischuge  diagnostics.  Characterization  for  inetallurgical  ph^ 
identification  included  x-ray  mffiaction,  infill  absorption,  Rutherford  badcscattering,  optical 
spectrophotometiy,  and  electrical  resistivity  measurements.  From  these  data,  a  "ph^  map’ 
was  constructed,  mterrelating  independent  process  parameters,  the  growth  environment,  and 
metallurgicai  phases  present  in  the  films. 

Spatter  deposition  is  governed  by  kinAics.  The  process  parameters  onto  whitdi  phase 
regions  and  growth  environment  characteristics  are  mapped  are  not  analogous  to  die  thermo¬ 
dynamic  vatSibles  used  to  describe  overimfers  [1].  The  scientific  motivation  for  constructing  a 
phase  map  is  to  understand  the  phase  formation  sequence  in  terms  of  a  changing  grou^ 
environment  -  a  first  step  towards  modeling  metal  oxide  growth  by  reactive  ^tter  deration. 
An  important  technolo^cal  outcome  is  that  another  investigator,  using  the  information  about 
the  equivalence  of  process  parameters  shown  on  the  phase  map,  can  imdce  educated  decisioas 
when  desig^g  an  experimm  to  obtain  qiecific  film  properties,  even  when  no  means  of  in  st» 
discharge  dia^iostics  is  available. 

Sputter  deposition  is  a  low  pressure,  glow  discharge  process  earned  out  in  a  set-up 
shown  in  Hg.  1  [2].  The  high  neptive  cathode  potential  (hops  to  ground  across  the  Crookes 
dark  space.  The  potential  rises  in  the  plasma  to  a  small  positive  value.  The  anode  surface 
floats  at  a  small  ne^tive  potential.  Positive  ions  from  the  plasma  accelerate  across  the 
Crookes  dark  qiace  and  strike  the  target  surface.  Matoial  is  qei^  (sputtered)  by  momention 
transfer.  Most  of  the  ejected  target  species  are  uncharged,  move  randomly  between  the 
electrodes,  become  thetmalized,  and  condoise  on  any  surwe  in  their  path,  i.e.  the  substrate. 
A  metal  oxide  film  is  groum  here  twittering  a  metal  target  in  a  rare  gu-02disdharge.  Fora 
fixed  machine  geometry,  indqien^t  process  parameters  include  loA  gas  pressure,  nominal 
sputtering  gas  content,  rare  gas  type,  and  cathode  voltage.  Combinations  of  these 
patameters  detemune  deposition  rate,  tf  powre,  and  substrate  surface  temperature. 

A  continuous  oxide  layer  forms  at  the  target  surfree  once  the  nominal  gas  O?  content 
exceeds  a  critical  value,  (^*.  For  02>C>2*,  the  target  material  efiectively  being  bombarded  is 
an  oxide.  O2*  strongly  Ainds  on  cath^  vedtage  and  rare  gas  type.  For  a  givoi  rare  gas 
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type  and  cathode  voltage,  there  is  another  important  value  of  gas  O2  cootent,  O2**.  at  which 
oxygen  species  first  appear  in  the  ptaama  and  iRafvailafale&rBactiaa  at  dKaubsme.  At 
O2**.  the  target  surface  is  no  loi^tMe  10  getSeraaoKyienfiom  the  plasniB.  Metaloadde 
molecules  can  be  sputtered  intact  Bom  the  target  stufme.  liowevcr.  the  spuneiing  process  can 
also  dissociate  the  target  surfMX  oxide.  Tkerrftne,  for  any  m  efpnctMt  prmneiem.  the 
rpytured/Uu  can  atatist  of  both  laetai  atoms  oadaieialaKkkimekeiata.  Three  ouestions 
will  be  addressed  below:  1)  what  phases  me  present  hi  dm  fihna;  2)whMisdwaaterBofihe 
sputtered  fiux  as  a  Ametion  of  procets  pemaaeter.  3)  how  is  dm  phene  finaalien  sequence 
affected  by  the  nature  of  the  spunered  flux  and  the  aveaebSty  of  onygenT 


EXPERIMEOTAL 


at  1356  Mbs  by 
to  a  wai»«ooled  Ch  cadmde  [3-11 


_al3-Gin 
Saniatil  fused 
IMmoamdCn 
6  can.  The  enniieeiag  gas. 

1).  or  Kr  (99.999^)  am  u  a  low 
O2  ootMent,  and  erne  gas  type  wcK 


was  64 


Rims  were  grown  in  an  rf  diode 
(ham,  metal  (M-Mb,Y.Zr)  target 
silica.  <1 1  Ixnt  %  and  cathoo  foil 
pallet  covering  dm  anode.  The  ^  _ 

(99.99%)  and  a  rare  gas,  Ne  (99.996%),  Ar  (99. 
pressme  of  aoi  Toer.  Gethode  voltage, 
varied. 

Optical  emiasion  qmctrometry  was  used  tos  iasim  diaeharge  ^agnostics  (11). 
Radiation  of  wavdengthX  emitted  between  the  Hmde  and  cathode  was  eaappb  through  an 
optical  window,  as  shown  in  Hg.  1.  The  optical  emission  intensity,  KX).  of  radiative 

- 1 — — j  tr  jrminil  itelr  [111  omi  ll■^■aallll  at  tin 

following  wavekngths:  for  ^  X>  4059, 4101.  S079,  and  5344  A;  for  Y.  Xb3621.  4128, 
4143, 4236, 6191.  and  6793A:  for  Zr.  X>3320. 3548,  and  3601  A.  Applyimg  fos  eoadUaa 
an  t^uicaUyihinplasauia  load  thermal  e^uilMma,  U\)»  vttvoi^cmai  to  ^malaa  at 
ground  state  M  atoms  in  the  discharge  [13].  In  adtfidan.  esoissioa  from  cadied  neutral  O 
atoms  was  monitored,  at  2«5331. 6157. 7772-5  A  [14.15].  For  a  givea  ram  gas  mc  and 
cathode  vtdtage.  these  data  were  used  to  directfr  determine:  l)fregas02cemtnt  atwhacha 
continnous  oxide  Itqmr  formed  at  dm  target  safroe,  Le.  O2*  (^)  from  Matoim  diaapfoats  or 
sharply  deceases),  and  2)  the  inability  of  the  osidiaed  tiagei  sntfrce  «>  geemr  aB  tacygen  from 
the  plasma.  Le.  O2**  [ !(%.)  from  O  atoms  appears]. 

Furthermore,  assuming  unity  sticking  coefficiem.  the  fractional  fhn  of  M  atoms.  f(M), 
and  M-oxide  molecules.  f(M-oxide).  incidem  on  the  substrate  during  deparilion  were 
calculated  from  the  following  ctpiations  [3]: 


f(M>>(ReLI(X)/[G'p(M-oaide),4>(M),]) 

f(M-owdc)=l-(ReLI(Xy[G'p(MKi«tide),/])(M)^ 


(1) 

(2) 


where  {(M)4-f(M-oxide)Bl.  G' is  growth  rate  relative  to  its  value  in  a  pure  tare  gssdischatge 
operated  at  the  same  cathode  voltage,  and  p(M-axide)^|p(M),  is  the  butt  atomic  d^iy  of  the 

condensed  M-oxide  phase  relative  the  density  of  the  pure  metal  phase.  The  exsc*  form  of  tte 
gas  phase  M-oxide(s)  species  is  unknown,  but  mass  qmctrometry  data  [2]  show  that  for  many 
oxide  systems,  the  prevalent  form  is  the  metal  monogade,  MO. 


m 


FHA^MAPS 


To  ccMMnict  A  phMB  BMpb  ItaRi  BMlrikminl  (knc  bOBidKin  MB  pifiMd  6bh>  piQocit 
pMuneteriMoe.  ThepwcMapMiBieiM-piMedlMWMUdMiowiUgedwWiiflMiioftte 
fTOMh  amnaaiait  pMaiwMii  iriiidi  mk  1)  ne  fridiaail  M  or  M-oddo  flax  lo  Ihe 
iuboliMe.  2)  ftmnttiiaB  of  a  coMiaiiow  Mfot  cmCmo  calde  l^lcr.  Le.  M  .  and  3)  iIk 
i|ipaniioe  of  omien  in  dw  ptMna  aviflabk  to  feacdOB  at  dK  nbonie,  oUkt  oM  M  mead 
or  with  a  sidxHdilB,  i.e.  at  O2**. 

ngorea  2-4  show  the  phaaea  preaeat  in  Nb-0,  Y-O,  and  Zr-O  filnaa  paphed  onio 
proceaa  panmeier  apace.  ThwfigaKa  wen  developed  on  the  hoab  of  XRO^RM.  Rand 
optical  yecwmeay.  and  dectricarmfaaMriMBti  See  Reft.  3-10  to  apecifictrainct  of  film 
propertiea.  Valiieaoff(M)andf(M-oaide)calcnlaiedfioaiE(|a41-2),MwcBaaihepaaitiooof 
O2*  and  <^**  are  ahom  on  Pip  2-4. 

The  phaae  tomaaion  aei]iieaoe  in  to  atahle.  hulk,  loom  teeapeMare  htoO  qMen  ia  aa 
fallowa:  No  (hcc)-»NhO  (to,  HaO  atrBCtare>-*Nh(^  deBaaandV-^NbzQ^x  (KadlJt 
(related  tome  ooOectnely  called  ’niobia'.heaed  on  hnildtoblocfca  of  die  RM^-me  lattice) 
[Id].  Fignre  2  diowa  that  hoc  Nh.NhO.Nh(^  and  cmtamnenkihia  phaaea  are  daotomed 
inapntterdepoaiiBdfilma.  WbfilmahaveailWBgprewnedoraole  (110)  oiientatinB.  Ar-Qz 
diadiaifea  proifaioe  ra^NbO  and  NhOf MO2  hiphaaic  atractnrea.  Individnal  loetal  andto 
atibotride  lutD  peaka  are  not  reaoivabie  hi  fifana  pown  in  Kr-Oj  Jiachrepa;  dreae  tinictnrea 
are  denoted  *NI>-aabaxide*.  Qyatalline  idobia  tana  ontv  wnen  a  Up  cathode  vohap, 
Ne-90%O2diachaipianaed.  ‘nnoBgbwtnoctoftoniohiaphaaelMd.fflaBalnweBolong 
nnp  ciyanlk^paphic  older,  and  are  caUed  ’a-niobia'.  AD  cMaOiae  ud  a-niobia  fihne  are 
tranqiarem  and  mnlating  [3,4].  In  additicn,  n  amoq^Mna,  aenritranapawnt  phaae, 
"x-niobia*,  widi  a  fiUie  reabtivity  but  with  an  R  abaonnon  ipectnun  dut  baa  a  atrong 
a-niobia  ooinponent,  ia  aomedmea  fanned  at  to  Nb-aUxKkfelbHdobia  phaae  bonndaqr. 


The  growth  environment  and  NbO  phaae  famndoo  are  wlibtlMlbllowfc 

1 )  a-  and  oyataOine  niobia  are  taiM  when  ((Nbotdde)  ia  lane  (often  unity)  and  to 
target  aurface  ia  oxidiwd,  thereby  unable  10  getter  d  oxygen  tom  to  tocbatgc,  nrekiag  it 
avaiihhir  for  reaction  at  the  iubatiaie. 

2)  Nb,  Nb-anboxidea,  and  btohaaic  atiuctarea  are  tomed  when  f(Nb)  it  larp  and  to 
target  aiaftccia  not  fliilyoxidiaed,toiUiy  able  to  getter  onygenfrem  to  diirhMp,aaakiBg  it 
unavailable  to  reacdon  at  to  aubetraie.  Phaae  aepnaiion,  the  type  of  growth  ejected  under 
therorndynamic  equilibrium  oonditiona  occuri  far  Ax-Oi  and  ia  abeent  in  &O2  diafhM|f  1. 
f(Nb)iatarger  whan  Kreadrer  than  Ariauaed.  Totomawell-otde»edaBhnnidephaae(!reO 
or  NbOo).  there  toe  Nb  atom  mutt  react  trith  oxygen  before  their  aurface  mobility  ia 
quenched  bv  to  aubaeiinentaRiving  flux.  There  iaahn^  an  orerpreaame  of  neutral  rare  gaa 
atom  on  the  aubatrate,  (toracteriadc  of  the  nutter  depoaitioB  environment  Kr,  with  an 
atomic  diameter  of  2.06  A,  compared  to  Ar,  with  a  diaineler  of  1.76  A,  it  neore  eftecdvc  at 
blocking  to  thffhaion  of  a  Nb  or  oxygen  apedea  Uong  to  aubatrate.  b  other  woida,  more 
Nb  atoooa  mnat  react  at  to  aubatrate  and  more  aevere  Bmitationa  on  tohr  amtoe  mobidty 
make  it  more  dUBcuit  to  there  atoma  to  find  a  reacdon  pnner  when  Kr,  radier  than  Ar  n 
uaed.  The  deporidon  rate  ra  Kr-02  and  Ar-02ia  approximately  to  tame  to  a  givtnaet  of 
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Hooett  pmmBiBci  (4],  hoioe  ihe  iMB  of  anivii^  flu  capable  of  qaeachiBg  a  leactai,  is  I 
nKiar. 


3)  x-aiobia  fosau  wim  KNiMMude)  is  la» 
OKypeaisawaiiaMelionBaciioaMihesahsBaie.  Aisi 


.  dw  urfBi  satface  is  oxidiaed.  bat  no 
in  te  case  of  ZiO  dbcacsed  below,  das 


differenoes  occur  in  the  shape  of  the  fundamental  optical  absotp^  edge  [8-10].  A  large 
Y-oxide  flux  results  in  c-yma  whose  opiicat  abserptson  edge  consists  of  two  duect  imerfeand 
transitions  (at  S.07  and  S.73eV)  hnvueaent  wWt  bulk  si^  crystal  data  (21)  and  a  leceat 
theoretical  calculation  [221.  AlacgeaiomicYftntiesidismc-yniiawitfta“diaoaJBWd*opiiaa 
absorption  edge,  te.  the  two  direct  wuiiirinmrMiiiot  be  leaohied.  WepropoaedlK^dunihis 
optical  tflaotder  wises  flom  a  diaoricr  in  the  pinotenent  of  Y  atitstwoiione<|uivdentpoaitiniis 
within  the  yttria  unit  cell  (17). 

3)  A  Y  target  sptmered  in  Ne-22%  O2  discharges  has  a  conqdetely  oxidized  aurftce. 
However,  dissocution  of  the  sptmered  Y-oxkle  mol^lc  in  the  {riasma  volume  results  in  a 
large  Y  flux  to  the  substrate  (^  However,  local  thermal  eqnilibninn  does  riot  hold,  and  so 
Eos.  (1-2)  cannot  be  used  to  caloBlaiefiCY).  PBmt  grown  in  7fe-02  discharges  wec-yaiiawMi 
a  jjaotderedfimdatntxitaloptiadahsoqytioBedlgeorw-ytiria. 

There  are  two  stable  STPphaaesofthe  balk  Zr^  system:  hep  Zr  and  monodtiiic  (m-) 
Zr02  [23].  Hg.  4  shows  that  tn  genetal,  the  faUowing  phase  aetpreaoe  ocems  in  qurtier 
deposited  films:  hqi  Zr-s  ZtO-4n3k02-»lBtl-Zt02-«m-Zi02.  Zhooaia(ZK)2)  takes  three 
forms:  l)mooocliaic(iB-)zircoaiawHiaaii^  (llITorieatBtionpaalleltothesabsirsie 
plane,  2)  a  tnixture  of  m-zirooaia  and  tettacoHa  Q-)  aaroonia,  a  Mgh  ttmpentnne  ptdymaqph, 
and  3)  a-zitcaaia  with  no  long  range  otder  detectable  by  XRD.  in-andi-zitconiaooegtistin 
bulk  material  whm  the  crystallite  (fiameter  is  small,  a  consequence  of  the  dontinanrr  of  the 
t^iifiir«.w.gyrntitril«i«inw  to  the  Oihlw  fine  energy  of  fiuitintinn.  The  criticsidiametK  below 
which  t-zirconia  is  stahiliaed  in  the  films  is  '•IM  A  [6,7],  in  good  agreement  with  bulk 
nanocsystalfine  zitoooia. 

Growth  environment  data  was  taken  only  for -1.9  kV  discharges.  Thw  data  show  that 
f(Zr-oxi^)  is  large  for  gas  O2  content  2  2%  for  an  rate  gas  types  and  cathode  voltage.  Unlike 


Fig.3:  A  phase  map  for  die  Y-O  system.  Rare  gas:  a)  Ar,b)Ne. - 02*«02**. 

Phases  present:  •-hep  Yand  Y(0);  □  c-yttria;  ■  -a^;  O -a-yttria. 


Rg.  4: 

A  phase  map  for  the  Zr-O  system. 

- 02*; - O2** 

Phases  present: 

0-Zrand2^0);  •-ZiO, 

>  -  a-zirconi^  □  -  oyti-zircania; 
•  -  Ot-ziroonia. 
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yttriafonnaiionintibe  Y'08ysieai.alii<)i2r-<>«ideflBxiolfae«ib«n»i8notoiilyaMOciMrf 
with  ziicoiiufianiMiioii,tiat  with  ZiOndZrdoiwd  with  OuwdL  Funfaennore,  ifamkrto 
the  Nb-O  syatem.  O2*  and  O2**  are  iMt  ilwqrt  oouddent  We  impoaed  [S]  te  fim 
cKide  to  be  fonned  at  the  taqpt,  and  ^latieeBd  imact,  is  Zrf>  (at  <:to*)L  Not  noiil  is  fiHined 

at  the  target  suftce  aad  the  tuiet  no  knger  geticn  all  oxygen  fiom  the  plasma  Cat  O2**)  is 
formed  in  the  film. 


SUMMARY  AND  CXMfCLUSICmS 

Phase  maps  for  qnitler  dqtosited  M-oxides  (MB^Ih,  Y.  Zr)  in  die  growth  regime  of  near 
room  tenqieratiiie,  low  suDfiioe  diffiisioa.  and  iini9  sticking  coefficient  are  presmted  above. 
Wecooclnde: 

1)  A  high  M.oxide  fiactional  flux  and  omrm  in  die  ptasma  avaSable  for  reaction  at  the 
substrate  resi&  in  hiA  valency  oxide  growdi  Ow)bia,ynria.ziiconia]. 

2)  A  high  M  fiactional  flax  and  oxvgra  in  the  plasma  avaitable  for  reaction  at  the 
substrate  also  piodnoes  a  high  valeacw  ond^  bat  widi  possiUe  snbde  stmctnral  disorder, 
evidenced  by  (Moider  in  the  joint  demiiy  of  dectrooic  states  near  the  valence  and  oondnction 
bsod  edges  [ytn^]. 

3)  A  M-oxide  fiactional  flux  but  no  ooragen  in  die  jdasma  available  for  reaction  at 

the  substrate  results  in  oxygen-doped  m^(Zi((^]  and  snboxide[x-iiiobia,  ZrfllgiawtiL 

4)  A  low  M-oxide  fiactional  flux  and  no  oiwgen  in  the  plasma  available  for  reaction  at 
the  substrate  results  in  <»ygen-daped  mMal  and  suboxide  [NbO,  Nb02.  Nb-suboxide]  growth. 
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CHEMICAL  VAPOR  ££FOSTnON  OF  HIGHLY 
TRANSPARENT  AND  a»4DUCnVE  BCMICW  DOPED  ZINC  QXUffi  THIN  FILMS 


JIANHUAHU  AND  ROY  G.  GORDON 

Depanment  of  Chembny,  Harvard  University,  Candxidge,  MA  02138 


ABSTRACT 


Boron  (k»ed  zinc  oxkle  films  have  been  successfully  deposited  Rom  a  gas  QBxnne  of  0.05% 
diethyl  zinc,  2.3%  ethamd  and  various  dibetane  coacenttatioas  in  the  temperature  range  300”C  to 
430*^  in  an  atmospheric  pressure  chemical  vapor  deposition  reactor.  Tte  dopant  dibotane  was 
found  to  decrease  tte  film  growA  rale.  The  aystallite  sizes  of  doped  films  were  smaller  than  those 
of  undoped  films.  Hall  coefficient  and  resistance  measurements  at  room  temperatures  gave 
conductivities  between  2S0  and  1700  Q-l,  electron  densities  between  1.4x10^  and  6.7x1020  cni-3, 
and  mobilities  between  7  and  23  cmW-s.  Optical  measurements  showed  that  a  film  wiA  a  sheet 
resistance  of  8.8  G/square  has  an  average  visible  absorption  ai  lAout  8%  and  maviiniim  infrared 
reflectance  close  to  8S%.  The  ratio  of  conductivity  to  absorption  coefficient  is  between  O.OS 
and0.55G-l.  The  band  gap  of  doped  film  was  widmed  and  fitUowed  tiie  Burstein-Moss  relation. 


INTRODUCTION 


Highly  conductive  and  transparent  zinc  oxide  films  have  recently  been  studied  extensively 
because  thek  potential  applications  in  liquid  crystal  diqtlays,  enogy-eGficient  windows  and  sitiar 
cell  technolon  [1-3].  The  most  common  transparent  and  ctmductiveoadde  films  in  use  are  indium 
tin  oxide  an^uorine  doped  tin  oxide  films.  The  fobrication  pn^s  of  optoelectronic  devices 
such  as  amorphous  silicon  solar  cells  uses  plasma-enhanced  chemical  vapor  deposition  to  deposit 
an  a-Si:H  filn  In  this  deposition  process,  the  oxide  films  must  be  exposed  to  a  hydrogen  plasma, 
which  will  reduce  the  oxide  to  metals,  resulting  in  a  loss  trf  tranqtarency  in  die  visible  i^on  [4] . 
This  degradation  process  occurs  even  at  low  teaqxiature  and  low  itiasma  power  densi^IS].  Sne 
oxide  films,  however,  are  more  stable  than  indium  tin  oxide  and  fluorine  doped  tin  oxide  films  in 
the  presence  of  a  hydiogm  plasma  [S].  Zinc  is  also  cheaper  dian  indium  or  tin.  Therefore,  it  may 
be  advantageous  to  use  highly  cont^tive  and  tranqwrent  zinc  oxide  films  rather  dian  inttium  tin 
oxide  or  fluorine  doped  tin  oxide  films  in  the  mass  production  of  low  cost  optoelectronic  devices 
such  as  photovoltaic  cells. 

Zinc  oxide  is  an  n-type  seenconductor  and  has  a  band  gqi  about  3.2  eV.  Pure  zinc  oxide 
film  has  high  visible  trsnsmittanoe  and  also  high  resistivity.  Although  non-stoicbiometric  zinc 
oxide  films  can  be  made  to  be  both  highly  transparent  and  highly  conductive,  they  are  not  very 
stable  at  high  temperatures.  Doped  zinc  oxide  films,  on  die  oAct  hand,  can  be  made  to  have  veiy 
stable  electrical  and  optical  properties.  Zinc  oxide  films  doped  wiA  fluorine  [6, 7],  boron  [8], 
aluminum  [1,5],  gallium  [9]  and  indium  [10]  have  high  dc  conductivity,  high  visi^  irannnittance 
and  hi^  infiared  reflectance. 

deposition  of  zinc  oxide  films  has  been  achieved  by  metaicnganic  chemical  vapor 
deposition  (MOCVD),  rf  magnetron  sputtering,  reactive  qiuneiiiig,  ion  bnun  sputtering,  and  spay 
pjrrtdysis.  Metalorganic  chemical  vqnr  deposition  is  e^edally  useful  for  lai^  scale  coatings  at 
nigh  growth  rates.  The  most  commonly  used  onanometallic  zinc  precursors  are  dieAyl  zinc 
(DEq  [6, 11]  and  dimethyl  zinc  (DMZ)  [7. 12].  The  oxidant  can  be  pure  oxygea,  wmer,  alcohol 
or  even  some  oxygen-containing  ^cUc  compound  such  at  letiahymfaian.  Since  the  reaction 
between  oxygen  diethyl  zinc  is  fast  and  Ae  upstream  reaction  in  a  flow  reactor  makes  film 
cover  only  very  small  areas,  it  is  inqHKtical  to  use  pure  oxym  to  react  whh  dicA^  zinc  to  dqiosit 
zinc  oxide  filim  over  large  areas.  The  reaction  between  dieAyl  zinc  and  alcohol  d^ends  on  the 
alcohol  used  and  on  the  deposition  tempertture;  good  film  covenge  on  the  substrate  can  be 
obtained  by  choosing  different  alcohois  at  different  deposition  temperatures. 
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In  this  paper  we  repoR  Ae  deposition  of  boron  doped  zinc  oxide  films  from  diethyl  zinc, 
ethanol  and  diborane  in  an  atmospheric  jmssiae  chemical  vapor  deposition  reactor.  Also 
discussed  is  the  influence  of  the  d^ant  concentration  and  deposition  temperature  on  the  film 
growth  rate,  structure,  electrical  and  opdcal  propeRies. 


EXPERIMENTAL 


Zinc  oxide  deposition  was  carried  out  in  an  atmospheric  pressure  lamiruff  flow  rectangular 
nickel  reactor  which  has  been  described  previously  [6].  High  pinri^  helium  was  used  as  the  carrier 
gas  for  both  diethyl  zinc  and  ethanoL  The  doput  was  2.2%  diborane  in  hi^  purity  helium.  Small 
amounts  of  water  in  the  edianol  woe  removed  by  distillation  frosn  magnesium  turnings.  The  DEZ 
bubbler  temperature  was  nuuntained  at  25*%!  and  the  DEZ  vi^Mir  pnessute  at  this  tenqterature  is 
about  16.1torr.  Diborane  was  mixed  with  DEZ  and  this  mixtute  was  fluted  by  heliinn  before 
flowing  into  the  reactor.  The  ethanol  bubbler  was  kq>t  in  an  oven  at  SO°C  tootoin  a  high  vapor 
pressure  of  214  toir.  The  total  gas  flow  rate  was  12.0  l^oin  through  a  cross  section  of  0^12.0 
cm2.  The  reactor  was  heated  ftom  the  bottom  by  a  hot  plate  and  its  temperaiuie  was  detentnned  by 
thermocouples  inserted  in  boles  in  the  side  of  reactor.  The  reactor  noEde  was  insulated  from 
the  heated  block  by  a  cold  zone  of  wkhh  3.5  cm  and  its  tenycranae  was  maintained  at  about  1S0°C 
lower  than  that  of  the  central  part  of  the  reactor.  This  t^d  zone  tmsutes  die  establishment  of 
laminar  flow  before  the  gas  reaches  the  substrate.  The  soda  lime  glass  substrares  were  cleaned 
with  a  low  sodium  detergent  and  then  rinsed  with  deionized  warn*. 

The  film  thickness  was  determined  mainly  with  an  Alpha-Step  200  profilometer  and  a 
Metricon  PC-2000  prism  couplo'.  The  sheet  resistance  R  was  measured  with  a  Veeco  FPP-lOO 
Four  Point  Probe.  Assuming  that  the  film  was  homogeneous  in  the  direction  perpendicular  m  the 

substrate  plane,  the  film  bulk  resistivity  p  follows  the  simple  relation  psRt.  where  t  is  the  film 
thickness.  To  measure  Hall  coefficients,  the  film  was  covert  by  a  Scoiditqie  0.5  mch  wide  and 
the  remaiiider  of  the  film  was  etched  away  by  imii»nng  the  sample  into  4  M  hydrochloric  add. 
The  transverse  voltage  in  the  presence  of  a  &  cunem  was  measured  in  a  constant  pnpendicuiaT 
magnetic  field  Iqr  using  a  Varian  V-2300-A  electric  magnet,  which  was  calibrated  by  a  Gaustneter 
to  have  an  interuity  m  10.0  kG.  The  measurement  was  repeated  after  reversing  the  directian  of 
magn^  field.  These  two  measurements  usually  gave  voltages  wi A  very  similar  noagnitudes  and 
opposite  si|n,indicatiM  that  the  hysteiesitdfoct  was  n^Ugm.  29nc  oxide  ciystalUite  sizes  were 
obtained  wiA  a  JEOL  ^M-6400  scanning  electron  micioscope. 

The  near  normal  infrared  reflectance  was  measued  with  a  Nicoiet  Model  7199  Fourier 
Transform  spectrometer  wiA  a  relative  reflection  attachmem.  A  gold  mirror  with  a  known 
reflectance  was  used  as  the  reflectance  standard  in  die  wavelengtii  ran«  from  2.0  to  20  pm  [13]. 
The  near  ultraviolet,  visible  and  near  infrared  spectra  were  obiamed  wiA  a  Varian  2390 
spectrophotometer  using  an  integrating  sphere  detector  which  could  measure  bodi  die  total  and 
(Effuse  components  of  m  reflectance  am!  transmittance.  The  leflecauice  standard  was  a  barium 
sulphate  plate  and  its  reflectance  was  taken  as  100.0%  between  0.2  pm  and  2,2  pm. 


RESULTS  AND  DISCUSSION 


Deposition  of  doped  zinc  oxide  films  was  carried  out  at  several  tenqieratures  wiA  0.05% 
dieAyl  zinc,  2.3%  ethanol  and  different  diborane  concentrations.  The  ethaiKd  concentration  of 
2.3%  was  found  to  give  a  maxitnum  film  growth  rate  for  a  diethyl  zinc  concentration  of  0.(Ki%. 
The  film  thickness  was  not  uniform  along  me  gas  flow  dfaection  ud  there  was  a  peidt  growdi  rate 
on  the  substrate.  The  position  the  p^  mwdi  rate  varies  with  the  dofHuit  gas  fl^  a^  the 
deposition  temperatutefbr  constant  diedtyl  tone  and  edianol  concentrations.  Fig.  1  shows  that  the 
peak  Dowth  rate  decreases  with  die  dopamconcentiation. 

The  film  grosvdi  rate  strongly  dcpreids  on  the  dqxMition  tenqietature.  Rg.  2  shows  that  the 
film  peak  growm  rate  first  increiues  widi  deposition  tempetature  and  then  becomes  constant  at 
temperatures  above  400*C  The  constant  peak  growth  rate  at  high  temperature  indicaies  due  the  gas 


phase  reactions  are  fast  and  the  growth  rate  is  controlled  by  the  diffusion  of  the  film  precursors  to 
the  substrate. 

The  film  morphology  and  crystallite  sues  were  determined  by  scanning  electron  microscopy 
(SEM).  Fig.  3  A  shows  the  electron  micrograph  of  an  undoped  zinc  oxide  sample  deposited  at 
333°C.  It  ^  a  thickness  of  0.64  pm  and  is  composed  of  disitlike  structures  with  disk  diameters 
between  200  nm  and  800  nm.  Fig.  3  B  shows  the  comsponding  electron  micrograph  of  a  doped 
sample  deposited  by  introducing  0.014%  diborane  into  the  gas  phase.  The  dcped  film  with  a 
thickness  aC  0.77  pm  has  crystallite  sizes  about  100  nm.  The  dopant  reduces  die  crystallite  sizes. 

The  crystallite  sizes  also  depend  on  the  temperature  and  the  film  thicktiess.  The  film 
deposited  at  37S‘’C  firom  0.M%  diethyl  zinc,  2.3%  ethanol  and  0.014%  diborane  with  a  thickness 
of  22S  nm  has  crystallite  sizes  below  100  noL  The  film  deposited  with  the  same  conditions  but 
with  a  thickness  of  99S  nm  has  crystallite  sizes  of  about  ISO  nm.  Increasing  the  deposition 
temperature  usually  increases  the  crystallite  sizes  and  changes  the  film  nxxphology. 

Boron  is  an  n-type  defiant  for  zinc  oxide.  A  boron  atom  replaces  a  zinc  atom  in  the  crystallite 
or  occupies  an  interstitial  position.  The  electron  density  calculated  from  the  noeasured  Hall 
coefficient  increases  with  dopant  concentradtxi.  Fig.  4.  shows  the  electron  density  dependence  on 
the  dopant  concentration.  The  electron  density  first  increases  rapidly  with  diborane  concentration 
and  then  levels  off  at  high  diborane  concentrations.  The  dependence  of  film  conductivity  o  and 
mobility  p  on  the  dopant  concentration  is  given  in  Hg.  S. 
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Dopant(%) 


Fig.  4.  Electron  density  dependence  on  the 
dopant  concentiadon  (DEZ,  0.05%;  ethanol, 
2.3%;  T=375°C). 


Dopaiit(%) 

Fig.  5.  Conductivity  and  mobility  dependence 
on  the  dopant  concentration  (DEZ,  0.05%; 
ethanol,  2.3%;  T=375°C). 


The  films  are  the  same  as  those  used  in  Fig.  4.  According  to  Drude  theory  1 14],  the  conductivity  o 
is  proportional  to  the  free  electron  density  Ne  following  the  relation  a=(Nee2)/(m*^,  where  e  is  the 
electron  charge,  m*  is  the  effective  mass  of  the  conduction  electrons,  and  y  is  the  scattering 
frequency.  The  Hall  mobility  jIh  is  related  to  the  scattering  frequency  y  by  iiH=e/(m*y).  Grain 
boundary  scattering  is  determined  by  the  size  of  the  crystallites.  Impurity  scattering,  on  the  other 
hand,  increases  with  dopant  concentration.  In  the  low  dopant  concentration  range,  the  important 
contribution  to  scattering  comes  from  grain  boundary  scattering,  which  is  the  same  for  Aims  with 
the  same  crystallite  sizes.  The  film  mobility  is  therefore  ind^ndent  of  dopant  concentration. 
Since  the  electron  density  increases  with  dopant  concentration,  the  Aim  conductivity  increases  with 
dopant  concentration.  In  the  high  dopant  concentration  range,  the  role  of  impurity  scattering 
exceeds  that  of  grain  boundary  scattering.  The  increase  in  the  electron  density  can  not  compensate 
for  the  increase  in  the  impurity  scattering  frequency.  Therefore,  the  conductivity  and  mobility  both 
decrease  at  high  dopant  concentrations. 

The  dependence  of  Aim  conductivity  and  mobility  on  Aim  thickness  is  shown  in  Rg.  6.  Both 
conductivity  and  mobility  first  increase  rapidly  with  Aim  thickness  and  then  become  constant. 
When  the  Alms  are  very  thin,  the  crystallite  sizes  are  small  and  grain  boundary  scattering  is 
dominant,  limiting  film  conductivity  and  mobility.  As  the  Alms  become  thicker,  the  influence  from 
grain  boundary  scattering  decreases  and  impurity  scattering  is  die  main  factor  limiting  Aim  mobility 


Fig.  6.  Conductivity  and  mobility  dependence 
on  the  Aim  thickness  (DEZ,  0.05%;  ethanol, 
2.3%;  diborane,  0.014%;  T=375°Q. 


Fig.  7.  Reflectance,  transmittance  and  Absorb¬ 
ance  of  a  2^:B  sample  (DEZ,  0.05%;  ethanol, 
2.3%;  diborane,  0.014%;  T=375‘’C). 
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Table  I.  Film  deposition  temperatme  T^,  thickness  t,  election  density  Ne,  conductivity  O,  election 
mobility  p,  band  gap  Eg  and  Figure  of  Mnit  FM.  The  diethyl  zinc,  ethanol  and  diborane 
concentrations  in  the  gas  phase  are  0.05%,  2.3%  and  0.014%,  respectively. 


Sample 

Td 

■c 

■■ 

Ne 

1020m-3 

a 

(Oo^i 

Eg 

eV 

FM 

Q-i 

1.4 

253 

n 

130 

■C££fli 

3.5 

251 

12 

MH>Jf 

Kifli 

3.3 

nK3 

Mtgrf 

-^75— 

4.3 

— r5S3 — 

23 

3.55 

5.4 

■ESIiBI 

0.64 

6.7 

im 

13 

and  conductivity.  Therefore,  for  film  with  thickness  above  0.8  pm,  its  conductivity  and  mobility 
will  not  vary  with  its  thickness. 

The  election  density,  conductivity  and  mobility  dependence  on  the  deposition  temperature  are 
given  in  Table  I.  The  electron  density  increases  with  deposition  temperature,  indicating  more 
electronically  active  boron  atoms  were  incorpmated  into  the  film.  Ther^ore,  the  ionized  impurity 
scattering  is  more  important  for  films  deposited  at  higher  temperatures  than  for  those  deposited  at 
lower  temperatures.  However,  higher  deposition  temperature  also  leads  to  larger  crystallite  sizes 
and  therefore  less  grain  boundary  scattering.  In  the  low  temperature  range,  grain  boundary 
scattering  is  dominant  over  ioniz^  impurity  scattering,  and  the  film  mobility  and  conductivity 
increase  with  deposition  temperature.  At  high  temperatures,  ionized  impurity  scattering  is  more 
important  than  grain  boundary  scattering.  The  increase  of  the  electron  density  with  temperature  can 
not  compensate  for  the  increase  of  the  scattering,  and  so  the  conductivity  and  mobility  both 
decrease  at  temperatures  above  400°C. 

The  film's  optical  properties  were  modified  by  t^ing.  The  doped  films  behave  like  metals 
in  the  infrared  and  have  high  reflectance.  In  the  visible  region,  Ae  doped  films  behave  like 
dielectrics  and  have  high  transmittance.  The  transition  between  these  behaviors  is  at  the  plasma 
wavelength,  which  moves  to  a  shorter  wavelength  as  the  electron  density  in  the  film  increases. 
The  undoped  films  usually  have  their  plasma  wavelen^s  in  the  infrared;  while  the  boron  doped 
films  have  their  plasma  wavelengths  in  the  near  infrared.  Fig.  7  shows  the  reflectance, 
transmittance  and  absorbance  of  a  boron  doped  zinc  oxide  sample.  The  film  has  a  thickness  of 
0.72  pm,  electron  density  of  4.3x1020  cm-3,  mobility  of  23  ciri2/V-s,  plasma  wavelength  of  about 
1 .55  pm,  maximum  infraied  teflectance  of  85%,  and  average  visible  absorption  of  8%. 

The  performance  of  doped  zinc  oxide  films  as  transparent  conductors  may  be  ranked  by  a 
quantity  called  the  Figure  of  Merit  which  is  the  ratio  of  film  conductivity  tr  to  average  visible 
absorption  coefficient  ot,  o/oc=-  l/(RlnT),  where  R  is  the  sheet  resistance  in  O/squaie,  T  is  the 


Dopant(  %) 


Fig.  8.  Figure  of  Merit  dependence  on  the 
dcpant  concentration  (DEZ,  0.05%;  ethanol, 
2.3%;  T=375‘’C). 


(Electron  Denslty(10^®cm^))^^ 

Fig.  9.  Band  gap  as  a  function  of  Ne2/3  for  films 
deposited  with  Afferent  diborane  concentrations 
PEZ,  0.05%;  ethanol,  2.3%;  T=375‘^. 
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average  fractional  visible  transmittance.  Fig.  8.  shows  that  the  Figure  of  Merit  flrst  increases  with 
dopant  concentration  and  then  decreases  at  high  dopant  concentrations.  Table  I  shows  that  the 
Figure  of  Merit  dependence  on  the  deposition  temperature. 

The  optical  absorption  coefficient  a  of  a  direct  band  gap  setniconducun'  near  the  absmption 
edge,  for  photon  energy  hv  greater  than  the  band  gap  energy  Eg  of  the  semiconductor,  is  given  by 
a  =  A(hv  -  Eg)l/2  [14],  where  A  is  a  constant  In  heavily  doped  zinc  oxide  films,  the  lowest  states 
in  the  conduction  band  are  occupied  by  free  electrons  and  so  the  valence  electrons  require  more 
energy  to  be  excited  to  higher  energy  states  in  the  conduction  band.  Therefore,  the  band  gaps  of 
doped  zinc  oxide  films  are  wider  titan  those  of  undoped  zinc  oxide  films.  The  Burstein-Moss 
theory  predicates  that  the  band  gap  widening  is  proportional  to  Ne^,  where  Ne  is  the  electron 
density.  Fig.  9.  gives  the  band  gap  as  a  function  of  for  films  deposited  at  37S°C. 


CONCLUSIONS 


Boron  doped  zinc  oxide  films  have  been  successfully  deposited  from  diethyl  zinc,  ethanol 
and  diborane  in  the  temperature  range  300‘’C  to  430‘^  in  an  atmo^heric  pressure  chemical  vapor 
deposition  reactor.  The  films  were  crystalline,  and  the  crystallite  sizes  depended  on  the  deposition 
temperature,  dopant  concentration  and  film  thickness.  The  resistance  and  Hail  coefficient 
measurements  showed  that  the  films  have  high  conductivity,  high  electron  density  and  high 
mobility.  The  optical  measurements  showed  that  tiie  films  are  highly  transparent  in  the  visible  and 
highly  reflectant  in  the  infrared.  The  band  gap  of  the  film  increases  with  electron  density  and 
approximately  follows  the  Burstein-Moss  relation. 
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ZnO  ON  SijN*  BIMORPHS  WITH  LARGE  DEFLECTIONS 
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ABSTRACT 

Piezoelectric  faimorphs  and  piezoelectric  strain  sensors  based  on  sputtered  ZnO  film* 
were  fabricated  on  SijN^  cantilever  beams  to  form  tactile  sensors.  The  sensors  were  used 
to  determine  object  positions.  Deflections  of  the  bimorphs  showed  a  quadratic  dependence 
on  the  applied  voltages.  Deflection  as  large  as  1166  pm  were  registered  for  a  bimorph  of 
2980  pm  long.  The  apparent  dji  of  ZnO  under  a  bias  of  -4  volts  was  -  103  x  10“**  m/V, 
which  was  approximately  20  times  larger  than  the  previously  reported  values  of  -5.12  x 
•  The  large  deflections  of  the  bimorphs  were  due  to  the  quadratic  effect  under 
strong  electric  field. 

INTRODUCTION 

The  design  of  a  tactile  sensor  combiaes  the  functions  of  piezoelectric  bimorphs  and 
piezoelectric  strain  sensors.  Piezoelectric  bimorphs  were  first  reported  by  C.  Baldwin 
Sawyer  [1].  They  were  made  by  jtuning  two  pieces  of  piezodectric  elements  together 
to  form  a  composite  cantilever  beam.  However,  the  actuation  function  of  the  homoge¬ 
neous  piezoelectric  Irimorph  can  be  realized  by  a  heterogeneous  juezoelectric 
which  is  constructed  by  depositing  a  ringle  layer  of  piezodectric  material  on  a  layer  of 
non-piezoelectric  materid.  The  response  of  sndi  heterogeneous  Irimorphs  has  been  inves¬ 
tigated  by  Steel  et  al.  [2]  and  Smits  et  d.  j3].  Numerous  applications  of  heterogeneous 
bimorphs  using  piezodectric  materids  such  as  PLZT,  PZT,  PVF  and  ZnO  had  been  re¬ 
ported.  The  applications  indude  tdephone  recdvers  [4],  thickness  eztensiond  mode  res¬ 
onators  [5j,  PIJ'ET  acederometers  (6j,  resonant  diaphragm  pressure  sensors  (7J,  resonant 
force  sensors  (8],  monolithic  band-pass  filters  made  of  cantilevers  |9j,  dampers  in  vibration 
control  of  beams  [10-13]  and  regulators  of  vibration  modes  of  rectangular  plates  to  contrd 
sound  radiation  [14].  Circular  bimorphs  are  used  in  integrated  micropumps  built  on  silicon 
wafers  [15], 

FABRICATION 

A  (100)  Si  wafer  is  oxidized  in  dry  oxygen  at  1150®C  to  obtain  0.5  pm  of  masking 
oxide.  By  means  of  photolithography,  an  array  of  3.11  mm  x  0.96  mm  rectangdar  windows 
are^  patterned  onto  the  wafer.  SiOj  inride  the  windows  is  then  etched  away  in  Buffered 
Odde  Etch  (BOE).  A  sacrificial  layer  of  Sac  Oxide  (ZnO)  of  1.0  pm  thick  is  deporited 
OTto  the  wafer  by  magnetron  sputtering.  The  ZnO  film  outride  the  rectangular  windows 
U  etch^  away  in  a  mixture  of  Phosphoric  add.  Acetic  add  and  water  (1:50:50).  A  layer 
of  Si,N<  of  1  pm  thick  is  then  sputtered  emto  the  wafer.  A  layer  of  Chromium-Gdd  u 
evaporated  on  top  of  the  SijNs  to  define  the  bottom  dectrodes.  Piezodectric  ZnO  of  1 
pm  thick  is  then  sputtered  and  patterned  on  top  <ff  the  bottom  dectrodes.  A  second  layer 
of  Chromium-Gold  is  evaporated  onto  the  wafer  to  define  the  top  dectrodes.  This  step 
completes  the  construction  of  the  critied  components  of  the  tactile  sensor.  The  device 
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Figttfc  1.  Crais-sectkm  of  the  biiiioiph  with  the  mott  opened  to  cspoee  the 
lecirificiiel  ZnO  for  the  final  elchiiig. 

is  now  ready  to  be  etched  free.  Photoresist  is  spin-coated  cmto  the  wafer  and  patterned 
with  a  TTumV  that  exposes  the  necessary  areas  of  the  SijN^  needed  to  be  etched  in  order 
to  reveal  the  cantilever  beam  structure  of  the  device.  The  SisNs  is  etched  in  BOE  until 
the  sacrificial  ZnO  is  reached,  as  shown  in  Figure  1.  With  the  same  photoresut  stiU  in 
position,  the  sacrificial  ZnO  underneath  the  Si3N4  is  etched  in  a  mixtuie  of  Acetic  aad. 
Phosphoric  aod  and  water  till  the  cantilever  beams  are  free  from  the  Si  substrate. 

RESULTS 

Sensors  were  successfully  fabricated  on  three  Si  wafers,  and  around  a  hundred  of  them 
were  produced.  Half  of  the  fabricated  devices  were  2980  pm  long,  while  the  other  half  srere 
1688  pm  long.  The  cantilever  beams  aU  curved  upward.  The  curvature  was  due  to  the 
mismatch  of  thermal  expansion  coefficients  between  the  materials,  aad  the  existrace  of 
residual  stresses  in  the  sputtered  films.  A  SEM  irictnxe  of  the  cross-section  of  the  Umorph 
is  shown  in  Figure  2. 

DEVICE  CHARACTERIZATION 

Around  thirty  of  the  tactile  sensors  were  tested  nnder  a  probe  station,  which  is 
equipped  with  a  30x  optical  mictoscope  and  a  reticle  with  a  resolution  of  83.8  pm  per 
unit  on  the  eye-piece.  A  DC  voltage  was  appfied  across  bender  deetrode  areas  via  the 
bonding  pads.  In  order  to  observe  any  hysteresis  effects,  the  bending  voltage  was  ^plied 
in  a  particular  sequence.  The  bending  voltage  was  lowered  first  from  0  \  to  -6.5  \  um- 
directionally  with  small  increments.  From  -6.5  V,  the  voltage  was  raised  uni-directionally 
back  to  0  V.  From  0  V,  the  vdtage  was  increased  to  6.5  V  and  then  decreased  back  to  OV. 
AU  the  devices  tested  behaved  in  a  similar  fashion. 

The  position  of  the  free  tip  of  the  sensor  was  read  off  from  the  reticle  at  the  input 
voltages.  The  deflection  of  the  free  end  due  to  an  input  voltage  was  obtained  as  Ae 
difference  between  the  position  of  the  free  end  at  the  input  voltage  and  the  initial  position 
at  sero  input  voltage. 

DISCUSSION 

The  result  of  the  deflection  versus  DC  vdtage  of  a  typical  bimor|di  is  presented  in 
Figure  3. 


Figure  2.  A  SEM  {ucture  showing  the  cross-section  of  the  Inmonh.  The  layer 
widi  a  granular  under-suifue  is  m  ottered  SitN4  film,  which  is  about  1  iitn 
thick.  On  top  of  the  Si,N4  film  are  layers  Cr/Au  of  O.S  fun,  qntftered  ZnO  of 
1  ftm  thick  and  Cr/Au  of  0.2  /tm  thidt. 


Tlte  paraboBc  ilwpe  of  the  plot  indiemtcd  tkat  tlte  ketcrogcBCOw  faimacpli  topomletl 
ctroogly  to  the  an^tnde,  bat  act  the  polanty,  at  the  ^pficd  voltage*.  We  eooU  divide 
the  defieetian  depeadence  <m  voltage  ampHtodw  iato  t«o  iggwa*  :  &oai  0  V  to  1.7  V,  a 
weak'field  xegiaa  aad  fcoiB  1.7  V  to  6.6  V,  a  itioag-Seld  regiaB.  Satoeatioa  ia  dedectioa 
wac  obaetved  at  voltage  ao^tode  above  6  V. 

Soat*  aad  Choi  (3]  had  derived  the  eooatitaeat  agoatioB*  fgr  a  betctogeaeon*  hioMtph, 
ia  which  the  deflectioa  of  the  faimorph  dor  to  aa  txtcntal  voltage  was  givea  a* 

f  =  (1) 

where 

aad  i|  j  ate  the  riaatie  cotapHaoeet  of  the  SsK4  aad  ZaO  te^eetively,  aad  h,i  aad 
hp  are  the  thicitiie**  of  SjN*  aad  ZaO  retpectivdy.  dii  i*  the  pieaodectric  cooctaat  of 
ZaO  and  L  i*  the  length  of  the  header. 

For  the  tactile  aeaaor  aader  tettiag,  hai,hp,4ii^it  ^ti  aaaatne  tespectivdy  the 
foDoiring  value*:  1.0 /iia,  1.0 /on,  17.8  x  10~**n^/N  (16},  8.1  x  10~**  ni*/K  [17],  2383 pin 
and  -8.12  x  10~**  m/V  [18].  tJriag  the*e  value*,  the  deflectioa  according  (1)  becMnex 

S(V)  =  12  X  10-*  V  (2) 

Equation  (2)  i*  plotted  in  Figure  3  a*  the  dotted  Eae  through  the  oiigia.  The  piesodec- 
trie  efi^t  lepteeent^  fay  thi*  line  is  not  suffioeat  to  explain  the  nteasuied  data.  The  best 
straight  line  through  the  data  paints  in  the  left  foaach  gives  a  slope  value  of  243pni/V  at 
a  bias  of  -dV.  The  value  of  the  slope  implies  that  aa  ‘eflective’  jaesodectric  coeffideat 
can  be  ftrand  as  -103.7  x  10~'’  m/V,  whidi  is  around  20  time*  larger  than  the  previously 
reported  value  of  -5.12  x  10“**  m/V. 

A  least-squares  fit  is  performed  to  the  data  in  Figure  3  with  a  second  order  polynomial 
in  V,  and  the  fallowing  codfidents  from  the  fitting  ore  obtained 

8(1  )  =  -21.235  X  10“*  +  $.377  x  10"*  V  -  30.033  x  lO"*!  *  (3) 

From  equation  (3),  it  is  observed  that  the  secoad  order  term  ha*  a  nxae  dominsnt  efiect 
on  the  deflections  of  the  bimorph  than  the  linear  peaodectric  term.  Such  strong  quadratic 
dependence  on  voltage  suggest*  that  the  dectrostrictive  cflCect,  whidi  is  a  quadratic  func¬ 
tion  of  the  dectric  fidd,  is  responsible  for  the  deflections  in  the  high  field  tepemt.  Elec- 
trostrietive  effects  winch' occur  under  high  dectric  fidd,  had  been  reported  ia  pietodectric 
ceramic*  by  Mason  [19]. 


CONCLUSION 


753 


Z&O  on  SijN4  bimorplu  were  &l»iented  •*  tlie  nctnntioa  fowipommti  of  the  tactSe 
lensors.  Deflectioos  of  the  himorph  in  the  mage  of  1000  pm  can  he  achieved  with  a  voltage 
of  OV.  Deflectiona  of  the  hunoepha  wetc  obaerved  to  have  a  atioaig  aqnare  dependence  on 
the  applied  voltage.  An  effective  dji  at  103  x  10~’^  waa  feond  {or  the  ZnO  filma.  The 
large  deflectiona  were  doe  to  the  contribntiaa  from  electroetiictiack.  Thia  waa  the  fliat  time 
that  a  large  effective  pieaodectiic  coeflkient  aa  a  reanlt  of  hiaaitig  into  the  dectroatrietive 
repme  waa  reported  in  ineaodeetric  ZnO  fllma. 
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Bbatraat 

Transparant  conducting  tin  mcida  filna  vara  praparad  by 
an  electron  bean  evaporation  technique.  Aa-dapositad  filna 
ware  anorphoua  or  polycryatalline  depending  on  the  aubatrate 
tenparature  and  the  tine  of  depoaition.  In  order  to  get 
tranaparent  and  conducting  thin  filna  of  Sn02,  aa-depoaited 
filna  were  aubjectad  to  further  heat-treatnant  in  air 
at  6S0°C  for  2  houra.  Phyalcal  propertiea  of  aa-dapoaited 
and  annealed  filna  are  diacuaaad  with  reference  to  aubatrate 
tenparature  and  depoaition  tine. 


X.  xatraduetien 

Sn02  thin  filna  have  received  high  technological 
inportanca  because  of  their  electrical,  optical  and 
structural  properties.  These  filna  are  esctansively  used  as 
solar  call  windows  [1],  haat-nlrrora  (2],  sensors  [3]  etc. 
Different  deposition  techniques,  nanely  sputtering  [4], 
spray  pyrolysis  [5],  chenlcal  vapour  deposition  [6], 
evaporation  [7]  etc.  are  used  for  deposition  of  these  filna. 
Sn02  thin  films  in  this  work,  have  been  prepared  by 
evaporation  of  high  purity  Sn02  pellets  on  Coming  7059 
glass  substrate.  SnOo  nolecules  decozqpose  in  the  gaseous 
state  when  heated  in  a  vacuun  and  deposit  as  anorphous 
structure  or  suboxides  depending  on  substrate  tenparature 
and  tine  of  deposition.  The  suboxidea  are  oxygen  deficient 
Sn-0  filns  fomed  by  partial  loss  of  oxygen  during 
evaporation.  In  order  to  get  transparent  and  conducting 
films  of  Sn02,  post-deposition  heat-treatnent  in  air  at 
6S0°C  for  2  hours  has  been  performed.  It  is  observed  that 
the  physical  properties  of  these  filns  depend  strongly  on 
substrate  tenparature,  time  of  deposition  and  annealing 
treatment.  The  properties  of  Sn02  thin  filw  can  be  varied 
by  changing  process  parameters  of  the  deposition  technique 
[8]. 


3.  Bxperinental 

The  eiqperlnental  set-up  for  the  d^osltion  of  the  filns 
consists  of  a  stainless  steel  vacuus  chamber  connected  to  an 
oil  diffusion  pusp  with  LM2  trap.  The  vacuus  system  is  able 
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to  evacuate  the  chaaber  to  a  preaeure  of  10~^  Torr.  The 
electron  beaa  qun  la  baalcally  a  diode  having  a  cathode  In 
the  font  of  a  filament  and  a  grounded  euiode.  Sn02  powder 
(supplied  by  Aldrich)  waa  preaaed  Into  pelleta  and 
evaporated  using  an  electron  beam  with  a  power  of  3  KH.  The 
pellets  were  Inltlaly  degassed  with  the  shutter  closed  for 
about  10  elnutes  by  applying  a  low  power  electron  bean.  The 
distance  between  the  gun  and  the  substrate  holder  was  kept 
around  18  cn.  As-deposited  and  annealed  files  were  studied 
by  using  grazing  angle  X-ray  diffractometer  (Rlga)cu, 
RU200B) ,  Hitachi  optical  spectrophotometer  and  Hall 
coefficient  measuring  equipment.  Hall  measurement  has  been 
carried  out  at  room  temperature  using  van  der  Pauw  geometry. 


3.  Results  and  Dlsousslon 

A)  Effect  of  Substrate  Temperature  on  Hall  Mobility  : 

Flg.(l)  shows  the  variation  In  n,  ^  and  resistivity 
with  substrate  temperature.  There  is  a  decrease  in  mobility 
(p)  as  the  svibstrate  temperature  Is  Increased  from  50<>C  to 
200°c.  Above  200®C  there  is  a  higher  increase  in  the 
mobility.  The  orientation  of  the  films  deposited  at 
different  substrate  temperatures  is  shown  In  Fig. 2.  The  low 
value  of  mobility  appears  to  be  due  to  the  presence  of  [110] 
orientation.  This  [110]  orientation  has  trap  density  of 
9.4xl0l^  Sn  at./cm2  [9],  while  [101]  orientation  has  trap 
density  of  2.54xl0l^  Sn  at./cm^  [10].  The  lesser  trap 
density  along  [101]  orientation  appears  to  be  responsible 
for  the  higher  value  of  mobility  for  [101]  oriented  films 
(see  Fig. 2) . 


Fig. 1.  Variation  of  resistivity 
carrier  concentration  A 
mobility  with  substrate 
temperature. 


Fig. 2.  The  variation  of 

mobility  and  (I/Io) 
for  planes  (101)  A 
(110)  with  substrate 
ta^p. 
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B)  The  Effect  of  Tlae  of  Deposition  on  Sn02  Filiis  : 

Fig.  3(a-c)  shows  the  XKO  patterns  of  as-deposited  Sn02 
filns  deposited  at  different  duration  of  time  at  a 
deposition  rate  of  2  Ifi/S.  All  depositions  were  perforaed  at 
substrate  teaperature  of  350°C.  Fig.  3(a)  shows  an 
aaorphous  structure  for  as-deposited  Sn02  fllas  deposited 
for  10  alnutes,  while  XRO  patterns  3(b)-  and  3(c)  are  for 
polycrystalline  suboxides  of  Sn02  filas  deposit^  for  20  and 
30  minutes  respectively.  The  extension  of  the  deposition 
time  helps  the  transition  of  amorphous  to  polycrystalline 
structure.  Fig. (4)  shows  XRD  patterns  of  the  same  films  (as 
in  Fig. 3)  after  post-deposition  heat-treatment,  viz.  650*% 
for  2  hours  in  air.  This  heat-treatment  was  carried  out  to 
improve  the  transparency  of  the  films.  The  high  conductivity 
of  undoped  Sn02  films  has  been  attributed  to  oxygen 
vacancies  [10].  Fig.  4(b)  and  4(c)  show  the  complete 
transformation  of  as-deposited  films  to  Sn02  structure. 


Fig.  3.  As  deposited  films  of  Sn02 

a)  10  minutes 

b)  20  minutes 

c)  30  minutes 


Fig. 4.  Post  deposition 

heat  treatment  of 
Sn02 

a)  10  minutes 

b)  20  minutes 

c)  30  minutes 


C)  Optical  Properties  : 

Fig.  (5)  shows  the  room  teagierature  transmission  curve 
of  as-deposited  and  annealed  samples  of  tin  oxide  thin 
films  deposited  at  350*>C  for  20  minutes  at  a  rate  of  2A**/S. 
As  shown  in  Fig. (6),  the  square  of  absorption  coefficient 
was  found  to  be  linearly  proportional  to  photon  energy, 
which  suggests  that  direct  allowed  transition  occurs  in  this 
film  [11].  From  the  dependence  of  the  absorption  coefficient 
on  photon  energy  and  extrapolating  the  linear  region  to 
zero,  the  band  gap  was  found  to  be  2.57  eV  before  annealing 
and  3.42  eV  after  annealing. 
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Fig . 5 .  Spectral  transmittance 
as-deposited  and  air 
annealed  films  of  Sn02 
deposited  at  350°C 
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tion  coefficient 
for  as-deposited 
and  heat-treated 
films. 
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4 .  COMCLaSXOH 

In  this  work,  it  is  observed  that  in  order  to  get 
better  physical  properties  of  Sn02,  such  as  better  structure 
one  should  extend  the  deposition  time.  Lower  deposition  time 
results  in  amorphous  films.  The  films  become  polycrystalline 
when  deposition  time  is  increased.  However,  these  films  have 
only  SnO  phase.  After  annealing  at  650<’C  for  2  hours,  the 
Sno  phase  changes  to  Sn02>  It  is  also  observed  that  films 
which  are  oriented  along  [101]  show  better  electrical 
properties.  Subsequently  films  of  random  orientation  having 
trap  density  of  9.4x101^  Sn  at/cm^,  show  lower  mobility  and 
higher  resistivity.  It  is  also  observed  that  the  band  gap  of 
as-deposited  films  increases  by  subsequent  heat  treatment 
from  a  value  of  2.57  eV  to  3.42  eV  resulting  in  high  visible 
transparency. 
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NANOMETER  SIZE  LEMS  IODIDE  PARTICLES 


VIVEK  MEHROTRA,  ERIC  RODEGHIERO,  JENS  W.  OTTO  AND  EMMAfttJEL  P. 
GIANNELIS,  Department  of  Materials  Sdence  and  Engineering,  Corrtel  University, 
Ithaca,  NY  14853. 

ABSTRACT 

Nanometer  size  lead  iodide  particles  have  been  synthesized  in  the  porous 
network  of  a  cross-linked  polymer  matrix.  The  optical  band  gap  of  the  nanocrystais 
is  shifted  towards  higher  energy  as  compared  to  the  bulk  value.  This  shift  is 
attributed  to  the  quantum  size  effact  on  excitons.  Intercalation  with  anine  leads  to 
a  further  shift  in  the  band  gap  which  depends  on  the  dipole  moment  of  the 
intercalated  guest  species.  Differential  scarvting  calorimetry  and  high  temperature 
x-ray  diffraction  have  been  used  to  analyze  the  ferroelectric  transition  in  Pbig. 

INTRODUCTION 

Semiconductor  nanocrystatlites  (or  quantum  dots)  are  a  subject  of  extensive 
research  [1-5].  These  efforts  are  directed  towards  an  understanding  of  the  effect 
of  size  and  dimension  on  the  electronic  arxl  optical  properties  of  materials.  Size 
quantization  effects  occur  when  the  Bohr  radius  of  the  exdton  (or  electron)  is 
comparable  to  the  crystaifi^'  dimensions  and  leads  to  new  pherKxnena  and 
applications.  For  example,  &  snift  in  interband  absorption  or  lumkiescence  peak, 
and  a  non-linear  optical  effect  are  a  manifestation  of  the  quantum  size  effect  in 
semiconducting  nanocrystais.  The  norv%tear  opttcfd  effects  have  potential 
applications  in  ultrafast  optical  devices.  Effective-mass  models  and  empirical 
pseudopotential  methods  have  been  employed  to  explain  these  effects  [5]. 

Lead  iodide  (Pby  is  a  direct  band  gap  semiconductor  and  has  a  layered 
lattice  structure.  Its  use  has  been  demonstrated  in  holography,  photocapacitive 
devices,  and  radiation  detection  [6,7].  Recently,  it  has  been  shown  that  Pbl2 
exhibits  ferroelectricity  with  a  Curie  temperature  of  about  573  K  [8].  The 
combination  of  semiconducting  and  ferroeiectrk;  properties  raise  the  possibility  of 
photoferroefectric  phenomena  in  Pbl2.  Furthermore,  Pbl2  nanocryslaliites  offer  an 
opportunity  to  stgdy  the  effect  of  particle  size  on  the  ferroelectric  phase  transttion. 
Smail  ferroelectric  particles  are  expected  to  show  different  dielectric  properties  as 
compared  to  bulk  crystals  [9,10]. 

The  structural  repeat  unit  In  Pblj  consists  of  three  planes  of  strongly  bonded 
atoms;  a  plane  of  lead  atoms  sandwiched  between  two  layers  of  iodina  atoms. 
These  struclund  units  are  separated  by  weak  van  der  Waals  forces.  As  a  resuk, 
foreign  guest  species  can  be  introduced  (Intercalated)  within  the  van  der  Waals 
gap.  This  leads  to  an  expansion  of  the  imit  cel,  depsTKling  on  the  size  of  the  guest 
molecules.  In  addiUon,  the  properties  of  the  intercalaled  material  are  dramaUcaly 
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altered.  For  example,  it  was  recently  shown  that  the  optical  band  gap  of  Pbl2  thin 
film  shifts  by  about  0.5  eV  upon  intercalation  with  aniline  (CgH5NH2)  and  the  shift 
depends  on  the  dipole  moment  of  the  intercalated  guest  species  [11]. 

in  this  paper,  we  report  a  new  approach  for  the  synthesis  of  nanometer  size 
lead  iodide  particles  in  the  pores  of  a  polymer  matrix.  This  technique  was  recently 
used  for  the  preparation  of  nanometer  size  magnetic  particles  [12].  The  optical 
band  gap  of  Pbl^  is  blue  shifted  due  to  small  particle  size,  intercalation  with  aniline 
leads  to  a  further  shift  in  the  band  gap.  Thus,  the  optical  band  gap  of  Pbl2  can  be 
fine-tuned  by  varying  the  size  of  the  nanocrystals  and  by  a  proper  choice  of  the 
guest  molecule.  Preliminary  results  on  the  effect  of  partide  size  on  the  ferroelectric 
transition  are  also  discussed. 

The  polymer  matrix  used  is  a  strongly  acidic,  cation-exchange  resin 
containing  sulfonate  functional  groups.  It  consists  of  cross-linked  sulfonated 
polystyrene  divinyl  benzene  matrix  leading  to  a  porous  network.  The  degree  of 
cross-linking  determines  the  exchange  capacity  and  the  porosity  of  the  resin.  We 
used  50X8-200  resin  (Dowex*)  which  is  composed  of  an  8%  cross-linked  matrix 
yielding  a  medium  porosity.  The  resin  exists  in  the  form  of  uniform  spherical  beads, 
approximately  150  pm  in  diameter. 

EXPERIMENTAL 

The  synthesis  steps  are  similar  to  those  described  in  refererKe  12.  The 
washed  beads  were  exposed  to  an  aqueous  solution  of  lead  nitrate  for  about  three 
hours  followed  by  thorough  washings  to  remove  any  excess  physisorbed  lead  ions. 
During  this  treatment,  two  protons  were  exchanged  for  one  Pb^'*’.  The  Pb^'*- 
exchanged  beads  were  then  exposed  to  an  aqueous  solution  of  sodium  iodide. 
The  product  was  finally  washed  with  deionized  water  and  dried  at  60°C. 
Intercalation  of  nanoscale  Pbl^  particles  with  aniline  was  achieved  by  exposing  the 
narKXXimposite  beads  to  aniline  vapors  in  an  evacuated  chamber  (<•10'^  Torr). 

X-ray  diffraction  patterns  were  obtained  using  a  Scintag  diffractometer  (CuKa 
radiation).  A  high  temperature  attachment,  operating  in  a  dynamic  vacuum  of  10'^ 
Torr,  was  used  to  perform  x-ray  diffraction  as  a  function  of  temperature. 
Transmission  electron  miaographs  were  obtained  on  JEOL 1200EX  (at  120kV).  A 
microtome  was  used  to  prepare  thin  specimens.  A  heating/cooling  rate  of  20°C/min 
was  used  in  the  DSC  scans. 

Optical  transmission  measurements  were  performed  on  a  single  Pbl2-polymer 
composite  bead  using  a  xenon  arc  lamp.  Two  different  gratings  were  used  for  the 
ultraviolet  and  visible  region.  A  sapphire  single  crystal  was  used  for  mounting  the 
beads.  The  light  from  the  lamp  was  monochromated  and  focussed  to  a  20  pm  spot 
on  the  center  of  the  spherical  bead.  The  transmitted  light  was  collected  and 
refocussed  onto  the  detector  by  a  sapphire  lens.  A  thermoelectrically  cooled  GaAs 
photomultiplier  tube  was  used  as  the  detector.  A  normalization  spectrum  was  taken 
using  a  dried,  pristine  polymer  bead. 
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RESULTS  AND  DISCUSSION 

The  x-ray  diffraction  pattern  of  the  nanocomposite  is  shown  in  Figure  1(a). 
Upon  intercalation  with  aniline,  the  (001)  diffraction  peak  shifts  from  about  6.S8  A 
to  10.74  A,  Figure  1  (b).  Intercalation  ieacte  to  an  hncreasad  separation  between  the 
interlayer  iodine  atomic  planes.  The  pristine  beads  were  x-ray  amorphous. 


d  (A) 


to  20  30  40 


20  (deg) 

Figure  1.  XRD  pattern  of  (a)  pristine  and  (b)  aniline  intercalated  Pbl2 
nano-composites. 


Figure  2.  Transmission  electron  micrograph  showing  nanometer 
size  Pb^  particles  in  the  polymer  matrix. 

Transmission  electron  mteroscopy  shows  that  the  Pbl2  particles  are  spherical 
with  a  mean  diameter  of  190  A  (Figure  2).  The  partide  size  cUstribution  is  Gaussian 
with  a  standard  deviation  of  about  40  A.  A  smalt  fraction  of  the  particles  have  a 
mean  diameter  of  about  110  A.  Because  of  the  melting  of  the  polymer  from 
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electron-beam  damage,  the  particles  tend  to  aggregate  upon  prolonged  eaqposure 
totiiebeam. 

The  optical  absorption  spectrum  of  the  nanooomposite  contabiing  Pbl2 
particles  is  shown  in  Figure  3.  The  absorption  edge  appears  at  about  3,25  eV. 
This  is  a  biua-shift  of  0.75  eV  from  the  opticsd  bftfid  gap  of  bulk  Pbl2  («2.5  eV,  [1 1]). 
This  sNft  towards  higher  energy  due  to  small  particle  size  is  attributed  to  quantum 
confinement  of  excitons  and  is  a  well  known  phenomenon  [1-5],  The  optical 
absorption  spectrum  of  the  same  composite  after  intercalation  with  aniline  is  shown 
in  Figure  4.  The  absorption  edge  appears  aft  about  4.1  eV  incScating  an  additional 
shift  of  0.85  eV.  This  shift  is  due  not  only  to  the  weakened  interaction  between  the 
interlayer  iodine  planes,  but  also  to  the  guest-host  irrteraction.  The  former  originates 
from  an  increased  separation  between  the  interlayer  iodins  planes  upon 
intercalation,  and  causes  a  flattening  of  the  bands,  thereby  increasing  the  band-gap. 
The  latter  is  due  to  the  polar  -NH2  group  of  aniline  electrostatically  interacting  wHh 
the  iodine  5p2  electron,  thereby  Irx^easing  its  binding  energy  [11].  This 
electrostatic  frttraction  depends  on  tiie  dipole  moment  of  the  intercalated  guest 
species.  The  larger  the  dipole  moment,  ttie  stronger  is  this  effect  aryj  hence  a 
larger  shift  in  the  band  gap  is  expected. 


Energy  («V)  Energy  (eV) 

4.03.S  3.0  3.6  3.0  4.0  3.3  3.6  3.4  3.3  3.0  3.6 


Figure  3.  Optical  absorption  spectrum  Figure  4.  Optical  absorption 
of  a  single  Pbl2-polymer  bead.  The  plectrum  of  anilne  intercalated 
oscillations  at  certain  wavelengths  are  Ffol2-polymer  bead, 
due  to  the  xenon  lamp. 

It  was  recently  shown  by  capadtance  measurements  that  Pbl2  undergoes  a 
ferroelectric  transition  at  about  573  K  [8].  Since  Pbl2  belongs  to  one  of  the 
fe.^oelectric  space  groups,  P3m1 ,  tarroelectricity  is  expected  in  this  compound  [1 3]. 
Polytypic  phase  transitions  are  weH  known  in  tltis  material  [14].  In  order  to  examine 
the  effect  of  particle  size  on  the  ferroelectric  transition,  the  transiUon  in  the  butic 
material  must  be  understood.  We  have  investigated  the  phase  transitions  in  bulc 
Pbi2  by  means  of  ctiftorential  scanrting  caiorimetry  arxl  x-ray  dWraction. 
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Figure  5.  DSC  spectra  of  bulk  Pbl2  with  (a)  no 
prior  annealing  and  (b)  annealing  at  595  K  for  1h. 
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Figure  6.  X-ray  diffraction  patterns  of  bulk  PbU  at 
300  K.  550  K  and  575  K. 


The  DSC  spectrum 
of  bul(  Pbt2.  predpitatsd  by 
adc^  an  aqueous  soiution 
of  sodium  iodide  to  the  iead 
nitrate  solution,  is  stxwvn  in 
Figure  5(a).  The  particle 
size  of  the  predptialed  Pbl2 
oystals  was  approKknalely 
1  pm.  Three  successive 
heating  and  cooing  DSC 
scans  were  taksn.  Two 
main  transitions  are  evident 
at  548  K  and  580  K.  The 
transition  at  580  K  is  broad 
during  the  fkst  heating 
cycle,  but  becomes  sharper 
and  more  prominent  during 
successive  cooing  and 
heating  cycles.  A  minor 
transition  at  448  K, 
observed  during  the 
second  and  third  heating 
cycles,  is  attributed  to  a 
polytypic  phase  transition 
(14].  On  armealng  Pblg  at 
595  K  for  one  hour  prior  to 
the  DSC  experiment,  the 
transition  at  580  K  becomes 
dominant.  Figure  5(b).  The 
transitions  in  the  range  575- 
581  K,  dependng  on  the 
thermal  history,  represent 
the  ferroelectric  transition  in 
Pbig. 

Figure  6  summarizes 
the  results  of  high 


temperature  x-ray  diffraction.  The  first  traces  of  a  new  phase  appear  at  about  550 


K.  A  mixed  phase  exists  in  this  temperature  region.  At  temperatures  greater  than 
575  K,  the  phase  transition  is  complete.  Thte  transition  is  attrtxjted  to  the 
ferroelectric  transition  in  Pbl2.  The  structure  of  the  new  phase  as  wel  as  the  effect 
of  particle  size  on  the  ferroelectric  transition  is  under  investigation.  A  prelminary 
DSC  analysis  of  the  Pblj  containing  nanocomposites  show  the  absence  of  any 
phase  transition  attributable  to  Pbl2  particles.  However,  this  does  not  unequivncaly 
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demonstratoalackofferroeiectilctranaittonduetosinalpatli^  Afcjrther 
investigittlon  using  Reunan  spectroscopy  and  high  tsmperature  x-iay  dWfadion  is 
in  progress. 


CONCLUSIONS 

Lead  iodde  particles  wHh  nanometer  (ftnensions  have  been  synthesized  in 
the  pores  of  a  polymar  matrix.  The  band  gi4>  of  Pbl2  can  be  talorad  by  varying  the 
size  of  the  nanocryetais  and  by  fritercaiat^  a  guest  species  of  appropriate  dipole 
moment  For  particles  approxknateiy  190  A  in  diameter  an  absorption  edge  at 
about  3.25  eV  is  observed.  The  absorption  edge  shifts  to  4.1  eV  upon  intercalation 
withanine.  Bulk  Pbl2urxlergoes  a  ferroelectric  transition  at  about  573  K.  Current 
work  is  directed  towards  oorrNating  the  particle  size  with  the  ferroelectric  transition. 

ACKNOWLEDGMENTS 

This  work  supported  by  the  National  Science  Foundation  (DMR-8ei8658) 
through  the  Materials  Science  Center  at  Cornell.  We  thank  Professor  Arthur  LRuolf 
fbr  the  use  of  the  opticai  absorption  system. 

REFERENCES 

1.  LE.  Bnis.  J.  Chem.  Phys.  fiQ,  4403  (1964). 

2.  CJ.  Sandroff,  O.M.  Hwang,  and  W.M.  Chung.  Phys.  Rev.  B  ^  5953  (1968). 

3.  S.V.  Nair,  S.  Sinha,  and  K.C.  Rustagi.  Phys.  Rev.  B  4066  (1967). 

4.  Y.  Kayanuma.  Phys.  Rev.  B  ^  9797  (1986). 

5.  M.V.  Rama  Krishna  and  RA  Friesner,  Phys.  Rev.  Lett.  SL  629  (1991). 

6.  M.RTubbs,  Phys.  Status  SolidiBfiL  11  (167£9. 

7.  J.C.  Lund,  LP.  Moy,  M.R.  Sr^jillante,  F.  Skwialr,  K.S.  Shah,  and  G.  Entine, 
Nud.  Instmm.  Methods  A  ^  299  (1989). 

8.  S.H.L  Oakey,  J.  Mat  Sc.  Lett.  fi.  957  (1989). 

9.  K.  Ishikawa,  K.  YoshOowa,  and  N.  Okada,  Phys.  Rev.  B  2Z.  5852  (1968). 

10.  P.  WQrfel  and  I.P.  Batra,  Ferroelectrics  J2. 55  (1976). 

11.  V.  Mehrotra,  S.  LofTttMTdo,  M.O.  Thompson,  and  EJ*.  (Siarmels,  Phys.  Rev.  B 

5786  (1991). 

12.  J.K  Vassiliou,  V.  Mehrotia,  M.W.  Russell,  and  E.P.  Gianneis  in  dusters  and 
dusters-Assembled  Materials,  edited  by  R.S.  Averback,  J.  Bemholc,  and  D.L 
Nelson  (Mater.  Res.  Soc.  Proa  2Qfi.  Pittsburgh,  PA  1961)  pp.  561-566 

13.  D.B.  Utvin,  Acte  Ciyst.  A  &  44  (1966). 

14.  E.  Sage.  B.Paiosz.  and  B.Wnick.  In  Structural  and  Magnetic  Phase  Tranailions 
In  Minerals,  edtted  by  S.  Ghose,  J.M.D.  Cosy,  and  E.  Sage  (Springer  Vertag, 
New  York.  1968)  p.  217. 


787 


I 
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ABSTRACT 

Mercuric  iodide  (Hgl^)  single  crystals  deposited  with  transparent  indium-tin-oxide 
(ITO),  and  semitransparent  gold  and  niclod  contacts  were  investigated  by  thermally  stim¬ 
ulated  current  spectroscopy  (TSC).  The  differences  in  the  TSC  spectra  6^  these  sanq>les 
^  indicate  that  the  defect  structure  in  Hgl]  may  be  modified  by  the  contact  material.  These 

defects  act  as  carrier  traps  and  have  strortg  implications  in  the  iqrplication  of  Hglj  nuclear  de¬ 
tectors.  A  method  of  numerical  analysis  was  developed  to  extract  inffumation  such  as  carrier 
trap  activation  energy,  capture  cross-section,  and  t^  concentration-fifetime  product  from 
the  TSC  measurements. 

INTRODUCTION 

Mercuric  iodide  is  one  of  the  two  leading  candidates  (the  other  being  cadmium  tel- 
luride)  for  use  as  room  temperature  semiconductor  X-ray  and  gamma-ray  detectors  [1]. 
Compared  with  conventional  semiconductor  nuclear  detectors  such  as  lithium-drifted  sili¬ 
con,  lithium-drifted  germanium  or  high-purity  germanium  detectors,  Hglj  nuclear  detectors 
have  the  advantages  of  a  large  bandgap  (2.1  eV  at  room  temperature),  hi^  resistivity  {p  ta 
10*’  flcm  in  the  dark  at  room  temperature),  and  large  atomic  nundm  (80  and  53  for  Hg 
and  I,  respectively).  The  large  bandgap  and  bi|^  resistirity  ensure  that  Hgla  detectors  have 
very  small  dark  current  at  room  temperature.  Therefi>re,  unlike  Si  and  Ge  based  detectors, 
no  cryogenic  cooling  is  needed  for  Hgla  detectors.  The  large  atonnc  numbers  make  Hglj 
many  times  more  efficient  than  Si  or  Ge  based  detectors  in  stopping  the  incident  X-ray  or 
gamma-ray  photons  to  be  detected,  since  the  pbotodectric  effect  is  roughly  proportional  to 
the  fifth  power  of  the  atomic  number. 

At  present,  Hglj  spectrometers  have  resolutions  comparable  to  that  of  Si  detectors  for 
X-rays  of  moderate  energy  (e.g.  5.9  keV  Mn  Ka  line)  [2].  One  of  the  issues  of  concern  L.  the 
further  development  of  Hglj  detectors  has  been  the  low  manufacturing  yield  of  about  20% 
I  [3].  This  is  believed  to  be  caused  by  defects  introduced  during  crystal  growth  and  device 

1  fabrication.  These  defects  act  as  recombination  centers  and  carrier  traps,  thus  decreasing 

the  carrier  lifetime,  causing  polarization  effect,  and  resulting  in  incomplete  charge  coUectimi, 
all  of  which  are  detrimental  to  detector  perfimnance.  In  additim,  carrier  trapping  is  also 
the  main  culprit  in  degrading  the  performance  of  Hgl}  detectors  in  the  higher  phot<»  energy 
rwge  (above  100  keV)  where  the  resolution  Hgla  detectors  is  considerably  inferim’  to  that 
of  Ge  detectors. 

Hgla  is  a  soft  and  reactive  material.  It  undergoes  a  phase  transitimi  at  127  **C  &om  red 
tetragonal  (a-phase)  to  yellow  orthorhombic  (;8-phaae)  crystal  structure  and  melts  at  259 
°C.  Previous  studies  have  shown  that  defects  can  easily  be  introduced  during  processing  [4]. 
The  deposition  of  electrical  contacts  on  Hgla  is  a  major  and  crucial  step  in  the  fabrication 
of  Hgla  detectors.  Studies  of  various  contact  materials  on  Hgla  l>y  tenq>erature  photo- 
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luminescence  spectroscopy  (PL)  h^ve  shown  tlut  reoombinatioa  centers  may  be  introduced 
in  the  interfacial  region  between  contact  layer  and  Hglj  substrate  [5,  6].  In  this  study,  we 
have  enq;>loyed  TSC  methodfi  to  study  the  effects  of  the  indium-tin-oxide,  gcdd,  and  nickel 
electrical  contacts  on  the  carrier  tr^M  in  Hgli. 


EXPERIMENTAL  AND  NUMERICAL 

The  Hglj  single  crystals  were  grown  from  vapM  phase  at  EG&G  Energy  Measure¬ 
ments,  Inc.  Slices  I  cmx  1  cm  with  thickness  of  about  0.05  cm  were  cut  from  these  crystals 
by  sawing  with  a  thread  dipped  in  a  KI  solution.  Each  sample  was  chemically  etched  in  a 
10%  (by  weight)  KI  aqueous  solution  prior  to  contact  deposition.  The  ITO  was  deposited 
by  sputtering  and  was  transparent.  Au  and  Ni  woe  deposited  by  thermal  evaporation  and 
were  semitransparent  with  a  transparency  <rf  about  50%  in  the  visible  light  region.  Trans¬ 
parent  and  semitransparent  contacts  were  necessary  to  make  the  TSC  measurements.  These 
dqmsited  conducting  layers  formed  the  front  contacts.  Painted  colloidal  carbon  was  used  as 
back  contacts  in  all  samples.  Each  saiiq>le  was  then  nsounted  onto  an  alumina  substrate  srith 
the  transparent  or  semitransparent  dectrode  facing  up.  TSC  measurements  were  performed 
between  78  and  278  K.  The  aanq>le  was  first  cooled  to  78  K  in  the  dark  and  then  illuminated 
through  the  front  contact  for  5  minutes  with  a  20  mW  argon  imi  laser  beam  (operated  at 
4880  A).  Current  was  measured  as  a  function  of  temperature  as  the  sample  was  heated  in 
the  dark  by  a  resistive  heater.  A  DC  bias  of  12  V  was  iq>plied  to  the  sample  all  the  time. 
The  rate  of  the  temperature  change  was  also  recorded  as  a  function  of  temperature. 

Many  methods  exist  for  analysing  TSC  data  to  obtain  tr^  activation  energy,  and 
sometimes  also  carrier  capture  cross-section  and  tr^  concentration-lifetime  product  [7].  The 
most  commonly  used  method  is  to  measure  several  TSC  spectra  with  different  beating  rates. 
For  each  heating  rate  /»,  a  current  maximum  T.  can  be  obtained.  FVom  a  plot  of  In(^) 
vs.  (a  is  a  constant),  the  activation  energy  can  be  obtained.  Under  certain  assumptions, 
either  the  carrier  capture  cross-section  or  the  trap  concentration- lifetime  product  may  also  be 
obtained.  Several  disadvantages  are  associated  srith  this  method:  (1)  several  TSC  spectra 
have  to  be  taken  from  each  sample,  (2)  for  each  TSC  spectrum,  only  the  TSC  current 
maximum  temperature  is  used  for  information  extraction,  (3)  quite  a  large  range  of 
heating  rates  have  to  be  used,  this  is  difficult  to  achieve  since  at  high  heating  rate,  there 
may  be  a  large  temperature  gradient  between  the  sample  and  the  temperature  sensor  and 
also  the  sample  its^  may  not  be  uniformly  heated.  In  this  study,  we  have  devek^ied  a 
numerical  method  to  analyse  TSC  data  using  only  one  TSC  spectrum  to  obtain  activation 
energy,  carrier  cross-section,  and  trap  conoentratioa-iifetime  product. 

Under  the  assumption  that  traps  only  interact  with  their  reflective  bands  but  not 
with  each  other,  and  that  |  ^  |<|  ^  |  (electron  trfps  axe  considered  here),  the  TSC  process 
is  described  by  the  following  equations, 

TiJVt<r.o»aes|i(-ft)>>< 

and 

dttj  Aft<r.Prtejp(-fli)n< 

*  ’ 

where  nj  is  the  concentration  of  electrmis  trapped  in  the  ith  trap,  n  is  the  concentration  of 
free  electrons,  Ne  is  the  effective  density  of  states  in  the  conduction  band,  r,  is  the  steady 
sUte  lifetime  of  electrmis  in  the  conduction  band,  is  the  electron  cfiture  cross-section 
of  the  ith  trap,  vn  is  the  thermal  velocity  of  the  conduction  band  electrons,  Afi  is  the  total 
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concentration  of  the  ith  trap,  rj  =  is  the  letrapping  time,  and  Et  is  the  activation 

energy  of  the  itk  trap. 

It  can  be  shown  that  the  shape  of  the  TSC  spectrum  resulting  from  the  above  equations 
is  determined  by  four  parameters:  heating  rate  fi(T)  =  f ,  tr^>  activation  energy  £,, 
carrier  capture  cross-section  Ci,  and  tr^  ooiicentratk»-lifetime  product  A/ir..  For  each 
experimentally  obtained  TSC  spectrum,  fi(T)  is  also  recorded,  so  that  it  can  be  treated  as 
known  and  used  for  the  numerical  analysis.  A  numerical  int^ation  subroutine  using  the 
Runge-Kutta  method[8]  was  written  to  solve  the  TSC  rate  equations  and  obtain  a  calculated 
TSC  spectrum  for  any  given  set  of  Oi,  Ei,  and  Afrr..  Ftom  each  calculated  spectrum,  the 
temperatures  at  which  the  TSC  current  reaches  maximum  (labeled  7^)  and  half-maximum 
on  the  low  and  high  tenq>eratute  side  of  7^  (labded  Tl  and  7!^,  respectively)  were  noted. 
Thus  these  temperatures  as  a  function  of  at,  Ei,  and  Aljr.  can  b«  numerically  d>tained, 

Tt  =  Tt(oi,Ei,  AfiT.),  7i  =  Jlici,  Ei,  Niu),  TX  =  7^  (a*,  £,,  Niu). 

From  the  measured  TSC  spectrum,  teiiq>eratures  at  which  the  TSC  current  is  maxi¬ 
mum  and  half  maximum  can  also  obtained  and  are  labded  as  7^,  7^,  and  7^.  With  these 
values,  a  three  dimensional  root  finding  problem  is  set  up,  with  three  unknowns:  Oi,  Ei,  and 
NiT„.  The  three  equations  are. 


(  Tl(ei,Ei,NiT„)-T:^  =  0 
\  Tl(ai,Ei,Niu)-'n:=0 
[  Tl{<ri,Ei,NiT„)-T^:=0. 

A  subroutine  was  written  to  solve  the  above  problem  using  Newton-Raphson  method 
(8).  Therefore,  for  each  measured  TSC  curve,  using  the  above  numerical  method,  the  car¬ 
rier  capture  cross-section,  activation  energy,  and  trap  concentratkm-fifdime  product  can  be 
extracted. 

RESULTS  AND  DISCUSSIONS 

Many  researchers  have  performed  TSC  measurements  on  Hglj.  Smne  of  them  have 
tentatively  related  TSC  peaks  they  have  observed  to  stoichioinetry  [9],  energy  resolution  [10], 
polarization  effect  [11],  and  structural  imperfection  such  as  dislocations  [12].  These  results 
have  been  summarized  in  Ref.  13,  where  TSC  peaks  iff  various  workers  were  categorized  into 
eleven  peaks,  labeled  as  T|  to  Tn. 

Fig.  1  shows  the  measured  TSC  spectrum  (dotted  line)  from  a  sample  contacted 
with  an  ITO  electrode.  Five  peaks  were  observed  and  were  labeled  according  to  Ref.  13. 
The  dominant  peak  is  Ts  and  is  analyzed  with  the  numerical  method  we  have  developed. 
The  continuous  line  is  a  calculated  fit  to  this  peak.  Pig.  2  shows  a  measured  (dotted 
line)  and  a  calculated  (continuous  line)  TSC  spectrum  for  a  An-contacted  sanqrle.  Only 
one  broad  peak  (Ts)  was  observed.  In  Fig.  3  are  measured  (dotted  line)  and  calculated 
(continuous  line)  TSC  spectra  for  a  Ni-contacted  sample.  Three  peaks  were  observed.  T] 
and  Ts  were  analyzed  with  the  numerical  method.  7s  was  not  clearly  resolved  and  was 
fitted  with  parameters  obtained  from  the  ITO-contacted  sanqffe.  For  all  three  samples,  the 
measured  Tm,  and  extracted  values  of  carrier  oqtture  crow-section,  activation  energy,  trap 
concentration-lifetime  product  were  summarised  in  Thble  L 

ITO  has  been  used  as  an  electrode  material  on  Hgli  to  fabricate  fdiotodetectors. 
These  detectors,  in  conjunction  with  a  sdntillator  material  such  as  Csl(ll),  Nal(Tl)  or 
BGO,  were  used  as  nuclw  spectrometers  in  a  different  ^ptoach  [14].  Instead  of  detecting 
the  incident  radiation  directly,  Hglj  photodetectors  det^  the  visible  light  generated  by 
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Figure  1 :  TSC  spectre  from  a  temple  cootected  with  e  trensperent  indiiun- tin-oxide  dectricel 
contect.  The  dots  represent  the  meesnred  spectrum,  the  continuous  curve  represents  the 
celculeted  spectrum. 

the  redietion  in  the  sdntilletors.  This  epproech  tekes  edventsge  of  the  high  gemme-rey  . 
stopping  power  of  the  scintilletors  end  elm  evoidt  the  cerrier  trepping  problem  essocieted  J 
with  Hgl]  nucleer  detectors  when  detecting  gemmerreys.  FTO  contects  heve  been  shown  / 
to  work  better  in  terms  of  photoresponse  emi  k»g-tem  stebility  then  severe!  eltemetive 
trensperent  end  semitrensperent  contects,  even  though  reoombinetkm  centers  releted  to  the 
deposition  oi  the  film  were  found  to  degrede  the  uniformity  of  the  photorespcHtse  (15].  The 
TSC  spectre  from  ITO-contected  semples  resembles  those  from  Pd-contected  semples  in 
thet  the  dominent  peek  is  7s  [6].  Since  Pd  is  the  most  commonly  used  contect  meteriels,  it 
seems  thet  this  triqi>  b  not  detrimentel  to  the  device  peifricinsiice.  / 
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Figure  2:  TSC  spectre  from  e  semple  crmtected  with  e  semitrensperent  gold  electricel  con¬ 
tect.  The  dots  represent  the  meesured  spectrum,  the  continuous  curve  represents  the  celcu- 
leted  spectrum. 

Au  hes  elso  been  used  es  e  contect  meteriel  for  Hglj  detectors  [16],  but  not  es  widely 
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as  Pd.  The  TSC  spectrum  shown  in  Fig.  2  is  quite  different  bom  that  of  Fig.  1.  Due  to 
the  large  width  of  the  peak  Tt,  a  relatively  small  activation  energy  of  0.20  eV  was  obtained. 
Previous  study  has  shown  that  the  deposition  of  Au  cm  Hglj  has  very  little  effect  on  the  PL 
spectra  and  does  not  introduce  any  new  recombination  centers  [13].  It  seems  that  Au  should 
still  be  a  candidate  in  the  search  for  the  “best”  contact  material  fM  Hgl]  nuclear  detectors. 
Optimization  of  deposition  conditions  and  different  deposition  methods  should  be  further 
investigated. 


Figure  3:  TSC  spectra  bom  a  sample  contacted  with  a  semitransparent  nickel  electrical 
contact.  The  dots  represent  the  measured  spectrum,  the  continuous  curve  represents  the 
calculated  spectrum. 

Ni  has  never  been  tried  as  a  contact  material  for  Hglj  detectors.  The  dominant  TSC 
peak  in  Ni-contacted  samples  was  a  narrow  Tg.  This  peak  has  been  related  to  mechanical 
damages  due  to  cleaving  [12].  Cleaving  has  been  abandoned  in  the  Hgl2  device  fabrication 
because  it  was  believed  to  be  harmful.  Another  peak  at  89  K  (Ti)  has  been  related  to 
iodine  deficiency  [9].  This  trap  is  also  undesirable  since  iodine  defidenc,'  in  the  sample 
has  been  reported  to  be  related  to  poor  crystal  quality  and  poor  detector  perf(Hmance[l6]. 
These  results  seem  to  agree  with  PL  studies  of  Ni-contacted  sanqiles.  Ehctensive  study 
of  the  correlation  between  PL  spectra  and  Hgli  device  performance  has  shown  that  one 
recombination  center  called  band  3  in  PL  spectra  was'  detrimental  to  detector  performance 
[13].  The  origin  of  this  defect  is  stiff  being  studied  but  preliminary  results  indicate  that  Ni 
is  one  of  the  suspects.  It  seems  that  nickel  is  not  likely  to  become  a  useful  contact  material 
for  Hgli  detectors. 

CONCLUSIONS 

ITO,  Au,  and  Ni  contacts  on  Hglj  were  investigated  by  TSC  in  the  context  of  nuclear 
detector  applications.  A  numerical  method  was  developed  to  analyse  the  experimentally 
obtained  TSC  spectra.  This  study  suggested  that  the  defect  structure  in  Hglj  is  strongly 
affected  by  the  contact  material. 

ACKNOWLEDGEMENTS 

We  would  like  to  thank  the  U.S.  Department  of  Energy  for  finandal  support. 


772 


Table  1:  Summary  of  TSC  results  for  samples  contacted  with  ITO,  Au,  and  Ni  electrodes. 


Tj  T,  Ta  Ts  T,  T, 

T„  (K)  (ITO) 

95  113  144  165  213 

Oi  (cm*) 

lE-15 

Ei  (eV) 

0.38 

W,Tn  (cm"*s) 

lE-f9 

(K)  (Au) 

193 

<r,-  (cm*) 

5E-22 

Ei  (eV) 

0.20 

NiTn  (cm~*s) 

9E-fl5 

(K)  (Ni) 

89  147  166  202 

<7,  (cm*) 

3E-14  2E-11 

Ei  (eV) 

0.19  0.48 

Nir,  (cm"*s) 

lE-f9  lE+3 
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ABSTRACT 

The  optical  properties  of  the  red  modification  of  mercuric  Iodide 
(HgJ2)  were  studied  by  optical  absorption,  magnetic  circular  dlchrolsm, 
photoluminescence  and  optically  detected  magnetic  resonance  Investigations. 
The  experiments  demonstrate  the  Involvment  of  acceptors  with  energy  levels 
at  Ey  -f  0.14  ±  0.01  eV  and  0.15  ±  0.01  eV  In  the  absorption  and 
recomolnatlon  at  2.2  eV.  The  g  -  values  are  0.65  and  0.74,  respectively. 


1  INTRODUCTION 

The  red  modification  of  mercuric  iodide,  a  wide  band  gap  compound 
semiconductor  (E  -2.37  eV  at  4.2  K)  with  a  hl^  atomic  number,  could  be  a 
promising  candl&te  for  room  temperature,  low  noise  nuclear  radiation 
detectors.  The  detector  quality  is  however  severely  influenced  by  the 
presence  of  stoichiometric  defects  (Interstitials,  cation  and  anion 
vacancies)  and  dislocations.  The  analysis  of  defect  structures  is  quite 
different  from  cubic  III-V  or  II-VI  compound  semiconductors,  because  HgJ2  Is 
an  anisotropic  layered  material  with  tetragonal  crystal  structure.  In  the 
tetragonal  unit  cell  alternating  layers  of  Hg  and  I  are  present,  I- 1 
Interlayers  have  a  Van  der  Uaals  bonds,,  whereas  Hg-Hg  and  Hg-I  are  covalent 
bonded  [ 1 ] . 

For  a  characterization  and  a  correlation  between  defects  and  the  detector 
properties  of  HgJ2  one  needs  to  know  the  atomic  and  electronic  structure  and 
the  energy  level  position  of  the  relevant  point  defects.  In  principle  these 
Informations  can  be  obtained  from  electron  spin  resonance  (ESR)  using 
optically  detection  (ODESR) .  The  technique,  originally  applied  for  the  study 
of  colour  centres  In  alkali  halides  (2]  and  recently  successfully  applied 
for  Che  study  of  Intrinsic  defects  in  IIl-V  semiconductors  [3,4,5],  Is  based 
on  the  magnetic  circular  dlchrolsm  of  Che  absorption  (HCD).  A  first 
application  to  study  defects  In  HgJ2  will  be  presented. 


2.  EXPERIMENTAL  DETAILS 
2.1  Optical  measurements 

The  HCD  and  absorption  measurements  were  performed  In  a  magneto-optical 
system  In  Faraday  configuration  at  Helium  temperatures  (4.2  K  or  pumped 
Helium  1.6  K).  The  magnetic  fields  up  to  4  Tesla  were  provided  by  a 
superconducting  split  coll  magnet.  Light  from  a  halogen  lamp  was  dispersed 
by  a  grating  monochromator  (Spex,  1681).  The  transmitted  ll^t  was  detected 
by  a  fast  Germanium  detector  (North  Coast)  using  lock- In  techniques.  The 
circularly  polarized  light  was  generated  by  a  stress  modulator  (HINDS) 
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Fig.l  : 

Optical  absorption  spectnai 
of  HgJj  at  T-1.5  K 


Fig. 2  : 

Magnetic  circular  dlchrolsa  (MOD) 
for  two  different  nagnetlc  fields 
a)  B-2  T,  T-1.5  K;  b)  B-0,  T-1.5  K 


working  at  44  kHz  In  combination  with  a  Gian  Thompson  linear  polarizer.  For 
the  optically  detected  spin  resonance  experiments  (ODESR)  the  samples  were 
mounted  In  a  cylindrical  cavity  (TEj^^^)  with  wide  optical  access  having  a 
loaded  Q  of  5000.  Approximately  1  W  of  microwave  power  at  24  GHz  could  be 
delivered  by  a  Gunn  diode  amplified  by  a  travelling  wave  tube  (Hu^es) . 

In  the  luminescence  measurements  the  sample  was  excited  by  the  514  nm  Ar* 
Ion  laser  line  and  the  emitted  light  detected  by  a  Sl-pln  diode  or  cooled 
photomultiplier  with  SI  response.  The  emission  ll^t  was  analysed  by  a  high 
resolution  monochromator  (Jarell  Ash  25-100)  with  the  sample  In  superfluid 
Helium  (<  2K) .  The  excitation  power  was  normally  100  mW  In  an  unfocussed 
beam. 


2.2  Crystal  growth 

HgJj  crystals  have  been  grown  by  using  the  Plper-Pollsh  technique  In  a 
vertical  arrangement.  Prior  to  growth  the  ampoule  was  submersed  Into  a 
silicon  oil  bath  (  T-12S  1  0.2  °C  ).  After  temperature  homogenelzatlon  the 
ampoule  with  Its  self-seeding  conepart  was  pulled  out  of  the  oil  bath 
through  a  heater  with  a  transport  rate  of  1  nm  per  day.  The  heater 
temperature  was  kept  at  120  ±  0.2  ’’c,  which  Is  below  the  HgJ2  phase 
transition  temperature  of  127  °C.  When  the  spike  of  the  cone  was  10  mm  above 
Che  oil  surface,  a  seed  crystal  was  formed.  The  central  cone  of  the  Ingot 
was  single  crystal  capped  either  with  one  or  several  mirror  like  facets. 

A  successful  crystal  groifth  needs  hl^  purity  starting  materials.  100  g 
dried  HgJ2  powder  was  placed  In  quartz  glas  Cube  and  evacuated  at  60  °C  for 
12  h.  This  procedure  was  followed  by  a  fourfold  sublimation  In  a  separate 
quartzglas  Cube,  which  was  fixed  to  Che  growth  ampoule.  About  50  g  of 
purified  HgJ2  was  transported  Into  the  growth  ampoule,  which  was  separated 
from  Che  tube  by  sealing.  A  deviation  from  stoichiometry  was  measured  by  wet 
chemical  analysis.  Typical  composition  range  for  HgJ  was  between  1.986  and 
1.992,  depending  on  Che  purification  and  growth  conditions. 


3.  EXFERIMEKTAL  RESULTS 
3 . 1  Absorption  and  MCD 

In  fig.l  the  optical  absorption  spectrum  measured  at  1.5  K  Is  shown. 
The  absorption  below  band  gap  Is  smoothly  varying.  There  are  no  Indications 
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Fig. 3  ; 

Optically  detected  nagnetlc  resonance 
(ODESR)  recorded  at  the  E-2.2  eV  HCD 
band,  24  GHz.  100  mW,  T-1.5  K 


Fig. 4  ; 

ODESR  excitation  spectrum 
by  monitoring  the  2020  mX 
ODESR  line 


of  absorption  bands  in  the  range  from  2  eV  to  1.4  eV.  Ue  note,  however,  that 
the  absorption  spectrum  rapidly  increases  at  2.2  eV  and  has  a  high  optical 
density  of  1.8  already  at  2.3  eV,  whereas  the  band  gap  energy  is  2.37  eV. 
This  could  indicate  that  defects  which  have  their  transitions  close  to  the 
band  gap  energy  might  be  present  in  a  considerable  amount. 

The  HCD  measures  the  difference  of  the  left  and  right  circularly  polarized 
absorption  in  the  magnetic  field.  For  a  paramagnetic  defect  the  HCD 
intensity  is  field  and  temperature  dependent  [2].  Clearly  an  absorption  band 
is  seen  in  the  HCD  spectrum  measured  at  2  T  and  1.5  K  (fig. 2. a).  The 
lineshape  is  asymmetric  and  seems  to  be  a  superposition  of  two  bands  peaking 
at  the  energies  of  2.235  eV  (A)  and  2.250  eV  (B)  Indicated  by  arrows  in  fig. 
2. 

The  total  HCD  starting  at  2.16  eV  is  paramagnetic  (  measurement  at  0  Tesla, 
fig.  2b).  The  intensity  is  also  reduced  by  raising  the  temperature,  i.e.  it 
is  at  half  of  its  value  for  4.2  K  and  2  T,  thus  showing  the  Boltzmann 
population  difference  in  the  ground  state.  This  opens  the  possibllty  to 
perform  optically  detected  magnetic  resonance. 


3.2  ODESR  and  ODESR  excitation 

The  ODESR  is  measured  by  setting  the  monochromator  to  the  maximum  of 
the  HCD  band  at  2.26  eV  and  sweeping  the  magnetic  field  under  contlnous 
irradiation  with  24  GHz  microwaves.  The  observed  two  resonances  (see  fig. 3) 
occur  as  decreases  in  the  magnetic  field  dependent  Increase  of  the  HCD. 
Their  field  positions  are  at  2020  mX  (A)  and  2320  mX  (B) .  Neither  at  lower 
nor  at  higher  fields  (<  4  T)  we  observe  additional  resonances.  The  signals 
could  only  be  measured  for  a  crystal  orientation  parallel  to  the  c-axis  due 
to  the  birefringence  caused  by  the  tetragpnal  crystal  structure  (  field-  and 
temperature - independent  dichroism  ) . 

The  spectra  of  the  HCD  bands  giving  rise  to  the  signals,  e.  g.  resonance  A 
at  2020  mT,  are  measured  by  a  low  frequency  on/off  modulation  of  the 
microwaves  and  scanning  the  optical  excitation  energy.  This  ODESR  excitation 
spectrum  is  shown  in  fig. 4.  In  comparison  to  the  total  HCD  lineshape  (fig. 
2a)  it  can  be  seen  chat  the  defect  responsible  for  the  A  resonance  absorbs 
only  in  the  low  energy  part  of  the  total  HCD.  The  low  energ  onset  of  the 
ODESR  excitation  spectrum  of  resonance  A  is  at  2.22  eV,  which  will  be  Che 
basis  of  Che  energy  level  determination. 
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Fig. 5  : 

Photoluminescence  spectrum  for 
HgJ2  at  T-1,6  K  for  Ar^  ion 
laser  excitation  (5145  A) 


Fig. 6  : 

Comparison  of  the  photoluminescence 
and  MCD  spectra  of  the  2.2  eV  transition 


In  a  similar  way  it  can  be  shown  that  the  high  energy  part  of  the  MCD 
(maximum  at  2.26  eV)  is  caused  by  the  defect  responsible  for  resonance  B. 
Its  energy  onset  is  at  2.30  eV. 


3 . 3  Photoluminescence 

In  the  low  temperature  PL  measurements  three  luminescence  bands  show  up 
(fig.  5).  The  one  close  to  the  band  gap  at  2.33  eV  is  believed  to  be  due  to 
an  exitonic  transition  [6].  The  luminescence  at  2.2  eV  with  a  half  width  of 
50  meV  dominates  in  all  of  our  samples  cut  from  different  regions  of  the 
boule.  At  1.84  eV  (HU-120  meV)  a  third  emission  band  is  located.  By  changing 
the  excitation  power  over  more  than  three  decades  emission 
bands  at  2.33  eV  and  2.2  eV  increase  linearily  in  intensity  without  any 
indications  of  saturation.  Both  showed  a  strong  sublinear  behaviour.  The 
2.33  eV  band  has  a  slope  of  0.7  ±  0.05  and  the  band  at  2.2  eV  a  slope  of 
0.55  ±  0.05.  For  donor -acceptor  and  band-acceptor  (e^A°)  transitions  slopes 
of  the  order  of  1  are  usually  found.  The  remarkable  deviations  from  1  are 
indications  of  strong  non-radiative  processes.  We  observe  a  clear  shift  of 
the  maximum  of  the  2.2  eV  band  to  higher  energies  when  increasing  the 
excitation  power.  This  behaviour  Indicates  a  donor-acceptor  pair 
recombination.  With  respect  to  the  2.2  eV  band,  which  is  of  prime  interest 
here,  we  can  state,  that  the  PL  results  give  strong  evidence  for  donor- 
acceptor  pair  recombination.  From  a  comparison  of  the  PL  and  MCD  bands  we 
will  show  that  in  both  cases  the  same  acceptor  is  involved. 


4.  INTERPRETATION  AND  DISCUSSION 
4.1  MCD 

We  observe  the  ESR  tagged  MCD  band  Just  below  the  band  gap  energy.  The 
S3rmmetries  of  the  ground  and  the  excited  state  are  important  for  the  MCD 
line  shape.  Assuming  an  ionisation  transition  to  the  conduction  band  as  the 
origin  of  the  MCD  we  have  a  state  with  T2  synnetry  as  the  ground  state 
(acceptor)  whereas  the  conduction  band  has  symmetry.  For  a  T2  to  A^ 
transition  we  expect  a  single  MCD  band  with  a  Gaussian  line  shape  for 
moderate  electron  phonon  coupling.  Indeed  the  MCD  shape  found  is  very 
similar  to  the  bound  to  free  ionisation  transition  of  the  Mn^*  (Mn’  -->  Mn®  + 
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Ccb)  acceptor  in  Ga/^  [3],  the  EK2  double  acceptor  in  GaAs  and  the  intrinsic 
Gagb  cation  antisite  defect  in  GaSb,  also  acting  as  double  acceptors  [4,5]. 
In  all  cases  the  sharp  low  energy  threshold  could  be  used  to  determine  the 
binding  energy  to  be  E  -  -  E^.  From  the  onsets  of  the  ODESR 

excitation  bands  which  &  ^attribute  to  the  electron  ionisation  transitions 
of  the  acceptors  A‘  -->  A®  +  e^^  ^  binding  energy  of  140  ±  10  meV  and  150  ± 
10  meV  can  be  inferred. 

In  order  to  observe  a  paramagnetic  MCD  in  an  ionisation  transition  to  the 
conduction  band  the  acceptor  must  be  a  double  acceptor  with  two  levels  in 
the  gap.  Single  acceptors  giving  rise  to  a  transition  A  A®  +  e  ^  have  a 

non-paramagnetic  ground  state.  This  considerably  narrows  the  possibllties  of 
which  chemical  origin  the  acceptor  is.  Those  could  be  the  group  V  elements 
(N,  P,  As,..)  on  the  Iodine  side.  With  respect  to  the  Hg  side,  a  Ilb 
element,  no  extrinsic  impurity  can  act  as  a  double  acceptor.  Although  HgJ2 
is  a  very  impure  semiconductor  (impurity  content  10^®  cm"^).  electrically 

active  traps  are  found  only  in  the  range  lo’*  to  10’’  cm  ,  implying  that 

most  impurities  are  not  electronically  active.  Nonmetallic  impurities  such 
as  C,  Cl  and  Br  are  present  in  the  1-100  ppm  range,  more  important  in  the 

10-50  ppm  range  are  the  metallic  ones  such  as  Na,  K,  Ca,  Al  and  Fe.  Na  and  K 

are  single  acceptors,  Fe  could  act  as  a  donor  and  an  acceptor,  but  should 
have  completely  different  optical  and  magnetic  properties  [7).  The  best 
candidate  is  an  intrinsic  defect  acting  as  an  acceptor. 

The  problem  which  defects  are  present  in  non-stoichiometrlc  HgJ2  Is  still 
under  discussion.  Frenkel  as  well  as  Schottky  disorder  on  the  iodine 
defficient,  l.e.  Hg  rich  side,  would  produce  Hg^  and/or  Vj  interstitials, 
both  supposed  to  act  as  donors.  are  expected  to  dominate  on  the  iodine 

rich  side  (we  neglect  for  the  moment  antistructure  disorder  for  which  sofar 
no  experimental  evidence  is  presented).  For  the  slight  deviations  from  the 
stoichiometric  composition  of  2,  as  found  in  our  crystals,  can  still  be 
present.  The  observation  of  two  ODESR  resonances  with  slightly  different 
excitation  spectra  would  be  in  line  with  the  two  possible  sites  of  the 
in  the  tetragonal  crystal  structure  of  HgJ2. 

The  presence  of  negatively  charged  Hg  vacancies  in  HgJ2  is  also  Inferred 
from  positron  annihilation  studies  |8]. 


4 . 2  Photoluminescence 

The  PL  experiments  Indicate  donor-acceptor  recombination  for  the  2.2  eV 
emission  band.  In  fig. 6  we  compare  the  spectral  positions  of  the  PL  band 
with  the  ESR  tagged  MCD  band  (bound  to  free  transition) .  We  note  that  the 
maximum  of  the  PL  band  coincides  with  the  onset  of  the  MCD  band.  This  could 
imply  for  a  D-A  recombination  that  the  shallow  donor  binding  energy  is  very 
small.  For  a  comparison  with  the  experiments  we  calculated  within  the 
effective  mass  theory.  (FJIT) ,  both  the  shallow  donor  and  shallow  acceptor 
binding  energies. 

For  the  shallow  EMT  acceptor  we  obtained  E^-34.6  meV,  for  the  donor  binding 
energy  10.7  raeV  [9]. 

For  a  D-A  recombination  the  peak  position  of  the  PL  band  (neglecting 
coulombic  effects  e  /<R)  is  given  by  Epj^  -  E-op  "Ep  -  E^.  The  PL  band  of  the 
effective  mass  donors  and  acceptors  shovnd  be  at  2.325  eV.  For  the 
luminescence  at  2,22  eV  we  calculate  with  Ejj-10.7  meV  an  acceptor  binding 
energy  of  140  meV.  Compared  to  the  EMT  v^ue  of  34  meV,  the  intrinsic 
acceptor  is  in  between  an  shallow  and  deep  level  defect. 
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4.3  ODESR 

Reflection  measurements  and  their  group  theoretical  Interpretation  gave 
for  HgJ2  the  ordering  of  the  valence  subbands  Ty",  Tg*  (separated  by  the 
crystal  field  energy  of  0.19  eV)[10].  We  thus  have  to  aslgn  the  resonance 
taking  place  within  the  Ty"  state.  For  a  pure  J— 1/2  state  (Ifl.  S-1/2)  we 
get  the  Lande  g-value  of  2/3-0.66.  Experimentally  we  find  our  g-values  at 
0.85  and  0.74  not  far  above  that  value.  The  absence  of  any  hyperflne 
Interactions  (hf)  with  neighbouring  nuclei  (Iodine  has  1-5/2)  is  in  line 
with  the  shallow  nature  of  the  defect  (delocalised  wavefunction) .  For  a 
deep,  highly  localised  defect  state  we  expect  the  g-values  around  2  and 
resolved  hf  Interactions. 


CONCLUSION 

Optical  absorption,  magnetic  circular  dichroism,  photoluminescence  and 
optically  detected  magnetic  resonance  Investigations  have  been  performed  to 
study  the  absorption  and  recombination  of  the  2.2.  eV  band  in  HgJy.  They 
show  the  presence  of  an  acceptor  levels  at  E^  +  0.14  eV  and  E^  +  0.15  eV.  In 
the  MCD  spectrum  the  bound  to  free  transition  (A*  -->  A°  +  e^j^)  is 
monitored,  the  photoluminescence  is  consistent  with  a  shallow  donor  - 
acceptor  recombination.  Based  on  the  magnetic  properties  of  the  defect,  the 
paramagnetism  of  the  ground  state  as  well  as  the  spin  resonance  data  we 
conclude  that  most  probably  a  Hg  vacancy  is  Involved. 
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Abstract 

1  litn  ZnO  films  were  deposited  on  SiO]  by  reactive  sputtering  using  a  D.C.  magnetron 
gun.  The  microstructure,  orientation  and  chemistry  of  the  deposited  layers  were  exam¬ 
ined.  It  is  shown  that  the  oxygen  partial  pressure  plays  an  important  role  in  the  structure 
of  the  layer  through  a  mechanism  of  surface  diffusion. 


INTRODUCTION 

Zinc  Oxide  fUms  have  aroused  increasing  interest  in  recent  years  due  to  their  potential  use 
in  acousto  and  electro-optic  device  technology.  The  integration  of  surface  acoustic  wave 
(SAW)  devices  and  silicon  technology  requires  the  deposition  of  a  piezoelectric  material, 
such  as  ZnO,  on  oxidized  silicon  wafers.  The  advantage  of  ZnO  relative  to  other  piezoelec¬ 
tric  materials  stems  from  it’s  low  price  and  from  the  possibility  of  deponting  it  on  many 
lands  of  substrates.  More  important,  ZnO  has  the  strongest  piezoelectric  coupling  effect 
of  any  ferroelectric  material. 

Several  models  were  developed  to  predict  the  effect  of  the  sputtering  parameters  (pressure 
and  temperature)  on  the  film  structure.  The  best  known  are  those  of  Thornton  [1]  and 
Mazor  et.  al.  [2].  These  models  do  not  apply  in  the  case  of  sputtering  in  a  reactive 
atmosphere  at  relatively  low  deposition  rate  (s«  0.3pm/h),  conditions  which  are  mostly 
used  for  the  sputtering  of  piezoelectric  Zinc  oxide  films  (3]. 

The  purpose  of  the  study  reported  here  is  to  find  the  effect  of  the  deposition  parameters  on 
the  stoichiometry,  morphology,  and  crystallography  of  the  growing  layer.  The  structure  of 
ZnO  sputtered  layers  was  studied  by;  Transmission  Electron  Microscopy  (TEM),  Scanning 
Electron  Microscopy  (SEM),  X  -Ray  Diffraction  (XRD)  and  Auger  Electron  Spectroscopy 
(AES). 

EXPERIMENTAL  PROCEDURE 

Sample  preparation  and  characterization 

ZnO  films  were  deposited  by  reactive  sputtering  on  (lOO)Si  substrates  coated  with  lOOOA 
of  SiO],  using  a  high  purity  Zn  plate  (99.999%)  as  a  target  and  a  gas  mixture  of  Ar/0] 
(20-80  vol.%)  at  f.Smtorr.  Both  gases  were  99.999%  pure  and  the  desired  oxygen  partial 
pressure  in  each  experiment  was  monitored  by  a  mass  flow  controller.  The  growth  rate  was 
measured  by  an  Inficon  thickness  monitor. 
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A  d.c.  nia(p[ietroii  gun  wu  uied  fot  the  depodtions  in  n  dischntge  powet  range  between 
lOOW  and  250W. 

The  spattering  chamber  was  pumped  down  to  5  - 10~^  torr  before  the  Oj/Ar  gas  mixture 
was  introduced.  The  target  was  presputtered  for  about  20min.  prior  to  the  deposition. 

The  ZnO  film  thickness  was  measured  by  an  a-step  gage.  Subsequently,  a  thin  A1  film 
(2000  A)  was  deposited  by  sputtering  on  the  ZnO  layer  and  interdJgital  electrodes  were 
then  made  by  conventional  photolithography,  on  the  samples  that  were  found  to  be  well 
c-axis  oriented  with  a  close  structure  and  smooth  surface. 

The  stoichiometry  of  the  ZnO  layers  were  studied  by  Auger  spectroscopy  and  compared  to 
a  standard  ZnO  sample. 

Cross-section  and  edge-on  samples  were  examined  using  TEM  in  order  to  resolve  the  grain 
structure  and  orientation.  In  addition  an  X-ray  difi^tometer  (CoKa-radiation)  and  SEM 
were  used  for  this  purpose. 


Electrical  measurements 

The  resonant  system  of  the  interdigital  transducer  (IDT)  had  the  following  parameters: 
IDT  period  (equal  to  the  wavelength  of  surface  Raylmgh  waves)  A  =  60/tm;  dectrode  width 
d  =  A/4  =  15pm;  acoustic  aperture:  u  =  50A  =  3mm;  IDT  length  I  =  mA  =  12mm;  and 
the  number  of  the  electrode  pairs  was  m  =  200. 

Return  loss  response  of  our  resonator  was  measured  with  a  spectrum  analyser.  The  fre¬ 
quency  spectrum  reveab  a  clear  resonant  shape  due  to  the  piesoelectric  properties  of  ZnO. 
The  main  resonant  frequency  was  i/,  =  78.90MHs  and  corresponds  to  the  acoustic  wave 
velocity  v  =  Xu,  =  4.7  •  10*  cm/s.  The  last  value  is  close  to  the  calculated  one  for  Rayleigh 
surface  waves  at  given  parameter  q  [4,  5]. 


EXPERIMENTAL  RESULTS 

a.  Stoichiometry 

Pig.  1  shows  the  AES  compositional  depth  profile  for  a  sample  that  was  deposited  using 
spattering  power  discharge  of  lOOW  in  an  atmosphere  of  20%  vol.O}.  The  concentrations 
were  calibrated  using  a  standard  ZnO  powder.  Since  the  composition  through  the  thickness 
is  constant  the  measurement  was  stopped  before  the  interface  was  reached.  It  can  be  seen 
that  the  obtained  film  is  relatively  free  of  impurities.  The  0/Zn  ratio  was  calculated  and 
was  found  to  be  0.8.  Farther  enlargement  of  the  discharge  power  to  ISOW  increased  the 
0/Zn  ratio  to  1.0. 

The  stoichiometric  composition  of  the  ZnO  was  maintained  even  with  further  increases  of 
the  discharge  power  up  to  250W.  In  other  words,  above  a  certain  power  all  films  have 
stoichiometric  composition  which  is  independent  of  the  gas  compositions. 
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Figure  1:  AES  compontional  depth  profile  for  a  sample  sputtered  at  20%vof.  Oi  and 
discharge  power  of  lOOW 
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Figure  2:  X-ray  diffraction  spectra  from:  a.  bulk  ZnO  powder  b.  &om  ZnO  films  sputtered 
at  150W  at  different  oxygen  concentrations 
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ZnO  has  the  structure  of  wurtaite  -  hep  structure  in  which  half  of  the  tetrahedral  intersti¬ 
tials  sites  are  occupied.  In  order  to  receive  high  piesoelectric  effect  (high  coupling  factor) 
the  film  must  grow  highly  oriented  with  it’s  c-axis  perpendicular  to  the  substrate. 

Fig.  2s  shows  X-ray  difllraction  spectra  using  Ca-Ka  radiation  of  bulk  ZnO  powder  (99%). 

In  our  ZnO  sputtered  film  the  (0002)  peak  was  the  strongest  peak  and  in  most  cases  the 
only  one  (In  such  cases  (0004)  was  also  detected).  Fig.  2b  shows  the  effect  of  oxygen 
concentration  at  constant  total  pressure  and  at  150W,  on  the  orientation  of  the  grown 
layer. 

It  can  be  seen  that  for  oxygen  concentrations  above  20%vol.  both  peaks  of  (1011)  and 
(lOll)  do  not  exist.  At  20%vo{.  Oi  a  weak  peak  of  (lOlO)  plane  was  detected. 

Such  X-ray  measurements  were  done  with  all  the  samples. 


Figure  3:  The  influence  of  the  Oj  concentration  on  the  structure:  a.  20%vof.  Oi  b. 
5Q%vot.  0]  c.  80%vof.  0]. 


The  results  showed  that  highly  oriented  films  were  obtained  above  20%  vol.Ot  at  discharge 
power  range  100-200W.  A  partial  volume  of  80%vol.  Oj  was  needed  at  the  power  of  250W 
to  obtain  a  well  oriented  film. 


c.  Structure 

The  SEM  investigation  of  cross-sectioned  samples  revealed  that  the  films  grew  in  a  oflum- 
nar  structure,  with  the  columns  perpendicular  to  the  substrate  surbce. 

Fig.  3  shows  the  effect  of  the  Oj  concentration  on  the  resultant  structure  at  a  given 
discharge  power  of  200W.  When  20%vol.  of  oxygen  (fig.  3a)  was  used  the  resultant  structure 
consisted  of  columns  with  an  open  structure.  As  the  concentration  was  raised  a  denser 
structure  was  resulted  (fig.  3b,  3c).  This  type  of  behavior  was  observed  at  aU  other 
discharge  powers.  At  250W,  however,  the  resultant  film  was  covered  with  flakes  that  were 
analysed  by  AES  to  be  ZnO.  The  flakes  ori^ated  from  the  material  deposited  on  the  gun 
shield  .This  phenomena  was  reported  by  Maniv  [6|.  The  column  width  was  0.2-0.5  /tm.  A 
denser  structure  leads  to  a  smoother  surface  which  is  essential  for  SAW  devices. 

TEM  investigation  of  cross-sectioned  specimens  revealed  that  the  columnar  grains  do  not 
grow  directly  on  the  substrate  (fig.  4).  An  intermediate  layer  of  eqniaxed  grains  grows  on 
the  substrate  and  cdumnar  grains  develop  on  it. 

Fig.  4  is  an  example  of  this  behavior,  it  appears  that  as  the  oxygen  concentratmn  is 
raised  the  thinner  this  equiaxed  grains  layer  is.  When  this  area  is  inspected  closdy  (higher 
magnifications)  one  can  see  that  rotational  Mmre  patterns  occurred  between  many  pairs 
of  grains.  This  implies  that  there  is  only  a  slight  angular  rotation  between  the  orientatioas 
of  the  grains.  Selected  Area  Dif&action  (SAD)  taken  from  this  layer  showed  the  existence 


Figure  4:  TEM  image  of  cron  sectioned  sample  sputtered  at  lOOW:  a.  20%0tvol.  b. 
50%0ivot.  (the  arrows  pmnt  the  directions  of  growth) 

of  preferred  orientation. 

During  the  deposition  large  concentration  of  planar  defects  were  formed  (the  SAD  pattern 
taken  from  this  area  had  verified  that).  The  columnar  grain  width  measured  from  the  TEM 
images  was  found  to  be  40-  200nm.  The  big  differences  between  this  measurement  and 
that  of  column  width  (Fig.  3)  suggests  that  each  column  consist  of  several  grains. 

DISCUSSION 

The  results  of  this  study  show  that  the  microstructure  and  crystallographic  orientation  of 
reactively  sputtered  ZnO  films  depends  on  the  oxygen  partial  pressure  and  on  the  discharge 
power. 

The  AES  results  have  demonstrated  that  in  order  to  obtain  stmchiometric  ZnO  a  discharge 
power  grater  than  lOOW  is  needed.  This  effect  of  the  discharge  power  on  the  0/Zn  ratio 
was  observed  by  Brett  et  al.  [7|.  They  exphuned  the  enhanced  film  oxidation  as  a  re¬ 
sult  of  increased  discharge  power,  through  a  mechanisms  of  preferential  resputtering  and 
evaporating  of  Zn,  and  by  activation  of  oxygen  species. 

The  oxygen  partial  pressure  plays  an  important  role  in  governing  the  deposition  rate.  By 
increasing  the  oxygen  partial  pressure  from  20%  vol.  to  30%  vol.  at  discharge  power  of  150W 
for  instance,  a  decrease  in  the  deposition  rate  from  25nm  'mtn  to  3nm/min  was  observed 
(these  changes  in  deposition  rate  were  approximately  three  times  larger  than  the  changes 
in  the  film  density).  At  higher  oxygen  content  the  rate  decreases  and  remains  almost 
constant  beyond  50%  vol.  The  reduction  in  the  deposition  rate  as  oxygen  is  added  may 
be  due  to  the  formation  of  negative  oxygen  ions  which  trap  electrons,  thereby  producing 
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higher  plxma  impedance,  low  ion  cnrrent  and  hence  lower  cpnttering  rate.  Forthermore, 
the  negative  ions  do  not  contribute  to  the  sputtering  yield  [8]. 

There  are  two  main  factors  which  govern  the  structure  of  a  sputtered  thin  film:  a)  geomet¬ 
rical  shadowing  of  the  inddent  beam  by  protruding  parts  of  a  growing  surface;  b)  surface 
dififadon  [9].  It  was  argued  qualitatively  [1]  that  the  shadowing  dictates  a  morphology 
of  low-density  colnmaar  grains.  Introducing  surface  diflhsbn  allows  the  devdopment  of 
wider,  smoother  uniform  columnar  grains. 

During  the  entire  experiment  the  substrates  were  cooled  to  room  temperature.  However, 
in  sputtering,  the  arriving  spedes  acquire  enough  kinetic  energy  for  surface  diffunon  to 
occur.  It  is  suggested  that  at  high  depodtion  rates  there  is  not  enough  time  for  the  atoms 
to  diflhse  on  the  surface.  In  such  a  case  a  structure  of  low-dendty  tapered  columns  with 
domed  tops  is  obtained  (fig.  3). 

When  the  depodtion  rate  is  lowered  by  increasing  the  0]  content  the  surface  diffusion 
becomes  more  effective  and  smoother  and  wider  columnar  grains  are  formed. 

The  lack  of  surface  diffudon  explains  the  phenomena  of  equiaxed  grains  layer  (fig.  4). 
When  the  diffudon  rate  is  rdativdy  low  it  takes  a  longer  time  for  the  atoms  to  arnmge  in 
an  energetically  favorable  way  (c-axis  perpendicular  to  the  surface)  which  will  lead  to  the 
growth  of  columnar  grains.  Thus  whenever  there  is  enough  time  for  surface  diffudon  to 
occur,  this  equiaxed  grain  layer  is  relatively  thin  (fig.  4b).  The  thinner  this  layer  is,  the 
better  the  orientation  is  and  the  XRD  results  have  verified  that. 

In  the  case  of  reactive  sputtering  at  relatively  low  deposition  rates  the  oxygen  partial 
pressure  plays  the  role  of  the  temperature  in  the  tone  model  of  Movchan  and  Demchishin 
[10]  by  governing  the  surface  diffudon. 
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